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SUMMARY 

Ni-NiiMo alloys of two compositions (lk at.% and 17 at.$ Mo) 

were studied "by transmission electron microscopy and mechanical 

testing. Yield stress, hardness, particle size, particle orien­

tation, lattice order and dislocation configurations were measured 

after isothermal aging at 700 C, 750 0, and 800 C. Temperature 

dependence of yield stress was measured after isothermal aging at 

750°C. 

The 17 at.$> solid solution decomposed to a uniform dispersion 

of ordered, cuboidal NiiMo particles and disordered solid solution 

at 750°C. The (00l), , face of the precipitate is parallel to 

(00l)_p of the matrix. Particle growth rate is proportional to 

(time) . The yield stress as a function of particle size shows a 

close correlation to the calculated flow stress due to shear of 

ordered particles "by five-unit superdislocations. The yield stress 

is also suggested to "be partially dependent on matrix/precipitate 

lattice misfit since flow stress shows an inverse temperature 

dependence. 



CHAPTER I 

INTRODUCTION 

During precipitation in two phase Ni-Ni. Mo systems, large 

hardness and strength changes are observed. Both tne effects of 

normal precipitation hardening and order hardening, due to order in 

the precipitate lattice, may "be seen. These are controlled to a large 

extent "by the nature of the decomposition process which includes the 

possibilities of heterogeneous and homogeneous nucleation and growth 

and evolution of modulated structure [1,2]. 

Ni-Mo alloys are worthy of study "because, aside from their 

intrinsic interest as unresearched alloys, they can provide a test of 

deformation theories. These alloys, which form ordered precipitates 

in a disordered matrix> can "be used to test the generality of defor­

mation theories that, for example, explain the "behavior of 

Ni-Ni Al [3A]. From the standpoint of commercial application, Ni 

with the addition of Mo has most of the "basic properties associated 

with super-alloys. A Ni "base, age hardening properties, and prohahle 

coherent precipitate [5,6,7] are found in the 12 to 20 at.fo Mo alloys 

(See Figure l). Since commercial superalloys may contain up to 

eight elements, the "binary Ni-Mo system makes the isolation of 

variabiles for study easier. 

In the superalloys, optimum strengthening occurs if the 

precipitate phase is a fine, (e.g. 100A) uniform dispersion, coherent 



with the matrix. From the known lattice parameter of NiiMo and Ni-Mo 

alloys, [7], it was expected that Ni-Ni]Mo alloys would have 

coherent precipitates. However, precipitate size and dispersion 

vary with alloy composition and temperature at which the precipitate 

phase separates from the solid solution. A preliminary survey of 

several Ni-NijMo compositions and aging temperatures was conducted 

in this study in order to find a suitable precipitate microstructure. 

The alloy selected for study has a relatively high volume fraction 

of ordered Nil Mo precipitates. For many alloys with a large volume 

fraction of coherent precipitates, dislocations shear the precipi­

tates during deformation [8]. The shearing process may he controlled 

by either order within the precipitates or strain fields due to 

precipitate/matrix lattice misfit. 

Assuming that precipitate shear is experimentally proven, 

evidence of either strain field or order strengthening is required 

for an explanation of the strengthening mechanism. For a given 

microstructure, a coherency strain mechanism and an order mechanism 

predict different values for the flow stress, or alloy strength. 

Also, the temperature dependence of flow stress is different for 

these mechanisms. The particle size function of flow stress, and 

other secondary experimental evidence should further indicate which 

mechanism is operating in the alloy. 

The general objectives in this research were (i) to determine 

which Wi-Ni,Mo composition and heat treatment would yield a fine 

particle dispersion suitable for precipitate strengthening studies, 

and (ii) to sort out the strengthening mechanisms by suitable 



experimental measurements. As is shown later, this reduced to a 

choice between the relative roles of coherency strain hardening and 

order hardening. The approach used was to select a two-phase alloy 

with about 0.3 volume fraction of cubic precipitates. Aged alloys 

were pulled in tension over a range of temperature and examined by 

TEM to determine microstructures and basic deformation character­

istics such as deformation by slip, particle shearing, and disloca­

tion pairs, etc. In the following chapters of this thesis, models 

of deformation and experimental details of the alloy aging process 

are presented. Experimental results are compared with theoretical 

predictions of various deformation models. 
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CHAPTER II 

DEFORMATION MODELS RELEVANT TO Ni-Ni^Mo ALLOYS 

2.1 General Description of Models 

The primary purpose of this work is to characterize 

deformation mechanisms of a precipitation strengthened Ni-Ni.Mo 

alloy. This will he attempted from microstructural characterization 

and analysis of the mechanical properties in terms of proposed 

deformation models. There are two general models for precipitate-

hardened alloys which explain deformation in terms of dislocation/ 

precipitate interactions, one dealing with precipitate shearing and 

the other with precipitate looping (Orowan mechanism) [^1]. 

For many nickel-base alloys with large volume fraction of 

coherent ordered precipitates, precipitate shearing involving 

either order strengthening or coherency strain has been sufficient to 

account for the experimental flow stress and dislocation micro-

structure [28]. For Ni-MiMo alloys which have these general proper­

ties, the flow stress should fit one of the above shearing models. 

In the last section of this chapter we will present additional 

arguments in favor of a shearing rather than looping mode of defor­

mation in many of the Ni-NiiMo alloys. The shearing models assume 

that there is a uniform dispersion of relatively small precipitates. 

Order strengthened systems contain ordered particles which shear 

to form a high energy lattice state (APB) within the precipitate 



during deformation. "Coherency strain" models assume a precipitate/ 

matrix lattice misfit which generates a strain field around the pre­

cipitate and thereby opposes the movement of dislocations. 

In order to choose between possible mechanisms of deformation 

in an alloy, the mechanical strength as a function of precipitate 

microstructure must first be known. Also various microstructural 

parameters such as particle size, lattice misfit of precipitates, and 

lattice order, are needed for a calculation of flow stress. 

Thus a careful study of specific alloy characteristics is necessary 

before the appropriate deformation mechanism can be selected. 

To deal with the complex interactions of one or more dis­

locations which cut through precipitate particles, simplifying 

assumptions must be made. Only a/2 [110] (ill) dislocations will be 

considered in this work. The assumption that all deformation is due 

to such dislocations is often made in models of strengthening by 

ordered coherent precipitates in fee materials [15], and many systems 

which have ordered coherent precipitates are known to deform by 

a/2 [110] (ill) dislocations [8,l8]. Further, Shockly partials were 

not observed in deformed 20 at.% Ni-Mo [1^]. 

2.2 Deformation Related Properties of Ni-Ni.Mo 

2.2.1 Alloy Microstructures 

Previous work -with the Ni-Mo system [9,10] has established 

that there is a two-phase region extending from about 12 at.% to 

20 at.$ Mo in which the nickel rich solid solution (cv) and the 

ordered phase NijMo (3) are in equilibrium at room temperature (See 



Figure l). By quenching from above the solvus line, a single phase 

(Q/) structure is retained at room temperature. Subsequent aging below 

the solvus line results in age hardening across the 12 to 20 at.$ 

region [9*10], Stoichiometric M,Mo orders from fee to a tetragonal 

lattice when the quenched alloy is aged [5,6,10]. Ni,Mo (DIo type 

structure, 11) was studied by researchers [12,13] who found that the 

ordering processes are observable on an atomic scale by FBI. Ruedl, 

et al. and Saburi have related the occurrence of order to distinct 

electron diffraction superlattice patterns [5>13]« Brooks and 

Spruiell [1^] using TEM observed the microstructure of aged Ni,Mo 

before and after deformation. 

At compositions away from the 20 at.$ alloy, much less is 

known about the properties of the alloys. Ellenger [9] showed with 

hardness curves that the alloys age slowly (maximum hardness after 

200 to 500 hours at 700 C) and form a beta phase visible with optical 

metallography. Aging gives a beta precipitate with a very similar 

Widmanstatten structure when any alloy in the 12 to 20 at.% Mo range 

is aged about 200 hours [9,10]. The known superlattice lines of 

NiiMo are also seen in the Debye x-ray diffraction patterns of aged 

alloys in the 12 to 20 at.$ range [10]. It is therefore reasonable 

to expect that (i) quenched alloys in the 12 to 20 at.$ region will 

age by precipitating ordered NiiMo particles in a disordered matrix. 

Further, (ii) since the precipitate lattice misfit is approximately 

one percent, and since Ni>Mo is a distorted cubic lattice [22], one 

may expect the precipitates to have a cubic morphology [8,21,38]. 
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2.2.2 Crystallography Relevant to Deformation Models 

As pointed out in the "beginning of this chapter, it is 

necessary to know several crystallographic variables "before either 

of the shearing models can be compared to a specific alloy. These 

variables are lattice/precipitate misfit, atomic stacking in the slip 

plane of ordered precipitates, the interaction of dislocations with 

specific variants, and the probable slip planes for the precipitate 

and the matrix, fee Miller indices will be used for lattice 

directions and planes in both phases, so that the difficulty in com­

paring fee (matrix) and fct (NiiMo) indices will be avoided. 

Quenched Ni-Mo alloys are fee solid solutions [7]- As dis­

cussed in the previous section, a two-phase structure of ordered 

Ni, Mo and disordered fee matrix is expected when 12 to 20 at.$> com­

positions are aged below the solvus line. There is lattice misfit 

between the matrix and the ordered M»Mo precipitates which can be 

calculated from lattice parameter data. The misfit parameter e is 

defined as e = (a - a )/a , where a and a are respectively the N p m7/ m p m 

precipitate and matrix lattice parameters [3]- For example, if 

equilibrium is attained between the matrix and precipitate phases in 

IT at.% Mo at 750 C, the equilibrium tie line corresponds to a mixture 

of M L M O and 1^ s.t.% solid solution. Guthrie and Stansbury [7] have 

measured the lattice unit cell parameters for these compositions. 

Using their values, one may calculate the lattice misfit of NijMo 

precipitates for a given Wi-Mo composition. For various compositions 

across the 12 to 20 at.fo range, E.Mo has a calculated misfit con­

traction of 0 to 1.2 percent along the fee [001], and 1.2 percent to 



0.5 percent misfit expansion along the fee [100] and [010]. In 

earlier studies [11], coherency strains appear to account for the age 

strengthening in 20 at.$ Mo alloy which has a large misfit (l.2 

percent) in only one of three othogonal lattice directions. The com­

parable particle misfit in alloys across the 12 to 20 at. $ region 

suggests that coherency strain could account for any age-induced 

strengthening observed at these compositions. 

2.2.3 Variant Interaction with Dislocations 

The influence of specific variants on slip processes must be 

evaluated. (It is assumed that each particle is a single order 

variant; "variant" and "particle" are used interchangeably in this 

study.) One must consider whether all the variants uniformly impede 

slip in a given slip system. Six crystallographically distinct order 

variants of NijMo may nucleate on the fee solid solution lattice 

(See Figure 2). On each [100} fee, two variants are possible, i.e., 

two ordered lattices may nucleate with a rotation of + l8 from the 

<100> of the fee lattice. As discussed in section 2.2.1, it is 

expected that the precipitates will be coherent and have a cubic 

morphology. Due to lattice coherency between particles and matrix, 

the glide planes of the precipitates are parallel to the matrix glide 

planes. The slip system is to some extent perturbed by the presence 

of strain fields around precipitates or by the need zo supply APB 

energy within precipitates, but easy glide should remain on [ill]. 

In Figure 3 can be seen the atomic arrangement on the close packed 

plane of ordered NikMo. This schematic assumes that the close 

packed plane of NijMo is equivalent to a close packed fee [ill] in 
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• Mo ATOMS IN 1st AND 3rd (002) LAYER 

O Ni ATOMS IN 1st AND 3rd (002) LAYER 

X Mo ATOMS IN 2nd (002) LAYER 

Figure 2. Schematic View of the Crystal Structure of Niî Mo, Viewing 
the Atomic Packing in (002) Planes. The 1st and 3rd 
Layers Coincide Exactly. Ni Atoms in the 2nd Layer are 
Not Shown. (After LeFevre, 12) 
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which the atoms have ordered positions, since the ordering of fee 

Ni-Mo solid solution leads to lattice shifts of one percent or less 

for most of the Ni-NiiMo alloys. Notice that the stacking along all 

the <110> has the same sequence of atoms. This means that order 

strengthening effects should have the same magnitude along all <110>. 

Assuming spherical particles, the passage of a given set of <110> 

dislocations on a given [111] will cause the same net APB change in 

each order variant, and therefore all variants may be considered 

crystallographically equivalent with respect to order hardening. 

From these observations one can see that Ni-Ni*Mo systems may 

be strengthened by APB formation in ordered NiiMo precipitates. 

Lattice misfit between matrix and precipitate generates coherency 

strain fields around the precipitates. These fields may impede 

dislocation movement and thereby strengthen a Ni-Ni>Mo alloy. In the 

following sections, the equations for the shear stresses predicted by 

ordered-particle and strain field models are discussed. 

2.3 Strengthening Due to Shear of Ordered Precipitates 

2.3.1 General 

Dislocation models of order strengthening in precipitate-

hardened alloys will be discussed in this section. Essentially, the 

energy required to shear ordered precipitates will be quantitatively 

related to the energy needed to deform a specimen of polycrystalline 

alloy. All the order-hardening models discussed in this study assume 

that only order hardening is present and that the alloy has a uniform 

dispersion of identical spherical particles which randomly intersect 



the slip plane. For any system hardened by ordering, the predicted 

shear stress required to move an edge dislocation is twice the stress 

needed to move a screw dislocation [15]- Therefore, in this study, 

and others [15,18], it -was assumed that flow stress was controlled by 

edge dislocations. 

The hasic elements of the order models are antiphase boundary 

APB, energy and glide dislocation configurations (e.g. superdisloca-

tions). APB energy is directly related to the stress required to move 

a dislocation through an ordered lattice. A single dislocation moving 

through an ordered lattice, such as Figure 3, shifts the relative 

positions of atoms along the slip path. This is a higher energy 

configuration, and work (APB energy) must he added to the lattice. 

The above process creates a disordered lattice layer, or APB, within 

an ordered particle. Dislocation may occur as superdislocations in 

alloys with ordered precipitates [3>l6], The dislocations, of like 

sign, move in groups (often pairs) separated by a zone of APB (See 

Figure k). This dislocation grouping has a lower energy than a 

single dislocation because the additional dislocations restore the 

lattice order by slipping adjacent lattice planes until the ordered 

structure is restored in the APB zone. 

The results of several researches are relevant to a discussion 

of shear in ordered Ni,Mo particles. Castagne [IT] derived an expres­

sion for flow stress when single dislocations shear ordered precipi­

tates. Ham [̂ ] has mathematically treated the case of shearing by 

dislocation pairs. Oblak [18] has adapted the idealized models of 

Castagne [IT], Gerald [19] and others in order to describe shear of 
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plate-like precipitates by 4-unit super-dislocations. 

As an example of an analysis of order-induced flow stress in 

a specific material, R. K. Ham's study of the shear of ordered, 

coherent Ni„Al particles by paired dislocations is outlined below. 

Ham [̂ >15] has a simple treatment of order strengthening which per­

mits convenient calculation of a predicted flow stress for a given 

alloy. APB energy (y) is found from analysis of experimental flow 

stress data. The model assumes that only order strengthening is 

present and that the system has a small constant volume fraction (f) 

of precipitate. The precipitates are taken to be spherical, and to 

have no lattice mismatch or elastic constant differences with the 

matrix. In the systems discussed by Ham, pairs of dislocations are 

energetically favored because the ordered Ni-Al structure needs only 

one additional dislocation to restore order when sheared by a dis­

location (See Figure 5)» In "the region where fine dispersion of 

precipitates forces particle shearing by dislocations, the flow 

stress is: 

* - ©K^5)* - <] w 
where y is "the APB energy, T is the average line tension of the 

shearing dislocation, r is the precipitate radius, and b is the 

Burgers Vector. 

Equation (l) predicts a linear region in the curve of flow 

stress versus square root of particle radius. If the linear region 

is exptrapolated to zero flow stress, ro = -~TT7> from which one may _ nTf 
s 
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calculate y. The slope of the linear region is a function of Y*b,f 

and T, so that again y may be calculated. 

It is helpful if some estimate of APB energy is available to 

compare with experimentally-derived values. Also, a theoretical 

estimate of APB energy may be used to calculate a flow stress, for 

example, in equation one. Kear [20] and others [10] have derived 

values for APB energy in various systems based on chemical bond 

energies. 

For Ni-Ni-Al [l,^-], Ham found precipitate radius as a function 

of flow stress by extrapolating the particle size data [1] where 

necessary. He assumed that the volume fraction (f) of precipitate 

is constant during particle growth and that it is equal to the 

equilibrium atomic fraction as given by the Ni-Al phase diagram. The 

experimentally measured cube diameter of Ni~Al precipitates is taken 

to be the diameter of a spherical precipitate, on the assumption that 

particles with an approximately cubic morphology can be treated as 

spherical particles [15]. In the range where precipitate shearing is 

predicted, there was good agreement between the experimental and 

theoretical flow stress curves. The curve slope corresponds to an 

2 2 
APB energy of 13^ mJ/m and the intercept yields a value of 175 mJ/m . 

2 
The APB energy estimated from bond energies is [20] 164 mJ/m , in 

good agreement with the experimental values. 

2.3.2 Ni-NijMo: Modes of Order Strengthening 

After the above general comments on APB mechanisms in ordered 

precipitates, we now turn to the Ni-Ni^Mo alloys and consider specific 

mechanisms of APB-induced strengthening. Essentially the problem is 



to choose "bet-ween several possible dislocation geometries. The Ni-Mo 

alloys may "be deformed "by single shearing dislocations or "by two or 

more dislocations in a superdislocation unit. In all dislocation 

geometries we will assume that order variants of Wij,Mo are not dis­

tinguishable from a strengthening point of view (see Section 2.2.3). 

Further it will be assumed that the matrix-precipitate interfacial 

energy and stress due to modulus differences are a negligible fraction 

of the age-induced flow stress [15]. 

Examination of the slip plane in an ordered lattice shows the 

number of unit dislocations required to restore order after a single 

dislocation shears through the lattice on the slip plane. Figure 3 

is a schematic of the close packed plane of Ni,Mo with the nickel 

and molybdenum atoms in ordered positions. It can be seen that a 

single dislocation moving in any one of the three <110> matrix direc­

tions on that plane will result in formation of APB. Four more unit 

dislocations must move across in a given <110> matrix direction 

before the APB is eliminated in the ordered precipitate. If the 

Ni.Mo precipitates are completely ordered, one might expect to see 

superdislocations made up of five dislocations on any one of the 

[ill] matrix planes during slip in the Ni-NiiMo alloy. As will be 

discussed later, there are experimental indications that groups of 

dislocations (b = |r[110]) shear the ordered particles in the two-

phase alloy studied. 

(a) Shear by a single dislocation. 

Castagne [IT] has derived an expression for the flow stress 

required for shearing of an ordered lattice by a single dislocation; 
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AT = (Y/b)(lfYfr /TffP (2) 
b 

where the variables are those named in equation (l). In Chapter V, 

calculated values of flaw stress are used to show that (AT) for a 

single dislocation will "be much higher than the experimental flow 

stress of a 17 at.$ Ni-Mo alloy. 

(b) Shear by two-, three-, or four-unit superdislocations. 

If the close packed planes of Ni»Mo had the same atomic 

stacking sequence as ordered Ni Al (Figure 5)> dislocation pairing 

would be expected during deformation. However, a dislocation shear­

ing along a <110> (See Figure 3) creates APB, but the second, third 

or fourth dislocations do not restore any atoms to ordered positions 

in the lattice. Assuming only nearest neighbor interactions are 

important factors in the APB energy, a suitable model of the flow 

stress may be derived by writing a force balance equation for each 

unit of the superdislocation. These equations are summed to obtain 

the net flow stress for a given type superdislocation (See Appendix 

F): 

for pairs of dislocations, 

*-£§) ™ 
for superdislocations made up of three dislocations, 

AT=£(^±) (2b) 



for four-unit superdislocations, 

,2r 

**&(T[) ^ 

In 2a, 2b, and 2c j y is the APB energy, L. is the effective inter-

particle spacing along the dislocation, and 2r. is the average length 

of APB per particle in contact "with a dislocation. 

If the first dislocation has a Friedel spacing [15], then 

l. 
2r. Ayr f\2 

L. == V nT ) 

where r is the average radius of spherical particles and T is the 

average line tension of the dislocation. A Friedel spacing is 

appropriate for a dislocation which bends slightly between the 

particles during shear, i.e., the Friedel spacing is appropriate for 

relatively weak particles. Substituting the Friedel spacing into 

equations 2a, 2b, and 2c yields the following expressions: 

for two dislocations, 

v >>* rs\* 

* = h hsr) ^ 
for three dislocations, 

JL 
>Yfr v2 

A-M-V) <*> 3b 
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Figure 5. Two A^B Ordered Variants of fee. (a) LI2 Unit Cell. 
(b) Arrangement of Atoms on LI2 Close-packed Plane: 
Ordered NioAl Structure. (c) D022 Unit Cell. (d) 
Arrangement of Atoms on a DO22 Close-packed Plane: 
Ordered Ni-̂ Nb Structure. (After Kear, 28) 
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for four dislocations, 

1 
^Yfr 2 

AT = Y / s 
ifb \nsr <2f> 

From equations 2d, 2e, and 2f; theoretical flow stresses for 

Ni-NiiMo alloys were calculated (See Appendix D and Figure l6). 

(c) Shear by five-unit superdislocations. 

As mentioned earlier in this chapter, the stacking in the close 

packed plane of ordered M,Mo particles should stabilize a five-unit 

superdislocation (See 2.2.2 and Figure 3). If the appropriate equa­

tions for a set of five dislocations are summed as described in the 

previous section, an expression for the net flow stress due to a 

five-unit superdislocation is obtained (See Appendix F): 

A v r2^ 2 V 
AT5 = 5* LT7 " -^ 

(3) 

where the variables are those named in equation 2c. 

As in equations 2a, 2b, and 2c, a Friedel spacing may be used 

for 2T./1I.. If the fifth dislocation is straight, then 2r /Lj- may be 

taken as f, the volume fraction [15]- The fifth dislocation restores 

order when it shears the Ifi.Mo lattice. Since there is negligible 

precipitate-induced repulsive force along the fifth dislocation line, 

it is reasonable to assume that the fifth dislocation will have a low 

energy straight configuration. Substituting these terms into equa­

tion (3) gives: 
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i 
liyfr v

2 

*-&[(-sr) - f] <*> 

An estimate of the NiiMo APB energy and the line tension is 

needed in order to calculate a flow stress using equation [^]. Y for 

NiiMo may be estimated from the Bragg-Williams modeL as applied to 
2 

Gb 
NijMo [10] (See Appendix C) . and T may be approximated by -p— [15]. 

The models of order hardening predict levels of flow stress 

which are functions of superdislocation geometry. If order were the 

only hardening factor in a Ni-Ni>Mo alloy., it would be possible to 

decide which superdislocation geometry is operating in the alloy by 

comparing the theoretical and experimental levels of flow stress. 

2.h Coherency Strain Strengthening Model 

2.U.1 General 

In view of the proven lattice misfit of tetragonal NiiMo 

precipitates in fee Ni-Mo solid solutions in the 12 to 20 at. fa Mo 

region, it is reasonable to examine the fit of coherency strain 

models to experimental Ni-NiJWo flow stress data. For most composi­

tions across the Ni-NiJMb region, NiiMo has a calculated misfit e of 

about one percent in one or more orthogonal lattice directions (See 

section 2.2.2). Orowan and Brooks [23] predicted that for precipi­

tates with one percent misfit (spherical), the limits of precipitate/ 

matrix coherency are reached at particle diameters of 500A to 1000A. 

If the Ni, Mo particles are near 500A in diameter, it can be assumed 

that large coherency strains exist at the matrix/precipitate inter­

face in a Ni-Ni,Mo system. However, for a given composition the 



magnitude of the misfit parameter is less than one percent m one or 

two of the three othogonal directions, which means that the total 

lattice strain due to a NiiMo precipitate is less than for a 

spherically-misfitting particle with a one percent misfit. 

If an alloy contains coherent spherical precipitates which 

have a spherical misfit e with the matrix, then the flow stress in 

the alloy due to lattice strains may "be found from the expression 

(Gerald and Haberkorn, [19]): 

JL 

4 T = 3 0 ( c ) 3 / 2 ^ / (5) 

where G is the shear modulus, r is the radius of the spherical 

precipitate, and e is the misfit parameter (See section 2.2.2). 

Although there remains some controversy concerning the theoretical 

models of coherency strengthening, the Gerald and Haberkorn model 

appeared to be the most widely accepted model at the time of this 

study and was adopted for calculations in this work (See Appendix E 

for further discussion of strain models). 

The properties of the precipitates in Ni-NiiMo systems differ 

from those required for equation (!?)• Most of the differences, 

however, are small and equation (5) may "be applied to the alloys if 

several approximations are made. First, as in the order strengthen­

ing models, it was assumed that cubic precipitates may be treated 

as spheres. This geometrical approximation should also be valid for 

coherency strain calculations. Next, the differing misfit parameters 

of Nil Mo must be combined to yield a spherical misfit parameter. 



One may take the largest of the misfit values as the spherical 

misfit. This should he the upper limit of coherency strain 

strengthening in that alloy. The average of the orthogonal misfit 

values may he used as a spherical misfit parameter. One could 

average the absolute value of misfit parameters, otherwise one must 

deal with both compressive and tensile strain fields around the 

precipitates. For the case where the absolute values are nearly 

equal, the lattice misfit parameters are, in effect, nearly equiva­

lent to a spherical misfit. Therefore an average of the three mis­

fit values should be a good approximation for use as a spherical 

misfit parameter in equation (5). The predicted flow stress for 

a series of misfit values is given in Chapter V and Appendix E. 

2.4.2 Temperature Dependence of Flow Stress 

Since the shear modulus of most materials varies inversely 

with temperature, one can predict the relative temperature 

dependence of order and strain field strengthening models. For a 

strain induced flow stress which is described by equation 5> the 

flow stress is proportional to the shear modulus, G. Since G is 

inversely proportional to temperature, flow stress due to strain 

fields decreases with increasing temperature. On the other hand, if 

an APB-induced flow stress is accurately described by equation 2 or 

equation 5, the following relationships will hold: Flow stress 

due to APB energy is inversely proportional to line tension and G; 

therefore, flow stress should increase with increasing temperature. 

Oblak, et al. [18] have discussed these relationships as they apply 

to Ni~Nb precipitates. In the case of a Ni-Ni.Mo alloy, the 



temperature dependence of flow stress should indicate if there is a 

significant coherency strain strengthening component showing a 

decrease in flow stress with temperature. 

2.5 Prowan Model 

Dislocations may bend between (Orowan looping), rather than 

shear through, precipitates during deformation of a precipitate-

strengthened alloy. However, as discussed in section (2.1), Ni-M.Mo 

alloys with a large volume fraction of precipitate would not be 

expected to deform by Orowan looping processes, primarily due to the 

close spacing of particles in the alloy microstructure. Several 

quantitative examples of the stress level required for looping in 

Ni-Ni,Mo alloys are discussed below. 

If the Orowan stress for an alloy about midway of the 

Ni-Ni»Mo region, IT at.$, is calculated using an expression by Hirsch 

and Humphries [2^] for a particle diameter of 300A, then the minimum 

2 

stress level for dislocation looping is 13̂ - Kg/mm . In this calcula­

tion it is assumed that the precipitates are identical spheres and 

have a random lattice spacing on the slip plane. The flow stress 

equation considers the effects of dislocation loop configuration 

(the loop is elliptical) and the effects of the interaction of bowed 

segments of dislocation on the dislocation line tension (See 

2 
Appendix B ) . The flow stress of 13^ Kg/mm is much higher than the 

flow stress predicted for 300 A Ni^Mo particles by the five-

dislocation order model for particle shearing (See Figure l6). It is 

reasonable to assume that Orowan looping will not occur in the above 
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microstructure, since one expects a system to deform "by the mechanism 

which requires the lowest energy. 

At larger particle sizes (f remaining constant) the critical 

stress for Orowan "bypassing of particles is still a very large value. 

Using the above assumptions about the Ni-MtMo system, a 17 at.% alloy 

containing 500A particles would have a minimum flow stress of 

2 
90 Kg/mm . The Orowan critical stress at this particle size is three 

times larger than the stress required if the particles were sheared 

by five-unit superdislocations (See Figure l6). A particle size of 

500A is near the limits of particle/matrix coherency for 17 at.^ 

alloy (See 2.^.1) (coherency of precipitates is assumed for all 

microstructures in this study) and represents the microstructure most 

favorable to Orowan processes. Such calculations show that Orowan 

looping is not probable near the middle of the Ni-Nij Mo composition 

range. 

For compositions to the left of 17 at. ̂  Mo, the volume fraction 

is smaller and Orowan looping probably could occur at some point, if 

the precipitate size were 300A to 500A. For compositions greater 

than 17 at./o Mo, dislocation looping around precipitates is less 

probable, due to the larger fraction of precipitate phase. Again, 

it is assumed that the precipitates will be about 500A in diameter. 



CHAPTER III 

EXPERIMEM'AL METHODS 

3.1 Alloy Preparation and Preliminary Experiments 

The alloys for this study were prepared in 75g bars by arc 

melting Ni (99-97 percent) and Mo (99•99 percent) in an argon 

atmosphere. Mixing was improved "by turning over the charge and 

remelting twelve times in a deep round hearth. The charge was 

later cast in a long narrow hearth. As-cast bars, 10mm X 10mm x150mm 

were lightly deformed then homogenized in vacuum at 1100 C for 150 

hours [11]. Homogenized material was rolled to about ten percent 

reduction, and tensile specimens were machined. The specimens were 

vacuum annealed at 1100 C for five hours and quenched in ice water. 

The average grain size at this point was 0.15mm. The elemental com­

position of as-quenched alloy was determined by measuring the lattice 

unit cell parameter [7,10,11], X-ray diffractometer data from bulk 

samples had lattice parameters which corresponded to compositions [7] 

of Ik at $ Mo + 0.8 percent Mo and 17 at.$ Mo + 0.8 percent. 

To survey the aging response of the alloy, samples were 

heated in flowing argon and the hardness measured as a function of 

aging time. Samples 5nnn X 10mm X 5mm thick of quenched material were 

wet ground so that the sample had two sides parallel. After aging, 

at least 15 indentations were averaged to obtain the hardness value. 

A Vickers diamond pyramid indenter with 10 Kg load was used. 
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3.2 Transmission Electron Microscopy (TEM) 

Several operations were used to obtain samples of alloy thin 

enough for TEM. Two millimeter sections were cut from bulk material 

with a water cooled cut-off wheel. Deformed material was cut at an 

angle of 4 5 to the applied stress axis so that more dislocation 

contrast would be visible in TEM. The 2mm sections were wet ground 

to 0.006 inch thickness with abrasive paper. Discs 2.3mm diameter 

were punched from the 0.006 inch section. Samples were further 

thinned by electrochemical methods [26]. The discs were dimpled to 

about 0.001 inch thickness with 2:1 H„S0> : Hp0 solution. 200 volts 

were applied across a specimen-to-cathode distance of 2.5 cm. Final 

thinning was via an electrolytic cell containing 2:1 HpS0i : H?0 at 

0 C (circulating ice water). Six volts were applied across a 

specimen-to-cathode distance of two cm. 

Suitably thinned samples were examined in a Siemens 1A electron 

microscope operated at 125 Kv. Sample orientation in the electron 

beam was varied by means of a Swan tilting stage. 

3.3 Quantitative Metallography: Particle Size 

An accurate measure of precipitate diameter was needed for the 

calculation of flow stress in the models of deformation previously 

discussed (See equations (2),, (k), and (5))« The most direct method 

of measuring particle dimensions was to measure the diameter of a 

large number of precipitates visible in a suitable TEM micrograph [l8]. 

As discussed in Chapter II, the edge length of cubic Ni.Mo precipi­

tates was taken to represent the diameter of a spherical NiiMo particle. 



The order variants possible in a Ni-Wi>Mo system should be 

considered so that a reliable measure of the edge length of a cubic 

precipitate can be made from TEM micrographs of M-Ni.Mo micro-

structures. As stated in section 2.2.2, two unique NiJVIo variants 

may nucleate on each {100} fee. If the variant is nucleated on the 

(OOl) fee of a single crystal of disordered Ni-WiiMo, the resulting 

cube-shaped precipitate will appear square when seen in a (OOl) 

electron microscope reflection. The (lOO), , and (010), of this ^ v 'tet N 'tet 

NiiMo variant are rotated from the respective fee matrix directions., 

and the variant appears rectangular when seen in the (100) and (010) 

fee microscope reflections (See Figure 2). The same relationships 

are true for variants nucleated on the (010) fee and (100) fee of 

this disordered single crystal of Ni-NiiMo. If there is a random 

mixture of variants in this single crystal, then for a given {100} 

fee reflection, one-third of the particles should have a square 

appearance and two-thirds should have a rectangular appearance (See 

Table l). 

Since the precipitates were shown by this study to have the 

morphology and lattice orientation stated in the above paragraphs, 

it was most convenient to measure particle diameter from {100} 

micrographs. It was assumed that there was a random distribution of 

order variants in the alloy, and only the diameters of variants with 

a square cross section were measured. Unlike spherical particles, it 

was not necessary to correct such direct measurements from a micro­

graph of the edge length of cubic particles, since a section of a 

cubic structure cut parallel to a cube face always represents the 



Table 1. Appearance of Order Variants in {100} Micrographs.* 

Matrix Orientation Appearance of Particles 

1 (100) 2, 100 variants appear square 
2, 010 rectangular 

2, 001 rectangular 
2 (010) 2, 100 rectangular 

2, 010 " appear square 
2, 001 rectangular 

3 (001) 2, 100 rectangular 
2, 010 rectangular 
2, 00.1 appear square 

*for a random distribution of (100),(010), and (001) variants, 

true particle cube edge length. 

Precipitate contrast was best seen in dark field micrographs of 

superlattice (precipitate) spots in a {100} reflection. The presence 

of strain contrast, due to lattice misfit, in bright field micrographs 

obscures much of the precipitate constrast in Ni-Ni,Mo micrographs; 

however, the strain contrast was not visible if a suitable dark field 

reflection was selected. Superlattice reflections contained essen­

tially no strain field contrast and produced a sharp particle image 

on the TEM dark field micrograph. 

In order to find the average diameter of a large number of 

precipitates, an inspection/counting technique was utilized [27]. 

By visual inspection of the {100} dark field micrographs of 17 at. $ 

microstructures, it could be seen that the particle size distribution 

was very narrow, and no significant error would be introduced if each 

of the square particles were placed into one of four diameter classes. 

A given particle was fitted to one of four circular templates and 
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counted. For each micrograph, about one hundred precipitates were 

measured, and the average cube edge length was taken as the particle 

diameter for that microstructure. 

3.4 Yield Stress 

For this study tensile tests were conducted on variously aged 

specimens at room temperature and at elevated temperatures (150 C 

and 300 C). In "both cases a floor model Instron testing machine was 

used with a testing strain rate of O.Ol/min, and the flow stress was 

determined at 0.2 percent offset. The specimens were pulled to a 

total strain of three percent. Cylindrical specimens were machined 

prior to solution treating and aging (gauge sections of l8mm long X 

4.5mm in diameter). For the room temperature and 150 C measurements 

the stress-strain curves were obtained by use of an Instron 0.5 inch 

strain gauge extensometer. At 300 C the strain was measured by 

cross-head displacement since the extensometer could not be used at 

this temperature. Since the crosshead and the extensometer data 

were in good agreement at the lower temperatures, it was assumed that 

the crosshead displacement was a reliable measure of strain at 300 C. 

For the elevated temperature measurements, specimens were pulled in 

an Instron environmental chamber. Two specimens were tested in each 

case and the results were found to be reproducible to within ten 

percent of the yield stress. For the 150 C and 300 C tensile tests, 

the specimen grip surfaces were threaded so that, slip in the grips was 

minimized. 



CHAPTER IV 

RESULTS 

4.1 Precipitation in Ii-Ni,Mo Systems 

The decomposition of quenched Ni-Mo alloys to a two phase 

micro-structure was surveyed at different compositions and tempera­

tures to aid in the selection of a microstructure suitable for a 

precipitation-strengthening study. Alloys of l4 az.fo Mo and 17 at.% 

Mo were examined after aging at 700 C, 750 G, or 800 C. This repre­

sented volume fractions of 0.2 (l4 at.%, 700°C), 0.3 (17 at./o, 

800°C), 0.3^ (17 at./o, 750°C), and O.38 (17 at.^ 700°C). Before 

aging, the quenched alloys had the short range order, SRO, diffrac­

tion pattern of disordered (quenched) NiiMo [5]. 

The preliminary study of phase separation in these alloys 

indicated that at 700 C the diffusion kinetics were relatively slow. 

With a l4 at.% alloy, there was no evidence of precipitates or 

ordering after 50 hours. No distinct precipitate particles were 

resolved and the selected area electron diffraction, SAD, patterns 

displayed no spots which could be attributed to well-developed long 

range order. The "as-quenched" diffraction patterns persisted for 

at least 50 hours. 17 at.$ M-Mo alloy aged ten hours at 700 C 

(0.4 volume fraction of precipitate) exhibited LRC diffraction 

patterns, but precipitates were not distinguishable in the alloy by 

TEM. 17 at./fl alloy apparently had a very fine-grained ordered 



precipitate dispersion after ten hours at 700 C; the particles -were 

not large enough to "be visible "by TEM until the alloy was aged 50 

hours. 

Aging IT at.# solid solutions at 800°C, and T00°C shoved that 

nucleation of the precipitate phase was markedly dependent on the 

temperature at which the solid solution decomposed. From electron 

microscopy studies it was concluded that nucleation was homogeneous 

below 750°C: 

A. At higher temperatures (800 C), heterogeneous nucleation 

(via grain "boundaries, dislocations, vacancies, etc.,) apparently 

controlled the precipitation of plate-like ordered Ni>Mo particles 

(See Figures 6 and j). Significant hardness increases over that of 

the quenched state were also recorded (Figure 6). The plate-like 

particles were approximately parallel to {100}. SAD patterns from 

{100} reflections had the characteristic pattern of ordered Nil Mo [5]. 

The distribution of precipitates was not uniform, but grain boundary 

nucleation did not appear to be important since there was no increased 

concentration of particles at grain boundaries. Since 800 C was near 

the two phase solvus line (825 C for 17 at. °fo)> the degree of super-

saturation during aging at 800 C was low. Low energy nucleation sites 

at lattice imperfections -- heterogeneous sites -- could have 

absorbed all the metastable material from the matrix and the result­

ing precipitate dispersion would have been non-uniform and the parti­

cle geometry irregular. 

B. At 700 C, the precipitates were nucleated homogeneously, 

but the precipitate phase consisted of small particles which were 
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difficult to resolve in the electron microscope. LRO diffraction 

patterns were observed after ten hours at 700 C, but 50 hours at 

700 C were required before distinct particles were visible by trans­

mission. The supersaturation at 700 C aging was larger than the 

higher temperatures (See Figure l). 

C. At an aging temperature of 750 C, the microstructure was 

found to be made up of uniformly dispersed precipitates much smaller 

than those formed at 800 C, but large enough to be resolved in the 

electron microscope. After four hours at 750 C the presence of LRO 

was observed in electron diffraction patterns, and a field of cuboidal 

particles about 300A diameter was seen at {100} matrix orientations. 

At aging times greater than ten hours, the precipitates often 

appeared to be aligned in columns when {100} reflections were seen by 

transmission microscopy. Similar aligned microstructures were observed 

by Kear et al. in other systems with ordered coherent precipitates and 

were attributed to the particle coarsening process [28]. 

These changes in precipitation mode with temperature were con­

sistent with the behavior seen in other systems containing coherent, 

ordered intermetallic precipitates [1,31*32,33]• ^n general, as the 

temperature of aging decreases below the solvus line, the precipitate 

phase first nucleates heterogeneously on dislocations, grain bound­

aries, and other imperfections in the lattice of the solid solution. 

The precipitate morphology is often irregular, and the precipitate 

dispersion is irregular. At lower temperatures the supersaturation 

normally increases, and at some level of supersaturation a uniform 

dispersion of particles is homogeneously nucleated. There may be a 



mixture of nucleation modes in the range where there is a transition 

between nucleation mechanisms [2]. At still lower temperatures, the 

greater supersaturation leads to increased nucleation density and 

therefore the microstructure has a finer dispersion of particles. 

K.2 Microstructure of IT at.fo Alloy Aged at 750°C 

The precipitate particles produced by aging at 750 C were 

found to be cuboidal in shape with faces parallel to {100} matrix 

planes. On the basis of the known lattice misfit (0.9 percent) and 

the observed particle sizes (<500A) they were assumed to be com­

pletely coherent with the matrix. This assumption is consistent 

with similar calculations of coherency by Brooks and Orowan [23]. 

The cuboidal shape of the Ni.Mo particles in this composition range 

has also been observed by Spruiell [^0]. 

lj-,2.2 Kinetics of Precipitate Growth 

As discussed in Chapter II, the precipitate volume fraction 

in the 17 at.fo alloy is taken to be constant after a few minutes of 

aging. Therefore during the remainder of the aging process the 

average particle size increased by particle coalescence. The growth 

rate of particles due to aging may be seen in Figures 8 and 9. All 

micrographs in Figure 8 were taken by dark field techniques at {100} 

matrix orientations. Magnification for all micrographs was 15^000x. 

The precipitates were often poorly resolved in bright field micro­

graphs of 17 at.% alloy. If one used NilMo superlattice spots in 

dark field microscopy the resolution of precipitates was greatly 

improved. Most of the intensity seen in the dark field micrographs 


