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SUMMARY

Metals with heterogeneousanostructuresold great promise foachiewng a
synergy of ultrehigh strength and ductilifthus overcoming the conventional strength
ductility tradeoff in nanostructured material® provide a fundamental understanding of
the mechanics and physical eohanisms governing the strength and ductility in
heterogeneous nanostructured metals conduct both atomistic and atal plasticity
modeling studies dieterogeneous nanostructured matatkis thesis. The heterogeneous
nanostructured metals studiettlude gradient nangrained copper, transmodal grained
aluminum and additively manufactured stainless steel. A general modeling framework is
developed for heterogeneousanostructures. Specificallywe develop a Voronoi
tessellatiofbased geometricahethodto build theheterogeneousanagrained structures
The distribution of grain size and the spatial arrangement of nonuniform grains are fully
controllable.We alsodevelop a crystal plasticity finite element model that accounts for
grainsizedependentield strengthand strain hardeningrhe associated finite element
simulations reveal both the gradient stress and gradient plastic $wagain mechanistic
insights into the controlling deformation mechanisms in heterogeneous nanostructured
metals, weperform large scale molecular dynamics simulations to reveal grain boundary
dominated plastic deformation. Moreover, we apsrform atomisticstudes of unit
processes of plastic deformation, including dislocation slip, deformation twiramdg
grain boundary sliding, through direct coupling with in situ transmission electron
microscopy experimeniThe uncertainties arising frothe heterogeneous grains with a

variety of size and spatial distributioaszquantified.Heterogeneous microstriwresturn

Xiv



microstructure uncertainties into valuable featwfesaterial propertiesThis thesis work
provides the fundamental understanding of strength and ductility as well as unit
deformation mechanisms of nanostructured metals. Furthermore, ouaintgestudy has
important implications for the design and fabricatiornigih-performancenanostructured

materials.
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CHAPTER 1. INTRODUCTION

1.1 Heterogeneous nanostructured metals

Metals are the workhorse material for timanufacturing industry and structural
applications. This is largely because they have a good balance of strength and ductility.
There is however a relentless quest to reach a more superior combination of strength and
ductility. Unfortunately, these two pperties are usually considered mutually exclusive: a
gain in strength is inevitably accompanied by a sacrifice in ductility, resulting in a strength
ductility tradeoff1-6]. For example, homogeneous nanocrystalline metals exHitat u
high strengths over 1 GPa, but that comes with diminishing tensile ductility. A major
challenge, therefore, is to engineer novel microstructures to restore a respectable ductility

to these higkstrength metals, so as to achieve a desirable strengtility synergy7, 8].

There have been many success stories in the design ofcomigionent and
multiphase alloy®-11], as well as compositgd®, 13], to achieve high strength while
retaining reasonable ductility. The focus in this review is, however, on $hgke
materials, such as elemental metals or solid solutions based on a primary element or on an
intermediate phase. Elemental and sifgll@semetals are desirable in many applications.

For instance, additional components or phases increase variables of processing and cost,
make the material prone to corrosion due to inhomogeneities and associated disparity in
electrochemical potentials, redube electrical and thermal conductivity, and bring in sites

for stress concentration and crack initiation. Moreover, precipitation and dispersion of
different phases require a delicate control of the phase decomposition sequence (e.g., to

avoid overagingin precipitation hardening).

1



In recent years, new material processing routes have emerged that enable
microstructural control on the nanometer scale. One can now create heterogeneous
nanostructures in an otherwise singlease metal. The progress to beiewed here has
exploited this opportunity, through a common design strategy of heterogeneous
nanostructured metals (HNMs). From this particular standpoint, the primary questions we
aim to address are i) what kind of nanostructure design in gahglee retals can push the
boundary of the strengithuctility combination, and ii) what are the new deformation
mechanisms responsible for the enhanced strehgthlity synergy in these
heterogeneous nanostructures. From both the materials science and mechanics
perspectives, the principles and lessons learnt from these simplersiagke materials
can also shed light on the design strategies of overcoming the stderglity tradeoff

for complex alloys and composites.

The strengthductility tradeoff. Strengh and ductility are among the most important
mechanical properties of materials for structures and devices. Conventionalgraansd

metals have relatively low strength, but high tensile ductility. Homogeneous
nanocrystalline metals with grain sizedimthan 100 nm usually exhibit more than five
times higher strength than their coagsained counterpaffts0,11]. Thi s ef f ect
is strongero is gener al | yetch efidat ofsgtaio gite i n
strengthening. That is, grain boundaries can obstruchttmn of dislocations that serve

as major carriers of plastic deformation at room temperature. As a result, the smaller the
grains, the stronger resistances the grain boundaries provide against dislocation motion,
and the higher the yield stress of plafibw. In other words, the strength of polycrystalline

metals can be increased by reducing the grain size. However, one drawback with this

of
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strengthening approach is that the resulting materials suffer from greatly reduced ductility;
the elongation to faire is an order of magnitude smaller than the failure strain (often
>50%) in coars@rained counterpartsn particularthe uniform elongation before strain
localization (necking) decreases to less than a few percent. The shadedrigeeeiri.1
covers the typical experimental data of strength and ductility for various metals that have
refined grains or dislocation structures, showinfast loss of uniform elongation with
increasing strengthii{e strength and ductility are normalized with thiemence being the
engineering yield stress and uniform elongation of the camgeseed counterpart,
respectively) Therefore, imparting high strength without conceding too much ductility is

one of the major challenges in nanostructuring migidlls

It should be emplsized that even a nanocrystalline metal is not intrinsically brittle
due to the lack of plasticity mechanisms. For example, under a confined loading an
electrodeposited Ni micropillar with 20 nm grain size can be compressed into a pancake
(up to 200% trustrain, or 85% reduction of its height) without fracfaf. It is just that
under hightensile stresses, the plastic elongation is susceptible to a localized necking
deformation that instigates early failure. It is well known from the Hart critgrGri 7]

that the necking instability sets in when

d—$+ms ¢s (1.2)
de

where s is the true stress is the true strain anch is the strain rate sensitivity. Sinoe
is not sufficiently high (n<0.05 at room temperaturg)8-20], the straiFhardening rate
ds /de (i.e., the tangent slope of the true stregain curve in Figure 1.2) has to be high

enough to keep up with the increasing stressgor averting the inequality in Equation (1),
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So as to stabilize the uniforrertsile plastic deformation. Incidentally, achieving a high
tensile ductility resulting from enhanced stable plastic flow can be beneficial for improving
fracture toughne$21], despite the different stress states under uritetgion and at the

crack tp.
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Figure 11 Yield strength versus tensile uniform elongation of metble shaded area
under the banarshaped curve covers the strendtlctility data of conventionahetals

with homogeneous microstructures. The reader is referred to the litf2ag2e23] for
numerous data points already summarized previously. The solid circles along the dashed
line (a guide to the eye) are HNM examples cited in theatiglitan elevated combination

of strength and ductilityfrom left to right: nanotwinned QR3], hierarchical A[24],
gradient FE25], bimodal C{i2], multimodal N[26], gradient C[27], bimodal lamella
Ti[28], gradient TWIP steel (GT$29] and nanodomained Ni (the green pdi2?). Here

the strength and ductility valuésve been normalized with respect to their cograemed
counterpart as the reference. The reference yield strength and uniform elongation values
are taken from the respective strgfigin curve of the coarggainedsample presented for
comparison in each of these referenddse hierarchical AR4] had thecomposition of a

7075 Al alloy, but was made intosanglephaseFCC solid solution via severe plastic
deformation; so comparison was made with reference to a settg@med but wraged bulk
metastable singiphase alloy at this composition.



For almost thmetals after strengthening such as cold working or grain refinement,
the slope of the stresdrain curve in the plastic flow regime (strain hardening modulus) is
much lower than for coarsgrained meta[d.8, 30]. For example, in nanocrystalline grains
with abundant higlangle grain boundaries, almost all the dislocations mediating the plastic
strain would quickly traverse the tiny crystal grainsd annihilate into the surrounding
grain boundaries, with little chance and space to be retained[B@jidehis takes away an
effective strain hardening mechanism in coaysened metals, i.e., the continuous
multiplication and storage of dislocations during plastic straining. Consequelstlyde
is typically low, leading to an early necking instability at a low tensile strain, especially
when compounded by a high tensile stress. As shown in Fig2itesing homogenously
grained Ni with different grain sizes as an example, with increasing yieddgsh
(decreasing grain size) the uniform elongation drops fast, all the way to the nanocrystalline
case (18 nm) where the tensile ductility almost vanishes. This example further

demonstrates the strengllctility tradeoff shown irFigure 1.1

A high stain hardening capability is therefore key to evading the strahgttility
tradeoff. In this regard, creation of heterogeneous nanostructures is particularly beneficial
and has therefore served as an overarching mechanism in promoting stcertditly
synergy. In heterogeneous structures, soft and hard regions (e.g., small and large grains)
are mixed together. Soft regions deform plastically more than hard regions, so that
gradients of plastic deformation build up. Accommodation of such plastic gradients
requires the storage of geometrically necessary dislocg@ijnglislocations of the same
sign),which contribute to work hardening. This is a Aooal effect of strengthening. The

characteristic length scale of gradient plastic deformatigns determined by the spacing



between neighboring soft and hard regions. It was pobimi by Ashb{31] long time ago

that the density of geometrically necessary dislocations is propaltto local plastic
strain but inversely proportional tb. Heterogeneous nanostructures are characterized by
unusually small/ , and thus offer a high capacity of storing more geometrically necessary
dislocations thereby enhancing strain hardening and consequently the stoerugility
synergy. This key message will be emphasized time and again, for HNMs that are

plastically norRhomogeneoy81] with large strain gradients.

2000
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8 .
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Figurel.2 Tensile stresstrain curves of NR2]. The coarsgrained Ni has an average
grain sized of 27 mm. Other electrodeposited Ni samples hdvanging from 1mm to 18
nm. The electroplated Ni with nanodomains haswrage domain sizkof about7 nm.
The true stresstraincurves are converted from engineering ststssn curves (up to the
maximum stress point where raniform elongation sets in)



Thermomechanical routes for preparing heterogeneous microstructures normally
involve severe plastic deformati@) 4, 32 and dynant plastic deformatiof83, 34],
followed by an anraing treatment. The resulting materials usually have complicated
residual deformation microstructures as well as a strong deformation texture. With the
newly acquired ability to control structure on the nanometer scale via eithedavopor
a bottomup approach, one can now purposely deploy heterogeneous nanostructures in an
otherwise singlgohase metal. In this thesis, we concentrate on severitrdesigns of
HNMs, including gadient nanegrained metals,transmodal grainedduminum and

additively manufactured 316 L stainlestesl.

Figure 1.3Scanningelectron microscopy (SEM) image afaglient nanayrained Cuwith
a gradual gradient in grain size from the surface to inf&ior



Gradientnano-grained metalsAt another front of research for controlling the grain size
distribution, a spatial gradient in grain size can be produced in the surface layer of a metal,
giving rise -draiigpegd dmetnd!l sn@.nol ncidentally,
in composition and structure near surface has been of considerable interest in the field of
tribology for enhancing resistance to contact deformation and d@Bashgn a recent

study, Fang et al. used surface mechanical grinding treatment to process a gradient nano
grained layer enclosing a coaigeined core of 7). As shown in Figurel.3, the
topmost layer of the gradient structure, up to a depth of 60 um, consists ajnaamowith

an average grain size of about 20 nm. The grain size gradually increases tc0@bamut 3

in the depth of 60 pm to 150 um. Below a depth of 150 um, the grain size continues to
increase to that of coarse grains at the micrometer scale. The gradiegtraiaed layer
exhibits a high yield strength, and when constrained by the substratestam a tensile

true strain exceeding 100% without cracking. Another example is that of Wu et al., who
used surface mechanical attrition treatment to prepare the gradiergnaamed steel with

a sandwich sheet structure, i.e., a coarséned core irbetween two surface gradient
nancgrained layel®5]. The tensile tests showed that the gradient structure induces an
extra strain hardening and hence high ductility. This extra strain hardening was attributed
to the buildup of geometrically necessary dislocatiasswell as to the multiaxial stress
states arising from interplay between the coaasd finegrained subayers that promotes

the activation of new slip systems and dislocation accumulation. Several examples of such
gradient nangrained metals are inaled inFigure 1.1 It should be noted that to date,
most gradient nangrained structures have been made on the surface of a-goairsed

substrate, graduated with a smooth gradient of grain size. The processing relies on surface



mechanical treatmentdh limits the thickness of the nesurface, gradient nargrained

layer. As a result, the strengtluctility synergy in the entire sample is limited. Further
development in this direction thus calls for new processing routes to decrease the ratio of
the hickness of the bulk sample to its hardened surface layer of gradiengraama Very
recently, Thevamaran et al. reported a dynamic creation of gradiergreined structures

in single crystal silver microcubes undergoing hughocity impact againstan
impenetrable substrg®6]. Their work demonstrated a promising pathway to develop
gradient nangyrained metals with a large gradient of grain sthgghes et gl37, 38] used
friction-induced nanograin refinemetaichnique to produce nanocrystalline Cu with even

smaller grain size.

Transmodal grained aluminum. The spark plasma sintering process is more feasible to
prepare designer HNMs by consolidating powders under a relatively low pressure while
being heated through the application of a pulsed direct current. This method has been used

to form metal samples with a fine grain size in A@&rometer regim@9]. Recent
development allows for the sering of metal powders of different sizes for creating bulk

samples with a bimodal and even a trarmdal distribution of grain sizes. As shown in
Figurel.4, the polycrystalline Al has a combination of fine grains and coarse grains. The
grainsarewelmix ed. We <cal |l t hgramedilad er Tlaé BB S Dhoidmt
bimodal grainedAl are shown in Figurd 4. Furthermore, the proportion of the mixed
powders are varied, respectivel vy, with a w
50%, 63%, 75%, 88%nd 100%. The microstructures of bimodedinedAl are varying

with the proportion



Figure 1.5 shows exampleslwéterogeneous grains wittbemodal (Figure 1.5(a))
versus a tranmodal (Figure 1.5(b)) distribution of grain sizes. We expect thatse clo
integration of the above novel visualization techniques with material processing would

provide a transformative approach for the creation of designer HNMs towards

unprecedented strengthuctility synergy.

Figure1.4 EBSD images obimodal grained\l with different proportions of fine powders
(0.8em and coarse powders (5.2em), respect
25%, 37%, 50%, 63%, 75%, 88% and 100%.
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Figure 1.5 Structure models ohetergeneous grains with controllable grain size and
distribution.(a) A bimodal grained structure with ~ 50 vol§tains of size of 0.8m and

50 vol%grains of 5.2m. (b) A transmodal grained structure with a uniform distribution
of grain sizes in betweeh8umand5.2um Grain is colored according to ibsientation
assigned randomly.

Additively manufacturedstainless steeHeterogeneous microstructures are the prominent
feature in materials processed by additive manufact@tthgwhich enables the building

of threedimensional (3D) objects by addingaterial layemuportlayer, via for example
spreading and selectively melting individual powder layers. While the required
heterogeneity antrol on the nanometer scale is challenging to additive manufacturing at
present, it may very well become easy in the near future, considering fast and continuous
advances in novel additive manufacturing processing. Fullydense siusred pillars of

316L SS using EPBF via an island scan strategy with a variety of laser powers and speeds.

As an L-PBF process relies on layky-layer melting, welding and solidification of powder

11



precursors, several characteristic microstructures inevitablgxist in AM parts,
including anisotropic or elongated grd#hy, voids, layered structures, and impurities. The
crosssectional, grain orientation and size distribution are measured by electron backscatter
diffraction (EBSD) in a scanning electronaroscope $EM). Grains under EBSD exhibit

a ripple pattern instead of a traditional faceted morphology. The EBSD also shows highly

unconventional grain shapedadistribution.

1.2  Multiscale modeling and uncertainty quantification

Successful predictive modelinfpr mechanical properties of nanostructured
materials include two parts: mechanistiodel and uncertainty analygi®, 43]. Both of
these two partareaddressed in this thesiBhe mechanistic modeling of heterogeneous
nanostructured metals essentially a multiscalstudy. Figure 1.6 shows that the length
scale of modelingpans over 9 orders of magnitudé atomic scale, the modeling work
in this thesis is focus on dislocations, twinnindodmation and grain boundaries. The
modeling methods arenolecular dynamic§MD) simulations, molecular statiMS)
simulations and nudged elastic bafMEB) simulation$44-46]. At mesoscale, the
modeling work in this thesis is focus grains, microstructure and representative volume
element (RVE) oheterogeneous grainshe modeling methods al@rge scale molecular
dynamics simulations aralystal plasticityfinite elemen{CPFE)simulation$47-49]. The
experimental measuremnts at the macroscopic scale are used to validate the simulation
results. Moreover, due to thecentdevelopmergof high resolution transmission electron
microscopy, we are able to directly comparedtmnisticsimulations to the experimental

observains.
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Figure 1.6Multiscalemechanistianodeling of heterogeneous nanostructured metais.
modeling spans from atomic scale to mesoscopic scale, by performing molecular dynamics
simulations, molecular static simulations, nudged elastic band simulations and crystal
plasticity finite element simulations.

The uncertainties in the modeling beterogeneous nanostructured metals is
multiscalg50, 51]. There are both aleatoand epistemic uncertaintiebhe uncertainties
have ahierarchical structufd3]. Figure 1.7 illustrates this hierarchical structuk¢.the
lowest levelwhich is at the atomic scalthe uncertainties arise from MD, MS and NEB
simulations of unit processes; at tmeddle level which is at the mestopicscale, the
uncertainties arise from the CPFE modeling of RVEeaierogeneous grains; at the highest
level which is at the macroscopic scale, the uncertainties arise from the experimental
measurements of structural samplsithermorethe uncertaintiesém alower level are

passed t@an uppetevel.
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Figure 1.7 Multiscale hierarchical uncertainty in the modeling of heterogeneous
nanostructured metal$he uncertainties arise at different scales/levels.uFoertainties
from a lower level arpassed to an upphavel.

The General Hidden Markov ModdB] is used to quantify the uncertainties.
Parametricstudy iscondiwcted on the multiscale modeling. As illustrated in Figure 1.8,
different parameters are input into simulations. For example, in MD simulations, the
parameters are Burgers vector, slip plane, interatomic potential, and so on; in CPFE
simulations, the pararters are constitutive relations, element sizes, and sDitiarent
input parameters result in different output properties from simulations, such as strength
barriess and dislocation reactions. Uncertainty quantifications are performed based on the
paranetric study.The uncertainty analysiguantifiesthe difference between atomistic
simulations, CPFE simulations and experimefit®e migostructure uncertainties arise
from the heterogeneities of microstructures drave effects on the strengithuctility
properties. These microstructure uncertainties can lead to variation of material preperties

a theme that | originally planned to study. In recent years, microstructure uncertainties are
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being utilized to enhance the estigth and ductility through engineering materials with
gradient grains, transmdoal grains and 3D printed microstructures, etc. So my thesis
research has been geared toward this emerging direction of heterogeneous microstructures

that turn microstructure wertainties into valuable features.

Properties

(Strength, barrier,
dislocation reaction, Experiments

elc.) Cp,
‘g, 0
Ul

e is quantified by uncertainty analysis

O ations
mistie st
At0

»

P ar a m eéudgaes regor slip plane,interatom,ic potential, etc.)

Figure 1.8 Uncertainty analysis quantifiethe differencesbetween predictions from
different scale. The horizontal axis stands for the controllable input parameters for
simulations at difference scales. The vertical axis stands for the output properties from
simulations at different scales.

To practice this approach, five mechanical systems aresgtugirst, the mechanics
of gradient nangrained copper are studied by performing CPFE simulations. To
understand the atomic deformation mechanisms, large scale MD simulaitigreslient
nanegrained copperare performed. Second, the strengths t@hsmalal grained
aluminums are studied by performing CPFE simulation. Third, to understand the atomic
failure mechanisms, MD simulation of fracture in nanotwinned copper are performed.
Fourth, additively manufactured stainless steel are modeled with CPFEtsmaul&ifth,
to understand the atomic deformation mechanism in Hdsedyred cubic metals, MD
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simulations of nanoscale tungsten are performed. More detailed introduction on these

topicsare presented in the following sections.

1.2.1 Mechanics and defornmian mechanisms of gradient nageained copper

The experimental works described in section 1.1 have shown either significantly
enhanced mechanical properties or intriguing mechanical behaviors of GNG metals.
However, the mechanics and deformation mechanisms of GNG metals remain little
understood. Whilemanocrystalline metals with uniform grain sizes have been extensively
studied in the pa$i0, 14, 44-47, 52-55], the available models of GNG metals are severely
limited. Recently, Li et al[56-58] used a multilayer structure with gradient properties to
model the GNG metals and they employedb-&ype plastic flow rule to account for the
influences of grain size on yield strength and strain hardening. The associated numerical
simulations examined the effects of gradient grains on strength, ductility and work
hardening. However, the multilayer structures and phenomenological constitutive relations
give an ovessimplified representation of the highly heterogeneous microstrucamnes
mechanical responses of GNG metals. Hence, there is a critical gap between the existing
models and the complex mechanical behavior of GNG metals. Developing the
mechanically based models is essential for understanding the mechanics and physics of

GNG structures and for designing the higérformance GNG materials in the future.

In this thesis, we develop both crystal plasticity and atomistic models to investigate
the mechanical behavior of GNG Cu. We build the GNG structures by adapting the
conventimal Voronoi tessellation methd&9]. Such GNG structures are used for both

crystal plasticity finite element and molecular dynamics simulations. We also extend the

16



classical crystal plagiity theory to incorporate graisizedependent constitutive relations.
Crystal plasticity finite element and molecular dynamics simulations are performed to
examine the effects of gradient grains on the mechanical behavior of GNIi€work

is presente in Chapter 2.

1.2.2 Strength and deforation mechanisms itmansmodal graine@uminum

Nanocrystallinemetals have high yield strength but low ductility. Heterogeneous
grains by mixing small grains and large grains is one way to increase the ductility of
nanocrystalline metals. In experiments, one kind of Al powders with an average sizes of
0. 8em aerd lkinmd hof Al powders with an aver ac
The spark plasma sintering (SPS) technique has been used to sinter the mixed Al powders
to prepare polycrystalline Al. During the SPS process, the grain growth is constraint. As a
reault, the polycrystalline Al has a combination of fine grains and coarse grains. The grains

of different sizes arbeodaligraiedhl 6We call this

Multiple kinds of Al powders with different averages sizes, gradually changing
from smallsizes to large sizes, are mixed together to prepare the polycrystalline Al. As a
result, the polycrystalline Al has mixed grains gradually transiting from fine grains to

coarse grains. The grains of different sizes are mixed.

To understand the deformation mechanidgnmodal grainedAl and transmodal
grained Al, we performed sizelependent crystal plasticity finite element (CPFE)
simulations to investigate the effect of heterogeneous grains on the stremgtiodal
grained Al and transmodal grainedAl. We developed three dimensional modsl

heterogeneous grains with controllaldzes and distributions. We performed CPFE
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simulations to simulate the uniaxial deformations oftitreodal grainedandtransmodal

grainedAl. The wok is present in Chapter 3.

1.2.3 Fracture in a thin film of nanotwinned copper

Ultrafine grained copper with embedded nanoscale twin lamellas (hereafter
referred to as nanotwinned Cu) exhibits an unusual combination chidtiastrength (~
1 GPa) andigh tensile ductility (~14% elongation to failurg@3, 60-62]. However, most
engineering applications wouldqaire the materials to have high fracture resistances as
well [63]. Unlike the strength and tensile ductility that have been extensively s{@ied
54, 55 64-69, the fracture behavior and associated microscopic mechanisms in

nanotwinned metals are much less known.

Several recent studies have investigated the fracture in nanotwinned metals. Qin et
al. [70] processed bulk coarggained Cu samples by dynamic plastic deformation and
obtained a composite microstructure of nanoscale grains with embedded nanoscale twin
bundles. They measured an enhanced fracture toughness relative to samples without
nanotwins, ad found that twin bundles caused the elongated deep dimples on fracture
surfaces that contributed to an increase of fracture energy. Singh#f] aheasured the
fracture toughness and fatigue crack growth in nanotwinned Cu processed by
electrodeposition, and showed that the presence of nanawitaiced both monotonic
and cyclic crack growth resistances. Shan €ef7a]. and Kim et al[73] used thdn situ
transmission electron microscopy (TEM)dioectly observerack growth in nanotwinned
Cu. Figure 1.9shows the representative situ TEM results of crack growth across twin

groups in a thin foil of nanotwinned Cir2]. It is seen fromFigure 1.9a) that a
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charateristic zigzag crack path formed during tensile loadifigure 1.9b) presents
magrified images of region 1 iRigure 1.9a) showing thg110), and (110 crack edges

in the adjoining matrix (M) and twin (T) crystals. Kim et @3] andZhou and QU74]
performed molecular dynamics (MD) simulations of fracture in thick nanotwisereghles.

They observed the damage and fracture processes, including crack blunting through
dislocation emission, crack bridging by twin lamella, crack deflection by grain boundaries,

and nanovoid formation at the intersections between grain boundarisgm@mbdundaries.

(b)

Figure 1.9In situ TEM images of crack growth across twin groups in a thin foil of
nanotwinned Cufrom a previous study by Shan et[@2]. (a) A zigzag crack formed

during tensile loading. (b) Magnified images of region 1 in (a), s.howinglme}M and
<110>T crackedges in the adjoining matrix (M) and twin (T) crystals. Circles indicate the
short crack edges on twin boundaries.

The experimental and modeling studies discussed above suggest that tteicrack
boundary interactions can be beneficial to enhance fracture toughness. But the toughening

mechanism associated with nanotwins are still little understood. Particularlglltvarig
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guestions have hitherto not been well addres3®tiat are theintrinsic fracture
mechanisms in nanotwinned metals? How do twin boundaries affect crack propagation?
The present works motivated by previous in situ TEM observatig#g, 73] and aims to
address thabovequestions by studying the growth of ajorack in a freestanding thin

film of nanotwinned Cu using MD simulatiorfsurthermore, MD simulations can directly
reveal the underlying atomievel processes of deformation and fracture, thereby shedding
light onto the failure mechanisms of nanotwinned metals. This work is presented in Chapter

3.

1.2.4 Heterogeneityand defectontrolled strength and deformation mechanisms in

additively manufactured steels

Laserbased powdebedfusion (L-PBF) technology for @ditive manufacturing
[75, 76] has recently gained considerable attention, due to its capability of directly building
near fulkdensity metal parts from a computeded design (i.e., a stereolithography file).
L-PBF is being increasingly used as altaand powerful additive manufacturing approach
for a broad range of applications in aerospace, automobiles, and biomedical fields. Unlike
conventional coarsgrained, ultrafinggrained or nanocrystalline metals, the additively
manufactured (AM) materighossesses a unique microstructure resulting from highly
localized melting and fast cooling rates (*10° K/s) [75], leading to a set of mechanical
properties that are drastically different from conventional counterparts. A current challenge
in this field is to elucidate the strength scaling law as well as the controlling deformation
mechanismsdr AM materiald77-79].

Here we report that 316L stainless steels (SS) madeRH.can have hardness

values that are over four times higher than that predicted from-thecHling law. The
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strengthcontrolling grain sizes derived from the measured hardness values are nearly two
orders of magnitude smaller than those measured from experiments. Such high hardness is
in accordance with the high yield strength measured from iahievading of AM 316L
SS. The microstructural characterization and analysis of AM 316L SS reveal rather
complex structural and chemical heterogeneities in these materials

To further understand the deformation mechanisms of AM 316L SS, we performed
sizedependentcrystal plasticity finite element (CPFE) simulations to investigate the
effects of graidevel heterogeneities as well as syrain heterogeneities and defects (e.g.,
local misorientations, cellular structures, dislocations, and LAGBs) astiplresponses.
To gain further mechanistic insights into the strergthtrolling subgrain heterogeneities
and defects, we performed molecular dynamics (MD) simulations of plastic deformation
in a model of polycrystalline fcc steel @6Ni-17Cr). Thiswork is presented in Chapter

4.

1.2.5 Deformation mechanisms in nanoscale bodytered cubicrystals

The past decade has witnessed a dramatic increase in the study of mechanical
properties and deformation mechanisms in metallic nanostrud4yd2, 60, 80, 81]. In
this field, one prominent approach is to conduet situ mechanical testing of
nanostructurd81-88]. These real time experiments have revealed a wealth of novel
deformation behaviors and size effects in various kinds of nanasgakals, including
dislocation starvatid®9], mechanical annealif@2], surface dislocation controlled
yielding[84, 85], and twinning dominatedeformatiofi90-92]. However, the majority of
those results are obtained for FCC nanostructures. Given the widespread use of bulk BCC

metals, BCC nanostructures are expected to play significant roles in future
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nanotechnologi¢93-95]. Hence it is natural to ask to what degree these phenomena and

size dfects in nanoscale FCC crystals still hold in BCC crystals.

One fundamental question regarding the deformation mechanism of metallic
nanostructures is whether or not the material will deform via twifi8#g96-98].
Deformation twinning is commonly observed in hexagaese packed (HCP)
crystal$34, 83, 99, 10Q but is much less common in bulk FCC and BCC crystals.
Deformation twinning in these materials usually occurs under high strain rates or low
temperaturd®9, 101, 107, conditions that lead to high stresses. High stresses are readily
achieved imanoscale crystdk2, 81], resulting from the starvation of deformation carriers
in these small crystals due to their large surface area to volume ratio. Such high stresses
are thought to favor twinning even at room temperature and low strainwéitiel, can
critically affect the mechanical properties such as strength and ductility of metallic
nanostructurd84, 87, 92]. Recently, botlin situandex situnanomechanicaxperiments
have revealed deformation twinning in FCC nanostructures, including Au nanowf8gkers
and Cu nanowirg91]. In contrast, the mechanical testing of savalume BCC crystals
has only reported dislocation mediated plasticity, for example, in single crystalline W, Mo,
Ta, Nb, V, Fe nanowires or ngpillard86, 88, 103106 and Mo al |[@0fl.Imanoy b e
mechanical testing experiments where TEM analysis was not used, and thus dislocations
were not observed, the deformation is still attributed to dislocation plastie&y109.
Deformation twinning was reported in nanocryigtel Td110; however, a close
examination of this experiment shows that the observethiag likely occurred in small

grains of FCC Ta, instead of BCC Ta.

The lack of observation of deformation twinning in BCC nanostructures is
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unexpected. In bulk BCC metals, deformation at room temperature is usually controlled by
dislocations with highdttice resistancg®8, 106, 111-115. In smaltscale BCC crystals,

the large surface area tends to destabilize bulk dislocation sources, thus causing a reduction
of dislocation density. Ifollows that a small number of bulk dislocations with low
mobilities in BCC nanostructures may not be sufficient to accommodate the applied load.
As a result, twinning may become necessary and even dominate the deformation at room
temperature and low strarates. To understand the competition between dislocation slip
and deformation twinning in smeadcale BCC metals, here wevestigate the deformation
behavior of nanoscale BCC tungsten (W) crysialagin situnananechanical testing with

high resolutio TEM (HRTEM). To achieve this, & develop a uniqua situ welding
process to fabricate the W nanowires. This method overcomes the difficulties of
synthesizing stli00 nm BCC samples without preexisting defects, in contrast to the
commonly used sample preparation by the focused ion beam method which tendgto crea
feature sizes larger than 100 nm as well as surface dg82ag8, 88, 89]. Usingthesein

situ fabricated amples we demonstratethat twinning is the dominant deformation
mechanism innanoscaléW crystalsat room temperatur@and low strain ratesSuch
mechanical twinning is pseudoelastic, as evidenced by the reversible detwinning during
unloading. We further find that the loading orientation governs the competition between
twinning and dislocation slip. tAmistic simulations are performed to provide insights into

the twinning dominated deformation mechanism in these nanoscale BCC crystals.
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CHAPTER 2. MECHANICS AND DEFORMATION

MECHANISMS OF GRADIENT NANO -GRAINED COPPER

In this Chapter we develop both crystal plasticity and atomistic models to
investigate the mechanical behavior of GNG Cu. Crystal plasticity finite element and
molecular dynamics simulations are performed to examine the effects of gradient grains on
the mechanical behavior of GNG Qu. section 2.1 we provide an overview of crystal
plasticity and atomistic models in terms of their unique distinct features. Section 22
focused on the methods and results of crystal plasticity finite etesirenlations, while
section 2.3molecular dynamics simulations for @\Cu. We conclude irestion 2.4with

a summary and outlook.

2.1  Overview of crystal plasticity and atomistic models

In this work, we employ both crystal plasticity finite element (CP&tg) molecular
dynamics (MD) methods to study the mechanical behavior of GN&iGure2.1 shows
the CPFE and MD models of GNG Cu, featuring a gradient distribution of grain sizes. Built
upon the conventional models of nanocrystalline metals with unijoaim sizes, we make
the following new developments to model the GNG Cu. One is to generajeattient
grains through an adapted Voronoi tessellation method, thus providing realistic
heterogeneous microstructures for CPFE and MD simulations. The otbezxgend the
classical crystal plasticity theory by incorporating train-sizedependentonstitutive
relations, thus allowing us to directly link the gré@wvel deformation properties and

macroscopic constitutive responses. The details of these ewsloppments, including
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implementation within the simulation packages of ABAQUS/CAEG and LAMMPS

[117], will be described in section2

(b)

1120 nm 147nm

A 640nm A 80 nm

Figure 2.1 Overview of the crystal plasticity and atomistic models of GNG l&ih of

which consist of an assembly of qua8) columnar grains with gradient grain sizés).
Crystal plastic finite element model, where grain sizes vary from ~ 20 nm in the top/bottom
surface layer to ~ 110 nm in the central region. Grains are colored randomly in
ABAQUS/CAE. (a) Atomic structure of GNG Cu for molecular dynamics simulations,
where grain sizes vary from ~ 2.5 nm in the top/bottom surface layer to ~ 10 nm in the
central region. Atoms are colored in ATOMEYE18 according to the coordination
number (CN). Atoms in yellow (CN = 12) make up the perfect FCC lattice inside grains,
while atoms in pink (8l = 11) are located at grain boundaries.
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Yield strength

dc Grain sized

Figure2.2 Schematic illustration of yield strength versus grain size polycrystalline
metals with uniform grain sizeShere exists a critical gain sizk that separates the
classical HaHPetch regime (i.e., smaller grain is stronger) with the inverseRéatih
regime (i.e., smaller grain is soft¢d5, 52]. The CPFE and MD models are used to study
GNG Cu in these two regimes, respectively.

It is important to note that our CPFE and MD models of GNG Cu cover two
different regimes of gia size. Figure 2.2 shows a schematic illustration of yield strength
versus grain sizéin polycrystalline metals with uniform grain sizes. It is known that there
exists a critical gain sizeé. that separates the classical FHaditch regime (i.e., smalles
stronger) with the inverse Hefletch regime (i.e., smaller is soft¢dp, 52]. The yield
stress in the former is usually controlled by dislocation plasticity within grains, while that
in the latter by grain boundary shear and migraf@ 52]. The critical grain sizelk is
typically about 20 nm in FCC nanocrystalline metgds, 52]. In our CPFE and MD
studies, the range of grain sizes covered is dictated, omamt by the characteristic
physical length scale in the model, and on the other hand, by the available computing

resources, meaning that a more powerful computer would allow a larger size range for a
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prescribed gradient of grain size. In our MD modeGdiG Cu, the grain size varies from

~ 2.5 nm in the top/bottom surface layer to ~ 10 nm in the central region (Figure 2.1b).
Hence, the plastic yielding and flow responses in MD fall into the inversePdtth
regime. In contrast, the characteristic lengtlale in our CPFE models of GNG Cu is
determined by the deformation mechanisndislocation plasticity within grains
incorporated into the crystal plasticity constitutive relations. As such, our CPFE models
fall into the classical HalPetch regime fograin sizes greater than 20nm; different ranges

of gradient grain sizes are studied by our CPFE simulations.
2.2  Crystal plasticity finite element (CPFE) model
2.21 Grain-sizedependent crystal plasticity model

To model the constitutive response of GNG Cu, we extend the classical crystal
plasticity theory by incorporating the grain size dependence of plastic yielding, strain
hardening and rate sensitivity. The rdipendent finite strain crystal plasticity thgor
adopted here can be traced to the works by Ritd, Asaro and Ricgl2(, and Kalidndi
et al.[12]]. According to Kalidindi et al121], a polar decomposition of the deformation

gradient tensofF is given byF t FFP *, whereF is the elastic deformation gradient and

FP the plastic deformation gradient, wittetF” = 1 (plastic incompressibility). The stress
in a single crystal is given by =C[E"], whereE ! (J/2){F F *-I} is an elastic strain
measureC is the fourthorder elasticity tensor. The stress meadures related to the

Cauchy stressT according toT"* F ““gdetm )T B ™ . The rate of the plastic

deformation gradienE’is given
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FP=L¥P LP=8§ ¢SS, St m? An; (2.1)

where m? and n are orthonormal unit vectors which define, respectively, the slip
direction and slip plane normal of the slip systamn a fixed reference configuration,

and & is the plastic shearing rate on this sligteyn.

The plastic shearing rate on the slip systens

L e
v=d

wheret? © T" ) is the resolved shear stres$, is the slip resistance for the slip system

1/m
sign( "‘)’, 2.2)

a, g, is the reference shearing rate, ands the strain rate sensitivity parameter. The

initial value of s* is denoéd ass,. During plastic deformation, the slip resistars’e

evolves according to

s=3 g [, h*t=q H), h® =h(1 -s*/ g,)° (2.3)
b

where g?  are the components of a matrix which describes the latent hardening behavior

of the crystal, andh,, a and s,,, are hardening parameters which are taken to be identical

at

for all slip systems.

Our crystal plasticity model is grasizedependent. For each grain, the slip

resistance parameters, including, {h,, a, s,,,, m}, are taken as functions of grain size

d [47,127. In line with the macroscopic HaRetch relatio123 124, which states that
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the yield strength is inversely proportional to the square root of grain sizssume all

the slip resistancearameters to be inversely proportional to the square root of grain size,

{s(d),h(d. 49, (9 0y ~ ¢ (24)

The numerical values for the grasizedependent initial slip resistancg are
readily estimated from the available experimental data in the literature, but the
determination of the straihardening related parametefQ{ a, s} requires certain
assumptions. Specifically, the initial values of slip resistagy@e determined based on
the experimentally measured yiellesses of NG Cu with uniform grain sidei.e., from
860 MPa to 400 MPa fat from 20 nm to 110 nnpl0, 53]. Dividing these macroscopic
yield stresses by Talyor's factor of 3, we estimate the corresponding slip resgtance
between 286 MPa and 133MPa. The NG Cu shdittle hardening in experiments.
However, we assign small values &2{ a, s.,}, so as to produce a weak hardening for
facilitating numerical stability in CPFE simulations. For the 20 nm grain, we 1@ke
102 MPa,a= 2.0, s,,= 600 MPa; and for the 110 nm grai@,= 48 MPa,a= 1.8, s,,=
287 MPa. Furthermore, experiments show that the strain rate sensitofifyfG Cu with
uniform grain size vary from 0.4 and 0.022 ddrom 20 nm to 110 nrfil25. To evaluate

the slip resistance parameter suchsabr intermediate grain sizes, we use the above
bounding values to fit the formula o = B +C d3* where B and C are the fitting
constants. Along the same line, we also fit other slip resistance paramet€rs af {s

sat

, m}. All the fitting formulas are obtained as follows:
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s(MPa)=19.3 +11960d3?, h(MPa)= 8.68 +415.8d03°, 2(5)

a=1.65 +1.56d3?, s (MPa)= 53.7 +2443d3°, m=0.0086 +0.140303>

Figure2.3 shows the curves of slip resistanseversus plastic sheay for several

representative grain sizes between 20 nm and 110 nm.
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Figure2.3 Slip resistance versysasticshearstrain for various grain sizésom 20 nm to
110 nm.

Other material properties, including elastic consta@ts, (C,,, C,,), slip systems

(mZ, n2), and the latent hardening mat{iq”} , are assumed to be independent of grain

size. For FCC Cu, we tak€, =170 GP¢, C, =124 GP¢ and C,, =75 GP¢; twelve
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{113(110 slip systemsfor (mZ, nZ); g*” = 1.0 if the slip systems and b are

coplanar andy®”? = 1.4 if they are norcoplanaf121].

2.22 Finite element model

To prepare for CPFE simulations of GNG Cu, we first construct altmensional
GNG structure with columnar grains by adapting the Voronoi tessellation method in
Matlab. The construction begins with layered rectangular structure with gradient
thickness. Each layer is divided into grains with the average size being equal to the layer
thickness. That is, the number of grains in each layer equals to the layer length divided by
its thickness, so that tleverage grain shape is square, giving el grains. For each
grain, the horizontal position of its centroid is randomly assigned and the vertical position
is located at the middle of the layer. After all the grain centroids are assigned in all the
layers, the Voronoi tessellation is applied (with a builfunction voronoi command in
Matlab) to construct the Voronoi diagram. Each Voronoi cell is a polygon with an irregular
shape, representing a grain in the GNG structure. The geometrical infornfatierGNG
structure is used to develop the corresponding finite element model in ABAQUS/CAE by

using a Python script.

Figure2.1(a) shows an example of the GNG structure rendered in ABAQUS/CAE.
In this case, thgrain size gradually increases from ~r20 in the top/bottom surface layer
to ~ 110 nm in the central region. Hence, grain sizes in the GNG sample fall into the Hall
Petch regime, as discussedegtson 21. The overall sample geometry is 640 nm in length
and 1120 nm in width. The sample is imed with norstructured plane strain elements.

As a result, most elements have four nof@BE4R)and a small fraction three nodes
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(CPE3) Displacements and tractions are continuous at grain boundaries, meaning no
separation or sliding between evemgir d adjoining grainsuUsing the GNG structure in
Figure2.1(a), CPFE simulations are performed to investigate the axial tensile behavior of

GNG Cu under the plargtrain condition.
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Figure 2.4 Distributions of (a) gradient grain seand (b) graidevel slip resistances in
the cross section @ CPFEsimulated GNG samples shown in Figre 2.1(a). The data

point represents (a) the size and (b) the slip resistance of a grain. The solid line is the fitting
curve.

Figure2.4(a) shows the gradienistribution of grain sizes along the cross section
(y axis) of the GNG sample. The orientation of grains is assigned randomly in terms of
three Euler angles,{, j , W}, representing rotation from the crystal basis to the global

basis[12]]. A user material subroutine VUMAT is developed in ABAQUS/EXPLICIT to
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implement the graksizedependent crystal plasticity model described in se@igad. As
such, all the slip resistance parameters at each integratiordppinid on the local grain
size according to Ration (2.5). As an exampleFigure 2.4(b) shows the gradient

distribution of initial slip resistance, along the cross section. With reference-igure

2.1(a), the boundary conditionsf the GNG sample are prescribed as follows: the upper
and lower surfaces are traction free; on the left side (), the displacement in the
direction is zeroux = 0); on the right sidex(= 640 nm), the velocity in thedirection is

constantx = 0.64 nm/s), corresponding to an applied tensile strain rate of 0.001/s.

2.23 CPFEsimulationresults

2.23.1 Grainsizedependent vield strength

Figure 25 shows CPFE simulation results of GNG Cu using the epiai@
dependent crystal plasticityodel described in secti@2.2. Recall that the GNG structure
simulated is shown iRigure2.1(a), which consists of gradient grains with the size range
of 20- 110 nm in the HalPetch regimelrigure2.3 shows the slip resistance as a function
of plastic shear strain for several representative grain sizes. We assume no strain hardening
at the grain levelFigure2.5(a) presents the simulated strsg®in curve for the GNG Cu
sample subjected to axial ®an under the planstrain condition. Deformation begins
with a linear elastic regime. When the elastic strain rises to about 0.27%, the GNG Cu
sample starts to yield, i.e., deviation from the linear sts&ssn response, at about 390
MPa. Further straing causes a smooth, gradual increase of the axial tensile stress. Such a
gradual yielding behavior can be attributed to progressive attainment of yield strengths in

grains with different orientations and, more importantly, with different sizes giving
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different slip resistances. When the tensile strain reaches about 0.5%, th&R@itu

sample yields and the strestsain curve attains a plateau of about 510 MPa
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Figure 2.5 CPFE simulation results of GNG Quubjected taaxial tensileloading (a)
Overall dressstrain curveGradient distributions are revealed for both (b) tensile stresses
and (c) tensile plastic strains in the cross section at variqlis@gtrains as marked in (a).
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Importantly, our CPFE simulation reveals the novel gradient distributions of both
stress and plastic strain in the cross section of GNG Cu, which arise due to progressive
yielding of grains with gradient sizes. figure2.5(b), we plot the distributions of tensile
stress in the sample cross section at various applied strains of 0.2%, 0.27%, 0.33%, 0.5%
and 1%. To generate these plots, we divide the GNG Cu sample into 60 slaby in the
direction and then calculate the averageadal axial stresses in each slab. As such, the
data points irFigure2.5(b) correspond to the calculated average tensile stresses at different
locations of the cross section and the solid lines are the fitting curves. It is seen that at small
applied strans, the distribution of axial stresses in the cross section is nearly uniform, e.g.,
the pink curve at a strain of 0.2%. This is because all the grains undergo elastic deformation
and the linear elastic constitutive relation is independent of grairAsizbe applied strain
continues to increase, large grains in the central region of the cross section begin to yield,
causing a drastic slowdown of increase of axial stresses in the central region. In contrast,
small grains near the surface continue thetelaleform, resulting in a more pronounced
increase of axial stresses near the surface. Due to the gradient distribution of grain sizes
between the central and surface regions, the -@®d#onal stress exhibits a smooth
gradient distribution, e.g., thelue curve at a strain of 0.33%. Such a gradient stress
distribution evolves as the applied strain increases, e.g., the green curve at a strain of 0.5%.
Meanwhile, the plastically yielded domain gradually expands from the central region to the
surface wikin the cross section of the sample. Finally, the entire GNG sample yields and
the gradient stress distribution is fully developed without further changes with increasing
applied strain load, e.g., the red curve at a strain of 1%. This stage corresptmals to

plateau of the stressrain curve irFigure2.5(a).
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In addition to the gradient stresses, our CPFE simulation reveals the gradient plastic
strains in GNG Cu. Ifrigure2.5(c), we plot the distributions of the accumulated tensile
plastic strainsn the sample cross section at various applied strains of 0.27%, 0.33%, and
0.5%, evaluated using the same scheme for averaging the stresses in the cross section.
Similar to the gradient stresses, the gradient distribution of plastic strain is caused by
progressive yielding of grains with gradient sizes. We note that the distribution of plastic
strains exhibits the maximum in the center where large grains first attain the yield points
and the minimum at the surface where progressive yielding arrives the lgace, the
gradient variation of axial plastic strains is opposite to that of axial stresses, as seen from
Figure2.5(b) and (c). More interestingly, the gradient plastic strains arise under an overall
uniform deformation of the GNG samples, and thtend in contrast to the widely studied
straingradient plasticity induced by applying raniform deformations such as torsion
[126], bending[127], and indentatior{128. The plastic strain gradient signifieset
plastically inhomogeneous deformation that can provide alowat effect of material
strengthenind 129, which is additional to the strengthening generated by local plastic
strains. In this work, we will not further quantitatively evaluate the additional strengthening
effect of gradient plastic strains, due to a lack of related experimental charactearation
data. Nonetheless, the gradient plastic strain arising from gtagti&in sizes represents a
new material strengthening mechanism due to-homogenous plastic deformation and

warrant a systemic study in the future.
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Figure 2.6 Contoursof the axial stressat the applied strailbad of (a) 0.2% and (b) 1%.
Scale bars are in the unit of MPa.

To further understand the gradient distributions of stress and plastic strae in th
cross section of GNG Cu, we plot iigure 2.6 the contours of axial stressas two
different applied strains, showing the evolving spatial distribution of gradient stresses.
When the applied strain load is lowdeformation of gradient grains is elastic. At a
representative axial strain of 0.2%, the spatial stress distributieigune 2.6(a) is nearly
uniform, consistent with the plot of the cressctional stress distribution (e.g., the pink
curve) inFigure2.5(b). As the applied strain load is increased, a stress gradient develops
in the cross section due to progressive yieldmgradient grains. At aapplied strain of

1%, the spatial stress distributionkigure2.6(b) is clearly gradient, consistent tvithe
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plot of the average stress distribution (e.g., the blue curvégire 2.5(b). BothFigure

2.6(a) and (b) also show the inhomogeneous spatial distribution of stress in grains with
similar sizes, i.e., located at a similar distance to the top/bofteen surface. Such
inhomogeneities can be primarily attributed to the random distributions of grain
orientations and partly to the small variation of grain sizes. In addition, we gfajune

2.7 the contours of the accumulated axial plastic sthivo intermediate applied strain

loads, which exhibit the progressive yielding responses: larger, inhomogeneous plastic
strains have been accumulated in the central region, and smaller, inhomogeneous plastic

strains in the top/bottom surface layers.
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Figure 2.7 Contoursof the plastic strain at the applied strémad of (a) 0.33% and (b)
0.5%. Scale bars are in the unit of MPa.
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2.2.3.2 Grainsizedependent strength and hardening

When nanegrains fall in the size range of tens of nanometers, strain hardening is
typically weak. However, as naigvains are greater than 100 nm, strain hardening
increases with grain siZ&0]. To explore the effects of strain hardening on GNG metals,
we perform CPFE simulations accounting for the grain size dependence of both yield
strength and strain hardening. We still use the GNG Cu structiiigune 2.1(a), but it
now represents gradiegtains in the size range of 106B50 nm, as opposed to the size
range of 20- 110 nm simulated inestion2.23.1. The corresponding grasize dependent

constitutive relations at the grain level are prescribed as follows:

s (MPa)= 19.3 +1196d3?, h(MPa)= 17358 - 17257@%?, (2.6)

a=3.19 -13.95d3?, s_(MPa)= -38.76 -8254d 3, m=0.0086 +0.1403d3>

In Equation(2.6), the slip resistande and rate sensitivityn are taken from the
available experimental daf&0, 53], and other strain hardening parameters are assigned to
produce the graisizedependent strain hardening. Figure 2.8(a), we plot the gb
resistance as a function plastic shear strain for several representative grain sizes based on
Equation(2.6). Larger grains exhibit lower yield strengths, but stronger hardenings. As a
reference, we also simulate the GNG Cu in the same size range-&3M0AmM, with grain
sizedependent vyield strength but without strain hardening. The corresponding slip
resistance parameters as a function plastic shear strain is prescribechbgrifg.5), and
the associated curves faor are plotted inFigure 2.8(b) for several representative grain

sizes.Figure 2.8(c) shows the simulated tensile strefi®in curve for both cases. In the
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case of the GNG Cu without gral@vel strain hardening, the overall stra$sain response

(red curve) inFigure2.8(c) is similar to the earlier result Figure2.5(a), as both involve

the perfectly plastic grains, but represent different ranges of grain sizes. A notable
difference is the lower plateau of flow stresskigure 2.8(c) relative to that irFigure

2.5(c), which arises due to the smaller slip resistances in larger grains.
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Figure 2.8Effect of the graiflevel strain hardening on the overall stref®in response.

(a) Slip resistance versus plastic shear strain for grain sizes from 100 nm to 500 nm,
showing grairsizedependent strain hardening. (b) Same as (a), but without strain
hardening. (c) Overall stressrain curves that respectively correspda the grairevel

slip resistances prescribed in (a) (black curve) and (b) (red curve).
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However, in the case of the GNG Cu with grlewel strain hardening, the overall
stressstrain response (black curve)Rigure2.8(c) exhibits a pronounced sindhardening,
which represents the collective response of rgnams with grairsizedependent strain
hardening. Incidentally, high strain hardening is a desirable material characteristic that can
promote uniform tensile plastic deformation and thus prepeemature plastic instability
such as necking and ruptuf@. Our GNG model with grairsizedependent strain
hardening demonstrates an appealing opportunity of tailoring-ignash strain hardening
for achieving the desired overall strain hardening in GNG structures. Such a material

design route requires the integrategberimental andhodeling study in the future.

Moreover, we compare fgure2.9 the distributions of the crosectional stresses
in GNG samples with and without graievel strain hardening. In botfigure2.9(a) and
(b), the gradient stresses startdevelop as the central regions attain the respective yield
points, see for example the orange curves in both figures at the applied strain of 0.2%.
However, inFigure2.9(a), both the magnitude of stress and stress gradients in the cross
section increasmarkedly with increasing applied strain loads, owing to the strong strain
hardening at the grain level. In contrast, the corresponding changesune 2.9(b) are
much weaker, due to a lack of grd@vel strain hardening. Hence, these results
demonstra that tailoring the strain hardening characteristics at the grain level in GNG
structures can yield different spatial distributions of stresses and stress gradients, which

might enable a further control of surfaicgtiated fracture and fatigue in GNG reatls.
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Figure2.9 Effects of the graifevel strain hardening on the stress distribuiiothe cross
section of GNG samplega) Distribution of crossectional tensile stresses at various
applied strains when strain hardening is gsaredependent (corresponding Eagure
2.8(a)). (b)Same as (a) except that the grvel strain hardening is absent in the crystal
plastiaty model (corresponding tBigure2.8(b)).

2.3 Atomistic modeling
2.3.1 Molecular dynamics (MD) setup

In addition to CPFE studies, we perform MD simulations of GNG Cu using
LAMMPS, in order to understand the competing deformation mechanisms. An embedded
atom method (EAM) potential of Cu is udd@®(. Similar to the CPFE simulation, we first
generate guasttwo-dimensional GNG structure with columnar grains using the adapted
Voronoi tessellation method in Matlab. Then we cut the single crystal lattice of FCC Cu

into polygons for fitting into different grain domains of the GNG structure. In the regultin
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GNG sample for MD simulation, the thickness direction of each grain is aligned with
<112>, but the irplane orientation is randomly assigned. Hence the GNG sample has the
<112> texture. The sample is relaxed in LAMMPS for 7000 ps at the temperati@ of 3

K and zero stresses using a NéB#over thermostat and barostat. This process eliminates

a most of the unfavorable features in grain boundaries with high energies. As a result, many
initial faceted grain boundaries become curved for accommodating ¢hk dtvucture
incompatibilities between adjoining grains. Displacements of triple junctions and
associated changes of dihedral angles are also observed due to the concerted movement of

grain boundaries connected at a shared triple junction.

The relaxed tmmic structure of GNG Cu, rendered by ATOMEYE.§, has been
shown in Figure 1(b). In this GNG sampthe gain size varies from ~ 2.5 nm in the
top/bottom surface layer to ~ 10 nm in the central region. These grain sizes fall into the
inverse HalPetch regime, which is further confirmed by our MD simulations, to be
discussed next. Overall, the MD sample hamgrlane dimension of 80 nm x 147 nm, and
is 1.8 nm in thickness. It should be noted that the actual GNG sample used in our MD
simulations is shown in Figure 2.10(a), since we take half of the model shown in Figure
1(b) for saving the computation time. 8sch, the total number of atoms in the system of
Figure 2.10(a) is 869,536 and the total number of grains is about 720. The top and bottom
surfaces are traction free, while the sample thickness is fixed, corresponding to the plain
strain condition. Periad boundary conditions are imposed in tkeand thickness
directions. Grains across the right and left edges of the simulation box are carefully

constructed to avoid artificial boundaries on these edges that are potentially caused by

periodic boundary coritions. A tensile strain rate &3 10/s is applied in thedirection.
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The MD time step is 1 fs. The system temperature is maintained at 300 K using the Nose

Hoover thermostat.

@  ene

Figure 2.10Atomic structures of GNG and NG Cu before loadi(@. GNG Cu with
gradient grain sizes. {th) NG Cu with uniform grain sizes; the average graingizeabout
(b) 2.5 nm (¢) 5 nmand(d) 10 nm.Atoms are colored by theordination number, same
as Figurel(b).

MD simulations are also performed for NG Cu with uniform grain sigg&gire
2.1Qb-d) show the corresponding atomic structures where the average gralissabout
2.5nm, 5 nmand10 nm, respectively. These NG samples have the same overall dimension
as the GNG sample iRigure 2.10a). The total numbers of atoms in NG samples are

869,632 @~ 2.5 nm), 869,860 (5 nm) and 869,608 (10 nm), respectively. The total numbers
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of grains are 2,162d(~ 2.5 nm), 572 (5 nm), 157 (10 nm), respectively. The boundary
conditions, loading rate, time step and temperature for NG Cu are identical to those for

GNG Cu.

2.32 MD simulationresulss

2.3.2.1Mechanics of GNG and NG

Figure2.11shows MDsimulated stresstrain curves, including the GNG Cu with
gradient grain sizes and NG Cu with uniform grain sizes. All the sttegis curves exhibit
an initial elastic response and then attain plastic yielding without a pronounced gjeld dr
As the applied strain load is further increased, the GNG Cu and NG Cu (inctudifg
nm and 5nm) exhibit a stress plateau with negligible strain hardening, while the NG Cu
with d ~ 2.5 nm a gentle strain hardening. Comparing the three-stragscurves of NG
Cu with uniform grain sizes, we observe the behavior of "smaller is softer". Defining the
yield stress from 1% strain offset, we estimate the respective yield stress of NGdCu for
10 nm,5nmand 2.5 nm as 1.9 GPa, 1.6 GPa, and 1.3 Geaythenfirming the behavior
of "smaller is softer" for NG Cu. Hence, the grain size range of05 m studied for both
NG and GNG samples by the present MD simulations fall inéoinverseHall-Petch
regime. This result also has implications for theerggth/ratecontrolling deformation
mechanisms in MD simulations, to be discussed next. In addition, we note that the
characteristic tensile stressaghe GNG sample (the red curveRigure 2.1}, including
yield stress and flow stress plateau, arsaldo those of the NG sample with the average
grain size of 10 nm. This result is understandable because of the relatively large volume

fraction of big grains (close to 10 nm) in the GNG sample as sd&gure 2.10a).
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Figure 2.1IMD-simulated tensile stresdrain curvesor the GNG Cu with gradient grain
sizes (red) and NG Cu with uniform grain sizes, including cases with the average grain size
of 10 nm (black), 5 nmgfeen) and 2.5 nm (blue).

Figure 2.12 shows the distribution of average tensile stresf&s cross section of
a MD- simulated GNG Cu at different applied strains. Similar to the CPFE results, the
crosssectional stress is uniform at low strain lodmscause the elastic properties are
independent of grain size; as the applied strain load is increased, a gradient stress
distribution develops due to progressive yielding of rgraans with gradient sizes.
However, nangyrains in MD simulations exhibit éh"smaller is softer" behavior in the
inverse HalPetch regime, as shown in Figure 2.11. These results indicate that in the GNG
sample, the smaller nasgrains in the surface region should typically attain plastic yielding
earlier than the larger grainsthe central region. This leads to a gradual increase of stress
from the surface to the center, which is opposite to the sign of stress gradient from CPFE
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simulations of the GNG Cu with grain size in the Haditch regime, as shown in Figure

5(h).
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Figure 2.12VID-simulated distribution of average tensile stiaghe cross section @NG
Cuat various applied straloads. The symbols represent the average tensile stresses and
the solid lines are the fitting curves.

2.3.2.2 Deformation mechanisms

Grain growth is an important deformation mechanism in the MD simulations of
GNG Cu under axial tension, as showrfFigure 2.13 Grain growth starts to appear in a
small fraction of nangrains when the overall strain exceeds the elastic limit. But dramatic

grain growth occurs in many grains only after the overall strain exceeds ~ 10%, as seen
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from Figure 2.18a-d). Grain growth 3 more dramatic in smaller nagoains near the
surface than larger grains in the central region. Progressive grain growth in the surface
layer results in a gradual increase of surface roughness. These MD results are consistent
with the earlier experimeritabservations of drastic grain growth in the surface GNG layer

at large tensile strains by Fang et[alf].

i
Strain =0

Figure 2.13VID snapshots showing grain growth during axial tension of a GNG sample at
various applied strains (a-d). The GNG structure in (a) ibé¢ same as that iRigure
2.10@). In (ad), only the upper half of the GNG sample is plotted, so as to enlarge the
displayed images for better visualization of gradient structures. Atoms are colored using
the coordination number as dedohin Figurel(b), such that grain boundaries (primarily
consisting of pink atoms) are clearly visible.

MD simulations further reveal the atomicatlgtailed processes of grain growth,
which occurs through migration of grain boundaries, i.e., normal grain boundary motion,
that is often coupled with shear deformation of the lattice traversed by the gradaboun
This coupled mode of grain boundary motion is consistent with the earlier MD study by

Cahn et al.[131], and is further shown by our detailed tracking of individual grain
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boundaries in MD simulation&igure 2.14presents an example of coupled migration and
shear at a representative grain boundary-iure 2.14a), we plot the grain boundary
being tacked (highlighted by a red line) before loading, along with a line of atoms colored
in black, serving as a marker. At an overall tensile strain of 10%, coupled migration and
shear at this grain boundary can be clearly sedigure 2.14b); migration ofthe grain
boundary is shown by the boundary displacement from the initial to the current location;
shear deformation of the lattice traversed by the grain boundary is clearly evident from the
kinking of the black marker. The grain boundary migration camlbe seen irFigure

2.14(c) and (d), where atoms are colored by the coordination number such that the grain

boundary (mostly consisting of pink atoms) is readily distinguishable.

Migration of a grain boundary can often result in the concerted motiadj@hing
grain boundaries connected at a shared triple junction. Using the same visualization
schemes as in Figure 2.14, Figure 2.15 shows the concerted motion of three grain
boundaries connected at a triple junction, in addition to coupled migraticshaadoccur
at each individual grain boundary. Such concerted motions of grain boundaries can
effectively accommodate the deformation incompatibility at the triple junction and also

facilitate the equiaxial grain growth.
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Figure 2.14Coupled migratiomnd shear deformation at a grain boundgyInitial atomic
structure at zero strain. The grain boundary is indicated by a red solid line. A straight line
of atoms interseaty this grain boundary is colored in black, serving as a marker during
deformation. (b) Atomic structure at an overall axial strain of 10%. The current position
of the migrating grain boundary is indicated by the red solid line, while the old position by
the red dashed line. Kinking of the marker occurs due to shear deformation of the lattice
traversed by the grain boundary-dcSame as ¢h) except that atoms are colored by the

coordination number, clearly showing the migration of the grain boundary.
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Figure 2.15Concerted motion of grain boundaries at a comrirgote junction (a-b)
Atomic structures at the overall axial strain of zero (left) and 20% (right), hatlsame
marking schemes &3gure 2.14a-b). Concerted motion of three grain boundaries leads to
the displacement of the triple junction-df Same as (h) except that atoms are colored
by the coordination number, clearly showing the migration of graiméaries.

In addition to grain growth, dislocation plasticity is also considerably active in the
MD simulations of tensile deformation of GNG Cigure 2.16shows thedislocations
inside nanegrains at different applied axial strains. SpecificallyFigure 2.16a), the
GNG Cu at zero strain is nearly free of dislocations. As the axial load increases, leading
partials start to nucleate from grain boundaries, presumably at easy sites \iNklyela
low barriersof nucleation. At this stage, most trailing partials are still held by grain

boundaries, such that leading partials glide inside grains with stacking fault ribbons in their
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wakes, as seen frofigure 2.16b-d). As the applied strain &l is further increased,
trailing partials emit progressively at grain boundaries. The resulting full dislocations
traverse through the grains. Subsequently, they are either obstructed by or transmit through
the opposite sides of grain boundaries. Meareyhdading partials continue to nucleate
from other sites of grain boundaries, followed by similar processes of gliding, full
dislocation formation, obstruction and/or transmission. Such dynamic dislocation activities

proceed continuously with increasiraads.

Strain =0

Figure 2.16MD snapshots showing the dislocation processes in GNG Cu during axial
tension of a GNG sample at various strain leire(s-d). Atomsare colored byhe central
symmetry parameteshowinggrain boundaries and stacking faultsoth partial and full
dislocations appear in these images.

FromFigure 2.16it is interesting to observe that there are more dislocations inside
smaller nanagrains within the surface layer than inside larger grains within the central
region. Ashby has shown that the density of geometrically necessary dislocations (GND)
in a gran is inversely proportional to the grain sigg29. This provides a plausible

explanation of our MD resudtof grainsizedependent dislocation density. Such a gradient
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distribution of GND is a unique characteristic of the GNG structure. Its implication on
plastic strain gradients and associated mechanicss¥idtbe further discussed in section

2.4

Sinee both grain growth and dislocation plasticity are observed in the present MD
simulations of GNG Cu, one natural question is which mechanism is strength/rate
controlling. Argon and Yig52] have previously developed a theoretical model showing
that the intragrain mechanism of dislocation plasticity is strength/catetrolling in the
classical HalPetch regime, while the intgrain mebanism of grain boundary shear in
the inverse HalPetch regime. Recall that we showFigure 2.11the tensile stresstrain
curves for NG Cu with uniform grain sizes, which exhibit the behavior of "smaller is
softer". In other words, the grain size ramge.5- 10nm studied for both NG and GNG
samples by the present MD simulations fall into the inverse-P&ilth regime. Hence,
based on the ArgeNip model, the strength/rateontrolling mechanism in those NG and
GNG samples can be reasonably attributedyrain boundary shear, which is usually

coupled with grain boundary migration and resultant grain growth as discussed earlier.

2.4 Summary and outlook

2.41 Summary

We havedevelogdboth crystal plasticity and atomistic models to investigate the
mechanics and deformation mechanisms in GDIGWe build a quasiwo-dimensional
model of columnar nangrains with gradient sizes using an adapted Voronoi tessellation

method. We also extend the classical crystal plasticity theory to incorporate thsipgain
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dependent yield strength and strain hardening. The major results are summarized as

follows.

1 CPFE simulations are performedstudy the tensile responses of GNG Cu with
grain sizein the classical HalPetch regimeAssuming gain-sizedependent yie
strengths, CPFE simulations revéla¢ novel gradient distributions of stress and
plastic strain in the cross section@fG samplesSuch gradient distributions arise
primarily due to the progressive attainment of yield points in grainsgrétiient
sizes and accordingly different slip resistances.

1 CPFE simulations also reveal the spatial variations of stress and plastic strain,
which result from the combined effects of random grain orientations and gradient
grain sizes. In addition, CPFE simulatioa® used to study the connections
between samplkevel strain hardening angrainlevel hardeningwith grainsize
dependence. The results suggest an appealing opportunity of tailorindegedin
strain hardening for achieving the desired overall strairdedmang in GNG
structures, given the fact thatan hardening iknown to play ecritical role in
plasticinstability such as necking and rupture.

1 MD simulations are performed tovestigate the atomistic mechanisms of plastic
deformation in GNG Cu. Draatic grain growth is observed, particularly after the
overall strain exceeds ~10%. Grain growth occurs through migration of grain
boundaries that is often coupled with shear deformation of the lattice traversed by
the grain boundary. This is consistentiwthe early MD study of individual grain
boundaries by Cahn et dl131. In addition, MD simulationglso reveal the

concerted motion of grain boundaries connected at the shared triple junction.
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1 Besides grain growth, MD simulations of GNG Cu reveal considerable dislocation
plasticity, involving progressive nucleation of leading and trailing partials f
grain boundaries, their gliding inside nagi@ins, and obstruction/transmission at
grain boundaries. Interestingly, there are more dislocations inside smaller nano
grains within the surface layer than inside larger grains within the central region.
This is attributed to the formation of geometrically necessary dislocations whose
density is grairsizedependent, which is a unique characteristic of the GNG
structure.

1 The atomistic mechanisms of grain growth and dislocation plasticity revealed by
MD simulations at high strain rates should be active during the experimental testing
of GNG Cu at low strain rates, irrespective of grain size. However, we note that the
grain size range of 2:5.0 nm studied for both GNG and NG samples by the present
MD simulations fall intothe inverse HallPetchregime. This is confirmed by our
MD simulations of NG Cu with uniform grain sizes that exhibit the behavior of
"smaller is softer". Hence, tretrength/ratecontrolling mechanism in the present
MD simulations of NGand GNG samples can be reasonably attributed to the grain

growth through coupled migration and shefgrain boundaries.

2.4.2 Implications and future work

Stress and plastic strain gradientSNG metals have the unique microstructure
with a gradient distribution of grain sizes. Our CPFE simulations reveal the novel gradient
distributions of stress and plastic strain in the cross section of GNG samples. Such gradient
distributions arise primagldue to the graksizedependent yield strength. Importantly,

the gradient stress and plastic strain develop under an overall uniform deformation, and
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they stand in stark contrast to the widely studied styeadient plasticity induced by
applying nonuniform deformations such as torsipi?26], bending[127], and indentation

[128. Our MD simulations of GNG Cu further @lv that the dislocation density is
gradient, being higher inside smaller nagrains. Dislocations in these MD simulations

are primarily of the geometrically necessary type, due to the high strain rates of MD that
tend to suppress the thermally activatedrfation of statistically stored dislocations. The
same kind of grain size dependence is expected to hold to the density of geometrically
necessary dislocations in gradient grains with any size range. It follows that the gradient
density of geometrically ecessary dislocations could underlie the macroscopic plastic

strain gradients in GNG metals with grain sizes in the classicalRé¢#&th regime.

Importantly, the plastic strain gradient is expected to produce alonah
strengthening effect and therebyhance the overall yield strength. Such a strengthening
effect has been well recognized in the previous studies of strain gradient plasticity induced
by applying noruniform deformation§126-128. In the future, it is intguing to perform
the systematic experimental testing for samples with controlled GNG structures, so as to
provide a firm experimental basis of the strengthening effect of plastic strain gradient
arising from grain size gradient. The present crystal pigstitodel only accounts for the
grainsizedependent yield strength, but does not include the strengthening effect of plastic
strain gradient. Hence, the future study also requires the development ofl@calon
plasticity model and associated numericalgedure, so as to quantitatively evaluate the

effect of plastic strain gradient through comparison with the experimental study.

Grain size gradientThe spatial distribution of the gradient grain size is expected

to critically affect the stress and plastic strain gradients and accordingly the strengthening

56



effects on the GNG materials. From the material design standpoint, the gradient
characteristics fograin size, including its magnitude and spatial variation (e.g., linear vs.
nonlinear change), should serve as important design parameters for achieving an optimal
strength enhancement with retained ductility in nanocrystalline metals and alloyss To thi
end, it is essential to develop novel processing methods for a controlled variation of grain
size gradient. Meanwhile, the ndotal CPFE models and simulations that include the
strengthening effect due to plastic strain gradient can be used to guidiesthe of the

optimal grain size gradient.

In recent years, based on the concept of the atomic deformation gradient by using
atomic position, Tucker et §.32134 developed a method to calculate continuum
mechanical deformation by determining a #ocal atomic deformation gradient metric.
Their work provides insighinto atomic behavioduring shear deformatiom 2D grain
boundary structures, thin 3D equilibriubicrystalline grain boundary structures and
nanocrystalline structures. The significance of their work provides insight into our future

work on gradient nangrained copper.
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CHAPTER 3. STRENGTH AND DEFORMATION

MECHANISMS IN TRANSMODAL GRAINED ALU MINUM

Bimodal grainedaluminum is developed in experimentslo understand the
deformation mechanismbimodal grainedAl, we performed sizelependent crystal
plasticity finite element (CPFE) simulations to investigate the effect of heterogeneous
grains onthe strength obimodal grainedAl. We also developed model ttansmodal
grained Al. We developed three dimensional modsl heterogeneous grains with
controllable sizes and distributions. We performed CPFE simulations to simulate the
uniaxial deformations of thbimodal grainecandtransmodal grainedl. Section 3.1 is
focus on the experiments. Section 3.2 is focus on the developmignmadal grainedhl

andtransnodal graineddl. The CPFE simulation results are presented in section 3.3

3.1 Sample preparation and experimental results

Spherical Al powders were used to prepare samples. Three different kinds of Al
powders with average powdér Osimzeveref uG@elle m
size can be measured from scanning electron microscope (SEM) image 3Hi¢mio} are
showing the SEM images of Al powders with the three different powder sizes.
Furthermore, the powder sizes are following a unimodal lbiigtan. Figure3.1(d) is

showing the distribution of the powder si z
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Figure3.1 SEM images of the three kinds of Alpowders t h average si zes
(b) 1. 4e¢m, [&35;dd) distriputioh of2he powder sizes of Al powder with
average sf{l3% of 1. 4em

The spark plasma sintering (SPS) technique has been used to prepare
polycrystalline Al samples. The SPS process was conduct using a specific developed
heating/loading cye, with a temperature up to 600 °C and a maximum up to 50 MPa.
Further details of spark plasma sintering process are given elsg8Bet85. After the
SPS process, the Al powder were sintered together. As a result, polycrystalline Al samples

were olbained.

The microstructure of the polycrystalline Al samples are characterized by SEM.
Figure 3.2(a) shows the SEM images of polycrystalline Al. The grains are fully

recrystallized. The grain sizes of polycrystalline Al are the same as the respective powder
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sizes,as shown in Table 3.1. It means that there is no grain growth during the sintering
process. This is because a large number of small oxide particles are at the grain boundaries,
as shown in Figure 3.2(b). These oxide particles are effective in pinnimgbgrandaries

to prevent grain growth. Furthermore, the EBSD data in Figure 3.3(a) and the distribution
of grain boundary misorientation in Figure 3.3(b) show that the textures of the SPS Al are

random.

(b)

Figure 3.2TEM image of the SPS sampl@) fully recrystallized grain structure with an
average grain size of 0.8em; [{3f.) oxide par

Table 3.1 SPS samples of polycrystalline Al sintered from powders of different size.

Starting Particle Samples Average Density
powders size range grain size
Powder-5um 2um-15um Al-5.2um 5.2um 99%
Powder-1.4pm 0.5um-5um Al-1.3pm 1.3um 99%
Powder-0.8pym 0.2um -2um Al-0.8um 0.8um 99%
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Figure 3.3SPS Al sample with none textuf@) EBSD data for the microstructure of SPS
Al sample with an average grain size of 1.
orientations.

The constraint grain gwth enables us to better control the grain size. Therefore,
SPS polycrystalline Al samples are prepared with a mixing of fine powders and coarse
powder s. Il n experi ments, mi xed powders of
powders of an average sizo 5. 2em are used to prepare tbh
process. As a result, the polycrystalline Al has a combination of fine grains and coarse
grains. The grains are waetti x e d. We ¢ a birhodd drainedA Im@a.t eThea | E®S |
images obimodal graned Al are shown in Figur8.4. Furthermore, the proportion of the
mi xed powders are varied, respectively, wi
37%, 50%, 63%, 75%, 88% and 100%. The microstructurdsnuddal grainedAl are

varying with the propdion, as shown in Figurg4.
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Figure 3.4 EBSD images bfmodal grainedil with different proportions of fine powders
(0.8em and coarse powders (5.2em), respect
25%, 37%, 50%, 63%, 75%, 88% and 100%.

Mechanical experimental tests are conducted on polycrystalline Al. F&bire
shows the stresstrain curves opolycrystalline Al. The stress is increasing with the grain
size, following the HalPetch relation. The ultimate tensile strain is decreasing with the

grain size, as shown in FiguBe(a). Figure3.6 shows the stressrain curves obimodal
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grainedAl. The stress is increasing with the pro
words, the stress is decreasing with the pi
tensile strain is | arger than 10% when t he
than 25%. Therefore, th@modal grained\l shows a combination of strength and ductility.
To understand the novel mechanical behaviofsimbdal grainedAl, CPFE modeling is

performed. The modeling works are discussed in the following sections.
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Figure3.5 Stressstrain curves for tension (T) and compression (C) of SPS polycrystalline
Al.
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Figure 3.6 Stresstrain curves for tension (a) and compi@sgb) ofbimodal grainedhl.
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3.2 Development of structures obimodal grained Al and transmodal grained Al

Figure 3.7 shows thredimensional structure models dimodal grainedAl
rendered in an opesource software Nepefl36. There are grains of two sizes,
respectively, with diameters around®& m and 5. 2¢& m. To construcl
stepwastopack polyi spersed spherical particles wit
The geometry of packed particles was generated from a discrete element method simulation
with LAMMPS [117,137. I n this simulation, spherical
and 5.2&em were poured into a cubic contain
was pescribed. The buiin Hertzian model for granular spherical particles was used to
simulate the particle interactions, and the particle system was rdla38d40. After
relaxation, the centroids of the particles correspond to the centroids of the grains, and the
diameters of the particles correspond to the grain diameters. Given the diameter and the
position of the centroid of each particle, Laguerssédation was applied to construct the
weighted Voronoi diagram with Neper. Each Voronoi cell is a polyhedron with an irregular
shape, representing a grain in the AM SS structure. The diameter and the volume of each
grain were calculated with the built functions in Neper and were used for the calculations

of the volume fraction, as shown in Figure 3.7.

Furthermore, the fractions of particles with different diameters were tuned in order
to obtain the different desired volume fractions in Figure 3.guréi 3.7(a) shows a
bimodal grainedA| wi th 66 % grains with diameters a
di ameters around 5.2em, as shown in the di s
34%bimodal. Figure 3.7(c) showshamodal grainedAl with 53% grains with diameters

around 0.8em and 47% grains with diameters
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in Figure 3.7(d). Figure 3.7(e) showbienodal grainedil with 39% grains with diameters
around 0.8em and 61% gr ai asshowniinttie digtribiione t er s
in Figure 3.7(f). We call the structure 618#nodal. The size of the structuresbimodal

grainedA | in Figure 3.7(a), 7(c) and 7(e) is
Figure 7(g) shows three intersections along a&ng z direction obimodal grainedAl in

Figure 7(a). These intersections show more details on the heterogeneous distribution of

grains with two different sizes.
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Figure 3.7 Structures obimodal grainedAl (a), (c), (e) and the corresponding volume
fraction distribution, respectively, (b), (d), (f); (g) Intersectiondioiodal grainedl in
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Figure3.7 (continued)

Transmodal grainedil is also developed for simulations. Thréienensional

structure models dfansmodal grainedl are shown in Figur8.8. Figure3.8(a) shows a

transmodal grained|l wi t h gr ai n

as shown in Figur8.8(b). Figure 3.8(c) shows a@ransmodal grainedl with grain sizes
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whi ch peaki ng adasshowndigurds(d)drhebe.a2 smmeh less grains
in between sizes. The size of thaustures obimodal grainedl in Figure 3.8(a) and €)

i's 9.1848c m®4¢c m Furth&moBe4rigund.8(e) shows three intersections along
X, y and z dection ofbimodal grainedil in Figure3.8(c). These intersections show more

details on the heterogeneous distribution of grains with gradually changing sizes.
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Figure 3.8 Structures dfansmodal grainedl (a), (c) and the corresponding volume
fraction distribution, respectively, (b), (d); (e) Intersectionbiofodal grainedl in (c).
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Figure 3.8(continued).

3.3  Crystal plasticity finite element (CPFE) model

The structures of theimodal grainedAl andtransmodal grainedl were used for
crystal plasticity finite element simulations. Here we studied ihimodal grainedAl
samples, 34%imodal grainedAl (in Figure 3.7(a)) and 61%imodal grainedAl (in
Figure 3.7(e)). The structure was meshed with the-lruitieshing function in Neper with
four-node linear tetrahedral elements (C3D4). The meshes were imported into
ABAQUS/CAE to reproduce the samplé the bimodal grainedAl in ABAQUS/CAE
[116. The resulting finite element structure modelsbwhodal grainedAl rendered in
ABAQUS/CAE are shown in Figure 3.9. There are 130407 elements inb84%¢al
grainedAl FEM model (in Figure 3.9(a)); 84043 elements in 6h¥hodal grainedAl
FEM model (in Figure 3.9(b)). The overall geometry of both samples is 8.94um x 8.94um

x 8.94um(x x y x z).
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(b)

Figure 3.9The finite element structuseof (a) 34%bimodal grainedAl and (b) 61%
bimodal grainedAl rendered by ABAQUS/CAEThe meshes are colored with respect to

the grains they belong to. The coordinate system used in simulations is shown at the left
corner.

Displacements and tractions are continuous at grain boundaries, meaning no
separation or sliding beten every pair of adjoining grains. The orientation of grains was
assigned randomly in terms of three Euler anglgs,f{ , W}, representing rotations from
the crystal basis to the global ba§i?1]. A user material subroutine VUMAT was
developed in ABAQUS/EXPLICIT to implement the graizedependent crystal
plasticity model which will be described below.itWreference to Fig. 9, the boundary
conditions of théimodal grainedhl samples were prescribed as follows:xon 0 surface,
the displacement in thedirection is zeroux = 0); ony = 0 surface, the displacement in
they direction is zeroyy = 0); onz = 0 surface, the displacement in thdirection is zero
(uz = 0); on thex = 8.94um andz = 8.94um surfaces, the traction is zero;yon 8.94um
surface, the velocity in thedirection is constant = 8.9 xp 1T um/s), corresponding to

an aplied strain rate op 1T /s.
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Using the finite element structure modelbanodal grainedAl, crystal plasticity
simulations were performed to simulate the uniaxial compression of AM SS under the
planestrain condition. To investigate the effect of grareslistribution on the stressrain
behavior ofbimodal grainedAl, the classical crystal plasticity theory was extended by
incorporating the grain size dependence of yield strefidgtB 121, 141]. The complete
details of the crystal plasticity model used in this work can be found in a recent article by
Zeng et al[141]. To apply this crystal plasticity ndel tobimodal grained\l, we assumed

the slip resistance parameters in each grain, includgngh, a, s, m}, were inversely

proportional to the square root of grain size

{s(d, h(d, 49, 59 o~ ¢ 3.1

The numerical values for the slip resistance parameters are determined by fitting to the
experimental stresstrain curve of SPS patyr yst al | i ne Al with grai
and SPS polycrystalline Al with grain size
purpose of fitting, a much smaller three dimensional crystal plasticity finite element model

has been developed, as shawFRigure 3.9(a). In the fitting processes, the simulation setup

is the same as the setup in the simulations on the bimodal sample. For the 0.8um grain, we

took s, = 75 MPa,Q = 25 MPa,a = 1.8, s, = 160 MPa; and for the 5.2 um graig, =
20 MPa,Q =100 MPa,a = 2.4, s, = 140 MPa. The strain rate sensitiuityof Al varies

from 0.012 and 0.01 for grain sizefrom 0.8um to 5.2um. The values of strain rate
sensitivity are typical for polycrystalline FCC metals with grain size larger than 1um. The

stressstrain curves resulting from fitting are shown in Figure 3.10(b).
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Figure 3.10Fitting strategy for CPFEBimulations.(a) Structure of polycrystalline Al for
the purpose of fitting; (b) Stressrain curves from the results of fitting.

To evaluate §,,Q, a, s, m} for intermediate grain sizes, we used the above

bounding values to fit the formula o= B +C d3? where B and C are the fitting

constantsThe following fitting formulas were obtained

s,(MPa)= -15.495 80.941 &, h,(MPa)= 148.4 - 110.31&°, (3.2

a=2.7872 - 0.883d%?, s (MPa)= 127.09+29.43313?, m=0.0087 +0.00290c}>

Other material properties, including elastic constar@s,(C,, C,,), twelve
{11]}(110) slip systems, and the latent hardening ma{tdf(b} , were assumed to be
independent of grain size. For FCC Al, we toGk =105 GP¢, C, =62 GPz and

C,. =29 GPg g°” = 1.0 if the slip systema and 4 are coplanar and?®” = 1.4 if they

are noncoplanaf12]].
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34 CPFE simulation results

Figure 3.11 shows CPFE simulation resultbiofodal grainedil using the grain
sizedependent crystal plasticity model described in section 3.3. In Figure 3.11, the red
solid line is the stresstrain curve from CPFE simulation results of 38modal grained
Al; the red dash line is the strestgain curve from gxerimental results of 37%imodal
grainedAl; the black solid line is the stresgrain curve from CPFE simulation results of
61%bimodal grainedil; the black dash line is the stresisain curve from experimental
results of 63%bimodal grainedAl. For bah bimodal samples, the strestsain relations
from simulations match well with those from experiments. It indicates that our CPFE

model is capable to predict the strssmin behaviors diimodal grainedhl.
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Figure 311 Tensile stress strain relati® ofbimodal grainedil.

Because of the neaniform grain sizes, the stress in thienodal grainedAl is
heterogeneousigure3.12 shows the Von Mises stress of 3##imodal grainedil. Three

intersections along,% and z are also shown in Figure 3.12. Fighi& shows the tensile
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stress contour of 34%imodal grainedAl. Three intersections along ¥ and z are also
shown in Figure8.13. Figure3.14a shows the Von Mises stresstour of 61%bimodal

grainedAl; Figure 3.14b shows the tensile stecontour of 61%imodal grainedil.

i300 MPa
100

Figure 312 Von Mises stress contour of 34Btmodal grainedl and views of
intersections along x, y and z.

%250 MPa

Figure 3.13 Tensile stress contour of 3B¥hodal grainedhl and views of intersections
along x, y and z.
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Figure3.14 (a) Von Mises stress contour and (b) tensile stress contour eigiddal
grainedAl.

35 Conclusiorns

Bimodal grainedAl has a mixture ofine and coarse grains which are distributed

in a nonuniform way.We adaptedLaguerre Voronoi tessellationto develop three
dimensional polygystal structure ofbimodal grainedAl. The grain size and size
distribution ae fully controllable. The models dimodal grainedil have the same grain

size and size distribution as the experimental sample. The models are further meshed to be
developed into finite element modebrainsize dependent crystal plasticity finite elente

(CPFE) simulationgre performedo investigate thetrength, as well asffects ofgrain

level heterogeneities. The simulation results show that the strenigittnadal grainedhl

is following the rule of mixture. The stress is nonunifomthe sample. The stresgain

curve matches well with the experimental results.

Model structure ofransmodal grainedl is also developedlransmodal grained

Al has a mixture of grains with different sizes ranging from fine grains to coarse grains.
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The grains of different sizes are mixed nonuniforriipite element modebf transmodal
grainedAl are developed and grain sidependent CPFE simulations are performed to
study the effects of grain size distribution on the strength. The simulatiotsreisol that

the strength otransmodal grainedl strongly depends on the grain size distribution.
Several transmodal of different grains size distribution are studied. An optimal material

design solution ofransmodal graineAl is found in our simulatios.

Zhang et a]142 developed microstructwigased crystal plasticity finite element
model to simulate the cyclic deformation ofi Ali 4V. In ther work, the measured
distributions of orientation and duplexi BiAli 4V are used to assign the same distributions
of the crystallographic orientations to the finite element model. Shenoy[®&43hl.
developed microstructigensitive crystal plasticity model for polycrystalline-Iiise
superalloy IN, under a hierarchical framework. Their model incorporates the effects of
grain size, precipgite size distribution and precipitate volume fraction. The
microstructuraisensitivity crystal plastiticy finite element models discussed above provide

insight into my work on bimodal and transmodal grained Al.
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CHAPTER 4. FRACTURE IN NANOTWINNE D COPPER

Ultrafine grained copper with embedded nanoscale twin lamellas (hereafter
referred to as nanotwinned Cu) exhibits an unusual combination chigtrsstrength (~
1 GPa) and high tensile ductility (~14% elongation to fail§i&3) 60-62]. The present
work is motivated by previous in situ TEM observatignig, 73] (as shown in Figure 4.1)
and aims taddress th@bovequestions by studying the growth of aqorack in a free
standing thin film of nanotwinned Cu using MD simulatioBsction 4.1 is focus on the
setup of MD simlations. The simulation results are discussed in section 4.2. The

conclusios arein section 4.3.

(b)

Figure 4.1In situ TEM images of crack growth across twin groups in a thin foil of
nanotwinned Cu, from a previous study by Shan €t78]. (a) A zigzag crack formed

during tensile loading. (b) Magnified images of region 1 in (a), showingjltm)M and
<110>T crack edges in the adjoining matrix (M) and twin (T) crystals. Circles indicate the
short crack edgesn twin boundaries.
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41 Method

Figure 4.2 shows the setup of MD simulations containing asfiaeding thin film
of nanotwinned Cu with a prerack. The MD sample has anptane size of 22.1nm x 43.6
nm anda thickness o1.7 nm. The twin boundarieseaequally separated by 8.6 nm. Each
twin lamella consists of the perfect FaCentered Cubic (FCC) lattice. A peeack with a

length of ~ 7nm is created at the sample edge by removing a single layer of atoms on the
inclined{112} plane. As a result, the poeack has its edge along tl(ﬂalZ)M direction in

the matrix (M) crystal. The total number of atoms in the system is 146,783. The periodic
boundary condition is imposed only in the horizontal [112] directioruniaxial tensile

load is applied if112] direction at a constarstrain rateg of 23 10 /<, while both the
[110] and [111] directions are traction free. The system temperature is maintained at 5K.
We perform MD simudtions with an embedded atom method (EAM) potential iGq

using LAMMPS[144].
42 Results and dscussion

Figures 3 presents a sequence of MD snapshots showing the simulated zigzag mode
of crack growth. As the applied load increases, dislocations diig, slip plane in the
matrix crystal emit from the crack tip and then pile up against the twin boundary that
temporarily obstrudhe movemenbf dislocationsAs a result, a high local stress arises to
act on the leading dislocation in the pileup array.hesapplied load continues to increase,

this local stress becomes so high that the leading dislocation transmits into the adjoining
twin lamella and further glides on the conjugftéd®. slip plane innexttwin lamella.

Dislocations behint he | eadi ng one i n t handgpdd epurpo e A
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Meanwhile, transmitted dislocations in the adjoining twin lamella develop a pileup array,
due to obstruction of the twin boundary fu
andgop0 process occurs at this twin boundary.
causes local thinning at the active slip planes that eventually leads to lamella fracture. Since

the crack is periodically deflected by twin boundaries, a zigzag cracldpaelops in MD
simulations, which is consistent with the previous experimental observation through in situ

TEM [72], as shown in Figure 4.1(a).

&2 = =) &2

Figure 4.2The MD setup involving a nanotwinnedu thin film with a preexisting edge
crack. The dashed lines indicate twin boundaries. A uniaxial tensile load with constant
strain rate & is applied parallel to the twin boundary. Atoms are colored by the
coordination number (CN). Atoms in a perfect FCC lattice have CN = 12 (yellow), while
defective atoms have CN = 10 (green), 9 (pink), 8 (white), or 7 (blue).
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(b) &

Figure 4.3 MDsnapshots showing the simulated zigzag mode of crack groletrapplied
tensile strains in (a) to (d) are 13.5%, 16.3%, 20.9% and 25%, respectively. The edges of

the growirg crack are along th@10),, and (110)_ directions in the matrix (M) and twin
(T) crystals, respectively. Atoms are colored with the same scheme as in Figure 4.2.

To understand the fracture mechanism of zigzag crackinguoteethat in the 2D
projected view of the film (Figure 4.2), t§&13} pre-crack has its edge along t(12)
direction.We choose to create su€hl} pre-crack in order to facilitate cleavage fracture
on the closgacked{112} planesHowever, it is unexpected to observe in Figure 4.3 that
the edges of the growing crack in MD simulations are primarily aligned Witl(flllﬁ}z
directions in all lamellas. This footprint «§I10> crack edges indicates that fracture does
not occur by cleavage 113 planes, which otherwise would produce crack edges along

the (112) directions.

A detailed analysis of MD results reveals that fracture occurs through a process of
dislocatioamediated local thinning instead of cleavage. This is a unique mode of
mechanical failure of thin films in the absence of-ofiplane constraintsMore

specifically, Figure 4.4(a) shows a 3D view of the atomic configuration of a partially
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