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SUMMARY

As functional nano building blocks, nanowires are of great technigairtance
because of their unique structures, properties, and potential applicetioasoscale
electronic, photonic, biological, and chemical devices. These applisatemuire a
fundamental understanding of the structural characteristics andhdimechanical
properties of nanowires.

This research focuses on the characterization of thetwsttuand mechanical
behavior of metal nanowires. To this end, molecular dynamics siongatwith
embedded-atom method (EAM) potentials are used. A novel shape merigatyagid
pseudoelastic behavior of single-crystalline FCC metal (Cuahd Au) nanowires are
discovered. Specifically, upon tensile loading and unloading, these garesecover
elongations of up to 50%, well beyond the recoverable strains of 5-8éaltypr most
bulk shape memory alloys. This novel behavior arises from a rewertaliice
reorientation driven by the high surface-stress-induced intemesglsss at the nanoscale.
It exists over a wide range of temperature and is assdacidth response times on the
order of nanoseconds, making the nanowires attractive functional comptoremtsew
generation of biosensors, transducers, and interconnects in namoredattanical
systems.

It is found that this novel shape memory behavior only existseahanometer
scale but not in bulk metals. The reason is that only at the cedaas the surface-stress-
induced driving force large enough to initiate the transformation. Sihesdependence
also explains why this novel behavior has not been discovered bgfwe, extensive
research on nanowires just started about one decade ago. Thedatieetation process
is also temperature-dependent because thermal energy fesili@t overcoming of the

energy barrier for the transformation. Therefore, nanowires shber ggseudoelasticity
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or shape memory effect depending on whether the transformationdiged by

unloading or heating. It is also found that not all FCC nanowires shagwe memory
behavior. Only FCC metals with higher tendency for twinning (suc@ua®\u, Ni) show

the shape memory because twinning leads to the reversibbe lettrientation. On the
other hand, FCC metals with low likelihood of twinning (such as Alhdbshow shape
memory because these wires deforms via crystal slip, wraaldsl to irreversible
deformation.

A micromechanical continuum model is developed to characterize thpe sha
memory behavior observed. This model treats the lattice reortentptocess as a
smooth transition between a series of phase-equilibrium statesnsopsed with a
dissipative twin boundary propagation process. This model captures #@ m
characteristics of the unique behavior due to lattice reorientaita@ounts for the size
and temperature effects, yielding results which are in ededigreement with the results

of molecular dynamics simulations.
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CHAPTER 1 INTRODUCTION

As functional nano building blocks, nanowires are of great techmgadriance
because of their unique structures, properties, and potential applicetioasoscale
electronics, photonics, biological or chemical sensors (Lieber Z¥i8Jsky and Lieber
2005). In recent years, various nanocomponents have been developed fromeasanowir
such as nanolasers (Huang et al. 2001; Duan et al. 2003a), Fieldu@fifststors (FET)
(Arnold et al. 2003; Wu et al. 2004), light emitting diodes (LED) (Duan et al. 2003b), and
guantized conductance atomic switch (Terabe et al. 2005). Nanowsersenave also
been fabricated for highly sensitive and selective detectionodbdical and chemical
species such as hydrogen (Walter et al. 2002), CO and NO2 gasemi(€t al. 2002),
proteins, and DNA (Cui et al. 2001). These nanowires components havebesen
integrated as address decoders for nanosystems such as biolegeml arrays and
nanocomputers (Zhong et al. 2003). Among all nanowires, metal nantairesirawn a
lot of interest because of their appealing properties suchgastiermal and electrical
conductivity, and quantized conductance (Landman et al. 1990; Stalder and 285)g
Particularly, metal nanowires are seen as a promising dlterrti@ build electronic chips
to solve the looming crisis in computing technologies as currentdaion methods of
silicon wafer etching will fail well before the size of dlenic components reaches
atomic dimensions (Yang 2002). New logic gates such as crosgtlaed recently built
from Pt nanowires are expected to replace the transistor, thenrfantd building block
of all contemporary computing and electronics (Kuekes et al. 2009). dawelopment
could lead to a major revolution in the electronics industry domirmtesgmiconducting
materials.

The application of nanowires requires a fundamental understandinieof

structural characteristics and thermomechanical properties, whiatritical to the



fabrication, assembling, and functioning of nanowires. For examplewires often

need to sustain drastic temperature changes and high therssestri@ fabrication
processes such as chemical-electrical deposition or electroittiography (Kondo and
Takayanagi 2000; Konishi et al. 2003). Large mechanical or thermesises may be
induced under working conditions as nanowire components are often assbgtbledn

substrates to form junctions and arrays (Zhong et al. 2003). In gtefeya years,

significant progresses have been made in experimental, thelpratidacomputational
study of the structures and properties of nanowires. Single-atomsclmnelical spiral

strands, helical and cylindrical multi-shell structures, andtaltyge wire structures have
been observed in atomistic simulations and experiments (Wang 2Q04l; Rodrigues
and Ugarte 2003). Because of the strong surface effect, unique belsacioss surface-
stress-induced phase transformation (Diao et al. 2003), lattidemadion (Kondo and
Takayanagi 1997; Diao et al. 2004) have also been observed.

This research focuses on the characterization of thetwsttuand mechanical
behavior of metal (Cu, Ni, Au, and Al) nanowires using molecdiamamics (MD)
simulations with EAM interatomic potentials (Mishin et al. 1999sHh et al. 2001;
Foiles 2005). We discovered a novel shape memory behavior in singiaiorgsmetal
(Cu, Ni, and Au) nanowires. Nonexistent in the bulk form of metalsb#tevior is
associated with a reversible lattice reorientation drivetheyigh surface-stress-induced
internal stresses at the nanoscale. Under tensile loading andlinglohe nanowires
exhibit recoverable strains up to over 50%, well beyond the tymcalerable strains of
5-8% for most bulk shape memory alloys (SMAs) (Otsuka and s$tatee 2002) The
temperature-dependence of this behavior leads to a shape mematy (SKEE).
Moreover, the nanowires have very short response times which are @rdtreof
nanoseconds due to their extremely small dimensions compared witBMA&. These
unique properties can lead to important applications at the nanoscaldjngcensors,

transducers, and actuators in nano-electromechanical systemsSjNEibertson and
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Busch 1996; Clements 2003; Lu and Panchapakesan 2004; Otsuka and Kakeshita
February 2002).

The first part of this research focuses on the nanowitetate and stability
because the novel SME is primarily derived from the unique 1D steu@nd high
surface-to-volume ratios of nanowires. The stability of wirecstires is significantly
affected by axis orientations and surface types because swrfi@cgy constitutes a
significant portion of the total free energy of nanowires. Strattmansformation may
occur between wire structures with different stabilitiess important to obtain realistic
wire structures to investigate the thermomechanical behawothis end, the wires are
created by simulating the “top-down” fabrication of wires. Specificaliyes with <100>
axis and {100} lateral surfaces are isolated from perfect buticés and are allowed to
relax at a constant temperature. Structural transformatiorrsodcuing relaxation, and
the resulting free standing nanowires have <110> axis and {111} surflduegesulting
structure represents a low energy state and has been frequizsglyed in experiments
and MD simulations.

The second part concerns the response of metal nanowires to theatjoasist

tensile loading and unloading. Three types of responses are observaticéigecCu

and Ni wires exhibit a shape memory behavior with large réaersirains of up to 50%.

In comparison, the tensile deformations of Al wires are irsaloler upon unloading. Au
wires show a transition of behavior from pseudoelasticity at lemperatures to
plasticity at high temperatures. The analysis here focustteeateformation mechanism,
driving force, and critical temperature for this SME, with atipalar emphasis on the
role of generalized stacking fault energies in determining tkistemce of the
pseudoelastic behavior. Specifically, an explanation as to whydhiavior is observed

in some FCC metals (e.g., Cu, Au, Ni) but not in others (such ass Ajiven. It is



observed that FCC metals showing this effect share the commnibutatof having high
twinnability, a parameter identified by (Tadmor and Hai 2003) forntjiyang the
tendency to form twins in FCC metals. The effect of wire saiscussed and the reason
why this phenomenon exists only in nanowires but not in bulk singktatsyof the same
FCC metals is pointed out.

The third part focuses on the development of a micromechanical continuum
model for the unique stress-strain behavior due to the lattargemnéation. Since the
lattice reorientation is a dissipative process even under quigsistating conditions, this
model treats the process as a reversible smooth transition hepliase-equilibrium
(metastable) states superimposed with an irreversible, edegjpating twin boundary
propagation process. Specifically, the reversible smooth transitiomed®t phase-
equilibrium states is modeled within the framework of strain ggndunction with
multiple local minima (Abeyaratne et al. 2001). Detailed anslgtithe dissipative twin
boundary propagation shows that the energy dissipation results from thenmegg®f
strain energy landscape associated with dislocation nucleatiomgglaid annihilation
during lattice reorientation. The model captures the major chesdicte of the unique
behavior due to the lattice reorientation and accounts for thergizemperature effects.
The model predictions show excellent agreement with the results of MD 8onsala

The organization of this thesis is as follows. Chapter 2 briefly reviewsldvane
topics such as nanowire structures, surface-stress-induced stroetanastruction, the
transformation mechanisms and constitutive modeling of SME in bulksSKzhapter 3
describes the MD computational framework used in this reseawibding EAM
potentials and their calibration, structural analysis techniquesthe quasistatic loading
scheme. Chapter 4 concerns the nanowire structure and the lattiemtegion under a
top-down fabrication process. The mechanical behaviors of nanowar@svastigated in

chapter 5. The focus is on the characterization of the novel shaperynbahavior in



nanowires including the transformation mechanism, driving force, ermagyer, the
guantification of the large reversible strains, and size and tetupeetfects. Based on
the results of MD simulations and the analysis of deformation meshs, a
micromechanical continuum model is developed in Chapter 6 to charadtee unique
lattice reorientation process. Finally, the thesis is concluded woinclusions and

recommendations for future research in chapter 7.



CHAPTER 2 BACKGROUND

Until recently, SME and pseudoelastic behaviors are usually coedidarque to
shape memory alloys, liquid crystal elastomers, and piezoeleetramics (Otsuka and
Wayman 1998). In this research, a novel shape memory behaviorasetst in single-
crystalline FCC metal nanowires. The novel behavior arises ferarsible lattice
reorientations through twin boundary propagation. This transformatiomamism is
similar to, but not exactly the same as the martensitic ftnanation, which is
responsible for the shape memory behavior in most bulk SMAs. The lagevid SME
in bulk SMAs can help understand the novel SME in nanowires because hathopg
share many common characteristics, such as large reversiblass temperature-
dependent, and diffusionless transformation. Therefore, this chaptdy bexgtws the
SME in bulk SMAs including the transformation mechanisms and cotngtitmodeling.
Other topics also reviewed include the novel structures of narswireictural stability,
and lattice reconstructions induced by surface stress, whichlaaglycrelated to the

novel SME in metal nanowires.

2.1 Shape Memory Effect and Pseudoelasticity

SME and pseudoelastic behavior refer to the phenomenon such thatraespeci
after being severely deformed, can recover its original gordtion through mechanical
unloading or heating, respectively (Otsuka and Wayman 1998). The unique ipsoaet
usually observed in SMAs such as NiTi, Cu-Zn-Al, and Cu-Al-Ni. Thaye been used
in a wide variety of applications such as transducers, sensors,taatbexx SMAs have
also been regarded as smart materials because they caarfascsensors and actuators
simultaneously (Otsuka and Ren 1999; Otsuka and Kakeshita February 200R). Unt
recently, the shape memory effect and its underlying pseudod#iastere considered

unique to SMASs, liquid crystal elastomers, and piezoelectricngesa (Otsuka and
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Wayman 1998). More recent research has shown that pseudoelaséigibiso be found

at the nanoscale, in gold nanowires (Landman et al. 1996) and carbon nanotubes. F
example, Yakobson et al. (1996) and Falvo et al. (1997) observed in experanénts
atomistic simulations that carbon nanotubes can completely recowsr $ever
deformations with strains up to 15% without inducing residual defectalb8&govi
(2001) reported that Au nanowires can recover their initial lengtigsradii after very
large compressive strains. However, irreversible defectawarieated under even small
compressive strains, in contrast to the defect-free processedmecarbon nanotubes.
Landman et al. (1996, 1997) observed reversible changes in structodal a
electromechanical properties of gold nanowires under tensile loahdgunloading.
Although the aforementioned reversibility in the deformation of nanowires prostces
evidence of pseudoelastic behavior, so far, no systematic researtieén done on the
SME and pseudoelastic behavior of nanowires regarding the transtrmagchanism,
constitutive modeling, and the thermomechanical conditions under which theidseha

exists.

2.1.1 Martensitic Transformation

The key characteristic of all SMAs is the occurrence t@haperature-dependent
martensitic phase transformation, a shear-dominant and diffusioniesssgrthrough
cooperative displacement of atoms in shear variants (Bhadeshia 2@QtigdBarya et al.
2004; Otsuka and Kakeshita February 2002). Although most martensifotraations
occur in alloys, similar transformations have also been obsenveithér materials, such
as A15 superconducting compounds and Ar-N2 solid solutions (Barrett 1976; dhakani
1980). The martensitic transformation is driven by the differencehe chemical free
energies between the parent and product phases at a givenatemgerhe general
mechanism of martensitic transformation has been studied from a nafmbewpoints.

One of the most successful theories is the phenomenologicallloystphic theory,



developed independently by Lieberman et al. (1995) (the WLR theoryB@antks and
Makenzie (1954a, b) (the BM theory). According to the theory, altalpgraphic
parameters, such as habit plane, the orientation relationship betpagent and
martensite, and shape strain (the macroscopic change assuodihtdee transformation),
can be predicted from just three input parameters: thedggicameters of the parent and
martensite, the lattice correspondence between parent and ntestansi the lattice
invariant shear. Although the theory is quite successful fromieatr@omparison of the
theory with careful experimental results, it tells nothing abletactual paths taken by
the atoms during transformation because it treats only theorelagétween the initial
(parent) and final (martensite) states. It can not explantime-dependence of the
martensitic transformation despite that low response speeaniagoa drawback of SMAs
(Shin et al. 2004). In this research, the lattice reorientationeimpseudoelastic behavior
and SME of metal nanowires are found to have the diffusionlessatbastic of
martensitic transformations. In addition to the kinematics, #irestormation mechanism
is also analyzed in detail in terms of defect nucleation and propagation.

Some SMAs (including Au-Cd, Cu-Zn-Al, and Cu-Al-Ni) exhibit aasie
rubber-like behavior without martensitic phase transformation afipropriate ageing
(Olander 1932; Cahn 1995; Ren and Otsuka 1997). While superelastic behavior is
associated with martensitic phase transformation, the rubbebpédikavior occurs solely
in the martensitic state by the reversible movement of twin bowsdéOtsuka and
Wayman 1998). This mechanism is very similar to the latticderg@ation responsible
for the shape memory behavior because both mechanisms involve twin boundary
propagation and the both mechanisms do not change the crystallinaresuklowever,

It is known rubber-like behavior occurs in some bulk SMAs only after bagegl for
some time in martensitic state, and lattice imperfecti@nscessary condition (Ren and
Otsuka 1997). By contrast, neither ageing nor lattice impesfecinecessitated in metal

nanowires for shape memory behavior.



2.1.2 Constitutive Models for Phase Transformation

Various constitutive models have been proposed to describe the stte@ss-
temperature relations of shape memory materials. These maaelsecclassified into
three major categories: macroscopic phenomenological models, mjgi®sc
thermodynamics models, and micromechanics based macroscopic models.

Macroscopic phenomenological modale built on the basis of thermodynamics
through curve-fitting of experimental data. Many are based orpltiase diagrams of
SMA transformation where the transition regions of martensipatent phase or parent
phase to martensite transformation are determined experingeaallplotted in stress-
temperature space. The martensite volume fraction is often ded;@n internal state
variable (Sato and Tanaka 1988; Liang and Rogers 1990; Ivshin and PencBeld&t;
and Brinson 1997). These models are more suitable for enginepphigations due to
their simplicity and accuracy because the phase diagram is built on expelidatat

Microscopic thermodynamics modelse phenomenological thermodynamics to
describe an infinitesimal volume in an infinite domain (Abeyaratre Knowles 1990;
Ball and James 1987; Falk 1983). They concentrate on the microbsteeior such as
nucleation, interface motion, and growth of a martensite phase. Mipiosmodels are
extremely helpful for understanding the phenomenon, but are often tooecoto@pply
for engineering applications.

Micromechanics based macroscopic modeis thermodynamics laws to describe
the transformation and uses micromechanics to estimate thacirdar energy, a key
factor in the transformation mechanism (Fischer and Tanaka 1992cRiaai al. 1992).
Appropriate formulation of this interaction energy is very importantl requires
knowledge of the micro-structural evolution (Lu and Weng 1997; Huang andoB
1998). This class of models is accurate and helpful for understah@imipénomenon by

combining the advantages of the first two classes of models.



In micromechanical models, the propagation of individual twin and phase
boundaries is of particular interest because it is responsibtedgrhase transformation
for most SMAs. In order to understand the factors that determinemthiality,
Abeyaratne and Vedantam (2003b) developed a macroscopic kinetic latwifor
boundary motion from a lattice dynamical model. This model is devefop@edmpound
and type-1 twins observed in Cu-Al-Ni SMA. It agrees well wdkperimental
observations in predicting that compound twins are 10 times moreeartblaih type-1
twins. This model is derived for bulk SMAs and it does not considesuiface energy.
Therefore, it can not be directly used for the twin boundary motioanowires in which
surface energy plays a crucial part.

Abeyaratne and Knowles (1993), Abeyaratne and Kim (994), and Abeyanatne a
Vedantam (2003) presented a framework for phase transformationdrasieebry of the
strain energy functions with multiple local minima, with eachaloenergy well
corresponding to a phase or variant of the material. As tlieisogaried, the relative
stability of each phase changes and the less stable phaderimaiméo the more stable
phase through the propagation of the phase boundary. The framework dras be
successful in modeling the martensitic transformations in bulk SMAs, elbpémisstatic
problems. However, it is difficult to construct accurate steaiargy functions essential
for the framework. Moreover, accurate kinetic laws, which deterrthe relation of the
driving force and phase boundary propagating speed, are difficultdm di®#cause they
are determined by many factors which require analysis Iiycdascale models
(Abeyaratne and Knowles 1991).

To avoid the difficulties in using the above framework, this rebetagats the
guasistatic lattice reorientation process as a reversible ugerimposed with an
irreversible part. The reversible part is the smooth transitibmele® a series of phase-
equilibrium states, and the irreversible part deals with thepdisee phase boundary

propagation process. The reversible part is analyzed using thefedooesvork. Instead
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of trying to construct complete strain energy functions, théearch only calculate the
local strain energy function around the stable states correspaidthg local minima.
For the irreversible part, we do not attempt to explicitly Wake the driving force or
derive an explicit kinetic law. Instead, we study the source of dissipatiandlyzing the
lattice scale deformation mechanism, which involves dislocation atiate gliding, and

annihilation.

2.2 Nanowire Structures

The structural and mechanical properties of metal nanowirpeesent a
fundamental issue for the understanding of various phenomena such as, ffretiture,
adhesion, etc. Because nanoscale systems have only a small rafnadtems and a
significant portion of them are on the surfaces, this may leadetv and interesting
mechanical, electrical, magnetic properties, as well as uogatomic arrangement

and morphologies.

2.2.1 Size-dependence of Nanowire Structures

Various structures of metal nanowires have been observed inriviDasions and
experiments (Liang et al. 2003). There is a clear sizetefiedhe wire structure. For
metals with FCC crystal structures, FCC crystalline stmecrepresents a low-energy
packing for bulk. Therefore, crystalline wires clearly prevail large wires where most
atoms are internal atoms. For very small wires, surfaceyiesedominate the total free
energy. Hence, weird structures make their appearancetisaicthe surface energy is
minimized. Overall, as the wire size increases, the meta mbrphologies primarily
change from single-atom chains to helical spiral strands, healich cylindrical multi-
shell structures, and FCC crystalline structures.

So far, the thinnest metal wires are gold single-atom cli@hsishi et al. 1998;

Yanson et al. 1998; Rubio-Bollinger et al. 2001). These single-atom cdc@nssually
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formed between a scanning tunneling microscope (STM) tip anddasgdistrate by
driving the tip into the substrate and then retracting the tip. Thistgre is not of low
energy state and can only exist under external tensile loadingwAemperatures, these
wires can be as long as 5 atoms and is stable for a few seéandgural state without
external load, atomistic simulations have predicted that hepoall strands for the ultra
thin metal wires such as Au (Wang et al. 2001), Pb, and Al wirgks¢@&n et al. 1998).
Usually, the critical lateral size for such structure is be order of 2 or 3 lattice
constants. At this size, more atoms are located on surfacesthi@@ core (or “bulk”).
The “bulk” packing in this structure is not very good, but the surfademacs excellent
(Gulseren et al. 1998). As the wire size increases, helical @imdiracal multi-shell
structures make their appearance for metal nanowires aucdbu (Kang and Hwang
2002; Kang et al. 2002), Au (Bilalbegovi998, 2000; Kondo and Takayanagi 2000;
Wang et al. 2001), and Al nanowires (Gilseren et al. 1998). The Icsizearange for
such structures is between 0.6 nm and 2.2 nm for Au nanowires (Wahg2603).
When the wire size further increases to a point where thesegaiéicantly more internal
(bulk) atoms than surface atoms, FCC crystalline structures leedominant for metal
nanowires such as Cu, Ag, and Au wires (Hong et al. 2001; Gao2&0&; lijima and
Qin 2002). Wang et al. (2001) found that Au wires with diameter gréear3.0 nm are

crystalline.

2.2.2 Surface-stress Induced Structural Reconstruction

The surface energy of nanowires constitutes a significanbpaofithe total free
energy because of their extremely high surface-to-volumesratompared to bulk
materials. For example, the surface-to-volume ratio of a nanavitinea diameter of 4
nm is 10 times that of the typical macroscopic tensile specimen wilfameter of 4
mm. Therefore, crystalline metal nanowires tend to assumeaagesurfaces in preferred

orientations to lower the total energy. It has been observednibett metal wires have
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{111} and {100} surfaces and axes in <111>, <001>, or <110> directions (Rodrigues and
Ugarte 2002; Gonzélez et al. 2004). Specifically, metal wires«iiftd> axes and {111}
surfaces have been most frequently observed in experiments (@faady 2000;
Rodrigues et al. 2002; Liu and Bando 2003; Liu et al. 2003; Wang et al. 2004c) and
atomistic simulations (Diao et al. 2004; Wang et al. 2004a; LiadgZaou 2005). This
configuration is more stable because it represents a lowegyestte for FCC metal
nanowires.

Due to the strong orientation preferences, lattice reconisinuct reorientation
may occur in metal wires if the initial configurations do not hake preferred
orientations when fabricated via a top-down approach. The lattice tecdim usually
causes high energy surfaces to reorganize into lower eserfaces, e.g. from {110} to
{001} surfaces (Wang et al. 2000), or from {001} to {111} surfaces (Kondo and
Takayanagi 1997). According to Diao et al. (2003) and Gall et al. (2€@&)driving
force for the lattice reconstruction comes from surfacessirekiced internal
compressive stress . It is worth pointing out that surface stress in this reseerch
defined as the derivative of surface free energy w.r.t straeo Bt al. (2003, 2004)
qguantified the effect of the surface stress. For wires watjuare cross-section, the axial

compressive stress due to surface stress s4fd/d* =4f/d, where f is the axial

component of the surface-stress as calculated by Streitz(&084), andd is the side
length of the cross-section. Obviously, increases as the wire size decreases and can be
very high in small wires. For examplgs,= 595 GPa in a 1.83x1.83 nm Au nanowire
with the BCT crystalline structure (Diao et al. 2003). Sutigh stress level can induce
structural transformations, leading to a reduction in the systengenTherefore, lattice
reconstruction or reorientation is size-dependent and only occurs sbel@v a critical

size (Diao et al. 2004; Gall et al. 2004). For example, Kondo et al. (tig2@vered that

the surfaces of Au nanofilms change from (100) into (111) when filickness is

decreased to less than eight atomic layers (Kondo et al. 199&jldition, Kondo and
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Takayanagi (1997) found that Au nanowires with <001> axes cut from {iif@8)whose
thickness is smaller than 2 nm reconstruct into hexagonal prigpesiath <110> axes
and {111} lateral surfaces. Such reconstructions do not occur when the Hsaknthe
Au films is larger than the above values. Diao et al. (2003) olsergemilar process in
atomistic simulations. Specifically, when the cross-sectioredsaare equal to or less
than 1.83x1.83 nmAu nanowires with initial face-centered-cubic (FCC) structanes
<100> axes reorganize spontaneously into body-centered-tetragonal (BL£I)rss.

On one hand, structural changes present a challenge for dagtrofie
morphologies and dimensions of nanowires during the fabrication pr@@edbe other
hand, they also provide an important mechanism behind many attrpobperties of
nanowires. In order to obtain nanowires with desired properties, morpémlognd
dimensions, it is important to understand the mechanisms and quantéffatis of the
structural changes in the top-down fabrication process. The ch&atten of the

structural changes also allows the behavior of the nanowires to be quantified.
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CHAPTER 3 MOLECULAR DYNAMICS COMPUTATIONAL

FRAMEWORK

At the nanoscale, there are many practical difficultiesxerimental study of the
structures, properties and behaviors of nanowires. Although today'sgeattge high-
resolution transmission electron microscope (HRTEM) can resolwadndl atoms, the
real 3D structures are often inferred based on many 2D intgegyh tedious try-and-
error methods. Particularly, it is extremely difficult to espeentally monitor the real-
time evolution of nanostructures during dynamic deformations. HowevelViDn
simulations, the structure and defect evolution can be easily capiyradcking the
movement of individual atoms. Moreover, MD simulations can predict thetstes and
behaviors of nanostructured materials even before they are wctabticated. The
computational findings can provide useful information for interpretirgeemental
results and help to design experiments to study the behavior of nasdwispecific
directions.

This research uses MD simulations to characterize the wsteuahd mechanical
behavior of metal nanowires. The parallel MD code WARP develope@Iibypton
(1995) is used to carry out the computations. This code offers excetlalaibility by
using spatial-domain decomposition and a fast link-cell algorithbuild neighbor lists.
EAM interatomic potentials are chosen for metal systems imgudu, Ni, Al (Mishin et
al. 1999; Mishin et al. 2001), and Au (Foiles 2005). The Graphics package visual
molecular dynamics (VMD) is used to visualize the simulatiaulte (Humphrey et al.
1996). All computations are carried out at NAVO HPCRC, ERDC, and AMSRCs

high performance computing centers.
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This chapter discusses some important aspects of the MD s8onui@amework
including interatomic potentials and their calibration, calculatiorgeokralized stacking

fault energies, structural analysis techniques, and quasistatic loademgesch

3.1 EAM Potentials and Their Calibration

The validity and accuracy of MD simulation results arengrily determined by
the accuracy of the interatomic potentials. In this resear&M HBteratomic potentials
are selected because of their proven successes in simulatipie SFCC metals.
Specifically, the EAM potentials for Cu, Ni, and Al are developgdJishin et al. (1999,
2001), and the potential for Au is developed by Foiles (2005), c.f., (PaZimngerman
2005). The selected potentials predict accurate surface enengiegeneralized stacking
fault energies (Zimmerman et al. 2000), which are criticaltier novel SME in metal
nanowires.

EAM is a semi-empirical many-body potential model first preposy Daw and
Baskes (1984). It is loosely based on the local density functionalythaod the
parameters are fit to the experimental values of bulk propamigsometimes, properties
of the defects. It has been applied successfully to bulk and nanostiuptoldems in
simple close-packed metals (e.g. Cu, Au), such as phonons, thermodynamic functions and
melting point, defects, grain boundary structures, surface structsuefce order-
disorder transitions (Daw et al. 1993). One major appealing aspeloe &AM is its
physical picture of metal bonding. In this method, each atom is embeudeitie local
electron density provided by it neighboring atoms. In this waygthbedding function
incorporates important many-body interactions. Moreover, there Brerostatic

interactions between atoms. The functional form of the total energy is given by

E= R .r.a(rij) +2 £ (1) (3.1)
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where i refers to the atom in question arjdrefers to a neighboring atonk. is the
embedding energy,r® is the spherically averaged atomic density, afidis an
electrostatic, two-body interaction, is distance between atornsand j .

In choosing the EAM potentials, special attentienplaced on the surface
energies and the generalized stacking fault en@BfFE) because of their important
roles in the deformation mechanisms responsiblethder shape memory behavior in
nanowires. Specifically, the surface energies dtutista significant portion of the total
free energy and greatly affect the relative stgbilif nanowires. The surface energies
predicted by the selected EAM potentials are reasign accurate compared to
experimental results and Density Function Theorly{Pcalculations, as shown in Table

3.1.

Table 3.1Comparison of the surface energies of EAM potenfiat Cu, Au, Ni, and Al

with experimental and DFT calculation results

{111} {100} {110} Experimental
EAM | DFT | EAM| DFT | EAM | DFT average
Cu 1239 | 1300  1345| 145G | 1475 | 1536 1790
Al 870 810 943 | 890" 1006 @ 1050 980
Ni 1629 1878 2049 2280
Au 1090 | 1046 | 1180 1444 | 1309 | 1700

¥Gross 2003)°(Ooi 2005) 5(Vitos et al. 1998)%(Takeuchi et al. 1991§(Fiorentini et al. 1993),(Siegel et
al. 2001)

As will be discussed in chapter 5, whether a med@lowire exhibits SME or not
is primarily determined by the competition of theicleation of dislocations or
microtwins, which is primarily determined by thengealized stacking fault energies
(GSFE) including the stable stacking fault energy, X, the unstable stacking fault
energy @©,). and the unstable twinning energyy,((Zimmerman et al. 2000;
Swygenhoven et al. 2004). Rice (1992) has showndhais an important parameter in

the characterization of dislocation emission. Tadara Hai (2003) and Swygenhoven et
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al. (2004) have demonstrated that the ratiosggf g, and g,/g, are critical in

determining whether deformation occurs via sliptwinning. Since some older EAM

potentials have been known to provide relativelprpapproximations ofg, of FCC
metals, it is important to point out that tigg predicted by the EAM potentials used in

our current analysis are in excellent agreemernt experimental measurements or the

results of first-principle calculations, as showrilable 3.2.

Table 3.2Comparison of generalized stacking fault energigb experiments and DFT

calculations
a O 9, o] /gJS due/ G Twinnabilit Sehaui
(mJnid) (mdnid) | (mIn?) y d, | Behavior
l, (nm)
EAM | Experiments EAM EAM EAM EAM EAM

Cu 45 45 180 202 0.249 0.896 1.040 4  RESME
Ni 125 128 402 460 0.317 0.878 1.020 0.y PE
Au 31 32 101 122 0.307 0.828 0.991 1( Transitiopal
Al 146 120-166"° 189 240 0.836 0.788 0.896 0.8 lrreversible

¥Carter and Ray 1977)(Balluffi 1978), “(Stobbs and Sworn 197 f{Murr 1975),%(Westmacott and Peck
1971; Rautioaho 1982), RE-Pseudoelasticity

3.2 Calculation of Generalized Stacking Fault Enengs
While g, can be experimentally measured, there are no rdiyravailable
experimental methods to measugg and g, directly. Thereforeg, and g, is usually
obtained from GSFE curves through MD or first pighe calculations. GSFE curves
represent the continuous energy cost of rigidiyftisigi two semi-infinite blocks of
crystals on a (111) plane in tfie12] direction (Zimmerman et al. 2000; Swygenhoven et

al. 2004). Specifically, the simulation geometrgli®wn in Figure 3.1(a). A single, rigid
block of atoms is oriented with faces in the <1168411>, and <112> directions.
Periodic boundary conditions are applied in theG=land <112> directions. The block
is then sectioned between two between {111} plahkede that the gap shown between

the two blocks in Figure 3.1(a) is only for claritf¢e do not artificially introduce a gap
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into the energy calculation — the undeformed canfigjon is the bulk lattice. A shear
displacement is applied to the top block of atomthe [112] direction, while the bottom
block remains stationary during the simulation. B®FE curve is the excessive energy
per unit cross-sectional area of the shearing plplodted against the shearing

displacementg, is defined as the maximum value on the GSFE cugyeis the local
minimum between the twg, peaks. Figure 3.1(c) illustrates the variatiorthef lattice

configurations during the shearing process.
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Figure 3.1Calculation of GSFE, (a) the geometry to calcu@&FE curves, (b) a typical

GSFE curve, (c) the change of lattice stacking seges during shearing process: (i) the
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initial undeformed bulk lattice with normal stacginsequence for FCC crystals,
ABCABC..., (ii) the lattice stacking sequence cor@sfing to the unstable stacking
fault energy, (iii) the lattice stacking sequendathva stable stacking fault, (d) the change
of lattice stacking sequences for calculation adtable twinning energy, (iv) the initial

stacking sequence with a stable stacking faultsdrae as configuration (iii) except the

shearing plane is one layer up, (v) the latticelstey sequence with a microtwin.
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Figure 3.2GSFE curves of Cu, Ni, Al, and Au. The DFT daté&r@n (Zimmerman et al.
2000).

Similar to g, g, characterizes the energy barrier for creating @ortwin, or a
defect in the form of a new extrinsic stacking faoy shifting a layer adjacent to an
existing intrinsic stacking fault. Specifically, dgere 3.1(d) illustrates the lattice
configurations during the shearing process. Notd the initial configuration has an

existing stacking fault generated in the precedhgaring process, and the shearing
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plane is one-layer above the shearing plane irptheeding shearing process in Figure
3.1(c). The energy variation associated with tlm@cess is shown by the dotted lines in

Figure 3.2 andg,, is the maximum value on the dotted curve (Tadnmar Hai 2003;

Tadmor and Bernstein 2004).

Figure 3.2 compares the GSFE curves calculatedyuks EAM potentials with
those DFT calculations. Obviously, the GSFE cupreslicted by the EAM potentials are
in good agreement with the results of DFT calcatsi The comparison for Au is

incomplete because no DFT results are available.

3.3 Structural Analysis Techniques

Two structure techniques are used to investigaée structures of nanowires,
radial distribution function (RDF) to identify ol lattice type and centrosymmetry to

identify local structural defects.

Figure 3.3 A schematic illustration of the RDF, the black at@inthe center is the
reference atom, and the circles around it reprabenbther atoms. A ring centered on the
reference is drawn with radius and thicknesgir, in this example three other atoms are

positioned within this ring and are colored grey.
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3.3.1 Radial Distribution Function

Various forms of structural changes or phase foamations have been observed
in nanowires. For example, metal nanowire strustureange from non-crystalline to
FCC crystalline as the lateral size increases.ltfd high strain rates, nanowire structures
transform from a crystalline state to an amorplsiate. Therefore, it is very important to
identify wire structures to characterize nanowirehdwior. In this research, radial
distribution function (RDF) is chosen for this pase.

RDF describes fluctuations in density around aegiatom. It can also be
considered as the average number of atoms fouadjiaen distance in all directions. For

an atomistic system, the RDF g(r) is determinechf(Gutie rrez and Johansson 2002),

(1) (n(r,r +dr)) v
r)=~~ 7"
g 4pr?dr N
Here, n(r,r +dr) denotes the average number of atoms surroundengethter atom in a

(3.2)

spherical shell between andr +dr, N is the total number of atoms in the system, and
V is the volume of system, as shown in Figure 3The RDF of a liquid is usually
smooth and fluctuates around 1 after the firstdgrvgak. The RDF of a solid has many
sharp peaks with the RDF going to zero between tiBgnanalyzing the pattern of peaks,
not only can RDF tell if a structure is crystallioenot, but also what type of crystalline
structures it is (e.g., FCC or HCP). Furthermoree tRDF can be measured
experimentally using neutron-scattering techniqueskes it possible to correlate

simulations with experimental results.

3.3.2 Centrosymmetry

Although RDF is good to identify the overall avgeastructure, it is not
appropriate for identifying local structure changesstructural defects, which is very
important to investigate the mechanisms in pladgformations or phase transformations.

There are several techniques to separate the ddfeat the extensive deformation, for
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example, techniques relying on the electron den#ity potential energy, the dislocation
density tensor, or the atomic level stress tertselchner et al. (1998) used a parameter
called centrosymmetry to identify defects. Thisht@que is based on the fact that a
centrosymmetric material (such as Cu or other F&Eal®) will remain centrosymmetric
under homogeneous elastic deformation. In centrasstmc material, each atom has
pairs of equal and opposite bonds to its nearaghbers. As the material is distorted,
these bonds will change direction and/or length,tbery will remain equal and opposite.
When a defect is introduced nearby, this equal@ppubsite relation no longer holds for

all of the nearest neighbor pairs.

Figure 3.4A Schematic illustration of a unit cell of centrosyetnic materials

The centrosymmetry is defined by

P: |R| +Ri+6

i=1,6

|2

(3.3)

where R, and R,,, are the vectors or bonds corresponding to theaiss of opposite

neighbors in the FCC lattice, as shown in Figuré. entrosymmetry is zero for
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homogeneous elastic deformation but nonzero forpdastic deformation of the material.
In the above definition, the value of centrosymmekepends on not only the amount of
the plastic deformation but also the lattice comstevhich is different from material to

material. In this research, we normalize the cexytrametry by the lattice constant, i.e.

c=JP/a (3.4)

where Pis centrosymmetry defined by equation (3.8),s the crystal lattice constant.
The normalized centrosymmety only depends on the amount of plastic deformation,

while is independent of the type of materials.

3.4 Displacement-controlled Quasistatic Loading S@me

So far, the strain rates considered in MD simuteti¢at or above 10s) are
much higher than what can be obtained in contradgaeriments. These artificially high
strain rates are, to a degree, necessitated bypted of computers available. The time
scale that can be reached in many simulations teebrder of 100 nanoseconds, partly
limited by the time step size needed to resolvehifga frequency thermal vibrations of
atoms in MD calculations which is of the order dieintosecond. To achieve significant
deformation within such a short time, high strates are needed. High deformation rates
cause rapid and extremely high temperature incsgeasemetimes causing shear
localization (lkeda et al. 1999). It should be mbthat this is purely a computational
necessity and is not part of any realistic physiteibrmation process. Therefore, special
algorithms are needed to allow physically interpléd results to be obtained using

available computer resources and to avoid thae@atify high rates of deformation.
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To this end, we use ¢
displacement-controlled guasistat
loading and unloading scheme introduc

by Gall et al. (2004). In this method, th
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essentially simulates a quasistatic proce

i

Specifically, in each load step, all th
atoms are first displaced according to
prescribed uniform strain increment ¢
De =0.125%in the length direction, as

shown in Figure 3.5. This proportione

scaling of atom coordinates in the axi
direction is carried out to all atoms, n Figure 3.5 Displacement-controlled
matter the atom is involved in defects « quasistatic loading scheme for a
not. The wires are then equilibrated wil nanowire, the blue atoms on both ends are
their ends fixed at constant temperatL boundary atoms, which are held fixed

for 15 picoseconds (ps) to obtain during relaxation between loading steps.

macroscopic equilibrium configuration é&.

the prescribed strain. This relaxation processwallstructural changes to occur, if the
conditions so dictate. This process usually takss than 12 ps and the average stress
over the last 3 ps of the relaxation period at daeld step is taken as the stress in the
wire at the current strain. Unloading is implemente the same manner, with a negative
strain increment ofDe =-0.125%. The results from the quasistatic loading and

unloading method are compared with those from dynand static simulations. It is
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found that as long as the maximum atom displaceimsdats thar0.2a (wherea is the
lattice constant), this quasistatic method does audificially affect deformation

mechanisms.
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CHAPTER 4 STRUCTURES OF NANOWIRES AND STRUCTURAL

RECONSTRUCTION

Since the surface energy constitutes a signifipantion of the total free energy,
metal nanowires tend to assume surfaces in speciéatations to lower the total surface
energy. Lattice reconstruction or reorientation neegur in wires fabricated via top-
down approach if the initial configurations do ihatve the preferred orientations (Kondo
and Takayanagi 1997; Wang et al. 2000). On one ,hstndctural changes present a
challenge for controlling the morphologies and digiens of nanowires during the
fabrication process. On the other hand, they alswigle an important mechanism behind
many attractive properties of nanowires. In orderobtain nanowires with desired
properties, morphologies, and dimensions, it isartgnt to understand the mechanisms
and quantify the structural changes in the top-dofabrication process. The
characterization of the structural changes alsmaalithe behavior of the nanowires to be
guantified.

In this research, realistic wires structures ageegated by simulating a “top-
down” fabrication process of wires. Specificallyjr@s with <100> axis and {100}
surfaces (hereafter called <100>/{100} wire struetar configuration) are isolated from
perfect bulk lattices and are allowed to relax abastant temperature. During relaxation,
lattice reconstruction occurs and {100} surfaceerganize into lower-energy {111}
surfaces. Meanwhile, the <100> axis reorients anteew <110> direction. The resulting
free standing nanowires have <110> axis and {llu}fases (hereafter called
<110>/{111} wire structure or configuration). Thm&w structure represents a low energy
state and has been frequently observed in expetsmand MD simulations. The

deformations during the relaxation are also quigatiby a phenomenological continuum
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approach and a crystallographic in the next chaftee discussions here focus on Cu

nanowires, but similar behavior is also found inaNd Au wires.
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(c) {001} lateral surface

Figure 4.1 The structure of an 1.81x1.81 nm (5x5 lattice camis) Cu nanowire before
relaxation: (a) {001} square lattice on square sfssctions; (b) external view of the

nanowire; (c) {001} square lattice on lateral sada

4.1 Simulation of Top-down Fabrication Process

The wires are created by simulating a top-dowmi¢ation process for nanowires
in the spirit what is described in Kondo and Takeag (1997). Specifically, the wires
are created by “slicing” square columns of atonesnfisingle-crystal bulk Cu along the
[001], [010], and [100] directions and by subsedummputational relaxation following
the slicing. The nanocolumns initially isolated frdoulk have the perfect FCC crystal
structure of single-crystalline bulk Cu at 300 Ktwa lattice constant of 0.3615 nm. The
initial length of the columns is 21.69 nm (or 6@ite constants). The lateral dimensions
of the columns vary from 1.45x%1.45 nm (or 4x4 tatconstants) to 2.89x2.89 nm (or

8x8 lattice constants). The axes of the nanocoluanaesn the [001] direction and both
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their cross-sections and lateral surfaces are {@dhes with the same square lattice, as
illustrated in Figure 4.1.

Because higher-energy free surfaces are creat@ugdihe top-down fabrication
process, the wires are not at equilibrium when they initially sliced out of the bulk
lattice. In order to obtain more stable structutke,nanowires are allowed to relax, with
one end fixed in the axial direction and the otked free of constraints. Temperature is
kept constant at 300 K during relaxation by rescpitomic velocities. The structural
transformation during relaxation and the structfter an equilibrium state is reached are

analyzed.

Time: 0 ps 30 ps 40 ps 50 ps 60 ps
€ :0.0% 9.2% 14.4% 24 1% 28.2%

Figure 4.2 The progression of the structural transformationai 1.81x1.81 nm (5x5

lattice constants) Cu nanowire at 300 K

4.2 Lattice Reorientation during Relaxation

The {001} surfaces of some FCC transition and eobletals are known to
reconstruct into {111} planes with a close-packeskdgonal lattice to reduce their
energy (Hove et al. 1981; Binnig et al. 1984). A& hanoscale, such a surface change can
extend into the substrate. In this research, aairsiructural transformation is observed

in Cu nanowires during relaxation. The process lva® the complete wire, from the
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surfaces to the interior. It is a structural re¢nrgdion process that transforms the wires
from an <100>-axis/{001}-surfaces configuration da <110>-axis configuration with
{111} side surfaces and {110} cross-sectional p&rigoth configurations have the same
FCC structure albeit different lattice orientati@ml different shapes. Moreover, a strong
size-dependence of the transformation is also wbdeiSpecifically, wires smaller than
2.17x2.17 nm (6x6 lattice constants) undergo a tspe@ous lattice reconstruction to
lower their energy. Figure 4.2 shows the progressiahe transformation of a 1.81x1.81
nm (5x5 lattice constants) wire. The process it@idrom one end and propagates to the
other end, resulting in a reduction in the wiregin and increase in its lateral
dimensions. The complete transformation yields xaal &train of approximately 29%

and an increase in cross-sectional aree

approximately 13.3%. Wires with cross

)
o

sections larger than 2.17x2.17 nm (6:

lattice constants) do not undergo suck

Axial strain (%
[N
o

&
o
T

spontaneous lattice reconstruction at 3

K without external stimuli. The

-40 1 1 ) ! I
3 4 5 6 7 8 9

morphologies of these larger wire Wire size (lattice constant)

remain very similar to their state as pe

Figure 4.3 Axial strain ; after relaxation
of a bulk crystal. The most noticeabl

at 300K as a function of wire size
change is in the length which shows «
contraction of less than 1% due to elastic latstaining. Figure 4.3 summarizes the
length changes of wires of different sizes, cleadgntifying the critical size for
transformation as 2.17x2.17 nm (6x6 lattice corisjai\ more detailed analysis of the
conditions for the initiation of the spontaneowmnsformation will be given shortly. For

now, the discussion focuses on the mechanismseofrdémsformation at 300 K without

external stimuli.
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The structural characteristics of the wires befamd after the transformation are
analyzed by comparing their RDF with that of buflgstals. Figure 4.4 shows the three
RDFs of Cu nanowires and bulk crystals at 300 Ke pbaks in the curves indicate that

the first, second, and third nearest neighbor désts arer, =2.547 A, r, =3.615 A, and
r. =4.426 A, respectively. The peaks in all three curves hassentially the same

positions, indicating that the relaxed nanowiregehthhe same FCC crystalline structure
as that for bulk Cu crystals and the unrelaxed svifde curves also show that the lattice
constant of the transformed nanowires is approxpahe same as that of bulk Cu
crystals (3.615 A). The peaks for the nanowiresl@mer than those for bulk Cu crystals
because the wires have a large proportion of saird&ems which have fewer neighbors.
The structure of the reconstructed nanowires ha® dleen analyzed using the
centrosymmetry parameter. The results are consistiém the conclusions from Figure

4.4, showing that the transformed wires have a atidfee, single-crystalline FCC

structure.
10
............. Bulk Cu Crysta|
s 1+ =------ Reconstructed wire
Unreconstructed wire

LL 6r R =4.426A
& 1

4 K

2 L

0

2 6

g
R (A)
Figure 4.4 The RDFs for Cu nanowires before and after reconswactind bulk Cu

crystal at 300 K

Although maintaining the FCC crystalline structuiee reconstructed wires have

clearly different morphologies with their axes asdrfaces coincide with different
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crystalline directions and planes from those of whereconstructed wires. Specifically,
the initially <001>-oriented nanowires (with <OO&xes and all around {100} surfaces
with square lattices) reorient to assume <110> ,afdelsl} lateral surfaces, and {110}
cross-sections, as illustrated in Figure 4.5. Wilile new side surfaces have perfect
hexagonal lattices typical of {111} crystalline pkss, the reconstructed cross-sections are
characterized by elongated hexagonal lattices atidie of {110} planes as illustrated in
Figure 4.6 (Rodrigues and Ugarte 2003). Also, asvshin Figure 4.1(a) and Figure
4.5(a), the shape of the cross-sections changes &guare to rhombic. This shape
change is associated with the reorganization of dide surfaces into {111} atomic
planes, resulting in a reduction in the surfacergneA quantification of the
morphological changes is listed in Table 4.1. Nibtat the data for the transformed
configurations of wires with different sizes are flifferent temperatures. Discussions on
the temperature required for the transformatioa amction of wire size will be given in
the next chapter. For the wire sizes analyzed hbheemeasured angles of the rhombic

cross-sectionsa and b in Figure 4.5(a)) are consistent with the anglesveen the
(111) and (I17) crystalline planes viewed from the [110] axis,ilasstrated in Figure

4.6. Specifically, the angles are approximately.20@nd 70.5°, respectively. Also, the
side length of the cross-sections increases 21ro% 1.81 to 2.19 nm for a 1.81x1.81
nm (5x5 lattice constants) wire. The lateral swefacea decreases 12.3% from 156.82 to
137.06 nrf, resulting in an increase in the atomic densit§46% (from 15.2 atoms/rfm

to 17.4 atoms/nf) on the surfaces. Overall, the number of surfaoema remains the
same (2380) after the transformation, indicatireg there is no atomic diffusion between
the surfaces and the interior. This observatiocoissistent with the characteristics of a
diffusionless martensitic transformation (Bhadesi#@01; Otsuka and Kakeshita
February 2002) and is in contrast to surface rdooctsons in bulk materials which

involve atomic migration from substrate to surfaCesmble et al. 2003).
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Figure 4.5 The reconstructed structure of a Cu nanowire wiilial dimensions of
1.81x1.81 nm (5x%5 lattice constants): (a) <110mgkted hexagonal lattice on a rhombic

cross-section, (b) external view of the reconsedchanowire, (c) {111} hexagonal

lattice on lateral surfaces
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Figure 4.6 A schematic illustration of the projections of t{dd.0) planes (black and gray
atoms) in an FCC structure observed along the [Hifjctions; the (110) plane is

characterized by elongated hexagonal lattice with 70.5° and = 109.5° (Rodrigues
and Ugarte 2003).
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Table 4.1Morphological change of nanowires associated vattonstruction

(c)

_
0.0

Wire Lateral Lateral
do (lattice | dp(nm) | d (nm) a b length surface surface Temperature
const) [ (nm) area A area A (K)
(nn7) (nn7)
4 1.45 1.76 | 70.51 109.5°15.33 125.45 110.46 100
5 1.81 219 | 70.0¢Y 110.0°15.61 156.82 137.06 300
6 2.17 2.65| 69.7¢ 110.3°15.87 188.18 168.42 450
7 2.53 3.07 | 70.7¢{ 109.3°16.04 219.55 196.67 600
8 2.89 3.39| 68.37 111.3°16.41 250.91 222.28 900
Centrosymmetry

- 20

I =15

- 1.0

Figure 4.7 The configuration of a Cu nanowire with initial éadl dimensions of

2.17x2.17 nm (6x6 lattice constants): (a) extexal; (b) section view; (c) Defects

(twin boundaries) only. Atoms are colored accordmgheir centrosymmetry values.

The patrtially reconstructed configuration in Figutr.7 provides an illustration of

the twinning process responsible for the transfoiona Although at the bulk level

twinning is usually observed in BCC and HCP matenehich have fewer slip systems,
it has been observed in nanostructured FCC matesiath as Cu (Molares et al. 2001;

Wang et al. 2004b), Ag (Sauer et al. 2002), andWiang et al. 2004b)). For example,

Wang et al. (2004) observed micro-twinning in alechemically deposited Cu
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nanowires with diameters of 30-50 nm (Wang et @04b). Molares et al. (2001) found

twin structures in Cu nanowires with a diamete7@fnm. In the simulations here, twin

boundaries initially nucleate at the fixed end g@ndpagate toward the free end via the
gliding of {111}<112> partial dislocations underethcompressive stress induced by
surface-stress. This twinning process causes #&file rotation and transforms the wire
from the <001>/{001} configuration to the <110>/{1} configuration as the twin

boundaries sweep through the wire length.

Experimental Computational

Figure 4.8 Comparison of wire structures obtained from MD detions and
experiments, (a) a <110>/{111} Au wire cut from &04>/{001} Au nanofiim by
electron beam irradiation (reproduced from Ref])}1(b) a <110>/{111} Au wire with
rhombic cross-sections € 70.5° and = 109.5° ) as predicted by atomistic calculations

as the result of the same top-down fabrication ggecn (a)

The structures of the fully reconstructed wireporéed above are in good
agreement with those of the laboratory fabricatadesvincluding Cu, Au, and Pt
nanowires, e.g., the Cu wires fabricated by vacwampor deposition (Liu and Bando
2003) and by a complex surfactant-assisted hydmnotlereduction process (Liu et al.
2003), and Au wires fabricated by cutting Au nalmod using electron beam eradiation

(Kondo and Takayanagi 1997). Just like what is sakove in the simulations, the
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laboratory nanowires also have defect-free singystalline FCC structures with <110>
axes and {111} surfaces, indicating that <110>hie preferred growth orientation and

{111} planes are preferred lateral surfaces, asveha Figure 4.8.

d

Figure 4.9 A schematic illustration of the deformation of areviassociated with the
lattice transformation; the gray dash lines indictte wire configuration before the

transformation, the solid lines denote the configion after the transformation.

4.3 Quantification of Large Deformation
To quantify the deformation associated with tlesformation, the deformation
function is evaluated. This analysis is a phenortegical quantification by considering
the wire as a continuum and by focusing on the alvateformation outcome. As
illustrated in Figure 4.9, the relations betweea tloordinates before the transformation

(x, y, and z) and the coordinates after the transformati®n {, and z) can be written

as
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__d

X =—(x+ ycosa) ,
d0

__d

y =—ysina, and (4.1)
ClO

2l

o

where d, and d are the side lengths of the cross-sections befor@ after the
transformation respectively aniy and I, are the wire lengths before and after the

transformation, respectively. The deformation geaticorresponding to Eq. (4.1) is

i —cosa O
d, d,
d .
F= 0 —sina O 4.2)
dy
0 0 |

2
lo

For the 1.45%1.45 nm (4x4 lattice constants) wir&able 1,

1.220 0.407 O
F= 0 1150 O (4.3)
0 0 0.707

yielding a volume ratio of

Wﬂ - det(F )= 0.99: (4.4)

0

for the transformation. In the above expressi@y, and W are, respectively, the volumes
before and after the transformation ated() denotes the determinant Bf. The volume

change associated with the transformation is shedhuse the wire maintains the same
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FCC structure after the transformation. The Lagi@mgtrain tensor for the deformation

from the initial configuration to the transformeohdiguration is

. 0.244 0250 O
EZE(FT F -1)= 0250 0244 0O (4.5)
0 0 -0.250

wherel is the identity tensor. The corresponding Eulestain tensor or the negative of
the Lagrangian strain for the inverse deformatiamf the transformed configuration to

the initial (or stretched) configuration is

. 0.164 0.119 0
E :E(l -FFE ') =0119 0080 O (4.6)
0 0 -0.500

where, F'* denotes the inverse ariél” denotes the inverse transposeFaf E and E’
allow the forward and reverse deformations to by fyuantified. In particular, the axial
strains associated with the relaxatiorgis = - 0.25C. This corresponds to an engineering
strain of e =(I,-1,)/I, =F, -1=/2E,+ 1- £- 0.29 (relative to the original unrelaxed
length |,). For the reverse (tensile) deformation from tekxed state which will be
discussed in the next chapter, the axial straings,= 0.500 when the wire recovers its
original length prior to relaxation, correspondirtg an engineering strain of
e

, =(lo-1,)1, =1/F, -1=J- 2E.+ 1 % 0.41. It will be illustrated in the next chapter by

a crystallographic analysis that this large straidue to a 90° lattice rotation.

4.4 Chapter Summary and Insights
The structure and mechanical behavior of Cu naresdabricated via a top-down
approach are analyzed. The calculations use MD latronos to model the relaxation
process during the fabrication. At a temperature 300 K, spontaneous lattice
reorientation is observed in wires smaller tharv22117 nm (66 lattice constants) but

not in wires with larger sizes. The wires changernfrthe <001>/{001} configuration to
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the <110>/{111} configuration through a lattice remtation, with the cross-sectional
shape changing from square to rhombic and the leirgth decreasing approximately
29.3%. The calculated structure of the reconstdugt@es is in good agreement with
what has been observed experimentally in labordE@§ metal nanowires.

As will be further discussed in the next chaptiee, lattice reconstruction during
relaxation process is similar to the spontaneotiscédareorientation process during
unloading. The reconstruction occurs because tlH®>7{111} configuration is always
energetically favored over the <001>/{001} configtion regardless of the size of the
nanowire. This transformation progresses through giopagation of twin boundaries
driven by surface stress-induced stress. Furtherntbe transformation process is both
size and temperature dependent because of theerogsbf an energy barrier for the

initiation of the transformation.
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CHAPTER 5 SHAPE MEMORY IN METAL NANOWIRES

This chapter reports the discovery of a novel SME<110>/{111} metal
nanowires (including Cu, Ni and Au) obtained frohe tlattice reconstruction during
relaxation discussed in the previous chapter. Utelesile loading and unloading, these
metal wires can recover elongations of up to 50%| keyond the recoverable strains of
5-8% typical for most bulk SMAsThis behavior arises from a reversible lattice
reorientation within the face-centered cubic (FE@G)stalline structure and is driven by
the surface stress and high surface-to-volume sratib the one-dimensional nano-
materials, a unique and hitherto unknown mechamignch is different from that for
SMAs (Liang and Zhou 2005; Liang et al. 2005; Liamgl Zhou 2006). This SME exists
over a wide range of temperature and is assocwitdresponse times on the order of
nanoseconds, making the nanowires attractive fomaki components for a new
generation of biosensors, transducers, and intagms in NEMS (Buttgenbach et al.
2001; Patolsky and Lieber 2005).

This research focuses on the transformation mestmrriving force, and critical
temperature for the SME, with a particular emphasighe role of generalized stacking
fault energies in determining the existence ofgkeudoelastic behavior. Specifically, an
explanation as to why this behavior is observedame FCC metals (e.g., Cu, Au, Ni)
but not in others (such as Al) is given. It is atved that FCC metals showing this effect
share the common attribute of having high twinnghila parameter identified by
Tadmor and Hai (2003) for quantifying the tendebexyorm twins in FCC metals. For
the metals that exhibit this behavior, the levelsraxoverable strain and the critical

temperature associated with the SME are quantifi@tlly, the effect of wire size is
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discussed and the reason why this phenomenon exiktsn nanowires but not in bulk

single crystals of the same FCC metals is pointgd o

5.1 Mechanical Behavior
Starting from the <110>/{111} equilibrium configuran, quasistatic tensile
loading and unloading are applied on the wiresttmlys their mechanical behaviors.

Depending on the material, three types of behadmeobserved. Specifically,

Q) above a critical temperaturg, (discussed later), Cu and Ni wires exhibit a
pseudoelastic behavior with reversible strainsaip1%, well beyond the 5-8%
reversible strains typical for most bulk SMAs. Beld.,, the deformation is not
spontaneously recoverable and the wires retairr tthefiormed configurations
after unloading. For Cu wires, subsequent heatin@ ttemperature abovE;,
activates the SME and allows the wires to returth®r original configurations.
For Ni wires, the wires return to their original nfigurations only when an
external compressive stress is applied;

(2) in contrast, the tensile deformation of Al nanowirés irreversible upon
unloading, regardless of temperature;

(3)  Au wires exhibit transitional behaviors from pseel@dsticity like that of Cu and
Ni wires at low temperatures to irreversible defation like that of Al wires at
high temperatures.

The different behaviors reported here are assatiaith, respectively, twinning and slip

which are two different but related deformation mdsms in FCC metals.
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5.1.1 Pseudoelasticity of Cu and Ni Wires

The stress-strain curves in Figure 5.1 and Figufe show the pseudoelastic
behavior upon loading, unloading and cyclic loadimgpading of Cu and Ni wires.
Clearly, the responses are drastically differeomfrthose of the corresponding bulk
metals. Specifically, the nanowires seem highly titRicwith fracture strains of
approximately 58%. In comparison, the fractureissraof most bulk FCC metals are
usually less than 15%. In Figure 5.1(a), the logdoath of the stress-strain curves
consists of two elastic deformation stage®(@® and G® D) followed by two yield
points (A and D, respectively), a stage of slovaistthardening over a wide range of
strain (B® C), and a stage of precipitous stress droP B). This behavior arises from a
unique underlining deformation process. Between d A, the <110>/{111} wire
undergoes elastic stretching. Point A corresporalsthie beginning of a lattice
reorientation process which leads to a new condigom with a <001> axis and {001}
side surfaces, as shown in Figure 5.3. Betweend®Darhe newly formed <001>/{001}
wire undergoes elastic stretching. Further loadsegond D causes the wire to yield
through the formation and propagation of full deslbons which ultimately lead to
necking and fracture of the nanowire at E (Liand Zhou 2004).

The unique lattice reorientation proces®(& in Figure 5.1 (a)) is the key to the
shape memory behavior of the wires. The latticerieatation progresses with the
propagation of a single twin boundary. The twin ihdary nucleates at one end and
propagates to the other end until the whole nareowgcovers its <001> orientation.
Figure 5.3 shows a sectional view of the 1.81xh®1Cu wire while the twin boundary

is in the middle of the transforming wire. The twioundary separates the transformed
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(<001>/{001}) region from the

untransformed (<110>/{111}) region.
Clearly, the transformed region has
square lattices on both cross-sectioni

and lateral surfaces. The

untransformed region retains the

<110> elongated hexagonal lattice ol
cross-sections and {111} hexagona
lattice on lateral surfaces. The cross
section at the interface clearly show:
the transition from the <110>
orientation to the <001> orientation,
as shown in Figure 5.3. The
reorientation is completed through the
propagation of a {111} twin
boundary, which involves repetitive
nucleation, gliding, and annihilation
of

1<112> Shockley partial

dislocations, as shown in Figure 5.4

Specifically, the partial dislocation is

Figure 5.3 Lattice orientations on the cross-
sections of a 1.8x1.8 nm Cu nanowire at a
strain of 0.24, the middle image shows a
sectional view along the wire axis and the

(110) diagonal of the cross-section, cross-

section 1-1 shows the elongated hexagonal
lattice in the unrotated domain with the
<110>/{111} configuration, cross-section 2-
2 is in the transition region containing both
the <001>/{001} and the <110>/{111}
configurations, and cross-section 3-3 shows
the square lattice in the reoriented domain

with the <001>/{001} configuration,

nucleated from one edge, glides acros.

the wire on the {111} plane adjacent to the twian®, and finally annihilates at the other

edge. This process repeats itself and at each dyeléwin boundary propagates by an
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inter-planar distance between two neighboring {1}l&nes. As the twin boundary
sweeps through its length, the wire is progresgiveinsformed into the new <001>
orientation. Upon the arrival of the twin boundaay the top end of the wire
(corresponding to point C in Figure 5.1(a)), theolehwire is in the <001>/{100} state.
This lattice reorientation process has been diyemlserved in experiments during the

stretching of Au nanowires (Rego et al. 2003).

[001] wire axis

0.@..0\4

oooo !
oooo [110]

00000000 [110]

Figure 5.4 The details of the {111} twin boundary and tB&112> Shockley partial

dislocation in Figure 5.3, the misorientation angle= 109.5°. Atoms are colored

according to their centrosymmetry values.

The mobile twin boundary is formed by mismatch defebetween the <110>/{111}
lattice and the <001>/{001} lattice, as illustrated Figure 5.4. The stacking sequence
within each region is ABCABC in the direction pemnpiicular to the boundary. At the
interface, the stacking sequence is ABC|A|CBA whbkesmiddle A is the mirror plane.

Crystallographically, this is a coherent {111} twplane with its misorientation axis
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aligned in the[112] direction. The misorientation anglg between the lattices is

measured to be 109.5The boundary is essentially & coherentgrain boundary
separating two nanoscale grains with <001> and =hti@ntations, respectively (Rittner
and Seidman 1996). The lattice reorientation egdgnprogresses through the migration
of such 3 boundaries. This deformation mechanism has beefirmed experimentally

in nanocrystalline Cu (Field et al. 2004) with graizes between 10 to 20 nm.

Loading

Unloading

Figure 5.5 Reversible lattice reorientations upon loading andoading in metal
nanowires; (a) a <110>/{111} Cu wire with rhombicoss-sections, (b) stretched

<001>/{001} wire with square cross-sections

Upon unloading at temperatures abdye the <001>/{001} wire spontaneously
transforms back to the original <110>/{111} configtion via a lattice reorientation
process in reverse to what is described aboveotatihg. The reversibility of the lattice
reorientation from <110>/{111} to <001>/{001} allassmthe associated deformation to be
fully recovered, giving rise to a pseudoelasticaatr of the wire, as shown in Figure
5.5. This reorientation process is driven by thghhsurface-stress-induced internal
stresses in the nanowires and has been obsenexg@niments and computations for Au

nanowires and nanofilms (Kondo and Takayanagi 18@ndo et al. 1999; Hasmy and
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Medina 2002; Diao et al. 2003; Diao et al. 2004ang and Zhou 2005). Specifically,
spontaneous lattice reorientation from <001> toG=lis observed in Au wires when
they are cut from Au nanofilms and their free stagaonfiguration is the <110>/{111}
structure in Figure 4.8 (Kondo and Takayanagi 199nhishi et al. 1998). Furthermore,
the same result is also obtained in computationenwtiifferent atomistic potentials
(including an EAM, a modified embedded atom meth{®EAM), and a surface
embedded atom potential (SEAM) are used (Diao.e2@4). The spontaneous reverse
lattice reorientation allows the tensile deformatio be fully recovered without residual
defects. The dash lines in Figure 5.1 and Figu2eré&present the unloading paths from
different strains. The loading and unloading patgether form hysteretic loops typical
of shape memory materials. Since the wires rectvar original configurations after
unloading, the same behavior is observed in sulesgauycles of loading and unloading,
as shown in Figure 5.1(b). The minor differencesvben cycles can be attributed to
random thermal oscillations and possible resideféas (discussed later).

If the two wire configurations are considered as " and “1” states in logic
circuits, the pseudoelastic behavior of nanowires de potentially utilized for
applications in information technologies. In sugplecations, the heat dissipation is an
important factor to consider because the statechimig) rates are usually very high (up to
10° s%). As shown in Figure 5.1(a), the pseudoelasticaien of nanowires has a large
hysteresis loop, indicating a considerable amounheat is generated in one cycle.
Specifically, the heat dissipation is 0.93 Jivhen the wire in Figure 5.1(a) is unloaded
frome=0.47. Such heat dissipation can cause fast tempergicmease if the heat is not

transferred out of the wire promptly, eventuall{likg the pseudoelastic behavior. In
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order to increase the switching rates without esiwesheat generation, it is more
efficient to unload the wires from strains (such 1886) smaller than the maximum
reversible strains (usually 50%). As long as théicka reorientation has started, these
small deformations cause detectable state changemsuge the formation of the twin
boundary. At the same time, the heat dissipatianush lower due to smaller hysteresis
loops. Furthermore, the small sizes of nanowiresilifaie heat transfer through
conduction and convection because of the largeasewto-volume ratios. Overall, the
rates of heat generation and transfer togetherrdete the rate of temperature increase,
which is affected by the state-switching rates,ewsizes, and strains. Further study is
necessitated to characterize the influence of tli@s®rs on the temperature increase

during cyclic loading and unloading processes.

D
T
|

Stress (GPa)
N
T
|

(a) (b)

Figure 5.6 The tensile deformation behavior of an Al wire3@0 K: (a) the deformed
configuration ate=0.13, (b) the stress-strain curve. Atoms are colorexblng to their

centrosymmetry values.
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5.1.2 Irreversible Deformation of Al Wires

Al wires do not show the pseudoelastic behaviongee Cu and Ni wires. This
difference arises from a different deformation neegbm. Specifically, Al wires first
deform elastically during loading. Upon yieldingnhacking process starts and quickly
leads to thinning and eventual rupture of the was, shown in Figure 5.6. While
twinning is responsible for the lattice reoriergatiin Cu and Ni wires, slip via full

dislocations of thel(110) type is primarily responsible for the necking mss in Al

wires. The slip mechanism involving full dislocatgcauses the tensile deformation to
be permanent and irreversible upon unloading. Gpresgly, no shape memory behavior

is possible for such wires.

5.1.3 Temperature-dependent Transition Behavior oAu Wires

Au wires show a temperature-dependent transitidmethavior between the
pseudoelasticity and the plasticity described ab8yecifically, at low temperatures, Au
wires show similar forward and reverse lattice iewations through the propagation of
twin boundaries as in Cu and Ni wires. However,rdw@ientation process during loading
may not sweep through the entire wire length araking can occur at the twin boundary
before the reorientation process is complete, asvshin Figure 5.7(a). The stress
plateaus between points A and B forb K and between points C and D for T =50 K in
Figure 5.7(b) correspond to the lattice orientafimm the <110>/{111} configuration to
the <100>/{100} configuration. The necking procesarts at point B (T =5 K) and D (T
= 50 K) and leads to the precipitous drop of seedsllowing these points. If unloading
occurs before necking, the Au wires can recoverir thawiginal <110>/{111}

configuration through a reverse lattice reorieptaprocess which is the same as what is
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seen in Cu and Ni wires. Once necking occurs, hewahe deformation is no longer

=35.3%

(@) T=5K (b) T=50 K (c) T=200 K
(a)
6 T T
«—T1=5K Loading
. T=50K Unloading
TS 4L i
?5 T=200K g
g <D
& 2 ¢\ - _
.':" | |
% 0.2 0.4 0.6
Strain
(b)

Figure 5.7 The tensile loading and unloading behavior of Au
wires at different temperatures: (a) deformed cpmftions,
(b) stress-strain curves. Atoms are colored acogrth their

centrosymmetry values.

fully reversible. Consequently, the maximum reuvaesistrains of Au wires are less than

those of Cu and Ni wires because of the incompleteentation process during loading.
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The fraction of reoriented lattice (<100>/{100}) #te onset of necking decreases as
temperature increases, as shown in Figure 5.7(@&)l A 200 K, no reorientation is
observed and necking starts immediately after ygldThis scenario corresponds to the
case of Al wires discussed above, with the defaonaprogressing via slip and being

irreversible.

5.2 Deformation Mechanism: Twinning or Slip

The different behaviors of Cu, Ni, Au, and Al wirgesult from different
deformation mechanisms. The pseudoelasticity ofa@d Ni is due to the reversible
lattice reorientation associated with twin boundgsyopagation. The irreversible
plasticity of Al wires is primarily due to the slipf full dislocations. The mixed
occurrence of twinning and slip explains the traosal behavior of Au wires between
pseudoelasticity and plasticity. In summary, fa ttanowires analyzed twinning leads to
pseudoelasticity and slip leads to permanent defbom.

Being two competitive mechanisms in FCC metalsnimivig and slip are known
to occur under different conditions. Conventionaddem suggests that metals with low
g, are more likely to deform through twinning. Howeveg, alone may not be enough
to determine whether a metal would deform via twigror slip. For example, Ni wires
deform via twinning while Al wires deform via slipven though Ni and Al have similar

levels of g,. Swygenhoven et al. (2004) have shown that thepetition between
twinning and slip is primarily determined by theeegy ratio of g,/ g,. Specifically,
metals with lowerg, /g, values are more likely to deform via twinning thglip. This
understanding is consistent with the observati@t tlwinning is more likely to occur in
Ni wires than in Al wires sincég,/g,),, =0.317 and (gy/9.), =0.836, see Table 3.2.
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Even thoughg /g, provides a better criterion thag, for assessing the competition
between twinning and slip, it can not explain @ses and a higher order effect ap pears
to exit. For example, as previously shown, twinnggnore likely in Ni wires than in Au
wires despite the fact that Ni has a slightly high&tio of g;/qg, (0.317) than Au
(0.307). The reason is that the competition is rdateed by the energy barriers
associated with both slip and twinning. Whig/ g, only quantifies the energy barrier

for slip, the energy barrier for twinning must als®considered.
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Figure 5.8 A schematic illustration of the relationship betémnea dissociated full location
and two partial dislocations, (a) generalized staxKault energy curve showing the

energy variation during dislocation nucleation, (bg relationship between Burger’s

vectors
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The competition between twinning and slip can bétebeexplained by the
dislocation nucleation criterion of Rice (1992) atite twin nucleation criterion of
Tadmor and Hai (2003). In Rice’s theory, a f{lL10) type dislocation can be considered
as being formed by twg(112 type Shockley partial dislocations in two sucoessi
steps. This sequence of events is illustrated gurei 5.8. At point | (corresponding to
position A of the dashed layer of (111) atoms iguré 5.8 (b)), the system is in a stress-
free state. The GSFE (vertical axis in Figure 9)8ifacreases as the shear displacement
(horizontal axis in Figure 5.8(a)) between the tveaghboring (111) planes increases. At
point Il (position B in Figure 5.8(b)), the systamat an unstable state and a leading
partial dislocation with Burger's vectgr 211 is formed. In Figure 5.4, the emission of
this partial is from the right-hand edge (surfacé}he cross-section of the nanowire

shown. Obviously, the nucleation of this leadingiphmust overcome the energy barrier

g,.- Following the emission, a degree of stress réloxaand energy release occurs, as

indicated by the portion of the GSFE curve betwgaints Il and IIl in Figure 5.8(a). The
stacking fault between the two neighboring (118npk behind the partial dislocation

line corresponds to an elevated energy leved,ofPoint Il in Figure 5.8(a) and position

B in Figure 5.8(b)) relative to the perfect FCCc&iag sequence at point | in Figure
5.8(a) and position A in Figure 5.8(b). As loadiogntinues and sufficient energy is

imparted to overcome the second energy barrieheatavel of g, (point IV in Figure
5.8(a)), a trailing partial dislocation with the f§er’s vector2 121 is emitted between

the same pair of (111) slip planes. The leadingthadrailing partials combine to form a
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full dislocation with the Burger's vectoé 110 . This deformation process can be

expressed as

211 += 121 ® = 110. (5.1)

olw

a
6

Obviously, the energy barrier for the nucleatiorthad trailing partial isg, - 9.
The full dislocation represents a permanent unit shthe FCC stacking sequence and
returns the lattice to the original low energy etat point | (or VI). This mechanism is
what is responsible for the irreversible defornratio Al wires and Au wires at high
temperatures.

Based on Rice’s theory, Tadmor and Hai (2003) r&n@vn that in the twinning
mode, a leading patrtial is first nucleated fromharp edge of a surface. Instead of the
emission of a trailing partial, a second leadingigh(twinning partial) is nucleated on a
neighboring slip plane next to the original pair sip planes. The emission of the
twinning partial can be analyzed by the dotted eurv Figure 5.8(a). While the solid
GSFE curve in Figure 5.8(a) characterizes the pldaar energy associated with a slip
discontinuity introduced in a perfect crystal; tluotted curve in Figure 5.8(a)
characterizes the energy to form a microtwin byasing of a plane adjacent to an
existing intrinsic stacking fault formed by the page of a leading partial. The shearing

begins at point Ill at an elevated energy state) (A twinning partial is emitted at point
V where the energy reaches a maximumggf or the unstable twinning energy. The

interplanar energy reaches a new minimum at polhtaier the slip of a full Burgers
vector. This process allows the twin plane to mawee layer in the direction

perpendicular to the slip planes. For the nanowitleis process of the nucleation of
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twinning partials on adjacent layers repeats itgaetf progressively moves the twin plane
along the wire axis, layer by layer. It also resulh the reorientation of the
(110) £ 11} wire into the(100) {109 wire.

Clearly, the deformation mode (twinning or full ldisation motion) is determined
by the competition between the nucleation of tladitig partial needed to complete the
dissociated full dislocation and the nucleationtteé twinning partial needed to form a
microtwin. Based on the aforementioned dislocatiooleation process, Tadmor and Hai
(2003) developed a criterion for the onset of defation twinning which quantifies the

competition between slip and twinning. The relatethnability is

t,= 1.136 0.1580 [s (5.2)
Gus V Gt

This parameter depends on baih/g, and g,/g., which measure the energy
barriers associated twinning and slip, respectiv€ly one hand, twinning is favored
when g,/ g, is small andg,/g, is large (as in the case of Cu and Ni) becausdl sma
values of g,/ g, indicate higher barriers of, - g, for the nucleation of the trailing
partial and largeg,./ g, values indicate lower barriers for the nucleatidra twinning
partial. On the other hand, slip is favored whgrt g, is large andg,./ g, is small (as in
the case of Al). As shown in Table 3.2, the twinhigbranking based on interatomic
potentials for the metals analyzed is

t>t N>t A A (5.3)

This is in good agreement with the results of expents and first principle

calculations (Tadmor and Bernstein 2004). Furtheemib clearly explains the different

behaviors of the FCC nanowires reported here. @uNarexhibit reversible deformations
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through twinning because it is favored over slip.t®e other hand, the deformation of Al
wires is irreversible because slip is the favoreer awinning.

The above analysis does not account for the efdéctemperature which is
important for Au because it has a twinnability e transition regime. Our observation of
Au wires showing twinning (and therefore, pseudstddy and SME) at low
temperatures and slip (and therefore, plasticitylligh temperatures is consistent with
the experimental observation that twinning tendedecur at lower temperatures (Meyers

1984; Hertzberg 1989).
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Figure 5.9 Reversible lattice rotation illustrated by theturells on(l_lo) atomic plane,
(a) section A-A in Figure 5.5(a) which is(a_lo) atomic plane containing thi@10] wire

axis and the long diagonal ([001]) of the rhomhigss-section in the original wire, and

(d) section B-B in Figure 5.5(b), which is the safad0)atomic plane as in (a) after

lattice reorientation, containing the new wire aff301]) and a diagonal[110]) of the

new square cross-section.
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5.3 Quantification of the Large Transformation Strans

The large strains associated with the forwardrandrse lattice reorientations can
be quantified by a simple crystallographic analy§tse analysis shows that the reversible
strains are proportional to the volume fractiortha reoriented lattice, and the maximum
strain is 41% for a complete lattice reorientatiSpecifically, Figure 5.9(a, b) compares

the same(110) plane in the <110>/{111} (at point A in Figure 5a)) and the

<001>/{001} configurations (at point C in Figurel®a)). Clearly, the forward (loading)
and backward (unloading) lattice reorientations ifesh as 90 rotations in opposite

directions of the unit cell in thet10) plane. The length and width of the rectangulat uni
cell in both cases are, respectively,and Za ; where a is the lattice constant in the

stressed states and is assumed to be the sameaatl L. Hence, the axial strain

associated with the lattice reorientation betweeand C is given by

<1105@ <001>=(a-§ a)/g a=0.414. (5.4)

On the other hand, if we consider the reverseckatteorientation from <100>/{100} to
<110>/{111} configuration with the <100>/{100} coiguration being the reference state,

then the strain is given by,

<0010 <110>=(ga- 8.)/ a=0.29¢ (5.5)
Both the strains associated with the forward andemse lattice reorientations are

consistent with the phenomenological continuum gtieation in chapter 4.

Clearly, _ 0 <00» IS @n attribute of the FCC structure and is indeleat ofa.
Consequently, the pseudoelastic strain associatdd the lattice reorientation which
constitutes the primary part of the total recoviratrain ) is the same for wires of all
FCC metals and of all sizes. Equation (5.4) givesrecoverable strain associated with

full transformations without residual defects amgess well with the results of atomistic
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simulations for Cu and Ni wires. Au wires show sieral _,... .....0ecause of the
incomplete lattice reorientation. In that case,,.. ... IS proportional to the volume
fraction of the transformed lattice.

In addition t0 _,,,.. -00»» € @lso includes the elastic straéf),, associated with
the lattice stretching in the <110>/{111} configticen between O and A (Figure 5.1(a))
and the elastic straief,,  associated with the lattice stretching in the <9{101}

configuration between C and D, i.e.,

e »€ +e +& . (5.6)

<110«< 001 < 061

and e

e
e<110> <001>

are small compared with_ ... ..., and they also vary with
material and wire size. As shown in Figure 5.1(@] &igure 5.2, are approximately

51% and 45% for Cu and Ni wires, respectively. artipular, for the 1.81.8 nm Cu
nanowire in Figure 5.1¢ »0.048+ 0.415+ 0.04% 0.51 The e, for Au wires depends on

temperature and is 0.32, 0.20, 0.07 at 5, 50, 802 respectively.

5.4 Driving Force

The pseudoelastic behavior of SMAs arises from telated but somewhat
different mechanisms which yield very similar ssa¢rain relations like those in Figure
5.1. The first mechanism is superelastic and ir¥®la martensitic phase transformation
driven by the free energy difference between threngaand product phases. The second
mechanism is rubber-like and occurs solely withim martensitic state through reversible
movement of twin boundaries (Cahn 1995; Otsuka\&iagman 1998). This mechanism
is driven by a general tendency for the equilibrisymmetry of the short-range order

configuration of lattice imperfections to conform the symmetry of the lattice. Hence,
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aging in the martensitic state and the existencé&attite imperfections are necessary
conditions (Ren and Otsuka 1997). Clearly, the rapdm responsible for the
pseudoelastic behavior of the nanowires analyzext he more rubber-like than
superelastic because the deformation occurs saiétyn the FCC structure, without any
phase change. However, neither aging nor lattigeerfections are involved. Then, what
causes the <001>/{001} wire to spontaneously retaxtk to its original <110>/{111}
configuration upon unloading, since both stateshthe same FCC crystalline structure
and, perhaps, the same “stability”? The answelitiébe surfaces and the extremely high
surface-to-volume ratios of nanowires which camisicantly affect structural stability.
Specifically, {111} surfaces in FCC metals have tbeest energy among all surfaces.
For example, the surface energies of Cu {001} ahtil} planes are 1.35 Jfrand 1.24
Jm?, respectively. This difference in surface energguses the <110>/{111}
configuration to have a lower energy and to be mst@ble compared with the
<001>/{001} configuration.

A quantification of the difference in the potenteadergy as a function of wire size
between the two configurations is given in Figurd0%) for Cu. Specifically, the
guantification is carried out by “slicing” <001>£Q} wires and <110>/{111} wires out
of bulk Cu crystals with appropriate orientatiomsl @imensions. The potential energy of
the two configurations is computed after they re#lobir equilibrium states through
conjugate gradient energy minimization using mdikcatatics (Payne et al. 1992). The
potential energy difference primarily results fraottme difference in surface energy
densities between {111} and {001} surfaces. Therage potential energy per atom

decreases with increasing wire size for each cardigpn because smaller wires have
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larger surface-to-volume ratios. On the other haegardless of size, <110>/{111} wires
always have lower energy levels compared with tidefiormed counterparts with the
<001>/{001} configuration. Therefore, the <001>/{00wire has a natural tendency for
spontaneous reorientation back to the <110>/{11difiguration upon unloading. The
reorientation essentially lowers the surface enegya result of the increase in atomic

density on surfaces when {001} surfaces reorgamtzeclosely-packed {111} surfaces.
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Figure 5.10 (a) a comparison of the potential energy per atdnCu wires with the
<110>/{111} and <001>/{001} configurations, (b) vations of the surface-stress-

induced compressive stressand the critical temperatuiig, with wire size for Cu.
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The driving force for the spontaneous reorientatian also be viewed as coming
from the surface stress which induces a compressigss in the interior of the wire. This
compressive stress ts=- 4fl /A, where f is the surface stress of the {001} planes in the
<001>/{001} configuration,| is the side length of the square cross-sectiogu(Ei
5.5(b)), andA (=1?) is the corresponding cross-sectional area. Olslypthe magnitude
of s increases as the wire size decreases and camphbigk at the nanoscale, as shown
in Figure 5.10(b). For examples =-3.85 GPa for a <001>/{001} Cu wire with

1=1.45 nm (1,=1.8 nm in the <110>/{111} state), sufficient for initiay the reverse

reorientation at temperatures above 200 K, evethénabsence of externally applied
forces. Note, however, that is only on the order of Pascals in bulk matereisl is
negligible, providing an explanation as to why mitr behavior is not seen in bulk

metals.

5.5 Shape Memory Effect

5.5.1 Critical Temperatures for Spontaneous Transfonation

Like the behavior of normal bulk SMAs, the pseudsgt behavior of Cu wires
reported here is strongly temperature-dependentcifsgally, the reverse lattice
reorientation from <001> to <110> occurs only aboxesize-dependent critical
temperaturel, (Figure 5.10(b)). If unloading takes place at temagures belowy,, the
reverse lattice reorientation does not occur aral \hre retains the <001>/{001}
configuration. When subsequently heated abdye the unloaded <001>/{001} wire
spontaneously returns to its original <110>/{111gnfiguration through the reverse

lattice reorientation. This is a novel SME drivgndurface stress and the high surface-to-

61



volume ratios of the nanowire. It is a one-way SNiat has the <110>/{111}

configuration as the parent state, as illustrateféigure 5.11.
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Figure 5.11An illustration of the shape-memory effect in Ganowires,T,; is the critical

temperature for a Cu nanowire of a certain siZaltg reconstruct or show the effect.

The value ofT,, is obtained by gradually heating a <001>/{001}evumtil lattice
reorientation occurs. The heating starts at 0 Ktaedemperature is increased by 10 K in
each heating step. At each temperature, the wiedaged for 150 ps. The reorientation is
identified by monitoring the potential energy chanduring heating. Specifically, the
potential energy increases proportionally with tenagure if there is no lattice
reorientation. However, the potential energy drppipitously at the occurrence of the

lattice reorientation, allowing the onset of thedato be determined, as shown in Figure

5.12.
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Figure 5.12 The variation of energy per atom with temperatutasng heating for a

1.45%x1.45 nm Cu wire, the precipitous energy drofi.aindicates the onset of lattice

reorientation.

It is important to point out that, like in all Minodels, the accuracy of the
simulations carried out here depends on the atgutential used. Since the critical
temperatures and sizes for transformation are lglostated to {111} and {001} surface
energies and surface stresses and different atpotentials for Cu predict different
surface energies for {111} and {001} surfaces (Esikt al. 1986; Baskes 1992; Wang et
al. 1999), the predicted critical condition in terof temperature and size may vary from
potential to potential. However, the overall treaxtti dependence are expected to be the
same regardless of which potential is used. Momgomantly, it must be noted that it is
the differencein the surface energies for {111} and {001} sudac not the absolute
surface energy values, that determine the natutleeodbserved transformation. Since the
difference is found to be of the same oraeall the Cu potentials (Foiles et al. 1986;
Baskes 1992; Wang et al. 1999; Zhang et al. 200&) expected that different potentials
would still lead to predictions of similar strucalirbehaviors. Indeed, the same
transformation mechanism and behavior have beeareds in simulations carried out

using the EAM potential for Cu in reference (Foiktsal. 1986). In addition, similar
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transformation mechanisms are observed by Diad. dbrasurface stress driven lattice
reorientation in Au nanowires when different atdimigotentials, including an EAM, a
modified embedded atom method (MEAM), and a surfas®edded atom potential
(SEAM), are used (Diao et al. 2004).

If the <110>/{111} state always has a lower enetbhgn the corresponding
<001>/{001} state regardless of size, why does fixerse reorientation only occur
aboveT.? The answer has to do with the energetic barner driving force for the
process. To initiate the reorientation, partiallaiations nucleate and propagate to
accommodate mobile twin boundaries. These defaetsofahigher energies and thus
constitute an energy barrier for the reorientatimhjch is closely related to unstable
stacking fault energy. Thermal energy can proviteriecessary energy for overcoming
the barrier. As wire size increases,decreases and higher temperatures are needed to
initiate the spontaneous reverse reorientatiorshasvn in Figure 5.10(b). This size- and
temperature- dependence is frequently observedpargnents. For example, at a given
temperature <001>/{001} Au nanowires and nanofilane observed to reorient into the
<110>/{111} configuration only when their size isduced to less than 2 nm by electron
beam irradiation (Kondo and Takayanagi 1997; Koatlal. 1999). On the other hand,
because of the high energy barrier in Ni, the serfstress induced compressive stress
alone can not initiate the spontaneous latticeigatation in Ni wires upon unloading
even at very high temperatures. Therefore, extero@pressive stress is needed for the
reverse lattice reorientation. Similar to the terap@e effect in Cu wires, less external
compressive stresses is needed as temperaturasasne Ni wires.

It is illustrative to point out that the behavioiscbvered here is likely to be

specific to the <110>/{111} and <001>/{100} configations. Experiments and
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computations have shown that the axes of most FEalmanowires are in the <001>,
<110>, or <111> orientations (Rodrigues and Ug2@@3). The first two orientations are
involved in the reorientation processes discussethis paper. The third orientation
involves nanowires with <111> axes and {111} cresstions. Calculations carried out
in this work show that such wires do not exhibié thseudoelasticity and SME the
<110>/{111} and <001>/{100} wires show. This is paps partly because the <111>

axes and {111} cross-sections of these wires gse to smaller resolved shear stresses

(RSS) on th@{111}<11§> slip systems which are a driving force for thetiphdislocation

nucleation and lattice reorientations responsibteiie SME observed here.

The T, and wire size for relaxation are closely relatedhe {111} and {001}
surface energies, surface stresses, and unstadkingt fault energy of each metal.
Therefore, the size-dependdit varies from material to material. For example, Gres
with lateral dimensions between 1.3 and 3.1 nme&BME with T;, ranges from 50 to
1000 K However, T, for Ni wires of the same size range are so high thapproaches a
significant fraction of the melting point. Undercbuconditions, the SME is no longer
obvious because the wire behavior becomes disagarnand dominated by random
thermal vibrations. On the other hand, Ni wiredwdefects can exhibit SME becauge
can be lowered by surface and internal structueéals such as vacancies, kinks, and
local lattice distortions. Specifically, the preserof defects lowers thi; and essentially
shifts the SME toward larger wires because highmargies associated with disorders
facilitate the initiation of twin boundaries. Thedefects may result from manufacturing
processes and can also be nucleated and annihilated) cyclic loading and unloading.

Defects may also affect the stress-strain respoaiségeduce: by causing incomplete
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reorientation, as discussed earlier. However, dffect may be relatively small as shown
in Figure 5.1(b), if the initial state of the wirés nearly defect-free. In summary, the
material- and size-dependencelgfsuggest a new class of nano building-blocks with a

SME useful over a wide range of temperature.
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Figure 5.13Size effect on the shape memory of metal nanowfegsa 1.45%x1.45 nm Cu
wire fully reoriented under surface stress, (b).6x3.6 nm <100>/{100} Cu wire
partially reoriented under external compressios, ytellow coordinate axes indicate the
different orientations of the grains separated Wwin tboundaries. Atoms are colored

according to their centrosymmetry values.

5.5.2 Effect of Size on SME

FCC metals in bulk have not been known to posdemgesmemory. One logical
guestion is why FCC nanowires exhibit shape mermad/pseudoelasticity but their bulk
counterparts do not. The reason lies in their exétg small sizes at the nanometer scale

and their unique 1D structure.
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First of all, it has been demonstrated that twignmvital to the pseudoelasticity
in the nanowires. Slip is generally favored ovemtwng in bulk FCC metals under
normal loading conditions. Twinning becomes a \gatiéformation mode only when the
dominant size (e.g., grain size or wire size) scapproaches nanometers. Both
experiments and simulations have shown that twmns the primary deformation
mechanism in nanocrystalline metals, nanowires, reartb particles (Field et al. 2004).
This size dependence of deformation mechanismshbeaglated to the width of stable
stacking faults in FCC metals. Specifically, stafti@cking faults are bound by Shockley

partial dislocations formed through the dissocmatiof full %(110>dislocations, as
illustrated in equation (5.1). The separation aistabetween the two partialg () is

primarily determined by the balance of two forct® elastic repulsion between the
partials and the attractive “glue” force due to theinsic stacking faults. Specifically,
the continuum elasticity theory gives the equililoni separation distance by

_7G|b, - b,|

AP
16pg,

sep

where G is the shear modulug, andb, are the Burger’s vectors of the two Shockley
partials, respectively. In the above equation,tthe partials are considered as separate
dislocations connected by the intrinsic stackingtfa Alternatively, the whole assembly
of the two partials and the stacking fault can Ewved as the extended core of a full

dislocation. The core size of the full dislocatisnthe same as which is inversely

sep !

proportional to g,. Specifically, d.,, is smaller in metals with loy,, and larger in

ep

metals with highg, . Overall, bothd,,, and the wire sizes considered in this research are

of the order of nanometers, see Table 3.2. Whgris larger than wires, the cores of full

67



dislocations can not exist in wires, hence slipn$ikely to occur. Conversely, twinning

becomes more likely in nanocrystalline metals oravares. On the other hand,_ is far

sep
smaller than the characteristic lengths (usuakyghain sizes) of bulk metals. Therefore,
bulk metals usually deform via slip.

Secondly, nanowires have extremely large surfaeslume ratios. Specifically,
a nanowire has a surface-to-volume ratid fithes that of a macroscopic specimen
(Liang and Zhou 2005). The fraction of surface atasaround 39.5% for a 1.8x1.8 nm
nanowire while that for bulk metals approaches z&previously discussed, the high
surface-to-volume ratios induce high values ofrimé compressive stress which are
on the order of GPa, providing the necessary dyivorce for the reverse reorientation
aboveT,, even in the absence of externally applied forassshown in Figure 5.13(a).
On the other hands is only on the order of Pascals in bulk materitds,from being
sufficient to initiate spontaneous lattice reor&iuns. One may still wonder if a bulk
FCC crystal with the <110>/{111} configuration waluéxhibit the lattice reorientation
leading to pseudoelasticity and shape memory irowaas under the condition that an
external compressive stress of sufficient magnitisdapplied. The answer is still “no”
because the reversibility of the reorientation psscprimarily results from the unique 1D
structure at the nanoscale. This structure acts esannel, limiting the propagation of
twin boundaries to the direction of the wire axighe opposite directions of twin
boundary propagation during loading and unloadiivg gse to the reversible nature of
deformations, as shown in Figure 5.13(a). As therdh dimensions increase, the wire
gradually becomes a 3D structure with multiple nsodedefect nucleation, propagation

and interaction. Such a 3D structure leads to sanabus twin boundaries and stacking
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faults at multiple sites and in multiple directiofisang and Zhou 2004), as shown in
Figure 5.13(b). The entanglement and interactidribese defects reduce the mobility of
the twin boundaries and ultimately preclude theuo@nce of the pseudoelasticity and
the shape memory. Under such conditions, the varesessentially a polycrystal with

grains separated by interlocking twin boundaries.

5.6 Chapter Summary and Insights

The mechanical behavior of Cu, Ni, Au, and Al names/with lateral dimensions
between 1-5 nm and <110>/{111} configurations analgzed using MD simulations.
Upon tensile loading and unloading, Cu and Ni wiexibit a novel pseudoelastic
behavior with large reversible strains of up to 5@%ll beyond the recoverable strains
of 5-8% typical for most bulk shape memory allogAs). In comparison, the tensile
deformations of Al wires are irreversible upon wdmg. Au wires show a transition of
behavior from pseudoelasticity at low temperatuoeglasticity at high temperatures and
have temperature-dependent reversible strains vel@chease with temperature.

The difference in behavior among wires of differenaterials is due to two
competing deformation mechanisms, i.e., twinning ahip. Specifically, FCC metals
with high twinnability (such as Cu, Ni, and Au) tavtwinning which leads to the
pseudoelastic behavior and SME in their nanowi@gsthe other hand, FCC metals with
low twinnability (such as Al) favor slip which leado irreversible deformations even at
the nanoscale.

A temperature-dependent spontaneous lattice reatien enables wires in the
<100>/{100} configuration to revert to the <110>K1} configuration through heating.

This temperature effect leads to an SME in Cu wiagsl in Au wires at lower
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temperatures. Specifically, the <110>/{111} configiion is more stable than the
<100>/{100} configuration primarily because {l11lljugaces have a lower surface
energy than that of {100} surfaces. Driven by thghhsurface-stress-induced internal
stresses at the nanoscale, {100} surfaces sponialyececonstruct into lower energy
{111} surfaces as part of the lattice reorientatwacess to lower the overall free energy.
This spontaneous process only occurs at tempesasiln@ve a critical valug;, which is
material specific. This is because sufficient tharenergy is required to overcome the
energy barrier for initiating the process. For eaddtterial, T, increases with wire size
because the driving force is smaller in larger wi@ad hence a higher amount of thermal
energy is needed.

The unique pseudoelasticity and SME only existanawires of FCC metals with
high twinnability, but not in their bulk form. Thisize effect is primarily due to three
reasons: (i) the small size scales in FCC metalernainning the favored deformation
mechanism, (ii) the surface-stress-induced intecnalpressive stress in nanowires is on
the order of GPa because of their high surfacestome ratios and this internal
compressive stress provides the necessary drivimge ffor a spontaneous lattice
reorientation without external influence, and (iihe reversibility of the lattice
reorientation process is derived from the uniquestiDcture of the nanowires. As their
lateral dimensions increase, nanowires become RBtates. Under such conditions, the
interaction and entanglement of twin planes tramsfthe wires into polycrystals and
ultimately preclude the occurrence of the lattieerientation which is the mechanism for

the pseudoelasticity at the nanoscale.
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CHAPTER 6 A MICROMECHANICAL CONTINUUM MODEL FOR

STRESS-INDUCED LATTICE REORIENTATION

The previous chapter has reported a novel shapeongdmehavior in metal (Cu,
Ni, and Au) nanowires, which are associated witimigue reversible lattice reorientation
proceeding with twin boundary propagation. Thisque transformation mechanism is
similar to but not exactly the same as those ik I8V As. Specifically, there are clear
size effects primarily due to the high surface-tduwme ratios. Moreover, the driving
force in bulk SMAs usually comes from the differeraf the chemical free energies. In
contrast, the driving force for lattice reorient&ti comes from the surface energy
difference between {111} and {100} surfaces. Simoest of the previous continuum
models on SME do not consider size effects and $teéace effects, they can not be
directly used to model the SME in metal nanowires.

The principal interest of this chapter is to depela micromechanical
deformation mechanism-based continuum model toacierize the unique behavior of
the nanowires under isothermal quasistatic defoomst Based on the first law of
thermodynamics, this model treats the twin boungbeiopagation process as a sequence
of static equilibrium (metastable) states superisegowith dissipative twin boundary
propagation process. The static equilibrium statesmodeled within the framework of
strain energy function with multiple local minimAkeyaratne et al. 2001). The detailed
analysis of the mechanism of twin boundary propagathow that the energy dissipation
results from the ruggedness of strain energy lamscassociated with dislocation
nucleation, gliding, and annihilation during lagticeorientation. The model captures the
major characteristics of the unique behavior dukatttce reorientation and accounts for
the size and temperature effects. The model pied&tshow excellent agreement with

molecular dynamics simulation results.
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6.1 Introduction

As previously discussed, the lattice reorientationvolves two wire
configurations: the <110>/{111} and <100>/{100} dayurations. Although both wire
configurations have the same FCC structure, <11a4/f wires have lower free energy
than <100>/{100} wires because {111} surfaces himweer energies than {100} surfaces
and surface energies dominate the total free ezgeigi nanowires due to the extremely
high surface-to-volume ratios. Consequently, th&0=1{111} wires are more stable and
have been frequently observed in experiments amdpuater simulations (Kondo and
Takayanagi 1997; Rodrigues et al. 2002; Diao e2@D4; Gonzélez et al. 2004; Liang
and Zhou 2005; Liang et al. 2005; Liang and ZhoQ&@®Park and Zimmerman 2006).
Due to the different free energy and stability, eadl these two wire configurations as
two phases in the following discussions. Duringtidat reorientation (or phase
transformation), the two phases coexist, sepatatqzhase interface, which is a coherent
twin boundary. The phase transformation proceedieasvin boundary propagates along
the wire axis.

With regard to modeling of phase transformatiohseyaratne and Vedantam
(2003), Abeyaratne and Knowles (1993), and Abeparaind Kim (1994) presented a
framework based on theory of the strain energytfans with multiple local minima,
with each local energy well corresponding to a phaisvariant of the material. As the
load is varied, the relative stability of each phatanges and the less stable phase
transform into the more stable phase through tbpagation of the phase boundary. The
initiation of the phase transformation is goverigda nucleation condition, and the rate
of transformation or how fast the phase boundappagates is governed by a kinetic
law. In this framework, a thermodynamics drivingd® is defined by the states at the
vicinity of the phase boundary. For example, in-dimeension,

f=w-(s)e (6.1)
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where w denotes the jump of strain energy density acrbesphase boundar)(,s>
denotes the average stress at the vicinity of thees@ boundary, ande denotes the

strain jump across the phase boundary. The kiteticdetermines the relation between

the speed of phase boundam) @nd the driving force{ ), i.e.,

f =7 (v) (6.2)
where thef must satisfy the following inequality of dissipatiassociated with the phase
boundary propagation,

fv3O0. (6.3)
The preceding framework has been successful in Imgdethe martensitic
transformations in bulk SMAs, especially for stgtimblems. However, one difficulty
with the framework is the construction of accursti@in energy functions. Many strain
energy functions can only qualitatively capture tleharacteristics of phase
transformation, but fail to provide a quantitativelccurate model, primarily because of
the restrictive nature of kinematics constraintbéyparatne et al. 2001). Moreover, there
are more difficulties in using the preceding framekvfor dynamic problems, e.g. the
lack of accurate kinetic law and quantitative imf@ation regarding energy dissipation.
Accurate kinetic laws are difficult to obtain besauhey are unrestricted by continuum
theory except having to satisfy the dissipatiomguradity. Usually, lattice-based models
are required to analyze the many factors determirkimetic laws (Abeyaratne and
Knowles 1991). The dissipation inequality only getlhat the energy dissipation must be
greater than zero, but it does not give any quatité information. Nonetheless, the
guasistatic phase transformation process has tanadyzed as dynamic processes

because the driving forcé? 0.

To avoid the difficulties in the analysis of thgndmic processes within the
preceding framework, the present model treats tizsigtatic lattice reorientation process

as a sequence of static states superimposed valiase boundary propagation process

73



based on the first law of thermodynamics. Then éh&go processes are analyzed
independently.

The static phase equilibrium problem is studied dopstrained strain energy
minimization within the preceding framework withotlie necessity of kinetic laws.
Instead of constructing the complete strain enéuggtions over a full 3D strain space,
we only consider the 1D strain energy function leeaof the 1D wire structure and the
1D nature of uniaxial tensile deformations. Morapvee neglect the part of strain energy
function corresponding to the unstable states amlg ose the part of strain energy
functions around the local energy minima, wheresphaare stable. Specifically, we only
consider the strain energy functions correspontbrifpe elastic deformations of the two
pure phases involved in lattice reorientation. €fme, the accurate strain energy
function can be easily obtained from experiment® 8imulations, and even analytical
expressions (discussed later in section 6.2) withldulk and surface elastic constants.
Since the strain energy functions of pure phasesady account for the significant
surface energies in nanowires, the model will aaocally account for the size
dependence of the behavior.

For the twin boundary propagation process, out igo@ quantify the associated
energy dissipation. Since our interest is quaststptocess, we do not attempt to
explicitly calculate the driving force or derive amplicit kinetic law to determine the
relation of the driving force and phase boundagppgating speed. Instead, we study the
source of energy dissipation by analyzing the datcale deformation mechanism in
detail. The analysis reveals that the energy dasisip is due to the ruggedness of energy
landscape associated with dislocation nucleatiompagation, and annihilation.
Moreover, the dissipation energy has a linear imatvith the external strain. The
temperature dependence of energy dissipation © amlyzed in the perspective of

energy barriers for dislocation nucleation.
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The organization of this chapter is as followsctidam 6.2 studies the strain energy
and stability of nanowires. Specifically, the stranergy of nanowires is modeled as the
sum of bulk strain energy and surface free energies dominance of surface energies is
clearly illustrated. We also demonstrate that th&irs energy does not vanish in
unstressed wires and there is a surface-stresdesed compressive stress. In section
6.3, we present the piecewise smooth model witth gaece corresponding to one
deformation stage. Particularly, we focus on thedefiog of quasistatic lattice
reorientation process, which is treated as a smuatfsition between a sequence of
phase-equilibrium states superimposed with a pbasedary propagation process. In
subsection 6.3.3, the static problem is solved bgstrained minimization of strain
energy functions. In section 6.3.4, relation ofrggedissipation with strain is derived the
from the rugged energy landscape associated wdlodadition nucleation, propagation,
and annihilation during lattice reorientation. kcton 6.4, MD simulations are carried
out to verify the model. The model predictions shexcellent agreement with MD
simulations results. Finally, the chapter is codeld in section 6.5 with a summary of

insights.

6.2 Strain Energy in Nanowires

The <110>/{111} and <100>/{100} wire configuratiesnhave different elastic
constants and strain energies during elastic deftbom, although both configurations
have FCC crystalline structure. The strain energfeébese two phases are critical to the
lattice reorientation because the strain energisrohine the relative stability of the two
phases.

Compared to the strain energy of bulk materidls,dtrain energy of nanowires is
not only a function of strains, but also the wiiges. Furthermore, the strain energy of
nanowires does not vanish at zero strain. Thesaapdaracteristics primarily originate

from the large surface-to-volume ratio of nanowires
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Figure 6.1 (a) the strain energy density function and itkland surface components of a
1.9x1.9 nm Cu wire, the reference state is the fonohed bulk lattice, (b) schematic

illustration of the contraction of a wire underfsige stress

We know atoms on or near free surfaces have difteznergies from those in the
bulk because surface atoms experience a diffecaat environment from those in the
bulk of a material. Such surface effects are uguaBignificant and negligible in bulk
materials because the number of surface atomsali sompared to the total number of
atoms. However, these surface effects can be suiadtéor nanowires because of the
extremely large surface-to-volume ratios. For examihe surface-to-volume ratio of a
1.8x1.8 nm nanowire is fQtimes larger than that of a typical macroscopiasile
specimen (Liang and Zhou 2005). The surface eneoggtitutes a significant portion of
the total strain energy of the wire. Taking surfacergies into account, the strain energy
of nanowires can be written in the following for@treitz et al. 1994; Dingreville et al.
2005).

U=uU

+U (6.4)

bulk surface?

76



where U, is the strain energy in the bulk of the wire, aog...is the surface free

rface

energy. Specifically the strain energy for the <4/{011} wire with lateral sized,and

lengthl, (see Figure 5.5(a)) is
UllO = ullO(e) dOZIOSinq-'_ 4g11p (! ( (65)
where u,,,(e) is the strain energy of bulk materials stretchedhie <110> orientation,

g =70.5 is the sharp angle of the rhombic cross-sectam g,,, is the surface energy of

{111} surfaces. Similarly, the strain energy for<a00>/{100} wire with lateral size

d and lengthl (see Figure 5.5(b)) is

U, oo = Uyge(€) d?1 +4 g, | (6.6)
whereu,,(e) is the strain energy of bulk materials stretchrethe <100> orientation and
9. 1S the surface energy of {100} surfaces. Figurk $hows the total strain energy and

its two componentsy,, andU of a of 1.45%1.45 nm <100>/{100} wire. Clearly,

surface”
U, dOminates the total strain energy due to the mahe high surface-to-volume
ratio.

We can also see that the strain energy functi@s dot vanish at zero strain. This
is because the minimum strain energy point, whichresponds to the unstressed self-
equilibrium state, is at a compressive strain (Dendle et al. 2005). The compressive
strain at self-equilibrium state is induced by agd stress in nanowires. Consider a wire
just cutting from a bulk, the wire will contract axis direction and expands in lateral
direction because of tensile surface stresses,hawnsin Figure 6.1(b). The axial
contraction causes a compressive stes# the core of the wire, which is balanced by
the tensile surface stress at equilibrium statdse Tagnitude ofs is inversely
proportional to the lateral size of the wire. Imowire, s is of the order of GPa. In

contrast,s is only on the order of Pascals in bulk matergaid thus is negligible.
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The self-equilibrium straine can be obtained analytically by minimizing the

strain energy in equation (6.4).

u
fle e=é

=0 6.7)
In MD simulations,e can be obtained by simulating a top-down nanofékeication
process, which involves cutting a wire from bulkdarelaxing the wire at a constant
temperature until it reaches the self-equilibriuiates € can then be calculated from the
original length and the length at the self-equilibr state.

e is related to wire size and configurations (wirésaorientation and transverse
surfaces). For the wires of the same configurati®nis smaller in larger wires. For the
wires of the same sizes of <110>/{111} wires is smaller than that of th&G0>/{100}

wires. For example,e equal to 0.02 and 0.04, respectively, for a 1.8xhm

<110>/{111} Cu wire and the corresponding <100>}®ire at 300 K.
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Figure 6.2 The strain energy density functions of a <110>/{fLlahd a <100>/{100}

wires, the reference states are the unstresses stiatorresponding phases, respectively.

In calculatinge , we have used the undeformed bulk lattices asrdference
states to show the axial contraction under surfstoess. However, in the following

discussions, we use the unstressed self-equilibstates of nanowires as the reference
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states of the wires unless otherwise indicatedhWiese reference states, the stress is
zero at zero strain. Moreover, the wire has theimum strain energy at the reference
states. It is important to point out that the aktigin energy values also depend on the
selected ground zero energy state. In this study,ground zero energy state is the
undeformed bulk lattice and strain energy of namesvidoes not equal to zero at the
reference states. As shown in Figure 6.2, therseakergies at the reference states are
2.95 GPa and 3.24 GPa for the <110>/{111} and <1{Q@®} phases, respectively. In
the next section, the constitutive model will berivied based on the strain energy

functions of <110>/{111} and <100>/{100} wires alsa@wvn in Figure 6.2.
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Figure 6.3 A schematic stress-strain curve of a nanowire um#hermal quasi-static

tensile deformation

6.3 Mechanism-based Constitutive Model

As discussed in section chapter 5, the tensileraeftion behavior of wires can
be partitioned into four deformation stages acewydio underlining deformation
mechanisms. We will only discuss the first threaget (till point D in Figure 6.3)
because only their associated deformations arersiéle upon unloading. The
constitutive model is piecewise smooth with eadtceiassociated with a deformation

stages. Particularly, this model focuses on thacéatreorientation because it is this
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unique deformation mechanism that leads to the INBME of metal wires with large
reversible strains. The model will capture thedwaiing major characteristics of unique
tensile behavior due to lattice reorientation (Sigire 6.3):

(1) The elastic deformation of the <110>/{111} phase (8)

(2) Point A indicating the yielding of the <110>/{11phase through the nucleation
of a Shockley partial dislocatios,, is the yielding stress.

(3) The precipitous drop of stress due to the glidihthe partial (A B). This stress
drop also corresponds to the formation of the tbMmundary when the partial
glides across the wire and annihilates on thedustace.

(4) Lattice reorientation from <110> to <100> througtint boundary propagation

(B C), e and ¢ are the strains at the initiation and completiérihe lattice
reorientation, respectively. And_, and s, are the stresses at the initiation and

completion of the lattice reorientation, respedtive

(5) The elastic deformation of the <100>/{100} phase (D)

1-1
ALlO S1100 €110
1 (110 1 |
O L 4 110
'o:o:o"
. 2 N\, 2
2-2 t 3
o
O 5100’ elOU
(100 100
33 1 3
¢ — A100

Figure 6.4 A phase-equilibrium state during lattice reorieiotat
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Before we introduce the model, it is importantctarify the definitions of the
several stresses and strains involved in this amalyhe stress and straine in the
stress-strain curve in Figure 6.3 are the total inemstress and strain with the
assumption that stresses and strains are unifamaghout the wire, although there are
actually two phases coexisting during lattice retation and the stresses and strains are
not necessarily the same in the two phases. Spabtyfi e is the nominal engineering
strain with the initial unstressed <110>/{111} wias the reference state. Heneejs

given by

(6.8)

where d is the total displacement anlj is the length of the initial unstressed
<110>/{111} wire at a given temperature. Duringatefation, the total mechanical work
done by external load is given by

W=V, :s ® (6.9)
Accordingly, the total stress is given by

s=t W (6.10)

V, Te
whereV, is the initial volume of the unstressed <110>/{1iMre.
In the following discussions, we also need to adersthe local stresses (, and
S,0) and strains €,, and g,) in the <110>/{111} and <100>/{100} phases,
respectively, as shown in Figure 6.4. Specifically,, and g, are engineering strains
with the reference states being the unstressed>{lllld} and <100>/{100} phases,

respectively. Ands,,, and s, are given by

Si0= jullo , and (6.11)

10

81



— d l'&OO
100 I % ( )

6.3.1 Elastic Deformation of <110>/{111} Phase

Initially, the wire is in a single <110>/{111} pka state. Upon tensile loading, the
<110>/{111} wire first go through elastic deformani (Segment OA in Figure 6.3) and

all the input mechanical work is stored as straiergy U,,,) in the wire, i.,eU,,,=W.

Substitutingu,,, into equation (6.10) yields the stress straintiaa

- =iﬂunozﬂuno 6.13
S =510 Vv, fe qe 13)

whereu,,, is the strain energy density function in Figur2. 6.

!

Figure 6.5 Two separated portions of a wire showing a modealalgulate the resolved

shear stresss is the external loading stressf is the angle between the loading

direction and the normal to the {111} slip plang, is the angle between the loading
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direction and thg¢112] slip direction for Shockley partial dislocatiomda/, is the angle

between the loading direction and fhe 0] slip direction for full dislocation.

6.3.2 Dislocation Nucleation at the Initiation of lattice Reorientation

The lattice reorientation begins when the <1102#1wire reaches its elastic
limit at e, as shown in Figure 6.3. Beyor, a single dislocation is emitted and glides
across the wire, forming a coherent twin bound@herefore, the initiation of the lattice
reorientation is essentially the same as the tiotiaof plasticity because both processes
involve defect nucleation.

The dislocation nucleation in nanowires is hetermgpus because wires have
large free surface-to-volume ratio and sharp iat@t edges due to the rhombic cross-
section shape (Dumitrica et al. 2006). Various asdeers have shown that that the
lowest energy barrier for the nucleation of distamas corresponds to a path that initiates
from the free surface with or without defects (Traset al. 2002). Particularly, the four
interfacet edges are the most probable nucleattes because of the weak bonding of
atoms. Consider a {111} slip plane shown in Figére. Vertices A and A’ are the likely

nucleation sites foe(111) [112]Shockley partial dislocations because the long atiay
AA’ coincides with the[112]slip direction. Similarly, Vertices B and B’ areethikely
nucleation sites fof111) [110] full dislocations because the short diagonal B&hcides

with [110] slip direction. Using critical resolved shear s§e(CRSS) criterion, we
demonstrate that partial dislocation slip is maeofable than the full dislocation slip.
Specifically, we know that the resolved shear st{&SS) is given by

RSS=s,cos cas (6)14
where s, is the local stress at the nucleation sites, eosf cos is the Schmid factor.

The Schmid factor fof111) [110] slip system equals to zero because the loadiegtitn

[12 is perpendicular to the slip directidl0], i.e. / =90 , as shown in Figure 6.5. This
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makes the activation oft11)[110] slip systems highly unlikely. At the same timee th
Schmid factor for(111)[112]is 0.43 with /=353 and / =53. Moreover, the local
stressess, at vertices A and A’ is higher than that at vedid® and B’ because of the

more atoms at vertices A and A’ constitutes a waadt because of lower coordination

numbers due to sharper angles. Consequefitlyl) [112] is more favored for nucleation,

which leads to a twinning deformation mechanism.
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Figure 6.6 Size and temperature dependence of yield stsgsqa) the variation of_,

o

with wire size, (b) the variation of , with temperature
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The partial dislocation nucleates when the locaBRit the nucleation site exceeds
the CRSS. At the given temperature, the CRSS os#ime slip systems are independent
of wire sizes. Therefore, the local stressest the nucleation sites are identical for wires
of different sizes at the yield point. Howevet,does not equal to the yield stresg,
which is the overall stress averaged over the whiass-sectional area. Whike are the
same for wires of different sizes,, decreases with increasing wire size, as shown in
Figure 6.6(a).

In addition to the wire size dependence, varioasearchers have shown
dislocation nucleation is also a kinetic processictvhhas rate and temperature
dependence (Schuh et al. 2005). The rate effecbeameglected here because we only
consider quasistatic processes, i.e., the timeffciently long. Suppose the nucleation

of a dislocation that requires an activation eneggywhich is closely related to the

unstable stacking fault energy. This energy baicar be lowered through mechanical
work, or be overcome by an appropriate thermaltdiaiton, or a combination of both.
The probability of such an event in a given voluohenaterial is written as (Schuh et al.

2005)

u,-sv
KT

n=rn, *exp : ®)1

where the attempt frequency for the eventjiger unit volume, the mechanical work is

equal to a stress acting on an activation volumg, and the thermal energy is
Boltzmann’s constantk multiplied by temperaturer . Clearly, thermal fluctuation
facilitates dislocation nucleation, and less meatamwork is necessitated for dislocation
nucleation at higher temperature. Therefore, theddiig stresses are lower at higher
temperatures, as shown in Figure 6.6(b).

After yielding, the stress drops precipitously &gge of the energy dissipation and

stress relaxation associated with the dislocatianleation, as shown in Figure 6.3.
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Meanwhile, the dislocation moves along the {111a4n® across the wire and forms a
twin boundary. Subsequently, the wire enters a@legsilibrium state at Point B, which

will be discussed in the next section.

6.3.3 Strain Energy Minimization during Lattice Reaientation

During lattice reorientation, the <110>/{111} ard00>/{100} phases coexist in
the wire, separated by a coherent twin boundaryrinQuthe deformation, the
<110>/{111} phase progressively transform into <3Q@00} phase as the twin
boundary sweeps through the wire length. The Httieorientation is a dissipative
process even under the condition of the isothequasistatic deformation. In this study,
the lattice reorientation process is decomposeal anteversible part and an irreversible
part. For the reversible part, we assume the wiresghrough a sequence of phase-
equilibrium statessmoothly The corresponding part of the input mechanicatkwie
stored as strain energy in the wire as one phassfarm into another. Nonetheless, the
actual transitions between equilibrium states aresmooth because there are barriers
associated with lattice-scale defect nucleatioaciassed later). Hence, the twin boundary
propagation has serrated strain energy landscagie latal peaks corresponding to
unstable states and local minima corresponding étastable phase-equilibrium states.
The wire is periodically brought to unstable stated then settles in the metastable states
after overcoming the barrier. Meanwhile, the radapart of input work is dissipated to
maintain constant temperatures. Applying the fagt of thermodynamics, we have

W =DU +Q (6.16)
whereW is the total input mechanical work) is the energy dissipation associated with
the irreversible proces®U is the increase of strain energy, and

DU =U -U,, (6.17)
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whereU is the strain energy at the phase-equilibriumestiairing deformation, and,

is the initial strain energy of the unstressed <1{ 1} wire. From equation (6.10) and

(6.16), we have
S=— —L+—= =5,15 0 (6.18)

where s, is the stress component associated with phasébegun states. It is
determined by the elastic properties of the twospeaSpecifically,

_19(BV) _ 19(U-Uo) _ 19U
Vv, Te V, Te v, Te’

(6.19)

0

Sassp 1S the stress components associated with enesgypdtion due to twin boundary
propagation . It is given by

s =+1Q
dissip VO ﬂe '

(6.20)

In the following discussions, the reversible andeversible parts of the Iattice

reorientation will be investigated individually.rBi, the governing equation for a single
phase-equilibrium state will be derived based andbnstrained minimization of strain

energies. The reversible smooth transition is abthi by solving these governing

equations for a series of phase-equilibrium steesond, the source and quantification

of energy dissipation will be investigated based andetailed analysis of the

transformation mechanism and the associated etenggcape.

6.3.3.1 Smooth Transition of Phase-equilibrium &tat

1. Kinematics
Consider any given phase-equilibrium state cornedpg to a nominal straie, the two
coexisting phases are separated by a twin boundarghown in Figure 6.4. Each phase

is elastically stretched. Therefore, the followfredd equations are satisfied.
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e =(jj—q in each phase, (6.21)
X

u"=u atthe twin boundary. (6.22)

where ¢ is the strain in each phase, i.e.,, and g,,in <110>/{111} and <100>/{100}

phases, respectively” and u™ denote the limiting values of displacements ontthie
interface, the limits being taken from either safethe interface. Equations (6.21) and
(6.22) essentially point out that the displacemisntontinuous within each phase and
across the twin interface, but the elastic strairesnot necessarily the same in the two
phases. Generally, there is a strain jump acr@ssatim interface.

It is important to point out that the total strai includes not only the

contributions from the elastic strain in each phdsg, and g,), but also the

transformation straind, ) due to phase transformation. Specifically,

e=| %  and (6.23)

IO

I :|110 + 100 (6.24)
where |, is the initial total length of the stress-free 824111} wire, | is the current
length of the wire,l,, and I, are the current length of the <110>/{111} and

<100>/{100} phases corresponding to the total na@hmstrain e, respectively. At the

same time,
0 =1 1010 (1+ 9110) 45)
100 =1 2)0 (1+ eloo) .46)
where |° and I? are the lengths of the <110>/{111} and <100>/{10@Rases at their

unstressed states, respectively. Another conditieeded to be satisfied during lattice

reorientation is that the sum of the lengths ofuhtransformed <110>/{111} phase and
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the transformed <110>/{111} phase must equal to tb&l length of the initial

undeformed wire, i.e.,

0

|O + 100 =|0 ZB)
110 1+ etr

where g, =0.41 is the transformation strain associated with #tgcle reorientation. It is

0

the same as_,,,., ;> discussed in section 5.% is the length of the transformed
€

tr

<110>/{111} phase calculated from the length of theresponding <100>/{100} phase.

2. Force balance

At phase-equilibrium states, the stresses in e ghases satisfy the following

equations:
ds, .
d—' =0 in each phase, and (6.28)
X
S110A10=5 101 at the phase boundary. (6.29)

where s, is the stress in each phase, i.8,, and s,,in the <110>/{111} and
<100>/{100} phases, respectively,, is the area of the rhombic cross-section of the
<110>/{111} phase, and\, is the area of the square cross-section of th@>{D00}

phase. Equations (6.28) and (6.29) point out thatforce is continuous within each
phase and across the twin interface. The stresmiferm within each phase but not
continuous across the twin interface because th&seectional areas of the two phases

are not the same. Specificallgy,, > A,

3. Constrained strain energy minimization

In energy and variation method, a system at thaliequm state has the
minimum strain energy. Therefore, we can obtainpth@se equilibrium states of the wire

by minimizing the total strain energy, with the @eding force balance and kinematics
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equations being satisfied. Specifically, the tstahin energy of the wire is composed of

the strain energy of each phase and the interfaee)g.
U = Vizo ullo(ello) dV+ Voo ulOO( elO() dV+ Uinterfa( (630)
The strain energy associated with the twin interfexcessentially constant because the

configuration of the coherent twin interface rensdine same during lattice reorientation.

Therefore, the twin interface energy does not attee strain energy minimization.
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Figure 6.7 Phase equilibrium illustrated by common tangentstmction

The constrained energy minimization problem canllostrated by a common
tangent construction between the strain energyiyeiosictions of the <110>/{111} and
<100>/{100} phases in Figure 6.7, respectively. Taegent points A and B, sharing the
comment tangen, have the same stress states beélcauargents of strain energy density
functions give the stresses at the correspondimgeta points. Therefore, points A and B
satisfy the force balance condition, while havihg tninimum strain energies under the
force balance constraints. Consequently, thesetévgent points represent the phase-
equilibrium states in a binary phase system. Nio& in order to compare the forces in
the two phases, the strain energy density funaforil00>/{100} phase is normalized by

the cross-sectional area to account for the diffezén cross-sectional areas.
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Figure 6.8 The variation of length fractions of the <110>/{}Hhd <100>/{100} phases

during lattice reorientation

Solving the constrained energy minimization praoisedefined by equation (5.4)-
(6.30) numerically, we obtain the elastic stregsgg, and s,,,), strains €, and g,),
and the length fraction,(,/1 andl,,/l ) of the two phases. Specifically, the stresses and
strains of the two phases are constant duringdatgorientation, which can also be seen
from the common tangent construction in Figure @GRerefore, the elongation during
lattice reorientation solely proceeds with the aaoin of the length fractions of the two
phases, as shown in Figure 6.8. In addition, thgtkefractions also clearly depict three
deformation stages:

(1) Initial elastic deformation of single-phase <1¥a%4} wire (0~¢): I,/ =1
and |/l =0. Note that actual elastic limit is net shown in Figure 6.8, which is
predicted by the preceding governing equationgf@ase-equilibrium states. It is
because at the yield point, the wire is not at quildrium state but a unstable
state. Instead, the actual yield stranis predicted by the dislocation nucleation
model described in section 6.3.2.

(2) Lattice reorientation  ~¢): 1.,/ decreases whild,,/I increases with the

progress of transformation. The total nominal strai the completion of lattice
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reorientation g ) corresponds to the state whiep/I is reduced to zero (point C
in Figure 6.3).
(3) Elastic deformation of single-phase <100>/{100}revi(e ~): I,,,/1 =0, or

Lo/l =1.

100

4. The stress compones},

With the local stresses obtained from the constchiminimization of strain energies, the

stress componerg, can be derived from the definition by equatiori9y. Specifically,
substituting equation (6.30) into equation (6.189,obtain the stress componen, i.e.,

11y
Vv, Te
19

= & ~ (Vlloullo + V100u 1oo+ U interfac)e

v, Te
1 du,, Te du . Te

=V, U0 110+V100 100 ' ©100
V de,, Te dg, Te

VllO TIellO S + VlOOﬂeloo
Vo ﬂé" 110 VO ﬂe 100

(6.31)

whereV, = A, |, is the initial total volume of the wirey,,, = A, and V,,, = Al

are the volumes of the <110>/{111} and <100>/{1Qfases at the unstressed states,

and consider a infinitesimal deformation

respectively. In order to calcula fiio ﬂ;loo
e

of de. The total deformation is the sum of the defororabf the two phases, therefore,
(150 +1 S0)d € =106l €15+ 58 €5 (6.32)

Also, two phases must satisfy force balance equd6a29), which can be rewritten in

the following form,

ds
dellllz lOAilO dell;);) delOOA10( (633)

Solve equations (6.31), (6.32), and (6.33), weiabta
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SO:/IIS 1104 ‘?OO 101

where
0 0 0
— I110 |110+I 100
110
lo 10 4+ A ds 10 / &5 100 |0
110 100
AlOO dellO delOO
and
0 0 0
— I100 |110+I 100

100 —

de.I.OO de_l.lO He AlOO 0

At the initiation of lattice reorientation,

12, =l,and I},=0
Substituting into equations (6.35) and (6.36) \seld

/,,=1and/,,=0.
Therefore,

Sy =S5 110-
Similarly, at the completion of lattice reorientati
12, =0 andly, =l,(1+e,).
Substituting into equations (6.35) and (6.36) \seld
/110=0, and/ oo =(14e ) (A Ay -

Therefore,

S¢ = (1+etr)(pioo/ 'Allo)s 10C*

IO dleO CBllO IO + AllO |0

(6.34)

(6.35)

(6.36)

(6.37)

(6.38)

(6.39)

(6.40)

(6.41)

(6.42)

From equation (6.29)s,,,<S ,,, becausé,, > A,. Therefore,s, has the minimum

value s,,, at the initiation of lattice reorientation, and Xxmaum value

(1+&,)( Ao/ Awo) S1oc at the completion of lattice reorientation. Duritige lattice

reorientation, s, increases gradually as the low stress phase nsftraned into high
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stress phase. As will be discussed in the nextestibs, stress component,  is

constant during lattice reorientation. Therefohe, total stress increases slowly during

lattice reorientation.

I11n
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A
g\ NN
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Figure 6.9 Twin boundary propagation through dislocation natte, gliding, and
annihilation, (a) a side view of details of the {}1twin boundary and the

{113 <112>Shockley partial dislocation, (b) a perpendicul@wof the same {111} twin

boundary and the gliding partial dislocation

6.3.3.2 Energy Dissipation

The smooth transition between phase-equilibriuratest discussed in the
preceding subsection is an ideal process, whidimasmodynamically fully reversible
without energy dissipation. Nonetheless, the adiatiice reorientation is a dissipative
process, no matter how slow the transformation isat&he energy dissipation is due to
the ruggedness of the energy landscape duringdattiorientation, which is associated
with the lattice-scale defects nucleation (Trusksky and Vainchtein 2003, 2004;

Vainchtein and Rosakis 1999; Puglisi and Truskikgv2002). Therefore, it is important
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to study the detailed lattice-scale transformatmechanism during twin boundary

propagation and the associated energy landscape.
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Figure 6.10 (a) the serrated strain energy density curve of9%x11.96 Cu nanowire

during lattice reorientation, the local peakk correspond to the instability upon
nucleation of partial dislocation, and the localnima U, correspond to phase

equilibrium states, (b) the step-wise energy detsyn curve

During lattice reorientation, the twin boundary pagates along the wire axis
because the atoms on one side go through sheam@dfon relative to atoms on the

other side. However, atoms on one side do not stiearltaneous because the energy
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barrier for such a uniform motion is too high. bed, the shear deformation proceeds

through sequential nucleation, gliding, and anatioh of 1<112> Shockley partial

dislocations (Abeyaratne and Vedantam 2003), asnsho Figure 6.9. Due to the energy

barriers for dislocation nucleation, the strainrggefunction has a serrated shape with
local peaks ¢ ) corresponding to unstable states and local mirfimpcorresponding to

metastable states. During lattice reorientatioa,wire is periodically brought to unstable
states and then settles in the metastable stas¥soabrcoming the barrier. Specifically,

consider a phase equilibrium state correspondirigdal minimum at Pointy, in Figure

6.10(a). At this state, the twin interface is aonaitally smooth {111} plane. The twin
boundary propagates in a “stick-slip” manner désadibelow (Vainchtein and Rosakis
1999):
(1) Elastic stretching the strain energy increases along cutyeg as the wire is
stretched.
(2) Dislocation nucleation the wire reaches instability when the strain ggper

increases to a local energy peak at paipt A partial dislocation is then

nucleated from one sharp edge (point A in Figui® @n the atomic plane
adjacent to the twin plane. The atoms at the ntioleasite have lower
coordination numbers and thus constitute a weakfspdislocation nucleation.
(3) Dislocation gliding after the dislocation is nucleated, the dislanatine (DD’)
forms a step on the twin interface. Hence the thoandary is not atomically
smooth any more. The dislocation step line glidesgthe long diagonal from
point A to A’. Meanwhile, the lattice is relaxed dathe strain energy drops

precipitously along strain energy curugy, .

(4) Dislocation annihilation the partial dislocation annihilates when it resglihe
sharp edge (indicated by A’ in Figure 6.9) on thkeo side. So far, the twin

boundary has advanced an interplanar distance eomities atomically smooth
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again. Meanwhile, the wire reaches another metastatiase-equilibrium state

with local strain energy minimum at poiat.
As the wire is further stretched, the process desdrin step (1)-(4) repeats itself. At
each cycle, the wire is brought to an unstablesdi@tough elastic stretching and then
settles in a local metastable phase-equilibriuntesthrough dislocation nucleation,
gliding, and annihilation. At the same time, thentmterface advances by an inter-planar
distance between two {111} planes. Consequentlg, gtrain energy curve exhibits a
serrated shape with local mininea corresponding to metastable states and local neaxim
u corresponding to unstable states. It is importantdint out that dotted line in Figure
6.10(a) illustrates the reversible smooth transitipath between metastable states
governed by the equations in preceding subsecti@B.6. On the other hand, the
serrated strain energy density curve shows theabctiange of strain energy density
during lattice reorientation. Each time when aatiation is nucleated and glides across

the wire, the strain energy drops precipitouslyrfrthe local maximumu, to minimum

u, and the strain energy differenati=u - y is dissipated through heat transfer or

acoustic waves. During the elastic stretching diesdrin step (1), all input energy is
stored as strain energy of the wire and there isemergy dissipation. Therefore, the
energy dissipation shows a stepwise increase wlstrain, as shown in Figure 6.10(b).
Without considering the thermal fluctuatiomjuis essentially constant because the
energy barriers for dislocation nucleation are #w@me during lattice orientation.
Therefore, the total dissipation energy is given by
Q=V,ndu. 48)

where n is the number of cycles of the dislocation adegtdescribed in step (1)-(4).
The stepwise change of dissipatiQh can also be approximated by a straight line (the

dotted line in Figure 6.10(b)), which is given by
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n-0.50u, e (6.44)
de de

Q=\,

where de is the strain corresponding to one cycle of d@lmn nucleation and
annihilation described in step (1)-(4). It is eg&dly constant. Substituting equation

(6.44) into (6.20), we have

Sdissip = % (645)

0 100 200 300 400
Temperature (K)

Figure 6.11The variation ofs ., with temperatures

Therefore, s, ,Femains constant throughout the lattice reoriemmabecause botlau
and de are essentially constant. Moreovey,,, is proportional t@u, which is closely

related to the energy barrier for dislocation natta, similar to what is described in
subsection 6.3.2. The difference is that dislocaticleation discussed in subsection
6.3.2 is associated with thermation of twin interface and is nucleated from a perfect
crystal without initial defects. In contrast, thesldcation nucleation here is associated
with the propagationof the twin interface and is nucleated near astayg defect, i.e.,
the twin interface. Therefore, the latter has adowhe energy barrier, but there is a
similar temperature effect. From equation (6.1&3sImechanical work is necessitated for

dislocation nucleation at higher temperatures beeahermal fluctuations facilitate to
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overcome energy barrier. Therefomand s, are smaller at higher temperatures, as

shown in Figure 6.11. This indicates less mechamicek is necessitated to move the

twin interface at higher temperatures.

6.3.4 Elastic Deformation of <100>/{100} Phase

At the completion of the lattice reorientatione thvire is transformed into a single
<100>/{100} phase. The subsequent deformation re lastic deformation without any

energy dissipation. Therefore, all the input meatawork is stored in the wire as strain

energy, i.e.,
W=U,,. (6.46)
From equation (6.10) and (6.46), the stress stedation is given by
S _iﬂuloo - TIL'llOO (647)

Vo Tae  Teg
where u,,, is the strain energy density of single-phase <104} wires in Figure 6.2,
e,, IS the strain with the reference state being thstrassed <100>/{100} phase. As

previously mentioned, the reference state for namistrain e is the unstressed
<110>/{111} phase. We know that if the length oé thnstressed <110>/{111} phase is

IO
1107

then the length of corresponding <100>/{100} phas I, (1+e,). Hence,
consideringe= e at the beginning of the elastic deformation of 848100} wire, the
relation betweere and e, is given by

e=¢g+ g1+ ¢) 8)4
So far, we have obtained the stress-strain relafoonall three deformation stages
including the pure elastic deformations of <1102/} and <100>/{100} phases and the
lattice reorientation in between. Putting them tbge we obtain a complete piecewise
smooth model for the stress-strain behavior of heaowires under the conditions of

isothermal quasistatic tensile deformations.

99



6.4 Comparison to MD Simulations

6.4.1 MD Simulation Methods

The application of the preceding continuum modsjuires the strain energy
density functions for <110>/{111} and <100>/{100bge phases as inputs. These strain
energy functions can be obtained by either MD satiohs or analytical method
described in section 6.2, providing the bulk andase elastic constants are known. Here
the strain energy density functions are obtainedpé&forming elastic deformations in
MD simulations. Specifically, two unit cells areeated out of perfect bulk lattice with
the same cross-sections as the corresponding plegsdical boundary conditions are
applied in the axial directions only. First, theitucells are relaxed under constant zero
pressure conditions. Due to the tensile surfacesstrthe unit cells contract in axial
direction and reaches self-equilibrium states, msudsed in section 6.2. Then the
previously described displacement-controlled tenkibding is applied on the unit cells
until yielding occurs. Suppose there axe atoms in a unit cell and the total internal

energy of unit cell obtained from MD simulationsUs at a given temperature, and the
total energy per atom in the bulk i at the same temperature. Then the total strain

energy of the unit cell can be calculated by

U=U, - NU, (6.49)
Applying equation (6.49) at each step, we can alitae strain energy functions for the
<110>/{111} and <100>/{100} pure phases within tlastic regime.

With the strain energy functions, we can then wyppé continuum model. The
model predictions are compared to the stress-sbairaviors of Cu nanowires under
isothermal quasistatic tensile deformation obtaifredn MD simulations. The model
predictions show excellent agreement with MD siriafaresults. They not only capture
the major characteristics of the unique behaviog t lattice reorientation, but also

account for size and temperature effects of thewieh
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6.4.2 Temperature Effects
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Figure 6.12 The elastic behaviors of single-phase <110>/{11a$i &100>/{100} Cu
wires with lateral size of 1.96x1.96 nm at tempaes of 100 K, 200 K, and 300 K,

respectively, (a) the strain energy density fumdiat different temperatures, (b) the

The elastic behaviors of single-phase wires argergmlly independent of
temperatures. As shown in Figure 6.12, the stragrgy density functions and stress-

strain curves essentially coincide with each othénin the considered temperature range



(100 — 300 K). However, MD simulation results shiattice reorientation is temperature

dependent. Specifically, both the yield stresg the stress during lattice reorientation

decreases with increasing temperatures. This teanpereffect can be explained by the

model.
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Figure 6.13 Temperature effects: (a) the stress-strain behsavidra 1.96x1.96 nm
<110>/{111} Cu wire at temperatures of 100 K, 20Qid 300 K obtained from MD
simulations, figures (b), (c), and (d) show the pansons of the MD simulation results
with the model predictions at T = 100 K, 200K, &t K, respectively.

As discussed previously, the stress during lattex@ientation consists of two

componentss,, associated with the phase equilibrium states sd, associated with

energy dissipation. As discussed in subsectior8d.3s, is primarily determined by the

elastic behaviors of the two pure phases. Thergfibres essentially independent of
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temperatures (see Table 6.1) because the eladhavioes of the pure phases are
essentially identical at different temperatures.

The temperature effect is primarily due to theiateon of s, with
temperatures. Specificallys ;, is smaller at higher temperatures because thermal

fluctuations facilitate to overcome the energy tearfor dislocation nucleation. For the
same reason, the yield stress is lower at highepeeatures. As shown in Figure 6.13,
the model prediction capture the temperature eHeadt are in excellent agreement with

MD results at different temperatures.

Table 6.1 Continuum model parameters for a 1.96x1.96 nm Chowae at different

temperatures

Temperature e Se €10 S110 [ €00 S100 | Sdissip

(GPa) (GPa) (GPa) | (GPa)
100K | 0.073] 6.62| 0.01191.82 046 0.0322 229 09
200K | 0.061 6.01] 0.0112 1.80 @ 0.457| 0.0306 2.26 0.8
300K | 0.059| 5.41| 0.0116 1.81 | 0.459| 0.0317 2.29 0.6

6.4.3 Size Effects

Due to the higher surface-to-volume ratios, smali&res have higher strain
energy densities, as shown in Figure 6.14(a). Rersdame reason, smaller wires are
stiffer than larger wires, which can be seen frdma stress-strain relations in Figure
6.14(b). The results of MD simulations regardingg#-phase wires are consistent with
results of experiments and first principle calcolas (Dingreville et al. 2005). Similarly,
there are significant size effects in the behawbr<110>/{111} wires with lattice

reorientation. Specifically, both the yield stress, and the stresses during lattice

reorientation decrease with increasing wire siz® $able 6.2 and Figure 6.15. The
model predictions show excellent agreement with BlBulation results for wires of

different sizes. Moreover, it also helps to explatny the behavior is size-dependent.
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Figure 6.14 The elastic behaviors of single-phase <110>/{114# &100>/{100} Cu
wires of different sizes T=300 K, (a) the strairemegy density functions, (b) the stress-

strain relations
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Figure 6.15 Size effects: (a) the stress-strain behaviors df0x1{111} Cu wires of
different sizes at T=300 K obtained from MD simidas, figures (b) and (c) and figure
(d) show the comparisons of the MD simulation resswlith the model predictions for

wires of sizes of 1.52x1.52, 1.96x1.96, and 2.44k2m, respectively.
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First,s,, is closely related to CRSS for the nucleation loé ffirst partial

dislocation. Since the activated slip systems deatical in wires of all sizes, the CRSS
should be independent of wire size at a given teatpee. Therefore, the local yield

stresss, at the nucleation sites should be independent i sizes. Howevers, is not
the same as_,, which is the overall stress averaged over thelevbmss-section at the
yield point. Therefore, for the samg s, is higher in smaller wires because the stress

concentration area constitutes a larger portiain@total cross-sectional area.

Table 6.2Continuum model parameters for Cu wires of difféigres at T = 300 K

Wire size €, Sso €10 S110 & €00 S100 S dissip

(nm) (GPa) (GPa) (GPa) | (GPa)
1.52x1.52| 0.059 6.52 0.01122.20 | 0.459 0.0322 2.68 1.3
1.96x1.96  0.059 5.41 0.01161.81 | 0.459 0.0317 2.29 | 0.7
2.41x2.41| 0.052 460 0.00881.35 0.449| 0.0247 1.74 0.6

Second, the stress componeantat phase-equilibrium is primarily determined by

the elastic properties of the single-phase wiresiceS both <110>/{111} and

<100>/{100} single-phase wires are stiffer at smalizes,s, is higher in smaller wires.
On the other hand, according to equation (6.43),,is proportionaldu = aU/V, , where

aU is the unit energy dissipation induced by a sindlslocation nucleation and

annihilation. SinceaU is essentially identical in wires of different &&z s, is
inversely proportional to the wire volume. Hengg, is higher in smaller wires due to

smaller volumes. Therefore, the stress during ciattreorientation decreases with

increasing wire sizes because both componsptand s, decrease with increasing

wire sizes.
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6.5 Chapter Summary and Insights

A continuum model is developed to characterizeuhigue behavior of single-
crystalline FCC metal nanowires under isothermaisggiatic tensile deformation. This
model focuses on the unique lattice reorientatiomcgss, which is responsible for a
shape memory behavior. The lattice reorientatiotiates when the <110>/{111} wire
reaches its elastic limit and a dislocation is eatdd. There are two competing slip
systems under the loading condition: {111}<110> afid1}<112> slip systems,
associated with the nucleation of full dislocatiand Shockley partial dislocation,
respectively. A CRSS analysis shows that the {111> slip systems is more favored.
First, {111}<112> slip systems has higher Schmictda. Particularly, the Schmid factor
for the {111}<110> slip system is zero becauseltagling direction is perpendicular to
the slip direction. Second, atoms at the shargerfactet edges constitute a weaker spot
for the nucleation of partial dislocation. Afteethucleation, the partial dislocation glides
across the wire and forms a coherent twin interfaeparating the <110>/{111} phase
and the new <100>/{100} phase. The twin interfawent propagates along the wire axis
as the lattice reorientation proceeds.

Based on the first law of thermodynamics, theidatreorientation process is
divided into two parts: a reversible smooth traositbetween metastable phase-
equilibrium states superimposed with an irreveesibtissipative twin boundary
propagation process. These two parts are studiaddually.

The smooth transition between static metastalatestis modeled using strain
energy functions with multiple local minima. Spezally, at any given strain, the wire
adopts the configuration with minimum strain enewgyile the kinematics constraints
and force balance are satisfied. Numerical reshitsv that the stress and strain states in
either phase are constant during lattice reoriemtatHence, the elongation of the wire is
solely accommodated by the transformation from <Ifild1} to <100>/{100} phase.

The force is continuous within each phase and adfws phase interface. However, the
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stresses in the two phases are not the same bexfaiirsedifferent cross-sectional areas.
The slow increase of total stress during latticeriemtation is due to the increase of
volume fraction of the high stress phase.

The dissipative nature of the twin boundary pratimep is due to the ruggedness
of strain energy curves associated with dislocatioaleation, gliding, and annihilation.
Specifically, each time a dislocation is nucleated annihilated, the difference in the
strain energies between the unstable state ande pd@dlibrium state is dissipated.
Furthermore, the dissipation energy increases ptiopally to the total strain. Therefore
the stress component associated with dissipati@onstant at a given temperature. Its
magnitude is lower at higher temperatures becabtwemtl fluctuations facilitate
dislocation nucleation.

The model predictions show excellent agreemenh WID simulation results.
They capture the major characteristics of the umioehavior due to lattice reorientation
and account for the size and temperature depend@hectemperature dependence is
primarily because thermal fluctuations facilitate dvercome the energy barriers for
dislocation nucleation. Therefore, the vyield stremsd the stress during lattice
reorientation decrease with increasing temperaturbe size dependence of yield and
lattice reorientation is primarily because the &talsehaviors of single-phase wires are
size dependent. For both the <110>/{111} and th@®=1{100} wires, smaller wires are
stiffer. Therefore, the yield stress and the sttesgng lattice reorientation decrease with

increasing wire sizes.
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CHAPTER 7 CONCLUSIONS

This research focuses on the characterizatiorhefstructure and mechanical
behavior of metal nanowires. Molecular dynamicsuations with EAM interatomic
potentials have been carried out. A novel SME aswlidoelastic behavior are discovered
in single-crystalline FCC metal (Cu and Ni) nan@sir Upon tensile loading and
unloading, these wires can recover elongationgdbib0%, well beyond the recoverable
strains of 5-8% typical for most bulk SMAs. ResutiE atomistic simulations and
evidences from experiments show that this phenomemdy exists at the nanometer
scale and is associated with a reversible latecgientation driven by the high surface-
stress-induced internal stresses at the nanoSdatenovel SME exists over a wide range
of temperature and is associated with responsestiare the order of nanoseconds,
making the nanowires attractive functional compdsefor a new generation of
biosensors, transducers, and interconnects in NEMS

It is found that not all metal wires show shapemogy. Only FCC metals with
high twinnability (such as Cu, Ni, and Au) show phanemory. On the other hand, FCC
metals with low twinnability (such as Al) do notosth shape memory. Au wires show a
transition of behavior from pseudoelasticity at lo@mperatures to plasticity at high
temperatures. The difference in behavior amongsnofedifferent materials is due to two
competing deformation mechanisms, i.e., twinnind ahp. Specifically, pseudoelastic
behavior of Cu and Ni wires is associated with\aersible lattice reorientation through
twinning. On the other hand, the irreversible tiengieformation of Al wires is due to
crystalline slip. The transitional behavior of Aur@s is due to a change in deformation
mechanism from twinning at low temperatures to atipigh temperatures.

The novel shape memory behavior only exists atntmgoscale but not in bulk

metals. This explains why this novel has not beisnodered before because extensive
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research on nanowires just started about a decpdé his size effect is primarily due to
three reasons: (i) the small size scales in FCCalsmahake twinning the favored
deformation mechanism, (ii) only at the nanoscéie, surface-stress-induced internal
compressive stress is high enough to initiate atsp@ous lattice reorientation without
external influence, and (iii) the reversibility thfe lattice reorientation process is derived
from the unique 1D structure of the nanowires. Asirt lateral dimensions increase,
nanowires become 3D structures. Under such conditiothe interaction and
entanglement of twin planes transform the wires pulycrystals and ultimately preclude
the occurrence of the lattice reorientation whi&khie mechanism for the pseudoelasticity
at the nanoscale.

Under tensile loading, wires with <110>/{111} camdirations transform into a
new <100>/{100} configuration through a lattice remtation process. A temperature-
dependent spontaneous lattice reorientation enakbless in the <100>/{100}
configuration to revert to the <110>/{111} configwion through heating. This
temperature effect leads to an SME in Cu wiresiandu wires at lower temperatures.
Specifically, the <110>/{111} configuration is morstable than the <100>/{100}
configuration primarily because {111} surfaces havl®wer surface energy than that of
{100} surfaces. Driven by the high surface-stresddiced internal stresses at the
nanoscale, {100} surfaces spontaneously reconsint@iower energy {111} surfaces as
part of the lattice reorientation process to lotiner overall free energy. This spontaneous
process only occurs above a critical temperatucadme sufficient thermal energy is

required to overcome the energy barrier for initigtthe process. For each material, the
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critical temperature increases with wire size beeahe driving force is smaller in larger
wires and hence a higher amount of thermal energgeded.

A micromechanical continuum model is developed tfg unique stress-strain
behavior of nanowires during quasistatic tensiladlng. In the model, the lattice
reorientation process is treated as a reversibleogmtransition between phase-
equilibrium states superimposed with a dissipatve boundary propagation process.
Specifically, the smooth transition between statietastable states is modeled using
strain energy functions with multiple local minimiag., at any given strain, the wire
adopts the configuration with minimum strain enexgyile the kinematics constraints
and force balance are satisfied. It is also ilhtsw that the dissipative nature of twin
boundary propagation is due to the ruggednessraisenergy curves associated with
dislocation nucleation, gliding, and annihilatid®pecifically, each time a dislocation is
nucleated and annihilated, the strain energy diffee between the unstable state upon
nucleation and phase equilibrium state after atatibh is dissipated through heat
transfer. Furthermore, the dissipation energy dggdnincreases with proportion to the
strain. Hence, the stress component associatedgsipation is constant throughout the
lattice reorientation process at a given tempeeatlihe model captures the major
characteristics of the novel behavior and accouots the size and temperature
dependence, yielding results which are in excell@gteement with MD simulation
results.

This research has focused on the analysis offtianation mechanism, driving
force, energy barrier, and size and temperaturectsif quantification of the large
transformation strains, and micromechanical contimumodeling of the behavior. Since
this is a completely new phenomenon, continuingassh can focus on the following

aspects.
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(1) A shape memory behavior has been found in Cu, N, Au wires. It is highly
likely that similar behavior also exists in nancegirof other metals, especially
those metals with high twinnabilities, such as Rt &b. MD simulations or
experiments should be carried out on these metelwiaes. Accurate interatomic
potentials are important in this endeavor. Furtlegan one may even study
materials other than metals which traditionally ao¢ regarded as shape memory
materials. These materials may exhibit a shape melmehavior through other
unique transformation mechanisms existing onljatrtanoscale.

(2) This research has primarily focused on the behavioder the quasistatic
conditions. However, dynamic response can be vargortant because the
applications of SMAs have been significantly linditby the slow response of
most SMAs. Some of our preliminary research hasvattbat the nanowires have
very short response times of the order of nanosicbacause the wire dimension
is extremely small and the barrier for phase boungaopagation is low. This
makes the shape memory nanowires promising madnalbuilding high peed
sensors, actuators, and even computer chips. M@@arch should be done to
study the lattice reorientation under dynamic cbods, such as the relation
between the driving force and the propagation sméddin boundaries and the
inertia effect during the propagation.

(3) The lattice reorientation can be induced by eitihdoading or heating. However,
it is difficult to precisely control the stresstemperature of nanowires because of
their small sizes. Recent research reveals thdacrcharges can change the
surface stress and induce macroscopic deformatfidimecorder of millimeters in
nanoporous gold (Weissmiller et al. 2003; Kramerakt2004). Since the
spontaneous lattice reorientation is driven by amefstress-induced internal
stresses, it is possible to use electric chargesotdrol the initiation of the

transformation. Compared to stress and temperasuméace charges are much
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easier to control. Therefore, further research khdae carried out on the
guantitative relation between surface charges anfdee stresses. The results can

be important for applications of shape memory naresy
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