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SUMMARY

We developed and evaluated NS#gghniques for Group HNitrides as a way to
mitigate the various difficulties with this material system (high defect density, threading
dislocations, phase separation and graining, etc.), to bring these material systems to the
nanoscale, and to allow tlise of inexpensive silicon substrates.

To that end, we used optimized NSAG of GaN, InGaN, AlGaN, and BGaN grown
on GaN/Sapphire and AIN/Si(111) templates, evaluating the effectiveness of our NSAG
techniques on each template by comparing our resultese tvbtained from planar (non
NSAG) growth. We also investigated the engineering of microtemplates by coalescing
NSAG GaN structures and comparing surface properties and subsequent epilayer growth
to that of normal planarly grown GaN.

Across the board, NS& was selective and, when compared to planar growth,
consistently resulted in higher quality material with fewer dislocations. NSAG of GaN on
AIN/Si(111) resulted in defedtee nanopyramids, 90% of which were single crystal. By
coalescing nanostructurego a microtemplate, we produced an InGaN top layer with 7
times the optical emission intensity as InGaN grown simultaneously cN 861G
planar GaN.

NSAG InGaN nanopyramids grown on GaN/Sapphire templates were used to
make PINbased solar cells that prazkd current 3 orders of magnitude greater than their
planar counterparts, and which had 20 times greater IV ratios at +1 V. We then leveraged
this newlywon knowhow with our previous success growing NSAG GaN on

AIN/Si(111) to produce InGaN nanopyramidsAiiN/Si(111) with no defect band and
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50% stronger luminescence than in 2D growth. These nanopyramids were highly
uniform, singlecrystal, dislocatioffree, and free from phase clustering effects and other
nonuniformities found in planar growth. With addital effort, we achieved a maximum
INN composition of 33%, with NSAG material showing four times better emission
characteristics than planar material on the same substrate. Additionally, we found that
mask margin affected InN composition and therefore gonswavelength of our
nanopyramids, and that by using different mask geometries on the same template, we can
create singlgrowth-step multicolor micropixels. In our most current iteration, we
produced both green and rethitting material in one growthep.

Lastly, we achieved NSAG BGaN nanopyramids on both AIN/Si(111) and
GaN/Sapphire. As expected, we found unmasked field growth of BGaN to be of a much
lower quality on AIN/Si(111) than on GaN, but also found that the former benefitted
much more from NS, owing to its low BGaN nucleation rate. As with NSAG of GaN,
BGaN nanopyramids on AIN/Si(111) were single crystal to the extent that nucleation
occurred once per aperture, which happened in more than 90% of the apertures. On
AIN/Si(111), XRD and CL showeBN composition to be between 1.3 and 2.0%, and the

nanopyramids on both substrates exhibited smooth sidewalls.
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CHAPTER 1

INTRODUCTION

Group llI-Nitride semiconductive materials, which include GaN, InN, AIN, BN,
their ternaries, and their quaternsribave generated an intense interest due to their
potential in light generation, communications, radiation detection, power generation and
power storage. Controlling the ternary composition allows for a fully engineerable
bandgap, allowing optical devie¢o operate at any frequency from 0.7 to 6.2 eV, which
covers the entire visible spectrum and near wiinéet frequencies. These materials are
also more robust than traditional GaAs and Silibased systems, and overcome device
parameter limitationsugh as power density, maximum frequency and breakdown
voltage. Additionally, their low intrinsic carrier concentration translates to low leakage
and dark currents in devices. These properties make the material system extremely useful
for light generatiorand lasing, and well as for detection and communications
applications. These applications have been proven and commercialized, but cost remains
a major limitation on commercial growth. The high cost owes predomirtartthe lack
of native substrates€=xpensive hetersubstrates are traditionally used, and there has
been a great deal of work done on developingdogt solutions that result in high
quality Nitride layers and device structures.

With the prohibitive cost of hereto lequality bulk GaNmaking native substrates
unfeasible the most suitable bulk substrates for Nitride growth are Sapphire and Silicon
Carbide (SiC). These materials #ntemselvesgjuite expensive, and using them to obtain
high-quality Nitride layes is not a straightforwardgsk the mismatched lattice
parameters and thermal expansion coefficients tend to cause high defect density and
rough surface morphology in the Nitride layer, which leads to poor transport properties

and bad device qualityStill, there has been considel@Buccess in achieving device



guality Nitride layers on these substrates using techniques such as epitaxial lateral
overgrowth (ELO) and map-selectivearea growth (NSAG), which block the propagation
of threading dislocations from the heterointerface lagmkfit from 3D stress relief
mechanisms, resulting in devigeality Nitride material.

Until now, these techniques have enjoyed success on Sapphire and SiC, which is
fantastic progress. However, even these substrates are costly when compared with
Silicon. Not only that, but many devices have components that are well served by current
Silicon-based technology, so integrating into such a device a Nltaded component
that is largely Sapphire or SiC presents another challenge. The ideal situatiotb&ould
to grow Nitrides directly on Silicon substrase This is the focus of this work.

This introductory chapter will describe the Nitride material system, giving its
applications and relevant parameters and characteristics. It wilhtisducethe
meclanisms, challenges and progress of Nitride heteroepitaxyebslonganic vapo
phase epitaxyMOVPE) and finally the technologies of selective area growth and ELO.

Chapter 2 will cover the tools and techniques used in this work. Chapter 3 will
cover preiminary NSAG work on traditional substrates, leading up to results on

Silicon(111) and Silicon(100) in chapters 4 and 5, respectively.

1.1 Group Il -Nitrides

Grouplll-Nitrides are semiconducterystals comprised of equal parts (by mol)
of Nitrogen and kements from Group Ill of the periodic table, namely, B, Al, Ga and/or
In. These crystals can be in both hexagonal (wurtzite) and cubic (zinc blend)
arrangements, but this work is concerned purely with the former, which is
thermodynamically the lowest ey configuration. The hexagonal wurtzite structure
along with some relevaidttice parameters arwtystallographys shown inFigurel. In
hexagonal systems, crystallographic planes are denoted byptre BravaisMiller

index (ki l), whereh, k, i andl correspond to intersections with the a», az andc



vectors, respectively. Sineeis the negative bisect af anday, h andk determind ("Q
"0 "Q), soa plane is oftespecifiedwith only 3 indices | k . ) or simgy (h k ).

The same convention of course applies to directions.

a(A) c(A) a,

AIN 3.112 4.982

GaN 3.189 5.185 /<11-20>
/(| to a-plane)
InN  3.540 5.707 531

BN 2,50 4.17

<1-100> (] to m-plane)
Figure 1. (left) The wurtzite hexagonal crystal lattice. The two different colors of the spheres

represent the two different chemical elements in the lattice. The a andparameters are denoted, and
their (300K) values for the 4 llI-Nitride binaries (center). To the (right) is a projection of the
hexagonal base of the lattice, with the aplane and aplane indicated as well as their corresponding
crystallographic directions.

Figure2 expresses the bandgap and other properties of Nitrides in comparison
with SiC, Si, and Ga Asiride mater@systenh hmslrectt hat t
bandgap engineerable over the entire visible spectrumlbasiabe near infrared and UV
spectrums. A particular bandgap can be selected for by incorporating the right
proportions of e.g., Ga and In in an InGaN alloy, which would place the system
somewhere on the dotted line between GaN and InN on the letifiihe figure. These
relations roughly f ol ¢:6a¢N haéng abbaddgap andkmaw, wi t
plane lattice parameter roughly 30% down the dotted line between GaN and InN. These
are bulk (fully relaxed) values, and in practice there is niyt @ bowing parameter, but
other strairinduced effects such as band deformation, piezoelectricityospin
splitting, etc.These effects make characterization crucially important, and the figure

should be taken as an expression of the bandgaps dad#ier than as a roadmap to

achieving a particular bandgap.
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Figure 2. (left) the illustration of (300 K, fully relaxed) bandgaps available to trinaries and

guaternaries of (B,Al,Ga,In)N, covering the entire visible spectrum and well into the UV. The dotted

lines are to be interpreted as ternaries betweethe binaries at either side. The bandgaps of Si, GaAs

and SiC are denoted for reference. (right) a graphical representation of deviaelevant material

properties of GaN versus GaAs and Si. While GaAs has a slight advantage in maximum switching
frequency, GaN matches or betters the other two in all other categories. Other Group HNitrides

have similar properties.

The right part oFigure2 shows the deviceelevantmaterial properties of GaN
compared to Si and GaAs. For eachhaf5 axes, the sense is such that further from the
origin is better, even if that means inverting some axes. GaAs has a slight advantage in
maximum switching speed, and it matches GaN for noise factor. However, GaN operates
at a much higher temperatyraore than twice that of GaAs) and is similarly ahead in
current density. The most notable difference is in breakdown voltage, where GaN can
support fields 5x as strong as can GaAkese properties extend as well to other Group
[l -Nitrides.

In additian to these electronic and optoelectrergtevant properties, Group Il
Nitrides also have interesting peizoelectric properties, which vary based on composition
and material quality. These properties make it interesting for electromechanical
applicationsand AIN is used extensively as an RF filter in mobile phohésre
importantly is the spontaneous polarization induced by strained layers, which allows the

creation of a 2D electron gas (2DEG) at the interface of GaN and a compressively



straining layer. Tis same effect has also been usgthle author to induce a pseuglo

type region by compressive metallizatidnp.

1.2 2D Heteroepitaxy of GaN

This section will cover the basic phgs and consequences of 2D heteroeptixy of
GaN, i.e., the growth of GaN epilayers on large surfaces ofatthoe-matched
substrates such as SiC, Sapphire and Silicon using teemsuch as MOVPE, halide
vapa phase epitaxy, and molecular beam epitdBE). The present work is only
concerned with MOVPE, but the contents of this section are relevant to all 3 epitaxial
regimes. Also, while we will call by name exclusively GaN, these principles do apply to

all Group lIFNitrides.

1.2.1 Relevant substrate

As previously mentioned, heteroepitaxy is necessary because bulk GaN cannot be
feasibly grown by conventional ingoting methodghisisb e c a u s e extrkmelga NO s
high melting point and vapor pressure. We are left then with a small selection of bulk
substrates with hexagonal structures and sirglawugh irplane lattice parameters upon
which GaN gas precursors can seed crystals. The table below lists the materials who best

meet these criteria.

Table 1. inplane lattice parameters and coefficients athermal expansion for GaN, AIN, and some
bulk substrates.

Sapphire| 6H-SIC | Si(111) | AIN | GaN

Lattice parameter (A, 30K) 4.76 3.08 5.43 3.11] 3.19

Coef. of thermal expansion (x1K™?) 4.3 10.3 2.5 1.58]| 3.17

Each of the bulk materials (Rzhire, 6HSIC and Si(111)) has an associated problem

when growing epitaxial GaN. Sapphireand8H C ar e both expensive,



inpl ane | attice parameter is 50% | arger tha
to either suffer an immense tensile straicm@ate lineand othedefects in order to relax.
The latter is far more thermodynamically favored, and createsatbative
recombination centerSiC, while having a very favorable roetemperature iplane
lattice constant, suffers from a coefficieftloermal expansion which is very different
from that of GaN. Since GaN is typically g
shrinking rate of the substrate from the epilayer during-gastith cooling creates its
own defects, including cracks. The defeensity in GaN epilayers grown on these
substrates tends to be in the range &fi 100 cni?[2].

Silicon is a very cheap bulk substrateilable in extremely high qualitySi(111)
is silicon which has been cut such that the (111) plane is exposed for epilayer growth.
These planes have the same honeycsimizture as the (00.1) plane of a hexagonal
lattice, and so provides a somewhat suitable growth surface. Besides the difference in
thermal coefficient, a problem shared with Sapphire and SiC, Silicon also suffers the
most mismatched latticeshich is 70%argerthan GaNIAs i f t hese probl em
enough, Silicon also has a low melting point, which causes it to degrade under the high
temperatures necessary for GaN growth. Cle#rly,is the most challenging bulk
substrate of the trio.

AIN is not a lulk substrate, but it is included in the table because it is often used
as a thin buffer layer atop one of the bulk substraédsminum reacts far more readily
with these substrates, which allows us to grow thin (~1002ayers of AIN quickly
and chaply, while GaN growth directly on bulk will be slow and tend to form islands
The growth surface provided by the AIN is almost lattice matched to the GaN, and the
majority of dislocations present are threading dislocations that have propagated from the
interface with bulk. These comprise roughly 10% of the total defect count, so we can see

epilayer defect densities in the range of1a0° cm?, a significant improvement.



1.2.2 Defects

Defect density ismimportantmeasure of material quality and candetermined
using scanningrosssectional sanning transmission electron microsc¢8y EM) and
x-ray diffraction (XRD). As far as the importance to device function, defects essentially
create nosradiative recombination centers that not only eat catriart create localized
energy levels inside the forbidden zone of the bandgap. The result is excessive resistivity
and heat generation and reduced carrier lifetime, resulting in low device efficiency and
lifetime.

As explained in the previous sectionetmajority of defecteccurwithin the first
100 nm of the epilayer. These defects do not affect devices with active regions more than
100 nm from the interface, and so we donot
concern us are those which propagatthaspilayer grows, making themselves felt even
in the device region of the material. These defects are called threading dislocations, and
they arise principally fronthe GaN lattice attempting to accommodate the mismatched
lattice of the bulk substraf8]. Figure3illustrates this phenomenon. In thedtlimage
(credit to Ref[3]), an STEM of the interface between GaN aa@hire shows how the
GaN lattice breaks its periodicity every 6 or 7 lattice points in order to accommodate the
bulk lattice. It does so by twisting or tilting its unit cedisar these points to change the
spacing of the atoms, as explained in the riglatge. Dislocations such as these can
become threading dislocations, which will propagate upward (in the ¢ direction) by
dislocating the unit cell(s) that subsequently grow atop them. These dislocations

propagate into the active region of the device antldrevice efficiency.



M

Sapphire

Figure 3. (left) Along the <1 1 . 0> direction (xaxis), the GaN lattice cannot fully bear the tensile

strain necessary to accomodate the Sapphire lattice, and every 6 or 7 atoms is forced to skip an atom
in the Sapphire lattice [3]. It does sdy tilting and twisting its unit cells at these locations (demarked
with an asterix) to vary the spacing in its inplane footprint. These deformations disrupt the

periodicity of the lattice, and therefore the band structure, creating band defects. Theight) figure
illustrates these two axes of twist and tilt, though it should be understood that any particular
dislocation can be a combination of the two.

1.3 Selective Area Growth

1.3.1 Epitaxial lateral overgrowth

In selective area growth, only seledtparts of the substrate are exposed to the
precursor gases during growth, allowing crystals of layer material to growroalbarea
of exposed substrafd]. This growth suffers normally from propagated threading
dislocations. However, if we continue to grow until the horizontal growth of the epilayer
overgrows the mask, this portion over the mask is defect Figewre4 illustrates this
concept. The first step (left) is to mask some of the substrate (which in the case of Group
[l -Nitride growth can be a bulk substrate, a buffer layer or a-goality 2D Nitride
epilayer) such that the substrate interface is only plgréaposed. The mask is non
reactive with the gas species of our epilayer, so when we proceed to grow the epilayer, it
will grow only in the area where the substrate is exposed, as shown in the center image.

We fully expect threading dislocations to pagate into this material, but if we dorue



to grow our epilayer, we find that@wth continues not only vertically, but lateratlyer
the maskand threading dislocations cannot move laterally. Thus, we create-fileéect

material over the mask, andghmaterial can be used as the active region in a device.

overgrown
epilayer
epilayer
mask mask ‘ mask / mask \ mask mask

N 5rfvrmW / » DI W » Pt

Figure 4. The 3 steps of ELO. From left to right we first lay a mask on the substrate such that only a
partial area of the surface is exposed. A mask is any material that is nonreactive with the epilayer
species. In the second step, we begin growing the epilayer, which will only grow in the unmasked
area. Threading dislocations will propagate into the epilayer as normal. In the third and final step,
we continue growing the epilayer until overgrows the mask. Threading dislocations only propagate
vertically, so the overgrown portion of the epilayer iglefect free.

Il tds i mportant t ahatthe epdayesnmatenaichasadtgrowimi s p o
on the mask. Itis not at all attached or bonded to the mask. What has happened was that
lateral growth from the epilayer in the unmasked region has @wenghe masked
region. Also important to understand is that the material directly over the unmasked
substrate is poor quality as in 2D growth, so this material is not useful for devices. We
can only use the defefriee portion of the epilayer that hageogrown the mask.

When wutilizing the ELO technique by MOV
conditions to favor lateral growth over vertical. This has been extensively sfadied

nitride material system in by Hiramatstal[5].

1.3.2 NanoSelective Area Growth

When our unmaskeégions are reduced to the nestwale (< 100 nm), we find
thatepilayergrowth takes place in a 3D regimich allows fully elastic relaxatioof
the straird lattice into its lowest energy, strdese shap¢6]. The result is a thin,

defectfree, singlecrystal nanostructerof epilayer materiakigure5 illustrates the



geometry of this phenomenoBoth 2D epitaxy and NSAG aim to fit a lattice onto a
different lattice. The difference is that NSAG allows the epilayer lattice to relax
elastically, while the 2D epitaxy seeks to force the epilayer lattice to maintain its stress,

forcing it to dislocate.

STV
L0 TN
1] A\
1] I\

Fully Relaxed Fully Strained Elastic Relaxation
(independent growth) (ideal 2D epitaxy) (NSAG)
Figure 5. The concept of Nano Selective Area Growth. (left) the blue substrate lattice and green

layer lattice are shown in their fully relaxed states. (right) ideal 2D heteroepitaxy, in whichhe
epilayer strains its lattice to accomodate that of its substrate. In practice, this is impossible for large
lattice mismatches and will result in threading dislocations in the epilayer as shown in Figure 3. (left)
NSAG allows the lattice to elasticallyrelax with each subsequent monolayer of growth, resulting in
high quality nanostructures.

In practice, NSAG comes with its own challenges. Since the exposed substrate is
so lattice mismatched with the wotlb@ epilayer, the gas species are not muctemor
inclined to seed in the unmasked area than they are on the mask itself, even if this mask is
comparatively nonreactive. The result is that different growth conditions need to be
explored for different substrates and species to ensure selectivity.t@seaanges are
discovered, we often find ourselves very limited in adapting growth conditions to, e.g.,
engineer our ternary composition to achieve particular bandgaps. Additionally, in the
case of Silicon substrates, selective growth conditions telne high temperatur@o
maximize migration lifetime)which begins to degrade the substrate, causing it to

become evetess reactive with our species. NSAG is the growth technique used for this

work, and so these challenges must be addressed.
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CHAPTER 2

TOOLS AND TECHNIQUES

In this work we grow Group HNitrides using NSAG under MOVPE. These
samples are then characterizetthe nanoscal® understand the results of our growth
conditions and techniques, and this data is used to inform subsequéioniseanad/or
future growths.Our research cycle and a brief summary of our characterization tools is
shown inFigure6. After undergoing MOVPE, the sample is directly analyzed with SEM
to check for selectivity, i.e., whether epilaygowth is limited to the unmasked
nanoregions. Depending on our other goals, SEM can of course give other useful
information, such as owurface morphology andterface quality for a subsequent
growth. Optoelectronic samples that meet our requiresreamt then be measured by
nanocathodoluminescence to study its optical/bandgap properties. Depending on the
needs of the project, samples that have proven themselves exceptionally interegting
betaken to the synchrotron for submicrbaam XRD to studthe lattices of individual
nanostructures. Finally, interesting samp
characterizing canrglergo crossectional STEMEDX, which can map the lattice,

dislocations, and chemistry. This chapter will present these todleanniques.
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Material q Synchrotron
Results <:| } sub-micron XRD
q nanoCL x
SEM & AFM
Nano- \ TEM
& EDX

patterned # MOVPE

substrates %
Publish

Figure 6. Our research cycle applies nan@haracterization techniques to provide results that inform
future growth. Less costly techniques servas a first filter, saving more involved techniques for
samples foundto be interesting. (SEM) Scanning electron microscopy is used to confirm NSAG
selectivity and evaluate geometry and surface morphology. (nanoCL) Nanocathodoluminescence is
used to study the bandgap and emission quality and to estimate the chemistry. (AffMtomic force
microscopy is sometimes used to map the height of our nanostructures. (smicron XRD)
Synchrotron-based submicronbeam xray diffraction can give the complete lattice and strain
information. (TEM&EDX) Cross -sectional transmission electrommicroscopy and energydispersive
X-ray spectroscopy are used simultaneously to study the interiors of the structure and map the
dislocations and chemistry. This process destroys the sample, so it is saved for very last.

2.1NSAG under MOVPE

2.1.1 Mask mtterning

The first step of NSAG growth is to create the mask pattern on a substrate, either
a bulk substrate or some bufayered template. The finished mask pattern should be an
unreactive covering with a collection of nanoscale apertures through i@
underlying substrate is exposed. The NSAG 3D growth effect can be observed when the
aperture is less than 100 nm wide and there are no more than several tens of microns of
nonreactive mask between apertures. The reason for the second critévadn is t
'nonreactive’ is gelative term whichmeans that the epilayer species have a relatively
long migration lifetime on the mask before reacting. To achieve selectivity, we must be
sure the masked area is small enough that the species will migrate roetexquosed
substrate before it reacts withthe magke 6 ve det er mi ned thi s maxi
be around 50 um between two regions of exposed substrate.

For ourearlywork (before 2014), mask patterning was accomplighedbeam

lithographyof photoresst, followed byreactive ion etching. A 100 nm Si@ielectric

12



mask is deposited on the substrate by chemical vapor deposition, followed by a spin
coating of negative photoresist. Then, the area to be covered by mask is subjected to e
beam lithographyfollowed by development to remove the unwanted (unilluminated)
photoresist, exposing the dielectric $Mihere we intend to put our apertures. Then
reactive ion etching is applied to these exposed areas to remove the dielectric mask
beneath Finally, theremaining photoresist is stripped, leaving aSi@skwith
nanoapertures for NSACGrigure? illustrates this processd shows examples of

patterned masks created &arlywork.

Mask Reactive
d s E-beam exposure  Develop . 2
eposition o ion etching
Negative resist
N

Dielectric mask - ~ - : : : Eq 'E Fﬁ 1 1 []

Substrate

Strip resist

nano-

. . aperture
Dielectric N\

mask [SSS S5 XA S

Substrate

Figure 7. The early masking process for NSAG. (top) from left to right, the steps to making a
patterned mask. We begin with a substrate (white) and deposit a dielectric mask (blue). Then we
spin coat a negative photorest (yellow) and illuminate with e-beam lithography the areas we wish to
keep masked (textured). Once developed, the unilluminated regions dissolve. Then we perform
reactive ion etching to remove the dielectric mask exposed by those dissolved regions #ah strip

the mask. An example of the resulting structure is shown at the bottom right. The bottom left shows
some SEM images of actual mask patterns. The circles are 80 nm apertures, and the darker grey
towards the image edges are unmasked regionstfere 2D epilayer growth would occur).

The shortcoming of this method is the number of steps and the need to carefully

control the etching step so as to completely open the aperture withowtolieg into

the substrate. Since20[4, wed6ve begun using a different
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silsesquioxan is spincoated directly onto the substrate, and then a 4 nm FWHM electron
beam (100 kV accelerating voltage under a 1.9 nA current) is asightinate the areas
we wish to maskThese areas will crodmk to form SiQ, and the unilluminated area is
wet-etched away in a 25% tetramethyl ammonium hydmsiolution, leaving apertures

and unmasked are&igure8 illustrates the procedure.

_HsQ
”~

a) Substrate — Substrate b)

UL L]

Sio,
1

|
~ Substrate - Substrate

Figure 8. The new mask patterning method. a) The bare substrate is b) spooatedwith HSQ, and is
then c) selectively illuminated by ebeam lithography, causing illuminated areas of HSQ to crosknk
into SiO2. A wet etch then produces a mask pattern as in d), with apertures in the areas which were
not illuminated. http://dx.doi.org/10.1063/1.400531

d)

2.1.2 MOVPE

Metal organic vapor phase epitaxy is a growth technology wherein the elemental
components of the material we wish to grow are delivered into a growth chamber as
metalorganic vapors carried by Nitrogen or Hydrogen. The metalorganic vapor is a
gaseous compound a Group Il metal and an alkyl group, and the Nitrogen is delivered
via ammonia. The carrier gases are used to create pressure and control flow. In this work,
the metalorganic vapors used are trimethlygallium (TMGa), trimethylalimunum (TMAI)
and trimethiindium (TMin).

Once introduced into the growth chamber, the temperature and pressure cause
pyrolysis into constituent gas species, which then diffuse and adsorb into the substrate.
Species that find each other near a suitable nucleation site reacbioebpart of the

lattice of the forming epilayer. The free methyl groups and hydrogen formed during
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pyrolysis combine to create methane, which can be pumped out of the growth chamber to
make room for new precursor gases.

All growths in this work were p&rmed in our homemade§haped reactdB8],
which is a reactor where the precursor vapors pass over the sample horizontally rather
than rain down from above. During growth, the sample sging to 60 rpm to maintain
uniformity. A built-in reflectometer (not discussed in this dissertation) can manitor
situthe growth progress and surface roughn&sgure9 illustrates the form and function

of our T-shaped reactor

VERTICAL (PROTECTION) SILICA

GAS FLOW HORIZONTAL
REFLECTOMETER 1 " PIPE
<~
- SILICA
.~ — ,/:‘:—;5&.{‘ _--VERTICAL
_ —_— {‘\' PIPE
ROTATING _—_ { \yah
I, | 1al:__SUSCEPTOR
SUBSTRATE - K(J ﬁ_,
—_— R 7" ——SUBSTRATE
HORIZONTAL
rPROTEETION GAS {ACTIVE)
GAS FLOW
{a {b

Figure 9. The side (left) and top (right) views of the homemade-Shaped reactor. Precursor gases
arrive from the left and gaseous products and nonreacted gases are exhausted to the right. A
reflectometer is mounted abovehe substrate. The substrate is on a rotating stage to assure
uniformity, and a protective ambiant flow of Nitrogen or Hydrogen from the bottom prevents
reactive gases from collecting in the vertical part of the reactor.

2.2 Scanning Electron Microscopy

SEM uses higtimomentum electrons to excite surface atoms of the sample and
interpret the transmitted electrons, backscattered electrons, secondary electrons, and
characteristic photons that result in order to create a topographical image of the sample
surface. With proper focusing, it can see details at thenanbmeter scale. Our use
case relies on collecting secondary electrons, the intensity of which can be related to the

angle at which the higmomentum exciting electrons strike the surfa@e, maoe
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inclined surfaceemit more secondary electrons ugonizing excitation By scanning
our excitationbeam across the samplee can tiuslymap the inclination of the sample
surface, which gives us a highly accurate topoldggure10illustrates the basic

workings of our scanning electron microscope and shows some example images obtained

in the course of this work.
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Figure 10. Scanning Electron Microscopy apparatus and example imagegleft) Our scanning
electron microscope is comprised of a higlmomentum electron source, which emits elexins toward
magnetic focusing optics, creating an electron beam focabmt that is then displaced across the
sample surface by a scanning coil. Secondary electrons are detected, allowing us to map the
inclination of the sample surface. To the (right) are some example SEM images taken of GaN
nanostructures grown using our NSAS technique on a GaNbuffered Sapphire substrate.

2.3 Nanocathodoluminescence

The same higimomentum electron beam focusing apparatus that makes SEM
possible also provides the necessary precision and excitation to perform
nanocathodoluminescence. Wheka tnaterial is excited by the electron beam, eleetron
hole pairs are created. They recombine a few nanoseconds later, emitting phloitcims,

are then collected and analyzed by spectromeler ilavelengths dhe emitted photons

tells us what energy levafansitiors exist in the band structure of the mate(gD — .
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This gives us information not only about the bandgap, but also about the defect bands
inside it, telling us about the types and densities of defects in the sample. Additionally,
increasing the electron momentum increases penetrationidepthe sample, which
allows us to perform deptbensitive measurements. Our setup allows electron energies

up to 30 keV, which in GaN allows penetration around 500 nm beneath the surface.

2.4 Atomic Force Microscopy

SEM provides beautiful, publislvorthy images, but when we need to precisely
know the height of features, e.g., for determining#metnsquare surface roughness,
AFM is the preferred toolFor this work, the atomic force microscope is uset@pping
mode. The principle of operation is extremely sharpipped (several tens of atoms)
tooth on the end of a vibrating cantilever. The cantilever oscillates at its natural
frequency with a constant amplitude until it is brought close enough to the sample that
the tooth begins to feel forcesdginating from the sample surface. This reduces the
amplitude of osci | Ibascanmong thétgoth Hooosskhe saspld a w, a
surface, we can create a force map which can be interpreted as a highly precise topology
map. The amplitude of themdever oscillation is tracked both by piezoelectric
mechanisms at the base of the cantilever and by displacement of a laser reflection off its

oscillating tip. Figurel11lillustrates the function of the tapping mode.
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Figure 11. Atomic force microscope in tappingmode. The cantilever oscillates at its natural
frequency near the sample, and surface forces reduce its amplitude. Simultaneous monitoring of the
cantilever oscillations by an electromechanical sensor and laser reflection displacement provide a
highly precise measurement of these forces, which can be used with scanning to map the sample
surface.

2.5 Synchrotron-Based SubmicronBeam X-Ray Diffraction

XRD gives information about chemical composition, how stress is released and
what sorts of dislocations @ny) are forming as a res(fi-11]. This type of information
is of key importance to the research cycle when growing on mismatched substrates, and
yet, applying XRD measurements to nasaale group IHNitrides is not trivial. Focusing
the beam results in massive momentum spread, which correspondingly reduces the
accuracy of lattice determination, and yet using a large beam illuminates many
nanostructures at once, making it impossible to distinguish oriem@ifferences not
only between nanostructures, but between regions of the same nanosfiz;tu83
The nanescale group IHNitride system also creates many unexpected and nontrivial
problems with sample aligment, strain calibration, and loaadj individual
nanostructurefl4]. This sectiorwill describeachieving submicrofseam XRD of
nanostructures on highly mismatched substrates, which was a key challenge in

completing this work.
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2.5.1XRD Basics

XRD is an immense subject, so our discussionbellimited to what is relevant
to the current work Constructive interference of diffracteerays in crystals islescribed

by Bragg's Law15], € ¢Qi "Qavherenis an integer indicating the ord@rgher

orders have less intensjity-being the wavelength of therays,d being the spacing
between the crystallographic planes normal to the bisect of the incident and difkacte
ray beams, and being the angle between the incident gralcrystallographic planes

normal to the bisectFigurel2i | | ustr ates Braggods Law.

"0
Figurel2z (|l eft) Braggds Law illustrated. Two coherent
atoms. When the difference in length between the path of the first photon and the second photon
(2dsind) is exactly an integer times the wavelength
interfere, creating a strong diffracted signal at a detetor placed at the appropriate angle. The
(right) image describes the angles ¥,0 and 6, which

with respect the crystallographic planes being targeted. These angles are nonzero when the
crystallographic planes being studied are not parallel to the sample surface.
Often, we wish to study crystallographic plafeslledreflectionsin XRD) which
are not parallel to the sample surface. In this case, in order to achieve the Bragg
conditions, we need to tilt dfor twist the sample such that these planes are normal to the
bisect of our incident and diffracted beams. This tilting/twisting has three degrees of
freedom, denotedina@i r cl e goni ometer setup (our set.
angle betweerhe sample surface and our incident beam, the angle between the sample

surface normal and the plane created by our diffracted and incident beams, and the angle
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of twisting around the surface norfmal , res
Figurel2. G can be understood to be the angle
understood to be the angle around the vertical axis. These angles were left off the figure
to reduce clutterbut they can be understood to be perpendidol each othetpgether
creating a complete 3D rotation spdgethe sample

The most basic application of XRD is determining the lattice paranaessrdc.
Todothis, weuseBgg 6 s | aw dtsmacing fomtwio refldttmns defined by
nonpardel Miller index sets. The most commonly used foruprdlI-Nitrides are (0 0 .
4) and (1 0. 5), because they have a good balance affhighh s ma | | beam footop
high intensity (small ordem). The formula ford at miller indiceslf k . )) of a hexagonal

lattice is:

If we find d for two differenthkl sets, we have two equations with which to solve
for two unknowns.
We can obtain information about defects using thewidith-at-half-maximum
(FWHM) of the diffraction signal. If, forexamplese t ry several values
Bragg conditions for a reflection and find the FWHM of aygarameter, waave some
indication of mosaic spread, i.e., variations in the lateral dimension of the unit cell. This
is a good general indicator of defelensity. Determining more specifically what sort of
defects are contributing to this spread requires looking at the FWHM of signal around our
ot her angles as well. For example, the FWH

nonzerch andk will tell us abottilt dislocations. Of course, all these FWHMs must be
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decoupled from the momentum spread of the incideaieam and deconvoluted from

the acceptance range of the detector before any solid numbers can be obtained.

2.5.2 Submicrorbeam XRD

X-raysmodly pass though the sample without scattering, so the diffracted
intensity from very thin layers is only a tiny fraction of the incident intensity.
Additionally, focusing xrays requires the use wfonochromationf-resnel zone plate
optics and an ordesorting apertue, depletes incidemtensitythroughwavelength
selectionjmperfectfocusing efficiency and order selection, respectivels a result,
submicronbeam XRD of nanostructures uses only a fraction of the original intensity to
illuminate a iny lattice,which means that if we hope to have a workalifieacted
intensity, we need a really powerfukay source to begin with.

For this, we rely on synchrotrdmased light sources. -day diffraction in the
present work has been carried at they@tted Photon Source at Argonne National Labs
(IL, USA) and Cornel High Energy Synchrotron Source at Cornell University (NY,
USA). Oursubmicronbeam XRD setup is describedFigure13, which shows both the
focusing/selection opticand the detectors for both fluorescence and diffracteysx
Fluorescence detection is critical for submichmam work, because it allows us to
understand where on the sample surface we are illuminating. This will be discussed more

thoroughly in thenext section.
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Figure 13. Our submicron-beam XRD setup at Advanced Photon Source (IL, USA). Relativistic

electrons accelerated by the synchrotron are injected into the storage ring, where they emitays. A
portion of these xrays are shined at a Silicon monochrometer (Silicon mono.), which select only a

very narrow energy range of around 10.5 keV. This monochromatic beam is then foccused through a
Fresnel phase zone plate (PZP) with a beam stop (BS)thre center, assuring the focal point at the

sample (GaN NSAG) contains only focused-tays. An order sorting aperture (OSA) assures that

only the circular first order focal point reaches the sample. Aluorescencedetector (Flr. det.)

collects xray-exdted fluorescence, which gives a crude chemical and thickness map of the sample,
helping us to understand where on the sample oursay beam footprint is illuminating. Diffracted
intensity is collected by a CCD dgesteleicalectedatvhi ¢ h
once. The sample stage can move in XYZ and can
in angle and cartesian spacehttp://dx.doi.org/10.1016/j.nimb.2009.09.016

2.5.3 Submicron Beam XRD of Nanostructures on Highly Mimatched Substrates

Characterizing heteroepitaxially grown nanostructures is often a matter of using a
smaller probe/spot size. For submictmeam XRD, it's not so simple. Finding the
individual nanostructures is not trivial, sinfoe a scan of reasohbe speedthe rms
roughness of the unmasked part of the sample is of the same orderias ti¢he entire
mask, which itself is often around 10 um across and contains nanostructures every 150
nm or soAlso, when the structuresf interest are very safl (and the spatial resolution
requirements very high), slightisalignment between the sample surface and axis of
rotation cannot be ignored. If tineisalignment is not properly corrected, the focused
beam footprint will wander across teeample surfae duringsamplerocking
measurementsvhich are essential for determining not only FWHMSs, but even seeking
the diffraction maxima for accurately determinohgpacing Lastly, calculating strain

without a nearby reference signal of a known lattice is tnaightforward. The only
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reference signal available is the mismatched lattice, which is 10 deg away for the (0 0 . 4)
reflection. At this distance, slight misalignments between the sample space, the
goniometer angle space, and the CCD detector becomécgigt. This section

describes novel XRD techniques specifically adapted to characterizapartictilar

nanostructures grown on highly mismatched substrates.

Finding the Nanostructures

In order to achieve selectivity, masked regions must be as asnadissible,
surrounded by immense unmasked regions to collect all the migrating species that do not
find an aperture. In our samples, typical mask size was on the order of 10 um,
surrounded by at |l east 100 Om thérefmelma s k e d
and of very low quality, full of pits and-defects and other thickness nonuniformities.

These masks contained apertures, often spaced quite densely, which after epitaxy created
a situation in which only about a 1 um margin of contiguouskngleft exposed. If we

wanted these margins to be distinguishable from the field, we would need a submicron
step size, which means that even if we could narrow down our search to argégiun

of the sample surface, we would need to take d06érpoirts of data, which would take

around 24 hours!

Our solution to this is a grid of eaty-find markers, which allow us to quickly
understand where we are on the sample relative to our structures of interest. An example
of a good marker would be a stripfed, which would fluoresce at 6.4 keV (K¢, and be
very easy to find using the fluorescence detectéarother example which we used is a
series of masked stripes around 50 pum wide and 100 um long. Scanning for these is
much faster, since we only neeteav width-wise lowresolution scans to distinguish
such large masks from field topologi/e can then refer to a map of the sample and
of fset our beam footprint such?otobrat weodr e

nanostructures, wherein a fit@thed san is reasonable.
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Keeping the nanostructuraader the beam footprint

When the d axis is not exactly aligned
wanders across the sample surface during rockutany researchers mistakenly ascribe
this to microvibrations in the goniometer. Howekegure14 explains the geometry of
this phenomenon. This effect is significant for nanostructures, because moving the beam
footprint even a fewlOs of nanometers cdwsethe nanostructure entirely. In order to be
able to performsuch measurements on nanostructusesmust perform an alignment. A
scan of G& fluorescence will show us the general shape and exact position of the GaN
nanostructure. Alignment can be achieved by adjusting the elevation of the sample

surface (Z axis) until this fluorescence profileslae6t change wunder rock

\ﬂm

W axis
Incident

beam

nanostructure

Figure 14. lllustration of the effectofimper f ect sampl e surface alignment wi
When the axis is not on the sample surface, rotation causes the beam footprint to move along the

surface. A misalignment of only a few microns can be enough to lose illumination of the

nanostructure during a 1 deg rocking measurementhttp://dx.doi.org/10.1016/j.nimb.2009.09.016

Calibrating for goniometer misalignment

In most XRD use cases, calibration amounts to shifting the angle space such that a

nearby reference signal aligns with theor@tic v al ue s. This doesnoét
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highly mismatched substrates, where the nearest reference signal can be 10 deg or more
away. For alibration in this case, we need to find at least two reference signals and use
their locations to determinedhmisalignment between tlaetualsample space and the

goniometer.Figure1l5 shows the relationship between example reference signals, (00.4)

and (00.6), and sampteoni omet er mi salignment, y.
(0:20) A
X1-291) ~
20 arc
(%2,26,) - goniometer space
\4

sample space

. _— ¥ arc

sample X
source
Figurel5. Qualitative effect of sample tilting around t
in the reciprocal space of the sample (blue) relative to goniometer arcs (black). z direction is the
sample stageelevaton; y direction is the direction of the st
(62, 2d2) represent the angular positions of two di

sample mounting by y around t h amediltimracipdaltspatee am di r ec
relative to the goniometer space. Finding in the goniometer system the position of two reference

signals whose theoretical positions in reciprocal space are known allows us to calculate and correct

for y, det er notcahspacehnttpt/dx.€oi.argél®.10p6/j.nimb.2009.09.016

By knowing the theoreticdr agg condi ti ons of BdgWwO sSsubs
2 glagg,) @ Bradg2 ( BRggH, andnoting the measured positions of these reflections in
the goniometercaor di nat 2 ¢ y aatpa gl (e as determine the degree of

tilting an doniovedupsrepotied by(the goni@rter into corresponding

actual (6, 2d) v alobfteesanmplalt cantbe showa that:p r o c a | sp




Then, the goni omet e gonotambe mapped @ theactsay st em ( G,

reciprocalspace coordinate system by:

where R represents a rotation around the y (straight, undiffracted beam) axis in Cartesian
space.

If precision is especially important, thenwe need veryacc@rg2 ¢ and ( G
2 ¢) values. Point detectors lend thaves well to this, but CCD detectors are far more
useful for taking 3D crystallographic data quickly. If a CCD detector is the detector
being used, then its misalignments must be accurately deduced before the goniometer
misalignment can be identified andrrected for.

CCD Calibration is complicated to describe and is only really important when the
experimenter does not have a point detector available for goniometer calibration, and
even then only so much as the mounting is imperfect. The interested ieeaferred to

Ref[14].

2.6 Transmisson Electron Microscopy

STEM operates much like optical microscopy, only with electrons instead of
photons being passed through a sample thin enough to be partially electron transparent.
The higher(De Broglie) wavelength of electrons comparemopticalphotons gives
STEM Angstromscale resolutionsUsingfocusedon beam etching, we can prepare
crosssectionsvhich showatomiclevel detail of our sample from any perspective we

choose. Thiss a time consuming and destructive process, so is only pextbon
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particularly interesting samples that have already been extensively studied by other
characterization methods.

An STEM setup is essentially an SEM setup Ggere10) with different
detection apparatin the currentwork,  u s e tameg | fehiaggmul ar dar k
detection setup, which means we use a+3hgped detector that ignores directly
transmitted electrons and only collects electrons that have scattered while passing
through the sample. By looking only at scatteskttrons, our collected energy is almost
purely a function of atomic number, Z, of the atoms at each point in the scan. Barring
thickness nonuniformity, the resulting intensity map reveals individual atoms, the
intensity of which is directly related tbeir Z. Thus, we can distinguigidividual
atoms andook directly at our crystalline structurédn example of this, along with the
HAADF STEM setup is shown iRigurel6. A fibri ght fi el do operat.
performed simultarausly by collecting only the electrons that pass through the inner ring
of the HAADF detector. Some features are more obvious in the bright field mode, but

this mode is subject to artifacts due to diffraction effects,
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Figure 16. (top left) HAADF STEM setup. The ring-shaped HAADF detector does not collect directly
transmitted electrons, only those that have been scattered. (bottom left) highsolution HAADF
STEM image of InGaN showing individual atoms. (right) superimposition of 3 EDX maps of Ga
(green), In (red) and Al (purple) of an InGaN-on-GaN nanostructure gown on AIN.

We oftensimultaneously collect-rays emitted by theamplecrosssection as it
absorbs electron energy. Theays emitted are characteristic of the band structure of
each atom, which allows us to map the chemical composition of oursgolsn, even

without using atomic resolution. This is called energy dispersiagy gpectroscopy, and

example image is shown kigure16.

28



CHAPTER 3

SELECTIVE AREA GROWT H ON TRADITIONAL SUB STRATES

This chapter details work on tiéional (expensiveno Silicor) substratesSome
of this is preliminary work from before the proposal, and much of it is new work as we
continue to master more aspects of NSAG on GaN templates before applying these
techniques to SiliconThe first sectia is on microrscale selective area growth from as
early as 2008. The second section is on the early work with GaN Nkasyed by
NSAG work wit the ternaries InGaN and AlGaN, and finally the fabrication of GaN

microtemplates by coalescing NSAG struetl

3.1 MicroSAG

The beginnings of this work were in the microSAG regime. The first experiments
were to select the dielectric material of the mask. Recall that to achieve selectivity, we
need a mask material that has a very low reaction rate witlpilager species. Two
mask materials were testadder numerous growth conditigr&ilicon Nitride (SiNy)
andSilicon Dioxide Si0.). For the substrate, we used GhifferedSilicon, because
the GaN surface, though extremely poor quality, should hesénmum reactivity with
the GaN epilayer species. Resualts shown irFigurel7, and are highly conclusive,
with only SiG resulting in perfect selectivity. This can be explained by the reactivity

betweerour epilayer species andsSk [16].
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Figure 17. Comparison by optical microscopy of SAG using $Ny (left) and SiO: (right) masks on
GaN templates. Colors for each image were selected for best contrast. TheNgimask is found to be
covered in polycrystaline GaN deposits, while the Sigdnasking resulted in perfect selectivity.

Subsequent experimentere performed to explore the properties and physics of
GaN SAG. Thevapor phase diffusion modgl7] for SAG is supported by experiments
with large mask widths, because these growths exhibit drastically enhanced growth at the
mask interface. Sdagurel8for a dramatic exampleThe maximum selective mask

width predicted by this model was found to be about 50 pum for GaN.
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Figure 18. AFM of GaN microSAG on a SiO2masked GaN emplate showing enhanced growth near
the mask boundaries. () is a perspective reconstruction based on a 2D AFM map and (b) is a profile
across the length of the growth.
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The 3D stress relief mechanism described for N$&JGvas found to applglso
to microSAG, but only at the edges, where the lattice has some freedom to
expand/contractFigure19 shows an XRD analysis of GaN hexagonal prisms SAG on
Sapphire.In the bottom left CCD image of diffraction intensity from the (00.4)
reflection, the submicron beam footpritiiminates the entire left side of the pyramid,
albeit weakly when away from the beam center at 2 um from pyramid apex. A smooth
contiguity ofweak signal provides a background for two strong signals, one from tilted
planes at the beam footprint and another from untilted strained planes that dominate the
interior of the pyramid. As one moves away from the apex of the pyramid, the tilted
planes ecome more and more tilted (causing the diffracted signaltomeve ¢ ) and
strained, suggesting this tilting to be a mechanism of 3D relaxation. Note that the untilted
signal retains a strong presence throughout, indicating that this planar éikexglace
only at the sidewall facets, perhaps taking place durawoling after growth has
completed The smooth contiguity of the weak signal indicates that this increasing of the

tilting and relaxing happens gradually and without grain formation.

31
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X <1-1.0> (um)
Figure 19. (top left) GaN hexagonalpyramidal microSAG on Sapphire. (bottom left) CCD image of
xray diffracted intensity from the (00.4) reflectio
The tails of the submicron beam partially illuminate the entire lef side of the pyramid structure,
resulting in additional weak intensity from the rest. The 2 strong signals are from the central beam
position at 2 em |l eft of center and from the unifor
weaker signal suggds a gradual tilting of planes as one moves from the center. (right bottom) a plot
of the secondary "tilted," which moves -1li.6> ¢ as the
direction over a pyramid. The GaK fluorescence is shown simultaneouslytgive an understanding
of location on the pyramid. At (right top) is the strain shown on the same independent axis. As the
tilt becomes more extreme, the tilted planes relax, suggesting that this tilting is a mode of 3D strain
release during growth andér cooling.

The optical efficiency olmGaN/GaNMQW-based_EDs suffers from
piezoelectric fieldsn the active regionThis problem is mitigated on the sepolar
planes, so growing LED structures on the sidewalls of 3D structures like ours improves
thespontaneous emission r@ie, 19] To capitalize on this, we used 3 pm wide mask
openings to overgrow 10 pnded equilateral triangular prisms ofdoped GaN along
the <1 1. 0> direction on Gabuffered Sapphirgl0]. These ridges had <1 . 1>
faceted sidewalls. The structures were overgrown on either side of the mask aperture,
resulting in abou8 pum of defectree material on each side. An InGaN/GaN MQW
structure was then grown on these ridges at a reduced growth temperature, and the device

was capped with a 200 nmdoped Mg:GaN layer.
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Submicronbeam XRD measurements revealed the same pi#timray éffect on
these structures, even though they were far less strained than the pyramids that were
grown on Sapphire. They also tilted at the same(@afedeg/pum from the apex),
suggesting that this may be some maximum possible tilting rate wghaintformation.
Figure20illustrates this analysis, with the same tilted signal observed as in the pyramids
in Figure19. This time, the central signal from the GaN buffer layer overpowered the

secondary tilsignal for small tilts, making these tilts impossible to measure.

5 0 5 Substrate
Z (um) Ridge

Figure 20. (a) a qualitative illustration of the tilt of the {0 0 . 1} planes observed as an azimuthal shift

e of the Bragg (BeOCCD2)dertettecti oobpn An examp
the difference in 6 between the (0 O . 2) GaN re
(c) Azimuthal shift @ as a function ofethe posi
understood to be the <x1 . 0> direction. (d) SEM image of the crossection of a single GaN ridge

with InGaN/GaN MQWs grown at the sidewalls (not resolved) with the tilt of horizontal {0 0 . 1}

planes shown schematically with white curves. The actuslting is much less drastic than the white

lines suggesthttp://dx.doi.org/10.1063/1.2901142
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We also looked at reciprocal space maps at different points on the ridge sidewall
between the apex and the maskrder to napthestrain and period of the QW

structur e. The sampl e was r olt.d)telledtior6 2 deg
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Selected maps are shownFigure21. The strong signal at the origins is the GaN buffer
layer, and the #type GaN in the ridge is presuth® be in the same location. The 0

peaks are the InGaN layers, and the periodicity of the higher order pEaitd

correspond inversely to the period of the M@Wucture. Figure22 shows the trends in
calculated strain and perioilVe find that strain and period both decrease as we move
further from the apexThe strain suddenly begins to drop as we reach the ELO portion of
the structureThe decrease in strain can be explainethbysame 3D strain release
mechanism encountereadl the pyramids. Unfortunately, this cannot be decoupled from
decreasedhcorporation of Indiunmear the basevhichwe did not test for, but is

reasonable to assume under the vapor phase diffusion model, sincéthealttion has

a much larger diffusiofength than the Gal [20], so the base, being closer to the mask,
would have aigher Ga/ln ratio than the more distant ap&ssuming relaxation and
usingthe formula bySchusteet al.[21], we can estimate our In incorporation to be
between 30% at the apex and 25% at the béke.decreasing periathn be explaied

by increased growth rate at the apex, which is both cooler than the base and closer to the

laterally kinetic precursors.
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Figure 21 The (1-1 . 1) reciprocatspace maps measured for selected positions on the ridge sidewall.

The di st ance Zobhe fidgeoisshotvmie mi@gnsor thetdp oftthe plot. The MQW
satellite peaks are marked according to thelir order
1) reflection from the substrate. The FWHM of the satellites in gx direction is comparable tthe

beam divergence (~160 arcsec) of our experimental setup. The larger widths of the GaN substrate

peaks are due to color scale saturatiorttp://dx.doi.org/10.1063/1.2901142

OO

Strain (Aq/qs)

Figure 22. (a) SEM image of the ridge structure. The Strain of the InGaN (b, red diamonds) the
period of the MQW (c, blue circles) and the G&K fluorescence (d, solid line) profiles are shown as
functions of the di sheadgechép:/dx&doi.brg/i®).4063/1h28011Dp e x of t
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3.2 GaN NSAG

For our first attempt at NSAG, we applied 10 x 10?pmasks to Gabbuffered
Sapphire templates. These masks had 100 nm apertures spaced 600 rffigapa2).
Applying the optimized growth conditions from microSAG instantly gave perfect NSAG
selectivity. These growth conditions are: 1000 ecC,
Nitrogen carrier gas. We maintained a low growth rate of 200 nm/hr to avoid parasitic
reactons.The results of a 2 hour growth are showiigure24. A uniformity analysis
was carried with AFM on 50 nanostructures, and it was found that the average size was
88 nm with a standard deviation of 12 nf handful of nanostretures had slightly

overgrown the mask.

Figure 23. SEM of mask for our very first attempt of NSAG on GaNbuffered Sapphire. (left)
overview of the 10x1O0Ithmeagertures gright)aoore @n the &pertwresn g a |
which are 100 nm in diameter and spaced 600 nm apart.
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Figure 24. Results of first GaN NSAG on GaNouffered Sapphire. (a) SEM of the mask area,
showing the nanostructures and 2D field with perfect selectivity. (b) Zoom of the nanostructures with
inset showing the sideviewperspective. (c) AFM scan across the central row of nanostructures,
clearly showing the height of the 2D field and each nanostructure.

After this successve moved onto the mismatched substrates SiC and AIN
bufferedSapphire. We used the same mask, siméshrunk our apertures down to 80 nm
and added two 120x7600 Astripeshaped aperture@siented along the <1 1 . 0>
direction Three GaN NSAG samples were grown gdilme same growth conditions used
previouslyon GaN except the pressure was raised$50 Torr on two of the samples
(AIN-on-Sapphire and SiC)For comparisonhie third sample (SiC) was grown under
the originall00 Torr of pressuré\ variety of nanocharacterization tools were employed
to study the resultant structurasd infer what wean about the physics of NSAEgure
25shows SEM/AFM images of the 3 samples, as well as a demonstration of the newly
developed submicreheam XRD technique described early in this dissertqtiéh
Note the huge difference in smoothness of morphology between the NBA&GII®s and
the 2D field indicating that NSAG does in fact lead to improved quality for mismatched

substrates A uniformity analysis was performed on ttiets grown orAIN -on-Sapphire,

and they were found to be 150 nm with a standard deviation dhksd nm. In the SiC
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samples, theizes were less uniformwith standard deviations at over 20% of the average

size.
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Flgu're 25. (a) SEM image of sample GaN NSAG on AlMuffered- Sépphlre grown at 450 Torr. (b)

X-Y map of the diffracted intensity collected from the nanodots region on the Alddn-Sapphire

sampl e. Backgr ound imiedsouthetrightmost rmnbdot (T)dSEM images of o p t
GaN NSAG on SiC grown at 100 Torr. (d) AFM image ofcaN NSAG on SiC grown at 450 Torr.

A planar tilt analysis was performed on the coalesced GaN ridges on thenAIN
Sapphire sampl@~igure26). The strong 4ilt signal (signal 3 irFigure26) indicates the
presence of flat, higljuality GaN that is present throughout theddje structure. The 4
distinct tilted signals indicate 4 other orientations of th@ (@) planes. The distribution
and discontinuity of these signals suggest the planar arrangement shown by white lines at
the top of the figure. Indeed, the discontinatyd outward displacement of the apexes
are confirmed by the CL datakgure26b. It would appear that during coalescence, the

nanoridges begin to grow outwargspbablybecause tensile elastic relaxation is forced

to proceed away from tHexed point of coalescence
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Figure26. a) diffraction signal ¢ di stidgbstructurein f or

di ff
GaN NSAGonAINon-Sapphire. The horizontal axis corresponds
the vertical axis corr espondiyand(i)denote CODaignall y t o t he

images for selected locations, and the Arabic numbering (l()6) shows which signals arise from
which planar orientations. b) 18 CL spectra, taken simultaneously at different positions across the 2
ridge structure. The X axis is the same as that for a)The dotted line represents the ridge structure
profile to make it easier to read (it simply shows the shape of therilge structure and is not related
to wavelength). http://dx.doi.org/10.1016/j.tsf.2012.12.099
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The coalesed ridges on the higpressure SiC sample showed the same
phenomenonand the noncoalesced ridges in the-fm@ssure SiC sample showed the
same 0.6 deg/um tilting rate as seenamcoalescethicroSAG, further confirming that
this is some kind of univerkalastic lattice tilting. 3D reciprocal space mapping was
performed on all the nanodots and nanoridges for both SiC samples, and the results were
averaged. The results are plottedrigure27a. The highpressure NSAG structures
were considerably more relaxed than the-fm&ssure NSAG structuresnd SEM
images (not shown) suggest that the morphology of the high pressure sample suffers for
this. Also, for the higkpressure structures, the dots were considerably more relaxed than
the ridges, while there was no significant difference between structures for the low
pressure sampleThis suggests that for aggressive growth, the 3D stress relaxation
mechanism in dots is more effective at relaxation than the 2D relaxation in ridijes.
NSAG structures were high enough quality that the 160 arc second momentum spread of
our XRD setup dominated the FWHMs of the sigrieigure27b shows the 3D reciprocal
space map of a point on one of the NSAG ridges on thetegure sample. The closer
(to the readerdignal originates from the-fllt flat planes, and shows a continuous
transition through a small strain range (vertical axis). This suggests that the lattice of the
low-pressure NSAG ridges are quite affected leytiderlyingSiC lattice, and have not
broken free of it like those in the higitessure sample have. The more distant and less
strained signal i1is from the tilted planes
signal is contiguous with the main signal,bubh i s i sndét e vof-chaxnt fr om

isocline representation.
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Figure 27. 3D Recprorcal space mapping of the GaN NSAG under two different pressures on SiC
substrates. (a) isdntensity surfaces at the level of 99.9% of the maximum intensity of the 3D
diffracted signal distribution for the NSAG dots (green) ard ridges (blue). Data represents an
average for signal from all NSAG structures of that type measured per sample. For the ridges, only

signal from the untilted planes is considered.

point of theoretical bulk GaN. (b) iso-intensity surface at the level of 50% of the maximum intensity
of the 3D signal distribution for a position on a ridge of the 100 Torr NSAG. (i) is the main signal
from the substrate-aligned (00.1) planes, and (ii) is the secoady signal from the tilted (00.1) planes.
(c) position on the ridges where the signal in (b) was collectelttp://dx.doi.org/10.1063/1.2901142

STEM images of the SiC samples appedfigure 28. The leftmost image

shows clearly a void up the lower middle oé flow-pressure ridge. This seems to

indicate that two simultaneous growths from either side of the SiC pit under the aperture
coalesced at the center. The GaN has a high defect density in the pit, but defect free by

the time it peaks up over the maskisTimdicates that all nonelastic relaxation takes place

lower than the level of the mask surface. The same story appears in tpedsgire

sampleafter it has beeaubjected to further GaN growth at the same conditions, resulting

in a 2D coalescence tife two ridges. There is a void over the mask at the point of

coalescence, but the material above and on either side is defec®tme. of the

coalescence voids do eventually (after ~500 nm) disappear, especially those between
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grains growing in the sae aperture, highlighting coalescence of NSAG as a candidate

for creating lowdefectdensity 2D GaN layers.

5‘4 100 Torr SiC
! 450 Torr SiC—
zoomed

SiC
Figure 28. STEM images of the GaN NSAG ridges on SiC substrates. (left) HAADF STEM of the
low-pressure SiC sample. The boundary between SiO2 and SiC is determined from a complimentary
bright -field image (not shown). The highly defeed regions 1 and 3 seem to have originated from
either side of the SiC pit, resulting in a void at region 2, where they coalesce. Region 4 is defect free,
and is zoomed in to the atomic level at the top left inset. (center) Bright field STEM of the high
pressure SiC sample after more growth time results in total coalescence of the two ridges. Note the
highly defected regions analogous to the lowressure sample. At (right) is a zoomed in portion of

the (center) image, showing clearly the coalescence @giboth at and just between each aperture.
Between and over the voids is defedtee material.

Many GaN nanostructuieased devices use GaN nanostructures as a base upon
which to grow ternary layers for device structures such as quantdbasied laser
diodes, nanoribbon HEMTSs, or even simply traditionally miesoale devices on a
smaller scale with higher material quality and no nonradiative recombination cergers.
study the evolution of the nanostructure surface faceting during growth, we patodic
turned on TMAI gas for 1 minute at a time during normal NSAG of 2y The
intention is that the resulting AlGaN layers would show up as markers of the GaN
interface during charaerization by STEM, showing us how the shape of the interface
evolves during growthThese findings could later be directly applied to GaN
nanostructures grown on Silicon.

To perform the studyhe TMAI gas was turned aturing growthat minutes 3, 6,

11,16 and every 15 minutes afterwards. Results for a ridge are shéigune29.
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Note the weHdefined 23 monolayer AlGaN lines that demark the GaN nanoridge facets
at the selected minutes. These layers are too thin to speakei&al composition,

but the AlGaN nanowires that form at the apex were found to be uniformly sized at 2.5 x
6 nnt across many structures, and EDX analysis (not shown) indicates an 8% Al
incorporation in the nanowires, which is significantly greater tharb% Al

incorporation in the 2D fi e-plaheGalven t hough

Figure 29. HAADF STEM images of the (1 1 . 0) plane of NSAG GaN nanoridges grown with
periodic AlIGaN markers grown on a GaN template. (left) Early growth faceting is characterized by
a trapezoidal shape characterized by the (41 . 1) and (0 0. 1) planes. Witincreased thickness
(right top), the growth becomes characterized entirely by the (41 . 1) planes. (right bottom)
Aluminum incorporation is significantly enhanced at the apex, resulting in AIGaN nanowires
through the structure. In the nanopyramids (nd shown), AlGaN nanodots form at the pyrimdal
apexeshttp://dx.doi.org/10.1016/j.tsf.2012.12.099

GaN growth begins trapezoidally, with the semipolatl(11) facet present, but
not as strongly as theptane. With time, the semipolar planes begin to dominate the

shape. At every step, the irfece is smooth and sharp. This is all very good news, since
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we can effectively select whether we want@glanebased device, e.g., for an
AlGaN/GaN nanoribbon HEMT, or a semipclalanebased device, e.g., for an

InGaN/GaN optical device.

3.3 InGaNGaN NSAG

Having sufficiently mastered NSAG of GaN, we sought to use this technology in
nanoscale heterostructures with InGaN, which has obvious of&8jand solapower
[24] applicationsand is fraught with strairelated issueR25, 26] even on GaN
substrates Two different InGaN/GaN structures wermogn on GaN templates. The
first was an InGaN/GaN MQW structure on nanoridges, and the second was InGaN
nanopyramidéanoridgegrown on 20 nm NSAG GaN seed deteps

An all-stripe mask pattern was used to grow InGaN/GaN MQW structures on the
(1-1.1) sidewall of NSAG GaN nanoridges on a GaiMferedSapphire templati27].
The growth temperature was | owetheSdhGdNr o m
layers. Results appear iRigure30. | t OGappacknt that thel -IL .yl) facet is lost at
the apex of the NSAG GaN nanoridgEhatthis did not occur during the AlIGaN marker
experimensuggestshat it is caused by InGaN growtbnditions There is enhanced
Indium incorporation at the point whettee (1-1 . 1) plane gives way to steeper facets,
creating quantum wires along the NSAG GAN. These wires have almost twice as much
Indium as the MQW wells. This strange phenomenon occurred in every structure
measured, andligure30d shows a very high uniformity in both shape and orientation,
with apparent variations in diffracted intensity being explainable by beats due to
frequency additiomvith our sampling frequencyThis stands in stark contrast to the

AlGaN nanostructures disssed earlier.
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Figure 30. InGaN/GaN MQW on NSAG GaN on GaNbuffered-Sapphire. a) SEM image taken of
the 10110 e€m2 mask region showing the | ayout of the
Afcentr al ridgeo where data wa sSTEMimageofthecentrdl, ¢, e, a

ridge showing the MQW structure. ¢c) HAADF STEM image of the area shown in subpanel b with
labels indicating EDX chemical analysis results measuring indium concentrations. Two indiwmich
nanowires are i ndi cdbDifattiohintensityitékén by scanning aceoss the 10
em mask region in the direction perpendicular to th
In0.06Ga0.94N. The X axis corresponds exactly to the SEM image in subpanel a above. e) CL
spectrumtak en at t he centi2dlscangeper for M&RdD aon t he centr a
showing the two InGaN signals and the GaN signal. http://dx.doi.org/10.1016/j.tsf.2012.12.099
CL results give a strong emission of 413 nm light, which corresponds t0%e 1
InN quantum wires.The broad yellow peak is due to surface defi@8% The InGaN
peakis more than twice as intense as the emission from the MQW structure of the 2D
field (not shown), which is very impressive considering the small size of the InGaN
guantum wires. The difference can be explained by lack of threading dislocations (and
therefore lack of nonradiative recombination points) in the nanostructures.
In a second experimerurelnGaN (not MQW-structurednanopyramidsind
nanoridges were growan NSAG GaN nanodots and nanostfifls The objective was
to use the 3D strairelief mechanism to overcome phase separg#®h impediment of

InN incorporation da to compressive strajB0], and polarization fields due to strain
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gradientd31]. This is of course indalition to the reduced defect density expected from
NSAG, and the enhanced InN incorporatios@mipolar growth, which we can optimize

growth conditions to produce. Additionally, since the InGaN nanostructures are to be
grown on NSAG GaN nanostructurgg can apply exactly the same technique to GaN

nanostructures NSAG on any other substrate.

Growth was carried out through @@ dot and strip@pertured masks. 20 nm of
NSAG GaN was produced using our usual conditions. This growth terminated in a c
plane, as shown by the lower markergrigure29, and these-plane nanostructures
served as interfaces for subsequNSAG InGaN under the same growth conditions as
for the InGaN layers in the previous MQW experiment. The InGaN gramstiited in

very regular (£1 . 2)faceted hexagonal nanopyramids anegularly rfaceted

nanoridgesas shown ifrigure31. Even though there is some inhomogeneity

'2‘ 3 um

Figure 1. SEM of InGaN nanopyramids (a) and nanoridges (b) on 20 nm of NSAG GaN on a
GaN/Sapphire template.http://dx.doi.org/10.1063/1.4900531

in thesidewall morphology of InGaN nanoridges, both nanostructure types are smooth,
indicating that the 3D strain mechanism is in effect. Compare this to the morphology in

theunmaskedield (Figure32inset), where Wefects and trenchtp dominate.
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Figure 32. XRD of the (00.2) reflection of the 2D InGaN field on GaN/Sapphire template. Left inset
is an SEM image of the surface. Right inset is a reciprocal space map of the (11.4) reflection.
http://dx.doi.org/10.1063/1.4900531

Featred inFigure32isan-2d scan of the (00.4) refle
unmasked field regionThelow-angle peak corresponds to an InN incorporation of
around 12% (The higher angle peak corresponds to GaN). In the rightiase
reciprocal space map of the (11.4) reflection showing two InGaN peaks, corresponding to
a highly strained (InGaN #112% InN) and fully relaxed (InGaN #R 23% InN) InGaN
lattices. The two distinct peaks indicates that there are two distinctspiagiser than a
continuous transition between the strained and relaxed phases. The abrupt relaxation
happens either after a critical thickness or in phase gil&psrsed throughout the
growth, with the Inrich phase occurring where growth was seaiar.

STEM, XRD and EDX analyses were performed on the nanopyrarfRals.
different magnifications of STEM are shownHRigure33a-d. The shape uniformity is
striking, and itbés clear that s .tTheenterfaget er i al
between the nanopyramid and the 20 nm of NSAG GaN is cl&agumne33c. Figure
33e is a¥yx2d mapping around the (00.4) reflection of both the nanopyramids and field

growth using synchrabn-based XRD analysis (asideufOsynchrotrorbased submicren
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beam XRD setupl4] is capable of analyzing individual nanostructures, but on this day,
the beam was wandering, and beam time beingqurecwe were forced to make ylo.

The signal due to the field was isolated in a separatedidimappingnot shown) so

we were able to determine which signal is due to the field and which is due to the
nanopyramids. The signal width for each ig@dpct of orientation spread either within
the material or in the case of the nanopyramids, between the individual nanostructures.
Compared to the field growth, the nanopyramids show a slightly enhanced InN
incorporation, and this is corroborated by ti@XEanalysis inFigure34, wherein the InN
composition is shown to vary with distance from the GaN interface, topping out at around
26% InN. Laterally, we see a dip in composition at the central vertical axis, likely due
not to a lowInN lattice, but ratheto the same graining effect seen in the nanoridges (see
Figure35). This also explains the low InN content along the top part of the vertical

profile (LG1 in Figure34), which is not retcted in the XRD.

5298

# nanodots

N
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Figure 33. NSAG InGaN nanopyramids on 20 nm of NSAG GaN on GaN/Sapphire template. (&)
shows different magnifications of STEM, with (c) 1in

map around the (00.4 reflection, containing signal from both the nanopyramids and field growth.
The field growth signal was isolated by a subsequent mapping of the field without the dots (hot
shown) . The 2d axi s has be etp://dxao.orggl0.106341.4900531c r y st al
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Figure 35. InGaN nanoridge on GaN/Sapphire template. (a) STEM showing the 3 phases of InGaN

goowt h. (b) el 2d map of the

XRD. http://dx.doi.org/10.1063/1.4900531
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The STEM and sulmicron beam XRD analysis of the nanoridgeEigure35
shows a strikingly clean and symmetric graining eftedthe interfaces between the three
InGaN grains and the GaN growth are very clearly visible in the STEM imdgguwke
35a. The CCD diffraction capture in (b) shows distinct signal for each grain observed,
including the two different pses of GaN (template and 20 nm NSAG). The-gh
phase has two peaks distinct in 6, which
grains of the same material phadéhe InNincorporations were calculateding the
methods of Schuster et 1], and were confirmed by EDX (not showlyote that we
observe the same change in termination plane as in the InGaN/GaN MQW nanoridge in
Figure30, even though InGaN growth here takes place at constant growth conditions.
Thatsuggests that this effect is characteristic of InGaN N®}®OVPEIn general.

Optical characterization by CL is shownHRigure36. Low-temperature (77 K)
CL was performed with beam energies of 3, 5 and 7 keV, correspondimaxtmum
energy loss depths of 25, 55, and 120 nm, respectively. Thus, the 3 keV beam energy
(red) activates primarily the top,-hich grain for the nanostructures, in agreement with
our STEM/EDX results. Higher beam energies in the planar InGaN mswedistinct
luminescence peaks centered at 420 nm and 520 nm, corresponding to 12% and 21% InN,
respectively, according to the work of Orsaibl [32] We observe a higher proportion
of In-rich (InGaN 2) signal compadewith In-poor (InGaN 1) signal in shallower
measurements, suggesting that theidh phase occurs after some critical thickness,
likely due to relaxatiofi26, 33] The broad band at 590 nm is interpreted as the GaN
defect band. In the nanostripe, Harirom the two different InGaN phases are present,
centered at 464 nm and 525 nm (14% and 21% InN), and we note that probing increasing
depths enhances thepoor phase, corroborating the phgsainarrangement found by
STEM. The nanopyramid shows orthe Inrich phase, in agreement with our XRD and

STEM/EDX results.
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Figure 36. 77K CL at 3 different voltages of InGaN planar and NSAG growth on GaN/Sapphire
template. The wide peaks labeled GaN DB are interpreted to arise from the Gadéfect band.
http://dx.doi.org/10.1063/1.4900531

To prove the usefulness of this new technology for devices, we used it to grow a
PIN heterojunction solar c€lB4]. 150 nmthick Inp.eGa.atN nanopyramid arrays were
grown by NSAG on anGaN-on-Sapphire template. After CL characterization of the
InGaN nanopyramidand planar regionshey were completely covered with a Mgped
p-GaN layer with a hole concentration of arohd 0*’. The SiQ-masked area was then
etched away in 5% hydrofluoric acid to expose th@alN layer, and then 3 different PIN
structures were contacted: 2 nanopyratmded PINs and 1 planar PIN. Contacting was
achieved with tungsten probes.

The CL resuk (not shown) were as expected according to the previous
experiment. The NSAG growth had enhanced InN composition (9%) compared to the
planar region (7%), and contained a secondaryicmphase.Figure37 shows the-V
charactenstics of the three contacted PIN structurég&e note clear rectifying behavior in
all cases, and ideality factors aroun8l,4s in other reportddGaN core shell solar cells
[35]. We rote that our NSA&ased PINs produce current 3 orders of magnitude greater
than do planar PINs, and that the IV ratig¢atV is 20 times greater, which is an

unambiguous display of the usefulness of NSAG in GaN/InGaN/GaN PIN solar cells.
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Figure 37. I-V analysis of the three contacted PIN structures. The inset shows an SEM image of one

of the nanopyramid-based PINs, with theorange and blue dots representing tungston probe positions

for contacting the p and n layers, respectively (The SEM image was taken before HF etching).
http://dx.doi.org/10.1002/pssa.201400278

3.4 AlGaN NSAG

A new stripeonly mask pattern was used to study NSAG of AlGaN on a GaN
template Figure38a)[27]. To that end, we aimed to examine the growth evolution of

our NSAG GaN in order learn how to optimize the GaN facet interfa@gs
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Figure 38. Results of NSAS of AIGaN on a GaNon-Sapphire template. a) SEM image taken of the
10110 em2 mask region in the Al GaN nanoridge sampl e

red circle indicates the location where the data was taken for b and the blue circle indiest the

location where the data was taken for d. b) 2D reciprocal space map of the (1 0 . 5) reflection, taken

at the location denoted by the red circle in subpanel a. c)-Ecan of diffracted intensity measured

with a single channel detector forthe (006 ) refl ecti on across the center
area in the direction perpendicular to the nanoridges. The Y axes are lattice parameter (left) and

aluminum incorporation (right). Aluminum composition %s corresponding to some signals are

noted. d) 3Dangle space map of 3 different ridges, represented by a 75% isointensity surface of

diffracted intensity at the (10.5) reflection. The central signal is strongest because it originates from

the ridge under the strongest central part of our Xray beam, which was centered at the position

denoted by the blue circle in subpanel a. http://dx.doi.org/10.1016/j.tsf.2012.12.099

In this mask pattern, some stripes were arranged densely (Period = 300 nm), and
some were arranged sparsely (Period = 1 um). The gmtiitions were the optimized
ones we found for GaN NSAG, except with the addition of TMAI. The AlGaN NSAG
was not selective (there were polycrystalline deposits on the mask), but still formed well

faceted nanoridge structures. Submiebaam XRD resultshown that the AlGaN

nanoridges were all elastically strained, while the field (not shown) was fully relaxed. No
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difference was found between the (rather low) Aluminum incorporation between the
sparsely and densely arranged nanoridges, but the NSAGwas to have significantly
more incorporation than the 2D field. 3D diffraction angle space mapping showed that
the lattices of each nanoridge, while showing a good individual quality and uniformity,
were oriented independently from each other, even ththey all grew from the same
substrate.Figure38d shows diffracted intensity from 3 densely arranged AlGaN
nanoridges. Each disk shape originates from one of the structures, and differ in both

strain (interpreted as Aluminum ingaration) and orientation.

3.5Coalesced NSAG microtemplates

An application of NSAGoriefly mentioned in section 3i8 the fabrication of
microtemplates by using ELO to coalesce NSAG nanostructures to form a smooth 2D
layer that can then be used asmapkate upon which to grow a device. Threading
dislocations originating from the original substrate will not pass the mask, so the density
of such dislocations is reduced by a fa@bleast as large #ise ratio of the area of the
mask to that of the aperes. Additionally, in the case of mismatched substrates, the
microtemplate layer is allowed to elastically release mucts attitiin duringgarly
NSAG and ELO (before coalescence), resulting in a higher quality material than can be
expected for norma&D growth. Additionally, NSAG through apertures smaller than the
average grain size of the substrate will result in a microtemplate with regularly spaced
grains, bounded by planes of coalescence.

For this study, a Galuffered Sapphire substrate was kembwithdensely
spacedstripeshaped nanoaperturaong the <t1 . 0> directionthrough which
triangular prisrasshaped GaN nanostripes where grown by NSA&{&g the same growth
conditions as in previous sectioksgure39a showslis early stage of fabrication. The

ambient gas is then changed from NitrogeRiydrogenfor ELO until coalescence
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(Figure39%). A functional layer of 20 nm InGaN is then grown on top to simulate an

active region.
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Figure 39
ELO. (b) InGaN grown on NSAG GaN microtemplate formed by applying ELO and coalescence to
the structure in (a). (c) HAADF-STEM image of the (1 1 . 0) plane showing InGaN growth on both
the NSAG microtemplate (left) and the 2D field (right). The inset is in the brighfield mode for a
clearer view of the InGaN/GaN interface.

The reader is referred to RE6] for analysis of the InGaN layer, but for the
purposes of the current work, the figure of merit is the STEMy@aFigure39c, which
shows a crossection of both the field and microtemplate regiofike most striking
difference is the density ofdefects, which is more than an order of magnitude less in
the microtemplate region. This iedause grain boundaries are present only at the points
of coalescence and occasionally also over the nucleation site, making them not only less

in number but in a somewhat predictable arrangement. We also see a few instances of

grain boundaries becomingléted before the surface.
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CHAPTER 4

SELECTIVE AREA GROWT H ON SILICON

After achieving aleep competenaa SAG on traditional, higitost substrates,
we are ready to apply our research cycle, characterization expertise and extensive
experience to tkling the problem of Group HNitride SAG on Silicon substrates. The
first section of this chaptevill detail our early workon bare Silicon. The second will
present our results on AlbufferedSi(111) templates and compare these results to those
we ahieved earlier on GallufferedSapphire, AINbufferedSapphire, and SiC. For a
review ofthe state of the art of techniques for improving the quality of GaN layers and/or
nanostructures on Silicon substrates, the reader may refer to the followingae$svan
AIN nucleation layer$37-40], Silicon islands/pillar$41, 42] patterned Silicof43],
MBE NSAG [44], MBE nanocolumn coalescea[45], and intermittent quantuiiot

layers[46].

4.1 Early work on bare Silicon

Before beginnig growth on Silicon, we must take steps to remove contaminants
and the monolayers oftiveoxide. We prepared Silicon wafers for processing using the

following steps:

1. Ultrasonicethanol bath (5 minutes)

2. Boiling acetone bath to remove the majorifynmlecular contamination (5 minutes)
3. Secondultrasonic ethanol bath to remove all acetone (5 minutes)

4. Deionizedwater rinse

5. Drying in pure Nitrogen

6. Sulfuricacid(3:1:1H>SQy:H02HO)b at h at 100 e CGontaminante mo v e

(5 minutes)
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7. Deionizedwater rinse

8. Dryingin pure Nitrogen

9. hydrofluoric acid2.5%)bath to remove atomic contaminants and the native oxide
monolayers

10. Deionizedwater rinse

11.Dryingin pure Nitrogn

The last 3 steps arepeated until step 10 results in visible beading on substrate
surface. This indicates that the surface has become hydropholsic Hreloxide
monolayer is gone.

To assure selectivity, we used growth conditions identical to fooseore
expensive substrates. The only change was that we aimaditoizeinitial Si-N
reactions on the Silicon surface by withholding ammonia until after the temperature is
maxed out Faure4dsbov®SEM nages of the results of GaN microSAG on
bare Silicon (111). We achieved perfect selectivity along thighhorrendous

polycrystalline 2D growth expected of GaN growth directly on Silicon.
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Next, we tried GaN NSAG on bare Silicon (111) with similar resltigure41

shows optical microscopy images of coalesced NSAGnarolly and densetpacked
dots mask patterns. As in the micrerale regime, we achieved perfect selectivity, but
growth continues to be sparse and polycrystalline. The polycrgstadted in the
aperturesre so strongly misoriented that the geometramglom and coalescence does
not createanything resembling a coherent lay&ubsequentxperiments on ubuffered
Silicon were unablé& produce reasonabtgiality, and this naive approach was

abandonedor AIN-buffered Silicon templates.
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Figure 41. Optical microscope images of GaN NSAG on bare Silicon (111) substrates. The (left)
image is of growth onthe line-only mask pattern, and the (right) image is of growth on a closely
packed dotsonly mask pattern. In both cases, growth time was extended to observe coalescence in
the dense ridges and dots.

4.2 The AIN -buffered Silicon (111) template

Lattice and thermal expansion coefficient mismatch aside, growing on bare
Silicon has chemical problems involving unwanted reactions between Si and our
precursor specigd7, 48] After failing to grow on bare Silicon, waegan
experimenting withemplates comprised @0 nm AIN buffer layergrown on Silicon
(111) wafers by a patented plasma vapor deposition techidi§lid-or these growths
we used 100 nrthick SiO, masks pterned with either densegpacedP=367 nm)
70x2000 nm stripes odenselypacked(honeycomb d=166J0 nm dots. Total mask
dimensions ran a gamut from 10x10 {am 34x34um?, with a variety of margins
between the aperture array and mask ediggure42 shows STEM images of our AN
buffered Silicon template. The 200 nm AIN buffer is @@slumnar, witheachcolumnar
grain being misoriented from the others. This can be explained by &eddctions that
took place early in the Algrowth, creating an amorphousd$j layer that formed the

uneven and noncrystalline substrate for subsequent AIN growth.
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Si (111) used for all NSAG in this chapter. The AIN layer is 200 nm itk and has an incoherent,
nanocolumnar configuration. The interface betwen the AIN and Silicon surface is amorphous, and
was found by EDX (not shown) to contain greatly increased amounts of Nitrogen, pointing toxSi.

4.2.1 GaN NSAG

We successfully adived selective NSAG of GaN on Albuffered Silicon (111)
by growing under Nitrogen ambmolrviAllratot 1000
of around100. Figure43 shows SEM images of the succesMEAAG. The growth has
perfectselectivity, but nanostructures are not monocrystalline and have poor uniformity
of size, shape, and orientation. Thestajline granularity islue to the nanocolumnar
nature of the AIN surface, which resultsnmultiple nucleation grains otaN that, aer
growing to meet each other, are too misaligned to coaletra single grain This is
also the cause of the poor uniformity of shape and orientalibis. effect is most
noticeable in the stripapertured NSAG, where multiple seeding locationgyasranteed
to occur in the same opening. In the dot apertures, we often had one seed per aperture,

which resulted in a singlerystal nanopyramglwith strong faceting
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Figure 43. SEM images of GaN NSAG on AII\bufferediicbn (112) templatesf (t6p left) GaN )
nanodots gr owrfmash (battorhlefty doBe zeom of the GaN nanodots. (right) GaN
nanoridges grown through <1-1 . O>oriented dripe-s haped apertures on a 10x22

The size differencecan be explained hyits present in the AIN buffer layer
under the maskThis effect is analyzed by STEM and EDXRigure44, which clearly
shows the Ga atonifgling the pits in the AIN These pits were later found to be due to
overexposure during the Sithasketching NSAG gowthtaking place in apertures
suffering from this pitting effecppearstunted comared to growth which does not,

presumably because theathing of Ga atoms delayed seeding.
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100 nm N
Figure 44. HAADF STEM and EDX analysis of the (1-1 . 0) plane of NSAG GaN nanoridges on AIN
buffered Silicon showing thepitting effect at the AIN/GaN interface. The (top)mage shows how
nanoridges grown atoppitted regions are smaller thanothers. The (bottomleft) image shows a close
up. The (bottom right) image is an EDX analysis of the region. The bae&tching effect can be
described as AIN being eaten away and onlyartially replaced by GaN, leaving a good deal of empty
space in the affected region.

A new masking method not involving reactive ion etching (see section 2.1.1)
solved the pitting problertFigure45), but because of the nanocolumnature of the
AIN, we were unable to achieve singlegystal nanostructures from stripe apertures.
addition to the new masking methods wecided to continue the present work solely with
dot patterns, which produced wédceted and 90% singlaystalnanopyramids with our

80 nm apertures.
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Figure 45. GaN NSAG on AlN-buffered Silicon using masks produced by our improved HSépased
masking technology. (a) SEM image of the GaN nanopyramids, showing improved unifoityi over
the previous figure. (b) Size (distance between the two opposite edges) distribution histogram of the
GaN nanopyramids extracted from SEM images. (c) Cross sectional STEM images of a single GaN
nanopyramid on the AIN/Si template showing the laclof invasion by Ga atoms.
http://dx.doi.org/10.1063/1.4931132

4.2.2InGaN grown on NSAG GaN nanodots

InGaN is the alloy that covers visibleavelength emission/absorption, making it
the group [#Nitride system for lighting and photovoltaic applicatiof¥espite intense
interest in growng InGaN on Siliconthe exceptionally poor lattice matching results in
low crystalline quality and large compositional and morphological nonunifo{bity
53], and this is in addition to the strain related protdelready present in InGaN growth
on GaN substrates (see section 3&fer achieving uniformlysized GaN NSAG on
AIN -buffered Silicon(111), wevent on to tackle this problem.

We used a denselyacked dots pattern to grow 20 nm thick GaN nanodots by
NSAGatl1 000 eC and 80 Torr, wunder Ni tl60ogen am
Then we adjusted our growth conditions to 8
to grow 100 nm of InGaN on the dots, resulting to InGaN nanopyraatogs20 nm GaN
seeds SEM and CL results are shownkigure46. We achieved faceted, uniform
nanopyramids with a primary luminescence peak at 525 nm, corresponding to an InN
content of 20.7%. This luminescence is roughly 50% stro2@amm redderand30%
sharper (FWHMY han t hat from the field, and itobés

nanostructures do not produce an InGaN defect band.
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Figure 46. Cathodoluminescence analysis of InGaN nanopyramids grown on 20 nm NSAG GaN
nanodots. (top left) CL spectraat various ebeam energies of the InGaN nanopyramids. -peak fits
are shown with dotted lines. The more intense peak is denoted InGaN#1, and is positioned at 525
nm, which corresponds to a (fully relaxed) In content of 20.7%. The secondary peak is deéed
InGaN#2, and its position redshifts with depth, spanning between 560 nm and 577 nm, which
correspond to an InN content between 24.1% and 25.6%, respectively. It's interesting to note that
the nanopyramids do not show a defect band. (top right) CL ahe 2D field, showing both the InGaN
peak (between 502 nm to 507 nm, corresponding to 18.2% and 18.8% InN, respectively) and the
InGaN defect band around 620 nm. (bottom left) an analysis of the CL peak positions as a function
of beam energy, which corregonds to depth in the sample. The secondary irich peak "InGaN#2"
redshifts by 17 nm as we traverse the depth of the nanopyramid, while the other InGaN peaks
remain relatively constant. (bottom right) analysis of FWHM of the observed InGaN peaks in the
nanopyramids and the field. The FWHM of InGaN#1, the primary InGaN peak in the nanopyramid,
is about 30% smaller than that of the InGaN peak from the field. The secondary, lnich InGaN

peak InGaN#2 has a large FWHM at the surface, and becomes smalleras advance deeper into the
nanostructure.

CL spectra also show secondary, knich InGaN signal at 560 nm (24.1% InN),
which actually becomes bluer (lower InN conteartyl higher quality (lower FWHMas

we look deeper in the nanostructund/e will cortinue to see this phenomenon in
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subsequent InGaN nanopyramid growths, and we will perform a-seati®nal study
later in this section

A second InGaN nanopyramsample was grown with increased TMIn flow in
order to increase our In incorporatioRigure47 shows the results. The nanopyramids
were again well formed, and there were again 2 InGaN peaks in CL and no defect band.
This time, In incorporation was enhanced by 3% InN, but at the expense of significantly
wider CL curves. In this case, the secondary;rinh InGaN peak was almost as strong as

the primary peak, and suggests areas of In incorporation as high as 28.7%.
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Figure 47. Cathodoluminescence analysis of a representative InGaN nanopyramid from the sample

grown with higher TMIn flow on 20 nm NSAG GaN nanodots. (left) CL spectra avarious ebeam
energies of the InGaN nanopyramids. (right) Zoeak fits of the curves on the left. The more intense
peak is denoted InGaN#1, and is positioned at 556 nm, which corresponds to a (fully relaxed) InN
content of 23.7%. The secondary peak @denoted InGaN#2, and its position redshifts with depth,
spanning between 597 nm and 610 nm, which correspond to an InN content between 27.5% and
28.7%, respectively. The nanopyramids do not show a defect band.

By then lowering the growth temperature7f@e (Cwe achieved a boost in InN
composition(to 33% in NSAG)without any increase in CL FWHM. We then did a full
analysis of this lowtemperature sample that was analogous to that done for the GaN
template in section 3[54]. As before, we begin with a higlesolution XRD analysis of
the planar InGaN growth from the unmasked part of the safRjgeré48). We see

clearly the 3 peaks corresponding to the AIN buffer layer, 20 nm GaN layer and the
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InGaN. Asymmetric reciprocal space mapping (inset) reveatsathlayers are fully
relaxed, justifying the use of Vegardos |
Ino.2sGan.7N. SEM analysis of the planar InGaN (not shown) shows the expected rough

morphology defined by Mefects and trenches.
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Figure 48. High-r e s ol ut i-ddf KXKKRDn dwi th its simulated fit for
InGaN (outside of the patterned area) on the loviemperature InGaN sample. Inset is the RSM of
the (11.4) reflection, showing that both the GaN and InGaN are fully relaed.
http://dx.doi.org/10.1063/1.4931132

Figure49 shows SEM analysis of the InGaN nanopyramids. As in previous
samples, we see perfect selectivity and a six sragidéwall morphology, though the
lower temperature has reduced the growth rate and therefore the gwgeagal size.
Over 90% of the nanopyramids are hexagonal with clear faEegare49c presents a
statistical analysis of nanopyramid size, with over 90% of the nanopyramids within 7 nm

of 86 nm (measured side to side, not corneotoer).
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Figure 49. SEM analysis of the lowtemperature InGaN nanopyramids on 20 nm GaN nanodots. (a)

SEM image of the InGaN nanopyramm d s grown on the 10110 e&m] patterne
magnification SEM image of the InGaN nanopyramids. (c) Size distribution histogram of

nanopyramids. http://dx.doi.org/10.1063/1.4931132

The structure and composition of the InGaN was studied by-sext®nal
STEM. Figure50a shows a brighfield STEM image of the planar growth in the
unmasked area of the sample. The extreme 3D nature of the growth is evident, with a
high density of Vdefects caused by threading dislocations originating from the AIN
buffer layer. In contrast, the nanopyramidskigure50b and care monocrystalline,
dislocation free and very uniform in morphology and faceting. This is due to the single
crystal GaN nanodots originating from a single nucleation point onlttdwfer layer,
as explained at the end of the previous section. We also see no digjocHtions
indicating fully elastic strain in the InGaN (and perhaps GaN) layers. The EDX analysis
in Figure50c shows a very uniform 33% Nhcomposition throughout the nanopyramid.
(The low reading at the apex and GaN interface is expected for EDX near interfaces.).
This confirms thabur NSAG technique hasiccesfully overcome the clustering and

composition pulling that plagues 2D plataGaN growth.
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Figure 50. STEM/EDX analysis of the Iowtempera;tLre InGaN sample. (a) Brightfield STEM image
of planar InGaN grown on the nonpatterned area. The red dotted line denotes the perceived
interface between InGaN and GaN. (b) Brightfield STEM image of
InGaN nanopyramid arrays grown on the patterned area. The different coloration between the parts
above the mask and below the mask are due to thickness effects in the crssstion, and do not
indicate different phases/grains of matel. (c) Cross sectional HAADFSTEM images of a single
InGaN nanopyramid. (d) EDX line scans for indium in InGaN nanopyramids along the vertical (red)
and horizontal (black) axes of the nanopyramidhttp://dx.doi.org/10.1063/1.4931132
The emission characteristics of both the planar and N§@®@&th was studied
with low-temperatur€L (Figure51). At thesdbeam energies (5 keV), the electron
beam energy corresponds to a depth of maximum energy loss varying in the range of 40
60 nm, and thus, the spectra consist of heacence from the 100 nm thick InGaN
region. Planar InGaN (inset) exhibits two luminescence bands, which are centered at 562
nm and 700 nm. The short wavelength peak can be attributed to the near band edge

emission of InGaN with an InN incorporation of 2N composition determined

68



according to the work of Orsat al.[32] taking into account both the relaxation rate of

the layer and the associated bandgap bowing parameter). The other luminescence band
spanning from 55@m to 750 nm originates probably from the localization of excitons at
potential minima in Irrich InGaN areasuggestinghe expected In content fluctuations

in planar InGaN. In the nanopyramid, we observe a large luminescence band centered at
625 nm, caresponding to InN composition of 30%. A second, weaker luminescence band
centered at 680 nm (InNN composition of 33%) can also be seen. Thus, under the same
growth conditions, we observe higher INnN composition in the nanopyramids than in
planar InGaN. Undesimilar excitation (5 keV), comparing the largest luminescence
bands, we obtain almost four times larger peak intensity from the InGaN nanopyramids

than from planar InGaN, likely due to higher crystalline quality in the nanopyramid.
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Figure 51 Low temperature (77 K) CL emission spectra from a single lovtemperature InGaN
nanopyramid with respective peak deconvolutions in dashed lines. Inset shows the CL spectra and
peak deconvolutions fromthe planar InGaN. http://dx.doi.org/10.10631.4931132
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In conclusion, we used previous success growing NSAG GaN o+biifdred
Si(111) to develop a technique for obtaining highly uniform, shogystal, dislocation
free InGaN nanopyramidbat are free from phase clustering effestd oher
nonuniformitiesfound in planar growth With additionaleffort, we achieved maximum
INN composition of 33%, with NSAG material showing four times better emission
characteristics than planar matenalthe same substraté/e note that this improveemt
over planar growth is far more pronounced for AIN(t@jfered SHicon substrates than

for GaN, which wa®nly arounda 30% improvemengseeFigure36).

4.2.3Mask geometry study of InGaN on NSAG GaN nanodots

A study of the dect of the margirsize between the dahaped apertures and the
outer edge of the mask was performed for InGaN grown on NSAG GaN nanodots. The
objective was to explore a potential technique for creating structures with differing InN
concentrations usingnly a single growth run, which would allow us to inexpensively
make InGaNbased micrepixel devices.

The three mask geometries explored are showAigure52(a)-(c). Thereods
very clear growtlenhancement for larger margins, iflpfor the outermost
nanopyramids, and CL results confirm that growth on 16 um margin masks have
different optical properties than that on 4 and 1 um margin masks, resulting in both green
and orange luminescence, respectively, in the same grdwtouermost pyramids had

optical properties identical to those of the interior pyramids, despite their enhanced size.
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Figure 52. The different mask dimensions used to study the effect of mask margin size on InGaN on

NSAG GaN on AlN-buffered Silicon (111). (a) SEM image of growth on the 16 mmargin mask. (b)

SEM i mage of gr-mewtbionmab&. 4(em SEM i maagie of gr owt h

mask. (d)closeu p SEM i mage of g-magwtmask. o(e) cldsdapeSEN! Bnage of

gr owt h o nmargim enask. (feFits of CL spectraof the InGaN nanopyramids grown on 3

different margin sizes. Solid curves are total fits, and the dotted and dashed black curves are

deconvoluted fits of t hmeargh masksakmde. Peakegpssiionsarei n t he 16

indicated with dashedlineand t he vi si bl e specaxs.um i s shown al ong
A statistical analysis of the nanopyramid sizes was performed using SEM images

as intensity mapsFigure53illustrates the technique and shows the results for the 4 um

and 16 pmmargin masks Size distribution for the 1 um margin mask (not shown) were

found to be very similar to that for the 4 um margin mask. All 3 margins produced inner

pyramids of around 1400 rfrwith size enhancement on the outermost pyramids

increasing witmmargin size as follows: the 1 um margin produced 2009auter

pyramids, the 4 pm margin produced 2250 mmter pyramids, and the 16 pm margin

produced 3000 nfrouter pyramids. The CL spectfaéigure52) were uniform in a single

mask, and did not depend on whether inner or outer dots were measured, indicating that

the growth enhancement operates equally on both InN and GaN bond formation.
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Figure 53. Nanopyramid dze analysis of InGaN on NSAG GaN on AlMouffered Silicon (111) for
mask margins of 4 and 16 & m. (top Il eft) SEM image o
mask. A nanopyramid's size is calculated by therea of inclined surface contained within its
corresponding yellow circle, i.e., any part that's flat is presumed to be the mask surface . (top right)
Size analysis for the 4 em margin growt h. (bottom
(bottom left) nanopyramid size distribution forthel 6 e m mar gi n gr owt h.
Crosssectional STEM and EDX was performed on the 4 pm margin
nanopyramids. A representative example is shoviigare54. The HAADF STEM
image clearly shows the 20 nm NSAG GaN grown on the AIN buffer laytr the
InGaN nanopyramid grown on top. TdeslocationfreeInGaN nanopyramid contains
two different phases of InGaN, which is expected for Haghperature InGaN growth
[55, 56] The 26% InN hexagonphase corresponds well to the 590 nm CL peak shown
in Figure52. The 1015% InN cubic phase would correspond to CL signal around 420

nmi 480 nm, which isot present.
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Figure 54. STEM and EDX analysis of the (11.0) plane
margin mask. (left) HAADF STEM image of an InGaN nanopyramid grown on 20 nm NSAG GaN.

The red dotted lines indicate regions of cubic InGaN, which have been confirmed biymailtaneous e

beam diffraction (not shown). The NSAG GaN nanodot is clearly discernable between the InGaN

and AIN. (right) Simultaneous EDX analysis of the same cross section. Ga atoms are colored green,

In atoms red, and Al atoms purple. The cubic remns are between 10 and 15% InN while the

hexagonal regions are around 26% InN.

In an effort to boost IN composition and eliminate ndaminescing phases, we
performed the same growth at a lower temperature. A summary of the results are shown
in Figure55. Again we find a similar growth enhancement effect in the outermost
nanopyramids, and our CL spectra are redshifted, indicating a higher InN composition.
In this sample, we achieved both green and red peaks in the same graigmifjcant
step towards our goal of creating singl®wth micropixels. Additionallythis growth
did not produce cubic regions, but rather two different hexagonal InGaN phases which
are quite well dispersed within each other and do produce CL paHdksargin sizes
producel two CL peaks, corresponding to around 25% and-B%ophases of InGaN.

Also worthy of note is that in this growtimargin size did not affect chemical
composition(Thegreen was from unpatterned field growt) this effect seesrisolated

to higher growth temperaturasd/or growth with cubic insertions.
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Figure 55. Margin study summary for reducedtemperature InGaN growth on NSAG GaN. (a) SEM

i mage of the 4 em margin growth. (b) CL analysis f
total fits and dashed/dotted lines are fits of two peaks deconvoluted from the total fit. (c) EDX

analysis of the (11.pplane of a nanopyramid, showing fairly uniform In distribution.

4.2.4 InGaN grown on coalescetSAG microtemplates

Following the achievement of NSAG microtemplates on GaN (section 3.4), we
sought to extend this technology to the AlNffered Silicon (1L1) substrateAs on GaN,
we first produced NSAG Gatlirough <1-1 . O>oriented stripeshaped apertures on a
1 0 x 2 2maskuthis time using our optimized conditions found in section.4\®/d
thenchanged to Hydrogen ambient to crelat€® growth conditions to coalesce these
nanoridges over the mask uritiey planarized into a 2D layer, atop which we grew our

20 nm InGaN layer. An overview of the growth is showfigure56.
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Figure 56. 20 nm of InGaN grown on coalesced NS5 GaN on AIN-buffered Silicon (111). a) The
growth steps: GaN nanoridges are obtained by NSAG on AlWuffered Silicon. Then, growth
conditions are adjusted for ELO and carried out to coalescence and planarization, resulting in a
high-quality 2D layer. 20 nm of InGaN is then grown on this coalesced GaN. b) SEM image of the 10
X 22 em|] masked region after coal escenapaturednd | nGaN
mask region. c) widezoomed brightfield STEM image showing the field (left) and NSAGegion
(right). The thin, white layer is the 20 nm InGaN growth. The dark layer atop the entire sample is
Carbon, which was applied during FIB for characterization by STEM.
Figure57 shows the surface roughness analysis of thal@own in the NSAG
region versus that grown in the field. A quick visual understanding of thddugh
roughness can be gleaned from the SEM image on the right, which shows both the field
and the NSAG region, separated by a dark unapertured masknigngi topography is
dominated by irregularbghaped hillocks of which there are less in the microtemplate
than in the 2D field.The roughness rms on the 3x3 {ssale is8.909 nmand 24.780 nm
for the NSAG region and the field, respectively. Howeverthe smaller (0.75x0.75
um?) scale, the field is actually less rough than the NSAG region, indicating that the

features giving rise to the largecale roughness are themselves quite broad.
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Figure 57. Comparison of the InGaN surfaces in the NSAG region and field region. (left) SEM

overview including both the NSAG region and field
InGaN surface in the NSAG region. The RMS roghness in the entire region is 8.909 nm, and that of
the small boxed area is 5.217 nm. (right) AFM of

region. The RMS roughness in the entire region is 24.780 nm, and that of the small boxed area is
2.966 nm.

Figure58lays out a crossectional study of the lattice and optical properties.
The brightfield STEM image shows the granular structure, with grains bounded by
coalescence axes, including coalescence that takes placebebhsgarate nucleation
seeds in the same aperture. This pattern creates an average grain width of roughly 340
nm, half the size of the period of the stripe apertures. At each grain boundaryis av
defect, circled in green in the STEM imagéd-igure58. ltdés also clear
that threading dislocations originating from the AIN/GaN interface do not survive to the

planarized GaN surface.
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Figure 58. Lattice and bandgap analysis of InGaN grown on coalescened NG GaN on AIN-
buffered Silicon (111). (left) brightfield STEM image of the (1-1 . 0) plane. The dotted yellow line
demarks the InGaN/GaN interface, which doesn't show up well in the brighfield regime. V-defects
are circled in green. (center) CL pek intensity of signal from InGaN (black squares) and Inrich
InGaN (red triangle) versus electron beam energy connected by a Chguared fit. Beam energy can
be converted to depth of maximum energy loss (top axis) using Monte Carlo statistics, which albw
us to perform an intensity vs depth analysis. The ratio between the peak intensities of CL signal
from InGaN and In-rich InGaN (blue) increases with depth, indicating that the Inrich InGaN is
present more strongly (or perhaps entirely) in the top layer (right) CCD image of diffracted
intensity from the (00.4) reflection at the grain boundary between two coalesced NSAG GaN
nanoridges. The ¥ angle is optimized 4#ich show di ffr
InGaN, which has very little mosaicspread, even though the underlying coalesced NSAG GaN
nanostripes show a variety of grain orientations.

CL analysis shows two InGaN peaks, a strong one suggesting a 13% InN
composition and a weaker one from a morgidh InGaN lattice suggesting 17% InN
These two compositions are present in both the NSAG region and the field (not shown),
though the NSAG region produces 6.7 times the intensity of the field regtocating
substantially higher InGaN epilayer quality on microtemplate GaN than orGat

Depthresolved CL finds that the ratio between the intensity of CL from the
dominant InGaN and that of the-tith grain increases with depth, indicating that the In
rich lattice exists mostly or entirely at the surfdégure58 also shows a CCD image
taken with submicrobeam XRD. The goniometer was optimized to highlight the In
rich signal, which is seen to be quite uniformly oriented, especially compared to the
diversely oriented grains of the coalesced GaN upon whichitgro |1t 6 s i nteres

note that the two planar InGaN grains grown on adjacent GaN grains are so closely
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oriented. Thignay suggest thathanging growth conditions and/or precursor species

tends to encourage the merging of grains or that the NSAG Gabllngady near some

sort of coalescence critical thickness where grains begintomerged s al so possi

grain boundaries are easier to coalesce in InthaN in GaN Note that the orientations

of the two InGaN grains are between two GaN graind,adso that parts of the lattices of

each InGaN grain do share the same orientatiothe field (not shown), the InGaN

XRD peaks indicate grains misoriented on the same scale as the underlying GaN field
Whencomparing the STEM image Figure58to that ofanalogous growth on

the GaNbuffered Sapphire templafEigure39), the first thing that stands out is the

sheer density of dislocations and stacking faults that the former suffers during early

growth. Thes defects are largely overcome before the InGaN/GaN interface, but one

type of defect that persists are the grain boundaries, both those at the coalescence points

over the masks and those originating from multiple grains seeding in the same aperture.

On the GaNbuffered Sapphire substrate, some of these grain boundaries are deleted

before reacimg the surface, but we do not see that on-Aliffered Silicon (111)

probably because tiielarger misorientations between grains that is due to the

nanocolumnaAlN layer.

4.2.5 NSAG BGaN

BGaN is a particularly interesting and challenging material sysissides the
resilience and bandgap engineerability shared by other Group Il Nitride systems, BGaN
has the potential for tunable resistivity and neutron seigi[57, 58]and is transparent
to thenearUV spectrum.Additionally the large difference in lattice parameter compared
to other Group IHNitrides makes it extremely interesting for bandgap and strain
engineeing[59,60l Howe v er , itds perhaps the most che

suffering from strairrelated degradation, Boron clustering, phase separation, and 3D
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columnar growth even at very low BN concentratiféld. After using NSAG to solve
similar problems in InGaN, we decidedsiudy the application dhese techniques to
BGaN. To that end, we performed NSAG of BGaNmwth AIN-buffered Si(111) and
GaN-buffered Sapphirewhich allowed us to decouple the effects of lattice mismatch and
nanocolumnarity from those of our NSAG technigW¥e used the sameasks as for the
previous margin study of InGafsection 4.2.3)and optimized growth conditions
independentlyor the two substrates.

On both template$ySAG of BGaN was performed in a low pressure MOVPE
reactor with a target of 1.5% boron incorporatidmiethyboron, trimethylgallium and
ammonia were used as growth precursdéfs.opted for nitrogen ambient after
experiments under hydrogen ambient produced highly irregafaheavy nanopillars on
the AIN/Si(111) For both templateshé growth temperate was 1000 °Cthe pressure
100 Torr, and the V/Ill ratio around 800

To understand the effect of the templates used, we first analyzed 2D BGaN
growth in the unpatterned field region. The lattice was studied usnag Hiffraction,
wherein wellidenified XRD peals for the 00.2 reflection dBGaNwereobtained with
¥-2 dcarson both GaN and AIN/$111)templates along with their corresponding
template peaks as showniigure59. The BGaN (002) peak is almost in the same 2
thetaposition on both templates, indicating very similar mean unit cell sizes and boron
incorporation on both the templates. Total relaxation in the structure was confirmed by
reciprocal space map (not shown). Thus, from the Isition fit shown in Figure59), we
interpret the XRD peagosition to indicate arountl5% BN composition(composition
inferred based on Vegardoés | aw with CBN
expected, the diffracted intensity from the BGaN field on the @abdétrate is around an
order of magnitude stronger and the FWHM around 3 times narrower than that on the
AIN/Si(111), suggesting a vastly superior lattice uniformitysiliu reflectivity

measurement@ot shownjndicated growth of ~15@m-thick layers @ both substrates.
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Figure 59. XRD of BGaN growth in the unpatterned fields of GaN/Sapphire (blue) and AIN/Si(111)
(red) compared against simulated diffraction of 1.5% BNcomposed BGaN on GaN.
http://dx.doi.org/10.1088/09574484/27/11/115602

The surface morphology of both the templatesestypical rough and 3D BGaN
surface astown inFigure60. The 2D3D transition should be more drastic in the
AIN/Si(111) templates due to higher lattice mismatch induced strainametolumnar
nature of the AIN®i(111) template. ComparingFigure60(a) and (b), the BGaN on the
AIN/Si(111)template has a 3D surface very similar to BGaN on GaN template. Fhe 2D
3D transformation in BGaN epilayers on GaN templates is induced by boron clustering,
phase separation aescess strain, due to boron incorporation, resulting in randomly
spaced multcrystalline fused nanocolumns strongly aligned to the GaN growth axis as

reported premusly by S. Gautier, et d61].
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Figure 60. SEM images of 2D BGaN growth in the unpatterned field on (left) GaN/Sapphire and
(right) AIN/Si(111). http://dx.doi.org/10.1088/09574484/27/11/115602

The selectivity, morphological quality, and uniformity in shape and size of BGaN
nanopyramids in the patterned area of the GaN and AIN/Si templates were evaluated
using SEM analysigzigure6la and b show SEM image$the NSAG BGaN
nanopyramids for both substrates with their respective higher magnification images. In
both cases, we achieved perfect selectivity throughout the 10x3tpsk, smooth {+1
0 1} faceting, and a good morphological uniformity (>90% asedgonally shaped, the
remaining triangular) as shown in the inset&iglure6la and b respectively. A
histogram of nanopyramid size distribution extracted from several patterns on GaN
template and AIN/Si (111) template is showrrigure61c and d respectively. The mean
diameter of the BGaN nanopyramids on patterned GaN templates is 83.4 nm with
standard deviation of 8.21 nm, and on the AIN/Si (111) template the average size of the
nanopyramids is 102.3 nm wisftandard deviation of 6.63 nm. A comparison of NSAG
crystal size with the 3D nanocolumnar features in the field (haphazard arrangement of
small grains with mean diameter ~40 nm (sed-igure60b), shows that NSAG has
produced largef~80-130 nm) single crystals with regular spacing, good uniformity, and
smooth faceted surfaces without any visible defects on the surface (within the detection

limit of the SEM), leading to the conclusion that almost all of the nanopyramids on GaN

81



templaes are single crystals while more than ~90% of the nanopyramids grown on
AIN/Si(111) are single crystal. These analyses of selectivity, size and quality confirm that
the NSAG vyields BGaN nanopyramids which are simillar in quality irrespective of the

temphte used.

Figure 61. SEM morphology analysis of NSAG BGaN on GaN/Sapphire (a,c) and AIN/Si(111) (b,d)
templ at es. The same 10x10 & m] httpaedoiorg/®0el088/0957s ed f or
4484/27/11/115602

To further investigate the crystalline nature of the BGaN nanopyramids STEM

analysis wa carried out. Only BGaN nanopyramids on AIN/Si (111) templates were

studied since NSAG is substrate independent, and so similar results are expected from the
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