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SUMMARY

Hydrogen embrittlement is a lorgganding issue in materials science and erging
with a multitude of competing hypotheses and theories. Despite advances in experimental
and computational capabilities, common understanding of contributing phenomena has not
yet been achieved. Hence, a more complete understanding of hydrogenlemsonitt
processes operating at multiple length and time scales is still an open challenge that justifies
the current research. In this thesis, a unique approach is taken to incorporate a wide range
of experimental, computational, and analytical approactress multiple length scales to
produce a mechanistically motivated hydrogen embrittiement model for fracture and
fatigue. This research describes and simulates the complex interplay between hydrogen,
hydrogenrelated defects, dislocations, and dislocatgubstructures. The model is
developed in a crystal plasticity context and implemented in a finite element framework to
simulate the hydrogen embrittlement of austenitic stainless steels, structural materials
important in energy applications. The proposesearch extends current understanding

through the development of:

i. a physicallybased crystal plasticity model developed to capture the evolution of
dislocation substructure and material behavior during cyclic loading,
ii. a hydrogen transport and trapping rabdhat considers dislocatianediated
transport mechanisms and a more complete set of hydrogen traps, and
iii. afully coupled chemanechanicalmodel to capture theffects of hydrogen in

reducing crack tigluctility, leading to embrittlement effects.
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Part 1

Framing the Problem

In Part 1, the problem that the thesis works towards resolving is described, and the
tools and methodologies used to address that problem are presented. Chapter 1 gives
historical bakground on the longtanding problem of the hydrogen embrittlement of
metals and alloys. Chapter 2 discusses the mesoscale crystal plasticity methodology used
to investigate hydrogen effects. Lastly, Chapter 3 provides an overview on the finite

element mthodology developed and implemented to model mesoscale hydrogen effects.



CHAPTER 1. INTRODUCTION

In Chapter 1 of the thesis, the topic is introduced, historical approaches to the
current research are reviewed, and the motivation for the work is discussed. T$e thes

objectives and structure are presented.

1.1 The enduring hydrogen problem

The deleterious influence of hydrogen on the mechanical behavior of metals and
alloys is a longstanding issue that has garnered attention from a multitude of researchers
spanning ovea centuryf1]. Historically,sec al | ed Ahydrogen embritt]
components, particularly in nuclear reactor elemgjtshas motivated research devoted
to understanding and designing for this phenomenon. More recently, the emergence of
hydrogen as a viable energy source has redoubled interest in thgd2ppiespite the
attention devoted to hydrogen embrittlement, the unique and highly complex -chemo
mechanical characteristics of the subject have hindered development of common

understandig of the governing mechanisms involved.

The effect of hydrogen on metals and alloys was first formally documented in 1875
by Johnsor{1]. In this prescient paper, Johnson theorized that the large decrease in the
toughness of iron and steels exposed t@oedcids was due to the interaction of hydrogen
with the material. Subsequent noteworthy work on hydrogen embrittiement was conducted
by Pfeil in 19243]. In this rigorous experimental study, Pfeil more formally investigated
the decrease in the ductilibf steel when exposed to hydrogen and initiated the ongoing

interest in hydrogen embrittlement that continues today. The study by3feibtivated



early macroscale experiments for a wide variety of hydrogen environments, material
systems, and loadinganarios[4-8]. The overarching conclusion from these historical

studies was that hydrogen caused a macroscopic loss of ductility and toughness.

As the field of materials science evolved, so did the ability of researchers to probe
the fundamental nature of hydrogen embrittlement. For example, an entire class of metals
and alloys was found to readily form brittle hydrides., Ti[9, 10], Vb metas [11, 12]
and Zr[13]; this phenomenon explained the decrease in desirable material properties. The
embrittling mechanism of material systems where hydrogen existed in a state of solid
solution, however, remained difficult to identify due to the inabibf researchers to
directly observe the phenomenon. Regardless, for this class of materials, it was broadly
understood that hydrogen was absorbed by the material, migrated to regions near stress
concentrations, and by some unclear process, was assavitt@dacreased propensity to

generate and propagate crafl4).

Within the past few decades, the development of novel materials characterization
methods and substantial increases in computational power have given researchers more
tools than ever before tht ease outo the wunderlying nat
embrittlement. With regard to material characterization, techniques suclecsore
backscattediffraction (EBSD)[15, 16]and transmission electron microscopy (TH®SI)

17] have been used to support investigation of hydrogen embrittlement. In the
computational realm, calculations based on density functional theory have generated a
large amount of data regarding the interaction of hydrogen with various crystalline defects
[18-23]. In order to probe slightly larger length and time scales, molecular statics and

dynamics have been employgdl-26]. Despite these advances, understanding hydrogen



embrittlement at scales ranging from Angstroms to microns to tens or hundreds omicro
remains a challenge, especially when relating results to macroscale obseffaiiofise

lack of comprehensive understanding of hydrogen embrittlement mechanisms when
interpreting either microscale calculations or macroscale observations has matiweaited
recent shift in focus towards multiscale frameworks. These frameworks attempt to
incorporate the information from tools and techniques that provide data corresponding to

regimes that differ in length and time scales by multiple orders of magn28d29].

The preceding paragraphs briefly highlight the wide range of investigations that have
been conducted on hydrogen embrittlement, and these studies have motivated the
development of a wide array of postulates and theories. The following seccusshks
specific models for hydrogen embrittlement that have stood the test of time and are still
frequently cited. As may be surmised by the very existence of this thesis, however, these
historical models have yet to provide a satisfactory explanatibodhdacilitate sustained
progress towards analysis and mitigation of the enduring hydrogen problem. Moreover,
combinations of these postulated mechanisms often plausibly act in concert to give rise to
observed macroscopoic behavior. This thesis will $oon hydrogen effects on FCC Ni
and austenitic stainless steels. However, a somewhat broader range of models and
hypotheses are presented that may have relevance to other systems. These models
systematically build on bottomp behavior of defects in crsigaffected by hydrogen that
manifest higher length and time scale behaviors, without appealing to classical postulates

and theories priori.



1.2 Historical hydrogen embrittlement models

Material systems that are known to readily form hydrides are not evedidhere;
accordingly, we focus on theories and mechanisms for the majority of situations in which
hydrogen is in solid solution. The most widely cited hydrogen embrittlement theories
include hydrogen enhanced decohesion (HE[3E)B0], adsorption inducedislocation
emission (AIDE) [3134], hydrogen enhanced localized plasticity (HELBS, 36] and

hydrogen enhanced strain induced vacancy (HESIV) formEgigr38]

These models can be broadly categorized based on the primary length scale of
mechanismsa which they pertain and the assumed hydrogen embrittlement mediator, as
shown inFigurel. As can be seen in this schematic, HEDE and AIDE primarily focus on
the atomicscale, proposing that hydrogen modifies the bonding of the crystal structure in
some way. HELP and HESIV primarily focus on the scale of dislocations and their
accompanying interactions, i.e., on the scale of microns. HELP assumes that lattice
(interstitial) hydrogen is the primary mediator of hydrogen embrittiement while HESIV
shifts the focus towards the hydrogaessisted generation and stabilization of vacancies
during plastic deformation. It is important to acknowledge that multiple theories can have
validity in certain respects, perhaps of complementary nature. The following sections
briefly review each proposed theory and its mechanisms and discuss the viability and

validity of each, ultimately motivating the present work.



Length scale
- -
nm pm mm

HEDE HELP

AIDE { HESIV |

Loss of ductility
and toughness

Primary mediator of Lattice hydrogen

hydrogen embrittlement: Hydrogen-vacancy
complexes

Figure 1. Schematic describing historical attributions of hydrogen embrittlement and
showing the length scales at which those attributions primarily focus.

1.2.1 Hydrogen Enhanced Decohesion (HEDE)

Focusing on the atomic scale, HEDE attributes hydrogen emimettie to the
reduction in lattice cohesive strength due to the presence of lattice hyfBhgere theory
proposes the reduction in lattice cohesive strength occurs due to a modification of
electronic structure and bonding. This modification results flomrogen electrons
entering the fido bands of metallic cores
[30, 39] HEDE has also been proposed to reduce the cohesive strength dgi4thasel

grain[41] boundaries in certain materials.

Both experimetal and computational studies have provided support for HEDE.
Experiments have demonstrated that hydrogen can cause a loss in cohesion, ultimately
producing a reduction in measured shear moddlgs A modification in the nature of
crack growth, namely ancrease in intergranular crack growth, has been cited as evidence
of enhanced grain boundary decohesion in the presence of hydd@jeadditionally, a
reduction in the binding energy of surface atoms in a hydrogen environment has been

observed usingéld-ion microscopy44]; this experiment may be the only direct evidence



of HEDE, as most other experiments infer HEDE based on observations of-leigtler
collective phenomeng89]. Multiple computational studies have leveraged the embedded
atom methodto establish that enhanced decohesion is plausible in a mg#eigen
system[45, 46] Further work using simulated molecular orbitals in specific atomic

arrangements also support the fundamental basis of HEDE

The main counterargument to HEDE mains that the predicted hydrogen
concentrations necessary for appreciable cohesive strength reduction are v¢B@high
However, high concentrations of hydrogen are known to occur in the vicinity of crack tips
due to hydrostatic stresssisted hydrogen drif#8]. Furthermore, dislocations can play
a role in promoting hydrogen transport well beyond levels attributéattioe diffusion

[49], one of the significant considerations addressed in this work.

1.2.2 Adsorption Induced Dislocation Emission (AIDE)

AIDE was initially proposed after researchers drew parallels between hydrogen
assisted crack growth and liguidetal embttlement, suggesting an adsorption induced
embrittlement mechanisii31]. Fundamentally, AIDE suggests that adsorbed hydrogen
weakens interatomic bonds and facilitates shear movement at the crack surface. This, in
turn, enhances dislocation nucleation/emissat the crack surface, ultimately mediating

an increment in crack advani&®].

AIDE has been supported by experimental and computational observations. First,
the adsorption of hydrogen on metal creates high concentrations of hydrogen on crack
surfaceg51], and some observed crack velocities are proposed to be prohibitively fast for

any embrittlement mechanism other than AIDE to o¢6Q}. Atomistic simulations have



found that adsorbed hydrogen increases dislocation emission, qualitatively suppueting o

of the fundamental AIDE concef#5, 52]

Despite the evidence supporting AIDE, there are still some uncertainties regarding
this proposed mechanism. For example, not all adsorbed species produce embrittlement,
suggesting that more work is meritedtims area to understand the necessary conditions
for AIDE to occur[39]. Furthermore, recent atomistic modeling studies have actually
found the opposite of the governing AIDE principle to be true, namely that hydrogen

suppresses dislocation emission frorack tipg53, 54}

1.2.3 Hydrogen Enhanced Localized Plasticity (HELP)

While HEDE and AIDE focus on how lattice hydrogen alters atomic structure and
associated energy, HELP focuses on length scales relevant to dislocation activity and
associated interaction®s the name indicates, HELP suggests that lattice hydrogen
enhances plastic deformation in localized regions where high hydrogen concentration has
developed. HELP was initially proposed based on fracture surface images that the authors
interpreted as revéag hydrogen enhanced localized deformation occurring ahead of the
crack tip[35]. Birnbaum and Sofronig36] presented a more unified understanding of
HELP by connecting experimental observations with theoretical calculations. In this
treatment, enhancddcalized plasticity is due to hydrogen atmospheres that shield the
elastic interactions between lattice defects such as dislocations, voids, and precipitates,

ultimately enhancing localized dislocation activity.

Specific experiments provide implicit qugrt for HELP; several examples follow.

TEM was used to observe a decrease in the spacing between dislocations iopa pile



structure after hydrogen was added to the steel spedb®n f Quulaesav age 0
dimpled fracture surfaces were attributed tdodiation structures associated with HELP
[35, 56, 57] Lastly, plasticityinduced slip bands were observed beneath fracture surfaces

in hydrogen charged specimdn9)].

Despite the popularity of HELP as a significant underlying mechanism for hydrogen
embrittlement, recent literature has unveiled some inconsistencies when considering lower
length scale simulations. Certain atomistic studies contradict the underlying mechanism of
HELP and suggest that hydrogen can impede dislocation motion via a soluterdrag o
pinning mechanisnp58]. Furthermore, this study found hydrogen did not significantly
shield dislocations from other elastic centers. Additionally, one of the most widely cited
experimental examples of HELP, the TEM imaging of dislocation sp§gtjghas been
argued to result from the inhomogeneous deformation associated with hydrogen charging
of an extremely thin TEM sample, ultimately producing -nepresentative dislocation
arrangementf7]. Lastly, the degree of elastic shielding required to hawarked effect

on plasticity has been suggested to require a very high density of lattice hyf8®gen

1.2.4 Hydrogen Enhanced Strain Induced Vacancies (HESIV)

The HESIV theory stands apart from HEDE, AIDE, and HELP models in that the
HESIV theory assumes theaimary mediator of hydrogen embrittlement is not lattice
hydrogen per se, but rather hydroggtabilized vacancies. This theory was first introduced
after experiments revealed that a substantial increase in strong hydrogen trapping sites,
assumed to be vancies, were created during strainjb§]. The HESIV model proposes

that high vacancy concentrations are produced in the presence of hydrogen due to enhanced

an



edge dislocation annihilation proces§ed] and/or a reduction in the formation energy of
vacanges [48, 61] The abnormally high vacancy concentrations are then expected to
promote lattice instability through nanovoid creation or amorphizd88n 60} These
phenomena were reported to ultimately reduce crack growth resistance and cause a

degradatia of desirable mechanical propert[88].

The HESIV theory has found further support in experimental and computational
investigations. Extremely high concentrations of strain induced vacancies have been
observed in a variety of material systems in the presence of hydrogen. Thermal desorption
analysis has revealed increased vacancy content by monitoring the amount of hydrogen
that remained trapped in the material after straining hydrobgarged specimerjé0, 62
64]. Similarly, positron lifetime measurements have suggested abnormally high vacancy
concentrations are produced during straining in the presence of hy(iBdgéb] Fracture
surface topology also suggests the importance of vacancies in the failure process. The
aspect ratio of fine dimples on imaged fracture surfaces was cited as ewdtieanevoid
localization at the crack front, suggesting vacancy conglomeration and nanovoid

coalescence mediate the damage precursors that promote {28166}

Lower-length scale simulations also support a vacanediated hydrogen
embrittlement mehanism. Effective medium theory was used to investigate the binding
energy of hydrogen to vacancigs-69]. The overarching conclusion of these works was
that hydrogen is strongly trapped by vacancies and that vacancies can trap multiple
hydrogen atomsDensity functional theory results shed new light on the interactions
between hydrogen and vacancies through various Wa€kg5]. These studies provided

guidance on the strength and number of hydrogen atoms that an individual vacancy can
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trap. These invegations are leveraged in subsequent chapters to describe the influence of
hydrogenvacancycomplexes(e.g., arrangements of hydrogstabilized vacancies or

nanovoids) on deformation behavior.

The evolution of simulation and experimental characterizagiomiques along with

the development of certain historical hydrogen embrittlement theories are summarized in

Figure2.
Emergence of hydrogen-based
energy alternatives
1875 1926 1950 1985 2010 s
Experimental and simulation capabilities
4,
% ) % %,
%, © %, %, “
foll.}_ %, Oo 6(\9& 1”0/0 ’//g, ed‘/,) ®¢/¢ .&o,o
%y % b 0 2, @, O
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Figure 2. Schematic showing the evolution of hydrogen embrittlement theories in
parallel with the development of increasingly advanced experimental and simulation
methods and tools. The important studies conducted in 1875 and 1926 corresg to
the studies by Johnsorjl] and Pfeil [3], respectively.

1.3 Motivation and objectives

Historical hydrogen embrittlement models and associated mechanistic attributions

are varied, and each has a legacy of supporting literature. Cornerstone researchers
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supporting each theory have recently published stalwart defenses of their f58d&18]

However, the true physical manifestations of hydrogen embrittlement likely does not
exclusively hinge on any single mechanism that gives rise to embrittlement,Hautaat

a combination of alloygpecific mechanisms acting in concert across a wide range of length

and time scales. In this sense, prior approaches to hydrogen embrittlement have tended to
formulate the entire approach via focus on a single governing atieenat one specific

length and time scale, likely due to the complexity of convolving potential effects at
multiple length and time scales. This thesis moves towards a more comprehensive,
multiscale computational approach to hydrogen embrittlement ieralekey respects.
Specifically, the current workdéds objective

framework that

1) places particular emphasis on mesoscopic dislocation and dislocation
substructure interactions,
2) leverages data and observationsrifra wide range of length and time scales, and

3) utilizes physicallybased constitutive equations.

In order to pursue the objectives outlined above, a unique eheubanical mesoscopic

crystal plasticity model is developed in this thesis.

1.3.1 Mesoscale dislocaiin and dislocation substructure interactions

With the exception of HELP, the dominant hydrogen embrittlement theories
reviewed in Sectiorl.2 do not place particulaamphasis on the interaction of hydrogen
with dislocation activity. Furthermore, none of the hydrogen embrittlement theories

comprehensively consider the interaction of dislocations with the relatively high stabilized
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vacancy concentrations that are preatictvith HESIV. Lastly, only a limited amount of
work [77, 78] has been devoted to the interaction of hydrogen with dislocation
substructures. One of the objectives of the current thesis is to study these latter mesoscopic

interactions that have been inscintly considered in prior work.

1.3.2 Multiscale approach

In order to move towards a more coherent hydrogen embrittlement theory with
broader scope in terms of mechanisms, the current work utilizes a multiscale approach in
which both lowetlength scale simuteons and measurements and macroscale observations
are used to inform the theomylultiscale efforts in a variety of fields including hydrogen
embrittlement have recently begun to receive more attention as highligtigdiia2 and
discussed by McDowell [79]. As mentioned in the preceding section, the current work
distinguishes itself from prior efforts [28, 29] by its direct consideration of mesoscale
processes, e.dlislocation activity and interactions with substructures exiting on the length

scales of a few hundred nm up to a few hun

1.3.3 Physicallybased approach

As discussed by Castelluccio and McDowdB0], shifting focus from
phenomenological constitutivemodel forms to physicallpased equations i) limits the
number of parameters that must be fit using experiments and ii) facilitates enhanced
understanding of the role of underlying physical processes. Such physicdilated
constitutive frameworks attgpt to directly leverage known physical constants as well as

micromechanical parameters associated with unit process models based on lower length
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scale models and/or simulatiofi81-84]. Hence, this thesis places emphasis on the

development and use of plyally-based constitutive equations.

1.3.4 Crystal plasticity approach

Due to the emphasis on a multiscale, physieadiged framework that directly
considers dislocation activity and dislocation substructures, a crystal plasticity modeling
framework is developed in this thesis. As will be discussed in more depth in a risequ
section, prior works [80, 85] have demonstrated the ability of crystal plasticity frameworks
to adequately model material deformation behavior considering dislocation activity and
dislocation substructures. The multiscale nature of the work is achivéslreraging
results from lowettength scale simulations and measurements to inform the mesoscale
crystal plasticity model that connects to macroscale observations. The crystal plasticity

model introduces formulations motivated by micromechanics andgahgsnsiderations.

To limit the scope, the model is developed with a specific focus on a subset of
crystalline metals and alloys, specifically metals and alloys withicecentered cubic
(FCC) atomic structure. Due to thgailability of literature dad, results are presented for

pure FCC Ni and austenitic stainless steels.

1.4 Thesis structure

This thesis is separated into four parts, each containing a number of chapters. The
first part, titled AFraming t heas@hamemsl2e mo ,

and 3. Chapter 2 provides background on the crystal plasticity method. Chapter 3 discusses
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the implementation of crystal plasticity frameworks in the context of the finite element

method. The remaining parts and chapters capture the evadfitivemresearch conducted.

Part 2, titled Alnitial |l nroads into the
early, exploratory forays into the complex hydrogen embrittlement domain. Part 2 contains
Chapters 4 and 5, corresponding to studies on hydrogen transport and trajgpthg an
influence of hydrogen on simple load cases for single crystals, respectively. The work
presented in these chapters was conducted with a crystal plasticity model developed
recently by Castelluccio and McDowg80], and these exploratory studies matad the
extension of the crystal plasticity framework to enable a more comprehensive consideration

of hydrogen effects.

Part 3, titled fADevel opment of an EXxt en:t
advanced crystal plasticity framework developedrduthe latter stages of this work that
models the physical phenomena identified in Part 2, enabling a more complete
consideration of various processes that contribute to hydrogen embrittlement. Part 3
consists of Chapters 6, 7, and 8, presenting theatrpssticity model development,
additional considerations corresponding to elevated temperature scenarios, and exploration

of the model at a crack tip, respectively.

Part 4, entitled AMultiscale mode-ling o
loadedcack tip in austenitic stainless steel o,
hydrogenrrelated defects, dislocation activity, and dislocation substructures in Chapter 9.

Chapter 10 in Part 4 ends the thesis with conclusions and discussion refyatdergvork.
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CHAPTER 2. CRYSTAL PLASTICITY METHODOLOGY

This chapter introduces the crystal plasticity framework that is extended and
employed in this thesis. First, a brief history of crystal plasticity is presented followed by
a general description of crystal pteity deformation kinematics. Two examples of rate
dependent crystal plasticity models are then presented. The first corresponds to a simple
phenomenological model while the second corresponds to a framework that strives to use
physicallybased constitite equations. The physicallyased crystal plasticity framework
is the model used in Part 2 of this thesis. The techniques leveraged to obtain robust

convergence in the numerical crystal plasticity framework are then described.

2.1 Development of crystal plasicity

Crystal plasticity is part of a broader class of models that attempts to describe the
continuumlevel deformation of a material. In this section, a brief review of internal state
variable (ISV) theory with associated thermodynamics and materialscscis presented

to contextualize crystal plasticity.

2.1.1 Thermodynamics and internal state variable theory

Early works in thermodynamid86, 87]led to the development of state variable
theory in the mid to | ate 180d&dGibbg8s90househ:
as a reduced order description of statistical thermodynamics. In the first part of"the 20
century, the role of evolving internal state in irreversible processes was introduced by
Onsagef91, 92] This work introduced the notion of IS\{o quantify the evolution of the

Ainvisibled processes occurring within a t
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the theory of ISVs proposes that the observable state space consisting of temperature and
deformation must be expanded to include toidal internal state variables to define the
Helmholtz free energy of a system undergoing an irreversible pr¢@8ssin 1967,
Coleman and Gurtif94] published their groundbreaking work that rigorously related ISV
theory with continuum mechanics andetmodynamics, formalizing admissible
constitutive equation forms for modeling irreversible processes in solids, with clear

applicability to evolving defects in crystals.

The confluence of ISV and continuum deformation theories occurred shortly

thereafterm the work of Teodosi{B5]. In this work, Teodosi{O5] used a description of

the dislocation density as an ISV and utilized the Cole@artin framework to describe

the inelastic response. T 08, 94 publighedopfiotoK r o n e r
the watershed paper by Coleman and Gui@|, qualitatively proposed dislocation

density as a suitable ISV and should be mentioned in this regard. Following distinct
evolutionary routes becomes difficult after these initial studies because of tleg sers

explosion of work, and authors may differ on how to present their perspectives. One such

perspective is briefly reviewed in the following.

Use of ISV theory facilitated detailed analyses of deformation phenomena that were
largely unaddressed priiro t he | at e 1960 06 s -exhaustiverliste f an
follows. Chabochg98] and McDowell[99] studied cyclic plasticity. Schapef¥00] and
Arruda et al.[101] extended internal state theory to include viscoelastic materials.
McDowell [102] and Obon [103] used ISV theory to generate new perspectives on
multiscale modeling and the relations between material processing, structure, and

properties. Design optimizatigh04] and uncertaintyl05] have also been investigated in
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the context of ISV theoryFinally, the development of modern crystal plasticity (the
primary framework employed in this thesis) is also included in the academic windfall of

the pioneering work of Coleman and Guitd].

2.1.2 Materials science

The physical basis for crystal plasticisyrooted in the theory of dislocations as the
mediator of plastic deformation in metals and alloys. The nature of plastic deformation as
occurring on specific clospacked slip systems in metal crystals was first rigorously
examined by Schmid in the earpart of the 20 century[106]. Subsequent works by
Taylor [107] and Orowan[108] established that plastic deformation was primarily
medi ated by the glide of crystallographic
of dislocations were studiedhaa microscopic scale during this time frafd€9], the
anisotropic plastic behavior that results from dislocation activity was largely ignored in
continuumlevel analyses due to focus on deformation theories for bulk polycrystalline
specimens. In experimés conducted on such polycrystalline specimens, the mesoscale
anisotropy of individual metal crystals/grains is sufficiently spatially averaged so that the
specimen can be considered mildly anisotropic or even isotropic on the macroscale,
depending on thelegree of crystallographic texture. The analysis of continuum plastic
deformation becomes substantially more complex when directly considering discrete slip
systems. It can be informed by understanding of unit processes involving dislocations at
very finescales, input from atomistic and discrete dislocation models, and fredotap
experimental observations. This is a complex problem of information sciences involving

multimodal inputs.
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Following a period in the 1950s and 1960s concerned with measuseid) yi
behavior and modeling polycrystalline beha
[110], Asaro and Ric§l11], Asaro and Needlemdh12], and Kocks et a[113] focused
attention on the physicalygased process of plastic slip occurring alongstallographic
slip planes due to dislocation motion. Dislocation activity at the slip system level was
directly incorporated in continuum deformation analyses with the aid of numerical
techniques. The availability of enhanced computational power antetidtee complexity
associated with i) discrete slip systems and ii) evolving ISVs. Following these works, so
called fAimoderno crystal plasticity framewo
conducted by Cuitino and Ortj214], Kalidindi [115], ard McGinty[116]. These studies
aimed at providing more richness of detail of slip processes and interactions, providing a
basis to integrate knowledge from materials science. The crystal plasticity frameworks

explored in the current thesis fallthin this class of continuum deformation models.

Overall, crystal plasticity models result from a confluence of fields, including
continuum deformation, thermodynamics, and materials science as shduguia 3.

More rigorous and complete reviews can be found elseVi®gfe
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Figure 3. Schematic roughly plotting evolution of various scientific advances that
ultimately led to the developmenbf the crystal plasticity modeling methodology used
in the current thesis. Adapted from Ref[93].
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2.2 Kinematics of crystal plasticity

2.2.1 Crystal deformation

As discussed, early materials science efforts established dislocations as the primary
carrier of plastic deformation of a lattice, a process considered to be primarily dominated
by dislocation glide[107, 117] A dislocation is a crystallographic line deffethat
constitutes an abrupt change in the otherwise regular ordering of the atomic lattice. The
presence and movement of dislocations allow relatively significant material flow to occur
throughconsecutiveas opposed teimultaneousbreakage of atomiconds, significantly

lowering the energy barrier for each increment of plastic deformation.

Early theoretical studies regarding motion of dislocations established that the
intrinsic lattice resistance to dislocation glide (Peierls Nabarro stress) was blomsg
directions and on planes where the atoms were most closely gadiBddAccordingly,
plastic flow occurs most readily on certainckgpsg@a c k ed fisl i p systemso
a slip direction vectos and slip plane noral vectorm. The dependence of the Peierls
Nabarro stress on atomic packing implies that different crystal structures manifest different

slip systems on which plastic deformation primarily occurs.

The 12 closgpacked slip systems associated with the FCC crystadgestin this
thesis are schematically shown with respect to a lattice unit daljume4. Here, the four
closepacked slip planes for a FCC crystal are shaded ahddnally shown inFigure
4(a-d). In part (a), the three slip directiogsand slip plane normah? are identified for

the shaded slip planes =1,...,1Zis introduced as an index to track distinct activity on the

a" slip system. In part (b), the atom configuration for a FCC crystal is shown by the green
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and gray circles. The green das denote the cloggacked atoms associated with the
shaded slip plane and accompanying slip directions. The gray circles denote the other
atoms not associated with the shaded slip plane. Padjssfow the two remaining close
packed slip planes. Multiying the number of slip planes (4) by the number of slip

directions per slip plane (3) yields the total number of slip systems in FCC materials (12).

Close-packed atoms for

Slip direction: s* Slip plane normal: m* shaded slip plane

(11}
S~ |

<110>

(a) FCC atoms J (b)

(c)

Figure 4. Slip systems associated with a FCC crystal structure, shown with ggsct to

a lattice unit cell. Part (a) shows the slip directions and slip plane normal. Part (b)
shows the FCC atomic configuration. Parts (c) and (d) show the remaining two slip
planes not highlighted in parts (a) or (b).
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2.2.2 Kinematics of crystagblasticity

Plasticity frameworks for FCC crystals attempt to relate the microscopic dislocation
activity occurring on the closgacked slip systems defined kiigure 4 to macroscopic
mechanical behavior. A variety of authors developed an appropriate set of kinematic
relations (cf[119-121]) to accurately describe how micromechanical dislocation behavior
translates to a continuum; this approach simplifies the descriftimaterial deformation
by considering two distinct aspects of deformation. First, plastic flow mediated by
dislocation activity causes atomic planes to shift relative to each other, ultimately
producing plastic shear. Second, the lattice upon which thterial is embedded
experiences elastic rotation and stretching. While in reality these two deformation
processes occur simultaneously, the total deformation gradient is multiplicatively
decomposed into elastic and plastic parts to facilitate continuunhamies analysis.
Mathematically, the sequential plastit elastic deformation is described through a
multiplicative decomposition of the total deformation gradiennto elasticF® and plastic

FP parts, i.e.,

F=F° . ®

Note that for increments of plastic deformation, the rate form ofXds consistent with
the additive decomposition of the total strain increment into elastic and plastifl@aits

The process described by E#) is shown in the schematic Fgureb.
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Original configuration Intermediate configuration

FP

Figure 5. Schematic showing the decomposition of the total deformation gradient into
elastic and plastic parts. Adapted from similar diagramq116, 121]

First, with regard to this multiplicative decomposition, we envisiat tihe lattice
is in some reference/original undeformed configuration defined by the slip direction and
slip plane unit normal vectorg and m,, respectively. Next, the plastic deformation (as
described b¥®) corresponds to atomic planes moving relative to each other via shear to
define an intermediate configuration in which the slip system vestoend m, are
preserved. Finally, rigid body lattice rotation and elastic stretching of the lattice is applied
(as described b¥°), leading to the current configuration and associated slip direction and
slip plane normal vectors and m . The slip direction and slip plane normal vectors in the

current configuration are related to the respective quantities in the original configuration

by
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S=F § @

and
=mg (5°)" (3)

We note thaf® does not alter the orientation of the lattice, resulting in the specific choice
of the intermediate configuration as isoclinic, having slip direction and slip plane unit

normal vectorss, and m,.

The dislocation glide processes that produce the plastic deformation described by
FP are driven by resolved shear stressesghat serve as thermodynamic driving forces for

sheamg ratesgy® on each slip system. To relate these quantities, we first consider the

material time derivative of the plastic deformation gradient. The slip syistehshearing

ratesg’ are related to continmu mechanics variables via the plastic velocity gradient in

the intermediate configuration, i.e.,
12 ~ . .
Lo=a 965 Amj £ (RO (4)
a=1

where the dot notation refers to the material time derivative. Thegjyaan? is the welt

known Schmid tensofl06]. As a final note, the total velocity gradient tensor is

decomposed as =L® F°LOF P’ where the second teria the puskorward of the

plastic velocity gradient? in the intermediate isoclinic configuration.

The slip system shearing ratgs are driven by the resolved shear stregses ?

must similarly be related to continuum mechanics variables. The physical meaning of the
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resolved shear stres$ can be understood liyst calculating the traction vectdr acting

on each slip plane, i.e.,
T=0 O (5)

whereu is the symmetric Cauchy stress tensor in the current configuration. The resolved

shear stress is then calculated as the projection of the traction along each slip diregtion, i.
t*=T & . (6)

In practice, the resolved shear stress is determined via hyperelasticity in the intermediate

configuraton by first calculating the elastic Green str&has

e_l ST A
w=(F OF ) (7

where| is the 29rank identity tensor. Assuming infinitesimal elastic strain of the lattice
(but including finite lattice rotation), the elastic Green Strafncan be related to the

second (symmetric) Pioldirchhoff stressi™ as
o™= G ¢t (8)

where C, is the 4" rank stiffness tensor in the intermediate configuration. Finaflyis

determined by resolving™ onto slip planes and along slip directions as

r =02 & A . 9)

As outlined in the sections above and showfigure6, crystal plasticity considers the

crystal structure as well as kinematics of deformation and kinetic formulations rooted in
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standard continuum mechanics, employing the afergimned measures of stress and

strain. InFigure6, x? is used to represent1,...n unspecified ISVs. The relation between
g and¢? forms the basis ofthesvpal | ed #Afl ow rul eo, and as
section, the flow rule considers material hardening via the evolution of ¥3V3he flow

rule and the ISV evolution equations comprise the lesetelations for irreversible

rearrangement of structure during inelastic deformation.

Flow and hardening

Crystal structure rules
SOaa anOt > 1-0‘
Fe > E° > T2 =

Continuum mechanics

Figure 6. Schematic showing how the crystal plasticity framework considers crystal
structure, continuum mechanics, and a flow rule. Schematiadapted from Ling et al.
[123]. Material hardening is considered in the evolution of ISVs¢* .

2.3 Crystal plasticity flow rules

While the kinematics of crystal plasticity frameworks are generally well established,
flow rules vary widé/ depending on material system, loading scenario, environment,
physics of interest, etc. In the following sections, two-tependent crystal plasticity flow
rules are presented. The first is characteristic of a phenomenological approach while the

secondpresents a more physicalbased methodology. This second crystal plasticity
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framework is used in Part 2 of this thesis to conduct exploratory investigations of hydrogen

embrittlement.

2.3.1 Phenomenological approach

Phenomenological constitutive frameworksenatpt to describe deformation
behavior using mathematical forms without appealing directly to micromechanical origins.
These mathematical forms are developed or evolved based on the need to model complex
deformation with an engineering model. The evolubbphenomenological isotropic and

kinematic hardening forms to meet certain criteria is discussed in a subsequent section.

Despite the lack of direct physical linkages to evolving microstructure,
phenomenological frameworks are still quite useful. Formgta, phenomenological
frameworks can bqualitativelyrelated to microscopic processes and have the advantage
of being relatively simple, easing the implementation in a numerical framework.
Furthermore, auantitativeunderstanding of dominant underlyipyysical processes is
not required if the goal of the framework is to simply model some macroscopic behavior.
As an example, Raabe and Rotdr24] used a ratelependent phenomenological crystal
plasticity flow rule and simple phenomenological hardenitgsrto model the orientatien
dependent earing that occurs during -dugwing of aluminium Figure 7). This result

could not be achieved using a simple initially isotropic model, &.9.plasticity, and

therefore highlights the utility of employing the kinematics of crystal plasticity even with

phenomenological kinetics equatsofor the flow rule and hardening evolution.
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Figure 7. Comparison between the simulated and experimental earing observed
during the cup-drawing of aluminum from the study by Raabe and Roterg124].

While phenomenological flow rules take on a wide array of forms in literature, one
of the most common ratependent versions is presented here, i.e., a power law flow rule
that considers both kinematic and isotropic hardening. The power law flow ruiagela

the slip system resolved shear stress@nd shearing ratg® is given by

. .[a_Ba
v=q
g

where g, is a reference shearing ratg; is a measure of nedirectional strengthening

1/m

sgn( t-B a) (10

often related to drag stress or slip system strendgh, is a measure of the
kinematic/directional strengthening (back stress)s the strain rate sensitivigkponent,

and sgn is the signum function. The strain rate sensitivity expome@ipproaches zero in
the rateindependent limit. The importance of ISV theory in the development of crystal

plasticity can be s in the flow rule presented in E40) where bothg® and B* are (in

29



general) evolving ISVs that define ndirectional and directional slip system work

hardening responses, respectively.

Rate equations for the evolution of the IS¥s, e.g.,g® and B? in Eq.(10), are
required to model the deformation response of the material. In general, the rate of evolution

of an ISV x* on thea" systemis assumed to proceed primarily driven by the slip system

shearing ratey’, other ISVsx”, and temperaturg, i.e.,
xt=t(4d %) (12)

Here, b is a second slip system index, highlighting that the evolution of an ISVpon s
system a can depend on values related to other slip systémsA wide range of

phenomenological laws have been proposed fordu@ttional slip system hardening

[110, 125, 126]Most take on a forreimilar to

6 =an"tg | (12

where h?? is a symmetric 12x12 matrix. In scenarios where theliaffonatterms inh?”

are all zero, E((12) corresponds to selfardening, i.e., shearing on a certain slip system

a hardens only that same slip system The more general case where-adifigonal
components of? ? are nonzero corresponds to cross/latent hardening, i.e., shear strain on

a certain slip systera can harden a different slip system. It is noted that Eq(12)

resembles the weknown Taylor hardening relatida07].
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Many specific functional forms foh?” have been proposed in literature. Two
relatively simple examples are provided below followed by an approach that incorporates
a dynanic recovery term in Eq(12). First, Chang and Asarfld27] studied the shear

localization in aluminiurrcopper single crystals and propod€d as

h??=h seche—*=1 (13

Here, h, is a reference hardening ratg, is the saturation strength, ang  is the number

of slip systems. Kalidindi and Anafti28] studied evolution of crystallographic texture of
oxygenfree high conductivity copper undergoing plastein forgng using a power law

hardening form that admitted latent hardening effects as

b

B o © 't
h=qhad —— | (19
e L

t sat

whereh, and¢_, take on the same meaning as in @@), andg”’=q 1 €)d °. Here,

q is one for coplanar slip systems and equal to a latent hardening ratio for other slip system
pairs. Quantitya®” is the Kronecker delta symbol, amdis a parameterizable constant.

On the other hand, thrndirectionalhardening relation used by McGinty and McDowell

in their study of oxygeifiree high conductivity coppét 16]takes on a hardenirdynamic

recovery form, i.e.,

=

2

6" =HA q“fo |"-Rg 4 g (15)

b=1 Ed

S
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whereH is a rate constant, arrl is the dynamic recovery coefficient.

The three phenomenological ndirectional hardening laws shown above are
presented to emphasize the range of phenomenological hardening models available.
Essentially, such relations can be used to correlate experimentally observed macroscopic
material behvior. However, only loose, qualitative connections with leleagth scale
phenomena can be made. Furthermore, comparing and contrasting model forms is largely
meaningless owing to the lack of connection to specific unit process models or
micromechanicamodels of lower length scale processes. In other words, these models are
highly norrunique in terms of forms and parameters. This problem of model identifiability
for such phenomenological crystal plasticity models is widely acknowledged. Essentially,
while useful to compute engineering component responses (as in aforementioned earing
example), such models are not particularly useful for distinguishing the role of lower length
scale effects of dislocation configurations and interactions that are critited fresent

work in hydrogerassisted failure.

Turning attention to directional hardening, one of the earliest and simplest models
for the evolution of back stress is Prager.:
t he 1®9].0 6Rr a g d aséumesrhatdhe kinematic hardening variable evolves
collinear with the evolution of plastic strain. In the context of crystal plasticity, this is a

selfhardening form written as

B =¢g* (16)

wherec, is a phenomenological constant calibratgth experimeral information Linear

kinematic hardening can capture some imporfarnomea such as the Bauschinger
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effect in symmetric cyclic loadingbut the strict linearity imposed in Eq(16) is not
observed inthe great majority ofexperiments Equally important,a linear hardening
formulation precludeghe observation of the cyclic accumulation of plastic strain during
asymmetric stressontrolled loading, i.e., ratcheting. McDowé§ll30] was the first to
show definitively using computerontiolled axiattorsion experiments that E@L6) is
wholly inadequate to model directional hardening underproportional cyclically stable

stressstrain hysteesis.

The inability of Prageroés | inear Kkinemat
loading scenarios motivated adoption of more flexible nonlinear approaches. An improved
theoretical description of cyclic stresgain hysteresis response wasieetd earlier in
1966 by Armstrong and Frederick (AF), with attention devoted to loading scenarios that
produce ratchetind.31]. The AF model describes a nonlinear form of kinematic hardening
through the addition of a dynamic recovery term that is limetire back stress, written at

the level of a given slip system here as
B*=¢9° -B{ ¢ (17)

Here, c, is an additional phenomenological constant. We note that Armstrong and

Frederick considered macroscopic plasticity models rather than the crystal plasticity format
presented in Eq17). Here, the dynamic recovery term depends86rand scales with the
magnitude of the plastic strain rate. Examination of (Ed). reveals that the AF model is
nonlinear throughout plastic straining, and the saturation limig®fs controlled by the

ratio ¢, / c,. While the AF model improvaspon t he inability of Pra

asymmetric cyclic plastic deformation responses, the AF model is known to overestimate
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the severity of ratchetinfd32, 133] Chaboche improved upon the AF model by additive
superposition ofv kinematic hardening variables, i.87 = 3 .Ml B [134] written in the

context of a single slip system in crystal plasticity. Although this approach increases the
number of constants that need to be calibrated with experiments, it does improve the
model 6s ability to captur e deemagieegeneraieyclical | vy
loading conditions. However, even this decomposition is limited in capturing lack of

closure of stresstrain hysteresis response during asymmetric st@ssolled cycling.

The limited ability of the AF model to capture cyclicatating response motivated
more complex model forms. An example of an improved model to capture ratcheting was
proposed by Ohno and Wang (OW) in 19932]. This model generalizes the evolution of
the dynamic recovery term to predict less ratcheting wiempared with the AF model

and is written in the context of an individual slip system as

Sa . a éBa % o e 18
B* =qg Cz?tl/_cngTgl‘ (18)
wheremi s used to control the nonlinearity of

simulated ratcheting rate more in agreement with experiments. The OW back stress
evolution equation enables modelers to exert control over the approach abicatiand

shape of initial yielding curve). For small valuesmyf, the nonlinear behavior of the AF
model is recovered. Alternatively, large valuesmfexhibit nearly linear behavior similar

t o Pr adehustiusto the point of back stress saturation. This flexibility in controlling
the nonlinearity throughout the elasgilastic transition is one of the key reasons the OW

model is able to approximate experimental ratcheting behavior better thampdels. In
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particular, it results in a bias of the nonlinearity in unloading and reloading responses,
resulting in a lack of hysteresis loop closure when the material is subjected to asymmetric

stresscontrolled loading. Lastly, E¢18) can also employ a multomponent framework,
ie,B" =3 .Ml B [134]. This is also vitally important in accurately capturing the transition

through initial yieding.

The progression from Prager to OW models (and related models such as developed
by Jiang andehitogl [135]) was motivated by the inability of prior models to describe
key deformation behaviors for a variety of load scenarios. However, these subsequent
model forms ultimately increase the number of phenomenological constants that must be
fit using experimentsyém one constant (Prager) to two (AF) to three (OW). Furthermore,
to improve predictions, the AF and OW models are commonly implemented using multiple
components of back strdd$86, 137] further increasing the number of material parameters

according tolte number of componenta .
2.3.2 Physicallybased approach

A physicallybased crystal plasticity flow rule developed by Castelluccio and
McDowell [80] is presented next in order to i) provide an example of a constitutive
framework that rakes contact with lower length scale defect densities and configurations
and ii) describe the specific framework used in Part 2 of this thesis to conduct initial
exploratory investigations of hydrogen embrittlement. Shifting focus from
phenomenological maématical forms to physicaHllgased equations i) limits the number
of free parameters that must be fit using experiments (improved model parameter

identifiability) and ii) facilitates enhanced understanding of the underlying physical
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processes and assoeidfattributions to contributions to various mesoscale behd8i@ks

Such physicallybased constitutive frameworks attempt to directly leverage constants that
arise from first principles arguments and parameter ranges corresponding to underlying
unit proess models for defects, as well as values computed using lower length scale

simulationg81-84].

Faithful modeling of FCC crystals that undergo dislocation cross slip (i.e., wavy
slip), however, introduces a myriad of additional complexities owing taxherienentally
observed development of heterogenous dislocation distributions that rearrange and evolve
over the course of the loading histgt$8, 139] i.e., the secalled dislocation substructure.
There are limited continuwibased approaches availahtethe literature that attempt to
accurately predict and account for dislocation substruc{8®s84} in this regard, the
recent physicalhbased model for FCC crystals developed by Castelluccio and McDowell
[80] can be considered as enabling the presenk. This model is welkuited for initial
hydrogen embrittlement studies because physitrsled formulations provide estimates
of evolving dislocation densities and substructures, all considered as essential when
considering mesoscale response. Aftmerview of the equations used in this framework
is given below. To reduce repetition of content in this thesis, tdepth justification for
the equations can be found in the original paper documenting the development of the model
[80] as well as in Brt 3, where an extended and updated crystal plasticity model is

presented.

The physicallybased flow rule describing the shearing rate of dislocations on slip

systema follows a thermallyactivated KocksArgon-Ashby relation[140], i.e.,
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where r2 is the density of mobile screw dislocatioris,is the mean free path of a
dislocation between obstacle bypass events, the Burgers vectolk, is the Boltzmann

constant, and;, is an estimate of the attempt frequency. Furthermd®ejs the required
energy to bypass short range obstacles, t@pdq £ B T S >9 is the effective stress.

Here, S7 is thenondirectional athermal (long range) threshold stress(apdenotes the

Macaulay bracket function, i..g) =0 if g¢0 and(g)= g otherwise.

The activation energyDG, associated with dominant shoainge barriers to

thermally-assisted dislocation motion, is expressed as

a hy €
& 5t Y €

DG FHad g—o- ¢ (20)
£ & m it

where F, is the activation energy at zero effective stress, andnd q are profiling
parameters. Parametgris the athermal limit of thermal slip resistance at 0 K, arahd
m, respectively denote the shear modulus at temperatuaned at O K. This relation must
reflect the statistical disbution of barriers at the mesoscale ¥Haand profile parameters

pandq.

The threshold stres§?, appearing in the effective stress accounts for the intrinsic

lattice friction, the stress required to bowt a dislocation, and the dislocatidislocation
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selfinteractions that result from collinear dislocations in-pibs. The overall contribution
of these three mechanisms of resistance can be expressed additively as

a m 2
s = % ﬂLET w 'g‘a rﬁy (21)

struct

wherea, . is the dislocation line energy, , is the seHinteraction dislocation coefficient,

andd is the characteristic dimension of dislocation wall substructirgmsic lattice

struct

friction § is quite small for FCC systems and is dominated by the short range barriers

associated with thermal slip resistarsgge

In accordance with TEM images of FCC crystals, the crystal plasticity framework
considers a heterogenous distribution of dislocations comprised of relatively dislocation
dense walls separated by relatively dislocasparse channels. The back stress atsou
for the directional internal stress acting on slip systems developed due to heterogeneity of
plastic deformation within such dislocation substructures as proposed by Mudi3&ibi
this back stress ensures that the plastic strain in dislocation thamaéntains
compatibility with the assumed dominantly elastic strain in dislocation substructure walls.
The back stress superimposes on the applied resolved shear stress to form the effective
directional over stress. Assuming an Eshéeijpe inclusion fomulation[141], the back
stress rate can be expressed as

B? = f, 2ml- 25,,) g° (22
1- fW 1 +4§212mfaccom
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where f,_,., is the instantanes macroscopic plastic deformation tangdptis the volume
fraction of dislocation wall substructures, afg,, is a component of the Eshelby tensor

componen{l142].

Description of the dislocation substructurelies on experimentally observed
similitude relation of dislocation substructure to applied stress. Following previous works

[143, 144] the characteristic dislocation substructure length scale is determined via

Krua/70
- struc 23
struct maX(lfa |) ( )

where K, IS the constant of similitude and thexfunction in the denominator returns

the instantaneous maximum slip systéevel resolved shear stress within a volume of

interest.

The mean free path for dislocation glide is evaluated as

_OI

+d (24)

struct struct

where /1 is a parameter determining the aspect ratio of dislocation substructures. For
example 1 =1 corresponds to dislocation cells white= 50 corresponds to more elongated
substructures such as dislocation veins. Quantitg determined as a function of cyclic

plastic strain rangesnd takes on a constant value for monotonic loading.

The last dislocation substructysarameter to be described is the volume fraction of

dislocationdense substructure wall$,. Here, a phenomenological relationship is
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leveraged from prior wor145] to define the dislocation substructure wall volume

fraction, i.e,

- 0.5
fw = finf _‘( f0 finf )expﬁ (25)
C p

where f,, , f, , and g, are constants that can be estimated by careful substructure

characterization using tools such as TEM. Las#ly?) is the maximum shear strain over

all slip systems.

The mobile screw dislocation density evolution on slip syséems a result of the
competition between dislocation multiplication, annihilation, and esbps Following
prior work[146, 147] the overall expression for the evatut of mobile dislocation density

r2 on slip systema can be written as

frf] = .,n‘?ult - aZn :'-cslrZ e Esl re. (26)
The multiplication rate is defined as

a - kmult
mult
" bl

,:

7| (27)

struct

wherek_,,, is a constant that depends on the type of expected substructure. The annihilation

mult

rate for monotonic loading is defined as

o _2Ys -

Fan=2 6l (28
wherey, is the annihilation distance for edge dislocations.
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The crossslip term follows a probabilistic formulation from previous w§iki8],

but considers a local shear stress that accounts for dislocatiorustibstshielding, i.e.,

FLI =V, r{éxpge\/ fwo|? B (29)
cs cs Jcs & cs kBT
FE1E 2y r[éxpi‘ev M (30)
cs cs Jcs % cs kBT

wherev,, ¢, , /., andV, are the charaetistic crossslip frequency, critical crosslip

stress at the onset of stage Ill hardening, estipsefficiency, and crosslip activation

volume, respectively. Indices anda denote collinear slip syasms that permit crosslip.

Clearly, physicallybased approaches introduce a significant degree of complexity
to the constitutive framewor k. However,
mathematical forms describing the evolution of ISVs. Whe phenomenological
frameworks choose mathematical forms based on the need to model some macroscopic
behavior, physicalhbased frameworks leverage micromechanical arguments to inform
constitutive equations in a manner consistent with lower lengthdistdeation processes.
While the irdepth micromechanical justification for the equations presented above is not
given in this section, they can be found in the original paper documenting the development
of the model80] as well as in Part 3, where an @xtled and updated crystal plasticity
model is formulated. Overall, physicalbased frameworks give the modeler an enhanced
ability to identify and express physical phenomena that drive material deformation

behaviors.
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2.4 Numerical implementation of crystal gasticity
2.4.1 Approach to numerical implementation

The pathdependent nature of plasticity necessitates the full modeling of material
response from its initial conditions through the history of loading. To accomplish this
computationally, the total load hisyois segmented, and each load segment occurs over
some time stet. In displacemenbased finite element codes, this corresponds to the
deformation gradient being specified as a function of time. In the next section, the
interaction of displacemenbased finite element codes and the crystal plasticity framework
is discussed in detalil, including specifics regarding the evolution of the deformation
gradient over the history of loading. This section describes the strategies useen@nic

the quantities known at the start of the time step at tjn@the updated values at tine
(t,=t, +tl) in the isoclinic configuration where the shearing rates and intsiatd

variables are updated; the Cauchy stress is later updated in the current configuration.

More specifically, for a constant temperature, the stress and internal state variables
describing the deformation state at timeat theend of a time step must be determined
given the deformation increment over the given time step {=e.p0 tl informed by the
time-dependent evolution of the deformation gradient provided by the finite element
program) and the initial s#ss statei(t,) and values of the ISVs(t,) at the beginning of
the time step. This problem is solved in the crystal plasticity code as a coupled set of

differential equations in the isoclinic configuration amat de stated as

Given: ¢, £(t), , &)

, (3D
Find: ¢7(t,), X(t,)
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The problem defined in Eq31) can be solved in a number of ways. In the following
section, explicit and implicit approaches are reviewed. Furthermore, two different types of
implicit methods are presented describing exact analytical and approximate numerical

implementations.
2.4.2 Explicit time integration method

The explicit Euler method is straightforward. Essentially, the shearinggtais
estimated based arf () and x? (t,) . This shearing rate is then used directly to update the
values at time,. To illustrate this method, the phenomenological flow rule presented in

Eq.(10) is usedFirst, the shearing rate over the time step is calculated using known values

at timet, as

e (tl) B (tl) a B2 32
&= 4 0 sgn( t) B ). (32

At this point, the stress and ISVs are updated ugind-irst, we discuss the stress update.

With the slip system shearing rates in héahd,plastic velocity gradient can be calculated

in the intermediate isoclinic configuration using E4). The plastic velocity gradient?,
is related to the rate of change of the plastic deformation gradfeas F° =L% E¥(t,) .

Accordingly, F°(t,) is estimated using numericaltegration as

F°(t,) =expl’, D) FAL). (33

Here, it is noted that exact calculation expDt) is nontrivial. Howewer, rather

straightforward numerical approximations ekp?Dt) can be utilized, and the Rad
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method is mentioned in this regdfdt9]. With F°(t,) , the elastic deformation gradient at
time t, can be easily computed using Et). Calculation of the endf-step elastic Green
stran E°(t,) and second PiolKirchhoff stressi™?(t,) naturally follow using Eqg7) and
(8). Finally, the Cauchy stress at time is evaluated as

1) = 3oy | 0 6T (@) (34

where J¢ is the determinant of®.

The ISVs are updated using the specific -faten equations utilized in the
constitutive framework. In the case of tphenomenological approach, the two ISVs

corresponding to nedirectional and directional hardening are simply updated as
97 (L)=g(t) +g°t (39
and
B*(t,)=B(t) +B 7 t. (36)

While the explicit method outlined above is simple and relatively easy to implement
in a conputational framework, it is generally avoided due to numerical instabilities.
Specifically, explicit methods require an extremely small time step to produce a result that
is within reasonable error tolerances. If inappropriately large time steps are ttaken
analysis diverges from the true solution and the errors from previous time steps compound;
the compounding of prior errors can result in significant divergence from the true solution

over the course of a simulated loadifidh0]. The disadvantages @xplicit methods
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motivate most crystal plasticity frameworks to utilize implicit integration methods such as

those implemented in the pioneering crystal plasticity work of Cuitino and [Dtt.
2.4.3 Implicit integration scheme

The fundamental difference between explicit and implicit methods is in the

calculation of¢” . As shown in Eq(32), the explicit methd calculatesy using known
initial values at timet,, i.e., £7(t) and x?(t). On the other hand, implicit methods
calculateg” using estimads at timet, , i.e., £ (t,) and x?(t,) . Calculatingg?® in this latter

fashion ensures that the fundamental assumption of displacdmasett methods is

respected, i.e.y? is constant oveDt. Obviously,#4(t,) and x*(t,) are not knownand

an iterative procedure must be employed until convergence is achieved on their values.

In orderto solve the iterative procedure, the problem must be couched in an
appropriate manner. Specifically, a target level function must be specified and set to zero;
the fizeroso of that function can then be
Again usng the phenomenological flow rule presenteBa(10) as an example, the target

function f?2

target

can be derived by inverting E(1L0) as

s

f2.=t%,) B ) @ fw'g sgn(‘ gy 0. (37)

At this point, any number of numerical methods can be used to solve for the zeros of the
target function shown in E¢37). Closed methods such as the bisection and-faisgéion
methods as well as open methods such as -fixaat iteration and NewteRaphson

methods can be mentioned in this regd&D]. However, the NewtoRaphson method is
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generally used to e Eq. (37) because it is elegant and achieves quadratic convergence

if exact analytical expressions are leveraged.

The NewtonrRaphson method for solvingrfahe zeros of an equation is easily
understood by considering a edinensional graphical example as showrfFigure 8.

Here, some functiorf (x) is shown. Given some initial guess of where the function is zero
(%), aline tangent tdf (x) at x, ( f '(x,)) can be drawn back to the abscissa. The intercept
of the tangent line {'(x,) ) and the abscissa generates a new guess of where the function
is zero (x ). This process continues until some stopping criteria has been achieved and the

function zero has been found wriiterror tolerances.

Jx)

Figure 8. Schematic showing the NewtoiiRaphson method for finding the zeros of a
one-dimensional system.

Mathematically, the NewteRaphson method can be easily derived from a Taylor

series expansion oferfunction f (x), i.e.,

f(x)=f0r) H'x)(x x) G X) (38)
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where the subscriptdenotes the itation number and(Dx’) denotes higher order terms.
Here, the desired function value»xatis zero, i.e.,f (x) =0. Plugging this relation into Eq.

(39) yields the next guess for the function zero as

oy f06) (39)
T TG
or in a slightly different form as
- f I()9-1) R i(X -1)- (40)

With a basic understanding thfe NewtonRaphson method, a direct analog can be
made with the target function of the crystal plasticity method presented {(8#:dn the

following, bold quantities denote vectors or matrices, edg.or f The iterative

target *

procedure can be described using indicial notation as

-—wt:ffgf D snco (41)
or in matrix notation as
-J Hrget (42
where the partial derivative in E@l) isevaluatedaty, and i s cal l ed the @i

J . Using the iterative procedure shown abatvdt,) and x?(t,) can be calculated while

maintaining a constamshearing rate over the time step.
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While the NewtorRaphson method is relatively easy to qualitatively understand
and circumvents the numerical issues associated with the explicit method, implementation

of this method introduces some additional compyexspecifically, use of this method

requires determination of the 322 Jacobian)® “(g) = Wiarges(9 %g” . Exact analytical and

numerical approximations of this expression will be discussed in the following sections.

2.4.3.1 Analytical Jacobian

Analytical expessions for the Jacobian can be found for certain constitutive
frameworks. The derivation of the analytical Jacobian for the phenomenological flow rule
shown inEg. (10) is presented as a specific example to highlight the approach. The

analytical Jacobian can be simply written from the target function as

Mo _ W°(L) Bt gm)Lf
Vg ngd Wy g

0

m ‘ P u °‘_m 6
sgng’) g @)—%ﬂy 82 (43)

The specific forms ofB” (%g" and “ga(t%gb clearly depend on the underlying

constitutive hardening relations and can be readily derived for simple frameworks. As

described by McGinty116], W a(t% & can be determined via straightforward use of the
. . .. . . u[a(t ) = A\ ) ~
chain rule for differentiatioryielding %g” @{s &7):G:(s" K.

Use of an analytical Jacobian is ideal because it ensures quadratic convergence of
the iterative procedure. However, certain scenarios preclude implementation of exact

analytical Jacobians. First, complex constitutirarfeworks pose a substantial challenge
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to the derivation of an exact analytical Jacobian. The physiballed crystal plasticity
model developed by Castelluccio and McDovj@ll] can be mentioned in this regard. In

this model, physical considerations ased that render the determination of the analytical
Jacobian ambiguous or impossible. Furthermore, it is very difficult to calculate an exact
Jacobian when the full breadth of constitutive relations describing the dislocation
substructure and density eutibn are considered. In addition to framework complexity,
use of analytical Jacobians issliited in scenarios where constitutive model forms are in

a state of flux as they are developed. In other words, if multiple constitutive equation model
forms arebeing tested for suitability, the Jacobian would have to be recalculated for each
model form iteration. The work associated with deriving the appropriate Jacobian for each
form could be substantial. In the present thesis, a relatively complex, phybiasdy
constitutive framework was used and various postulated constitutive relations were tested.
Due to these considerations, a numerical approximation of the Jacobian was used in the

iterative procedure.

2.4.3.2 Numerical approach

Similar to the example accompang the NewtorRaphson method, the numerical
approximation of the Jacobian is easiest to understand by again considering a simple one

dimensional example as shownRigure 9. Here, the derivative of the functiofi(x) is
numerically approximated at the poin{ using a forward finite difference method.

Graphically, estimating the derivative in this fashion simply involves itigaa straight

line from the point of interesk, to a new coordinate a small incremént away. The
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derivative is then estimated as the slope of the straight lineDfi.e.R, as shown ifrigure

0.

Jx)

Sfixgth)-flxo)

Figure 9. Schematic showing the numerical approximation of a derivative for a simple
one-dimensional system using a fovard difference method.

The equation shown iRigure9 can also be derived from a Taylor series expansion
of the functionf (x), i.e.,
f(x+h =f(¥ £(X(x h- 3- Qb

fip9= L o109 - (44

Clearly, use of E(44) introduces some error as the higher order tebgg are ignored.

With a basic understanding of numerical differentiation methods, a direct analog
can be made with the approximate Jacobian calculated for the NBafdmson metid.
Specifically, the Jacobian is estimated by evaluating the target function for small

perturbations of the shearing rate, i.e.,
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ab_ I'Irtaarget (ga) o Da;aget( ’ gf
Jé°= 4 g Dg (45

While approximating the Jacobian in this fashion eliminates the need to derive an exact
analytical expression, it requires 12 shearing rate perturbations and 12 evaluations of the
target function for each iteration. Evaluating thegéha function 12 times adds
computational overhead to the solution process and can significantly slow down simulation
times for large finite element domains. Furthermore, better approximations of the
numerical Jacobiacan be conceived that leverage methsdch as the central difference

or second forward finite difference methods. These methods provide a better
approximation of the Jacobian, but require 24 evaluations of the target function, further
slowing simulation times. Further discussion on suchhods can be found in the thesis

work of McGinty[116].

The numerical approximation of the Jacobian presented i(dBcan be directly
implemented with t NewtonRaphson method and used to solve crystal plasticity
problems. However, this approach leads to appreciably longer simulation times, especially
for large finite element domains. The crystal plasticity framework developed and utilized
in this thesisemployed a more advanced numerical method in an effort to balance the
flexibility of the numerical Jacobian with the computational efficiency of the exact

analytical Jacobian. Spec.i/[i5l]waslimplgmented. modi f

Br oy d e nodis prefeeabléhto a direct implementation of a numerical Jacobian
in the NewtorRRaphson method because it eliminates the need to calculate the Jacobian for
each NewtorRaphson i teration. Il n other words, Br

to update te approximated Jacobian throughout a time step without performing the 12
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target function evaluations required using the NewRaphson + numerical Jacobian

approach. This method uses the Jacobian from the previous itedatioo approximate
the Jacobian for the current iteration Broydendés method has two

the Jacobian, i.e.,

Ji(ji - ‘i:-)l) :tarJet(.i) ofarget(fi-l) (46)
and
Jz=J ,z 4
(5-2) O @0

wherez is a dummy vector introduced to facilitate the Jacobian update.

The criterion in Eq(46) ensures thad, correctly maps the difference in the input

9, - ", into the difference in known target function valugg.(9))- f..( ;9. This

criterion provides information regarding along he direction of, - "p,. However, this
is not an adequate criterion to specify all elementk pfotivating the use of the criterion

shown in Eq(47). This criterion ensures that the independent vectors are mapped into the

zero vector byJ, - J,_,. While this criterion may seem arbitrary, it essentially requires an
updated Jacobian, that makes the smallest modification o, subject to the criterion

presented in Eq46).

Use of Broydends method eliminates the
the numerical Jacobian each iteration. Instead, the explicit calculation of the numerical

Jacobian occurs once for the first increment and that initial estimate is then ujpdated
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each iteration for the duration of the time step. As will be discussed in the following section,

more nuance can be introduced to ensure a robust numerical procedure.

A final modification to the numerical framework is noted. As can be seen by Eq.
(42), calculation of the updated shearing rates requires taking the inverse otz 12

Jacobian matrix, i.e.,
Do :E ']jl tarIet- (48)

The inverse calculation similarly increases the computational overhead encountered during

each iteration. As opposed to updatihgand taking its inverse each iteration, the matrix
H =[ J]'l is updated each iteration per the procedure developed by Sherman and Morrison

[152]. This modification eliminates the need to take the inversé ehch ieration and
consequently reduces the computational exp
knowledge, this is the firsgver application of these methods in a crystal plasticity

framework.
2.4.4 Numerical implementation in current work

The specific numerical framework used to solve for the shearing rate®toaad
the stress and ISVs at timg is shown inFigure 10. Fundamentally, the numerical
framework is comprised of an inner loop encompassed by an outer loop. The inner loop
attempts to solve the problemgiveninEB)usi ng Broydends met hod
inner loop fails to solve the problem, the outer loop is activated. The outer loop attempts
to solve the problem using the more robust

Jacobian (red loop)
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Starting from the top of the schematic showRigurel0, the code first determines
if this is the first time step of the simulation. If it i3,is approximated numerically and
inverted to obtairH . If it is not the first time step of the simulatioH, is taken from the
previous time step. This portion of the code further limits the number of target function
evaluations by eliminating the need to numerically estindat the start okverytime
step. WithH , the shearing rate over the increment is computed usin@#8q.and the
error is calculated. If the error is within the prescribed tolerance, theeprdihs been
solved, and the simulation moves on to the next time step. If the error is greater than the
prescribed toleranceH i s updated per Br oy deMomison met ho
extension. Again, the shearing rate over theemant is computed, and the error is
calculated. If the error is within the prescribed tolerance, the problem has been solved and
the simulation moves on to the next time step. If the error is greater than the prescribed
tolerance, the inner loop (blue lIgogntinues to attempt to solve the problem. If the inner

loop continues to be unable to solve the problem, the inner loop coymidireventually
equal the prescribed maximum number of attempts for the innemMgpofst this point,J

is numerically recalculated from scratal),is set to 0, and the inner loop begins again. If
this process (red loop) repeats itself to no avail, the outer loop cayntal eventually
equal the prescribed maximum number of attempts for the outeiNpoft this point, the

numerical procedure has failed to solve the problem, and the code requests a smaller time

step from the parent program.
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Begin solution

Request smaller At

r Y

‘ Yes No
Estimate J numerically
Read H from prior At
[No_] Invert J to get H
[
|
ny > Ny Calculate y and evaluate error

Error < tolerance?

Yes, ny=n,+1

Broyden's method

Update H

l

Calculate y and evaluate error

Error < tolerance?

Update ISVs and stress

No, n=n;+1

J Proceed to next time step

Figure 10. Schematic showing the specific numerical procedure implemented in order
to solve the pathdependent crystal plasticity problem.

Overall, the numerical procedure outlinedrigure10is implicit, flexible, and robustVe

next briefly discusgach of these three aspects.
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An implicit approach is preferable to explicit methods. While the implementation of an
explicit approach is simple, the small time steps required to achieve an adequately
converged solution make it impractical for many simulation frameworks. Furthermore,
errors compound in explicit integration schemes, as opposed to implicit schemes in which

solver errors are guaranteed to remain within some prescribed threshold.

The developed solver is flexible. As discusgbd,NewtorRaphson metholéverages
the Jacol@nJ (Eqg.(45)). While analytical derivations af ensure quadratic convergence,
the complex constitutive eqtions associated with physicabbased crystal plasticity
frameworks can present substantial challenges to an accurate and reliable derivation.
Furthermore, any modifications or extensions to the underlying constitutive equations
would require a rederivian of J. To avoid these difficulties during the implementation
and development of the crystal plasticity frameworks presented in this thesis, a numerical
approximation of was used. In a nutshell, usiaghumerical approximation @f permits
enhanced framework flexibility and rapid implementation of postulated constitutive

equations.

Lastly, the framework shown iRigure 10 is robust. Specifically, the highly efficient
Broydendés met hModrisow extersionSshused toaalve the problem. This
procedure greatly reduces the number of computationally expensive target function
evaluations. fl this solution method fails, the program reverts to an explicitly evaluated
numerical approximation of . This multilevel solution process provides redundancy in
the numerical solver and limits extensive time cutbacks duringtatrydasticity

simulations.
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To highlight the utility of the implemented crystal plasticity solver, a single
integration point (assuming homogenous deformation) was uniaxially loaded in tension to
1%, 5%, and 20% strain at a strain rate of $bat room temperature. The crystal structure
was loaded along a mukiip orientation that produces the equivalent activation of eight

slip systems, i.e.{001). The crystal plasticity framework tested corresponds to the

complex, physially-based framework presented earlier in this section, i.e., the framework
developed by Castelluccio and McDowell for[BI9]. The simulation was conducted using

Abaqus 6.14 on a single Intel Xeon Gold 6226 processor The computer clock time per
incrementwas averaged for each simulation and time step and is plotiedure1l. In

this plot, thecomputer clock time per increment for the NewRaphson + numerical

Jacbi an approach is shown on the | eft. The ¢
loop redundancy shown Figurel10, is shown in the center. The full numericabgedure

shown inFigurel0i s shown on the right and is ter me
As can be seen iRigurel1l, updating the Jacobian via Br ¢
recalculating the numerical Jacobian each increment results in ~6x increase in solution
speed. Incorporating the additional outer loop that recalculataestierical Jacobian from

scratch evernyN, loops provides an additional increase in solution efficiency.
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Numerical Jacobian Broyden's method Modified Broyden's method

Figure 11 Bar plot showing the increase in efficiency that can be achieved using
Br oydmetdtlsod or modi fied Broydends met hod,
Data correspond to the uniaxial tensile loading for a single integration point.

While results are not explicitly presented here, the increase in solution speed
achieved when usingtheordi f i ed Broydends method is amp
evolution of ISVs is particularly stiff, e.g., in high gradient regions near stress
concentrations such as crack tips, or where many integration points need to be evaluated,
e.g., inrefinedfitie el ement meshes. I n both cases,

proven adequate.

2.5 Summary

This chapter presented the crystal plasticity methodology used to investigate
hydrogen embrittlement. First, the origins of crystal plasticity were traced back to its roots
in continuum plasticity, internal state thermodynamics, and materials science field
Following, the kinematics of crystal plasticity were introduced. Specifically, the
underlying FCC crystal structure was introduced along with the accompanying

mathematical description of its deformation due to dislocation glide, i.e., invoking the
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multiplicative decomposition ofF into elastic and plastic parts. The next section
introduced two broad classes of crystal plasticity flow rules: phenomenological and
physicallybased, and a characteristic example of adapgendent éw rule for each class

was introduced. The physicalbased flow rule introduced corresponds to the framework

utilized in Part 2 of this thesis to conduct initial studies on the hydrogen embrittlement
problem. Lastly, the numerical implementation of criyptasticity was considered. In this

section, both explicit and implicit integrative schemes were presented. Due to framework
complexity and computational efficiency considerations, a flexible and robust implicit

i ntegration schemes methodewas imphemdntel foretlie crigstalo y d e r

plasticity frameworks used in this thesis.
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CHAPTER 3. FINITE ELEMENT METHODOLOGY

This chapter introduces the finite element methodology employed in this thesis. First,
the implementation of crystal plasticity in the finglement software Abaqus is discussed.
Then, the chemmechanical coupling of hydrogen transport with mechanical fields is
considered, and an approach is implemented to model coupled hydrogen effects on a

stationary crack tip field.

3.1 Crystal plasticity impl ementation in Abaqus

Abaqus is a commercial finite element program that is commonly used in research
because it allows for a wide variety of usedded subroutines that interact with the parent
finite element progranil53]; it has been widely used, verifieand validated over the
years The User MATerial subroutine (UMAT) is particularly relevant here because it
allows the user to define constitutive laws governing the behavior of a material and permits
the use of solutiolependent ISVs. In this semti, the incorporation of crystal plasticity
frameworks in Abaqus is discussed. First, we describe the overarching handoff of various
continuumlevel deformation field quantities between Abaqus and the UMAT. Following,
more specific details are provided aeding computed quantities required by Abaqus to

solve finite element problems for general loading histories and geometries.

3.1.1 Crystal plasticity and the UMAT

The function of the UMAT can be understood by examining the values that Abaqus
provides and expestback with each call to UMAT; the UMAT is called at every

integration point for each time incremdnt <, t, wheret, is the time at the start of the
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step. Abaqus provides the known deformation gradién), Cauchy stress tenséft,) ,

and ISVs at time, . In addition, Abaqus provides a guess for the deformation gradient at
timet,, i.e.,F(t,), based on the prescribed loading conditions andgetlendent solution

up to that point in the simulation. The useding of the UMAT must then generate certain

guantities that Abaqus requires to solve the finite element problem. Specifically, Abaqus

requires the updated Cauchy stress tefdgp)y at timet, and the tangentiffness tensor
H( E%( VR Here, it should be noted thahl( % V) serves as the Jacobian for the

numerical procedure executed for the global finite element domain by Abaqus. However,

to avoid confusion with the internahdobianJ used in the crystal plasticity numerical

i mpl ementati on, the term Atangent stiffnes
also update the solutiesrependent ISVs. Abaqus does not use the ISVs in its solution
procedire, but it does store them and provide them to the UMAT to facilitate updates
during the next time increment. The interaction between Abaqus and the UMAT is shown

in Figurel2.
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Abaqus =1

o(t)), F(#,), ISVs known
from prevous iteration
UMAT
_ Estimate y from
[N ] Modified Broyden's
method
Is mom‘ Calculate 0A6/0Ag and o(t,)
global equilibrium? ) Update ISVs

Move to next step

I:fz

v

Figure 12. Schematic showing the interaction between the UMAT and the parent
finite element program Abaqus. ISVs refers to internal state variables. Adapted from
similar diagrams [116].

3.1.2 Values returned to Abaqus
Abaqus requiresu(t,), u( % B’ and updated ISVs from the UMAT.

Determination ofd(t,) is straightforward and is calculated directly from the resolved
shear stresses’(t,). Both #7(t,) and the updated ISVseprovided by the converged

solution calculated wusing the modified
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stiffness tensoP( % V) requires some explanation. The following derivation follows

that of McGinty[116].

First, the numetar and denominator of the tangent stiffness tensor are divided by
Dt to more easily relate to the continuum mechanics measures utilized in the crystal

plasticity framework, i.e.,

w( D) _ (x Dt) Dud

m9 (pbt)D

(49

whereD is the rate of deformation tensor. The rate of deformation temsam be found
by differentiating the hypoelastic constitutive ldve c( D "pwith respect tad where

C is the fourth order stiffness tensor abti is the rate of plastic deformation tensor, i.e.,

—f 4.5‘— (50)

%
('D>('D('D

where A is the fourth order identity tensor. The quantitf/ @ can be simplified

assuminga fixed orientation agii/ [ (=1 )At where!l is the second order identity

tensor. Plugging this simplification in and rearranging results in

D
-y (51)

[Nl Q»'-

V)
=g
é

E

Up to this point, the derivation has remained general and has used broad coiéwveium

deformation descriptors. From here onwards,(&f).is specialized for the case of crystal
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plasticity. Specifically,uD”/ {1 is evaluated using the shearing rates and resolved shear

stresses from the crystal plasticity framework as

D" _ P° ot gk (52)

where the chain rule is used. From inspectibh,and u are the tensorial versions of the
slip systerdevel quantitiess” and¢?, respectively. AccordinglyD? / g¢ andw?/
are equal to the symmetric part §ffA m?. The value ofus? / pf is derived from the

specific flow rule of interest, e.g., the ploemenological and physicalyased flow rules

presented in the previous chapter (E§6) and(19), respectively).

Substituting Eq(52) back into Eq(51) yields the tangent stiffness tensor. With this
guantity, G(t,) , and the updated ISVs, Abaqus can check for global equilibrium. If global
equilibrium is achieved to within some tolerance, the simarigiroceeds to the next time
step. If not, a new guess fé(t,) is generated and the process repeats itself. Subject to the
specific iteration parameters defined at the Abaqus program level, once an excessive
number of iterations has failed to produce global equilibrium, the simulation is considered

to have failed.
3.2 Coupled chememechanical simulations

Results pertaining to coupled chemm&chanical simulations are discussed in
subsequent chapters. These simulations were pursued to investigate the interaction between
mechanical deformation and hydrogen transport aagping. This section discusses the

development and implementation of coupled chenezhanical simulations in the finite
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element code Abaqus. First, the utility of the Useded MATerial Heat Transfer
subroutine (UMATHT) is discussed in the context of nteessfer. Next, certain nonlocal

considerations are presented.
3.2.1 UMATHT

A fully coupled framework that can account for both mass diffusion and mechanical
deformation is not currently implemented in AbafLis4]. However, heat transfer can be
exploited as aranalog for mass diffusion, and the fully coupled thermathanical
deformation framework provided in Abaqus can be used instead. Specifically, the user
coded subroutine that defines the thermal constitutive behavior of a material is considered
for this purpose, i.e., UMATHT. UMATHT solves the heat transfer continuity equation for

finite element domains, i.e.,

rq£+ bJ) r,+0 (53

Ht

where r is the mass density, is the internal thermal energy per unit masts, time, J,

is the heat flux, and, considers interrideat generation.

The function of UMATHT can be understood by examining the values that Abaqus
provides and expects to be returned with each call to UMA[IE3]; UMATHT is called

at every integration point for each time incremént=t, t. In the call to UMATHT,
Abaqus provides the internal thermal energy per unit rddiss and ISVs at time, . The

usercoding of UMATHT must then generate certain quantities that Abaqus requires to

solve thefinite element heat transfer problem (or in this case the mass transfer problem).
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Specifically, Abaqus requires the internal thermal energy per unit th@gsat timet,.

Furthermore, Abaqus requires the vhaoia of internal thermal energy with respect to
temperaturqU / W, whereT is temperature, the variation of internal thermal energy with

respect to temperature spatial gradiepts/ (1 TU x), the heat flux vectorJ , the
variation of the heat flux vector with respect to temperafure i, and the variation of
the heat flux vector with respect to temperature spatial gradigpts @ Ty x). Lastly,

UMATHT can also update solutiestependent ISVs as necessary.

The similarities between heat and mass transfer can be clearly seen by writing the

continuity equation for hydrogen transport, i.e.,
%+ P O (59

whereC,, is the concentration of hydrogen afg is the hydrogen flux vector. The model
forms shown in Eqg53) and(54) are identical if 7, =1 and r, =0. As discussed more
thoroughly in a subsequent chapter, the concentration of hydrogen is assumed to be
comprised of mobile and immobile concentrations, &2.=C,, G whereC,, andC,

denote mobile and immobile concentrations, respectively. Each of the values that Abaqus
requires to solve the heat transfer problem has a mass transfer analog, as Sraia in

1.
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Table 1. Analogy between heat transfer and mass transfer.

Heat transfer Mass transfer
U C,
T C,,
J, Jy
Iy 0
W/ g HC, /[y
WU/ gl x) 0
W,/ g Wyl Gy
W,/ gl x) Wy/ (Qy/ x)

As can be seen by examination of E84), the constitutive modeler must develop

relationsdescribingC, =C,, +G andJ, . The specific formulae describing the transport

of hydrogen on the continuum level are discussed in Chapter 4.

UMATHT is called by Abaqus following each UMAT call as showrfrigure13. In
this figure, the mass transfer analogs to the heat transfer problem are shown. Once
UMATHT has been called, UMAT and UMATHT return the required quantities to Abaqus.

At this point, Abaqus checks for both chemical and mechanical global equilibrium. If either
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are not achieved, subsequent iterations are performed until global equilibrium has been

achieved.
Abaqus =1
g o(1)), F(1,), ISVs known
= from prevous iteration
g
2| Cuft)) and 0C,/0x known
_5" from prevous iteration UMAT
Estimate y from
= values at ¢,
é Estimate F(z,)
: .
g _ Modified Broyden's
% Estimate AC), method
Calculate dAa/dAg and o(1,)
N ] Update ISVs
Is model in UMATHT

global equilibrium?
Calculate Cy(t,), 0C,/0C,,,

0J i/ 0C)y, and 0J 1/ 0(0C,,/0X)
Update ISVs

Move to next step

t:tz

v

Figure 13. Schematic showing the inteaction between the UMAT, UMATHT, and the
parent finite element program Abaqus. ISVs refers to internal state variables.
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3.2.2 Hydrostatic stress gradient calculation

Chapter 4 describes the physical mechanisms and formulations implemented in the
UMATHT framewolk described above. However, it is pertinent to discuss a specific aspect
of hydrogen transport and trapping because consideration of this phenomenon requires
special attention in the UMATHT implementation. Specifically, the transport of hydrogen
in the magrial system of interest has a strdependent component as discussed in the

work by Sofronis and McMeekind.55]; the transport of hydrogen is dependent on the

hydrostatic stress gradieBts,, where s, :}é( S +5 +53. However, Abaqus does

not providebs,, during the course of a simulation, motivating the development of the

following additional code architecture to facilitate the calculation of this quantity at each

integration point.

The hydrostatic stress gradient in three dimenginsz), is defined as

eus, / K
Ps, (% .2 =5 15/ Yk (55
gis,/ p

Clearly, calculatingbs,, at each integration point of a finite elemeaquires knowledge

of how the hydrostatic stress functionally varies across the space. Due to the nature of finite
element calculations, the functional form of th&lrostatic stress variation depends on the
type of element under consideration and the associated shape furjibéhs The
following derivation pertains to a linear brick element, but the process is general and can

be extended to higher order elements.
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The order of a finite element determines how variables vary across the element after
having been determined at the el ementbs 1in
assume a linear variation across the element, quadratic a quadratic vanatisa,an. A
linear brick element has eight nodes, and therefore, requires eight shape functions to
describe how a variable fluctuates across the element. The gradient of a quantity, including

S, , can be calculated by differentiatitige appropriate shape functions with respect to

space. This approach maintains consistency with the stress field calculated by Abaqus at
the domaidevel. However, each element in a finite element simulation has a unique set of
shape functions that dependn their location in the global configuration. To prevent the
differentiation of an untenable number of shape functions, a master element configuration
is used to calculate the hydrostatic stress gradient before being mapped back to the global

configuraton.

A master element is a characteristic element of its type (linear, quadratic, etc.) for
which the shape functions are known and easily differentiable with respect to the master
element coordinate space. Consider the linear brick master element $akerexample

here. This linear brick master element is defined in the master coordinatg gpacg in

a convenient orientation for analysis. For a linear brick master element with center at

(0,0,0) and edge lengths of two, the shape functions are

leg(l X0 AL F N _;(4 a s )
N=Z@ WA AL F N, S @ )W)
1 1 (56)
NS00 AL F N @ )E W)
N4=%(1 L N ¥ N, —;(i & s )



where the subscripts correspond to the master element shévgura14.

A7l

Figure 14. Examplemaster element for a linear brick element.

Therefore, using the Abaqysovided hydrostatic stress, the master element hydrostatic
stress gradient can be found by evaluating the gradient on the master element where the

shape function spatial derivativey&uated at the integration points) are known, i.e.,

et 2}
g N, (x, b )z ;s v
e Ugs [}
é RO uga NG b g

58 J Zic <

2“5”/ “Xﬁga MN (x, # )z ;S Hgsl 3
DSy vaser( X 1) Fg Wy ls Wy &= up veadN, (L Xl (57)
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To cast the gradient of the hydrostatic stress in thbajlcoordinate systenx, y, 2), the

Jacobian matrix describing the partial derivatives of the global coordinates with respect to

the master element coordinateg,, is used, i.e.,

Ds,(%Y,2 i, OPyse ( X, H (58)
whereJ,,,, is defined as
at 8, 8
aa N,x aN. .y a7
&:1 i3 i E
&t 8, 8.,
Jaem=ad NiyyXi  a@N; Y N 7 - (59
&5:1 i1 i E
&8 8, 8,
aa N.x aN..y a z
Gi=1 i 4 i 1=

Calculating the hydrostatic stress gradient using the above procedure requires
nonlocal information that is not available at the integration point level in an Abaqus finite
element simulation. In order to resolve this, the Abaqus utility subroutineRURD
leveraged. Inclusion of URDFIL causes Abaqus to automatically call the subroutine at the
end of each increment to access the results file during an analysis. By using URDFIL, the
nonlocal hydrostatic stress, nodal coordinates, and nodes assodihtedaolh element can

be used to calculates,, for use in UMATHT.

3.3 Finite element modeling of stationary crack tips

A significant number of the simulations and studies conducted in this thesis relate to
the loading of a cracked bodigcusing on the crack tip field. The near tip field is of

particular interest because the detrimental effect of hydrogen is most intense near crack
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tips due to the i) availability of hydrogen in the environment and ii) the intense stress and
strain gradiats associated with the crack tip singularity, as discussed extensively in
subsequent chapters. In this section, the methodology used in following simulations is
motivated by both fracture and fatigue considerations. Specific details regarding the

implemertation in a finite element framework are presented.

Analyses of fracture processes often rely on the characterization of crack tip stress
and strain fields. Initial analytical attempts at characterizing crack tip stress and strain fields
assumed isotropikinear elastic material behavior, leading to the development of Linear
Elastic Fracture Mechanics (LEFN)57-159]. While LEFM has proven useful in a wide
variety of practical scenarios, it is unable to account for nonlinear material responses.
Hutchinson[160] and Rice and Rosengrdti61l] presented a subsequent asymptotic
analytical solution relevant for nonlinear elastic materials (HRR fields). This solution can
also be considered as an Elastic Plastic Fracture Mechanics (EPFM) approach for the
monotonidoading crack tip field response of isotropic elagli@stic materials undergoing
proportional loading. Both LEFM and EPFM approaches have domains of applicability
when considering appropriate geometric and crack configurdti®?2$, i.e., theK- and
J- dominated zones, respectively. However, both approaches assume isotropic material
behavior and fail to appropriately characterize crack tip fields for materials exhibiting
significant anisotropy. Mdscrystalline materials demonstrate some degree of anisotropy
when considered below a certain length scale. R&&] developed an asymptotic solution
for both FCC and bodgentered cubic (BCC) lattice structures assuming elaisaily

plastic materiabehavior, which sheds light on the effects of anisotropy.
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While they provide important theoretical insights, the cleeech asymptotic
solutions highlighted above have limited utility because analytical solutions can only be
derived for the simplest geomies and material models, e.g. isotropic linear elastic
(LEFM), isotropic nonlinear elastic (EPFM), and elastieally plastic for certain
orientations in single crystals (Rice analygi$3]). Compiling a comprehensive and
complete set of analytical aia tip solutions is likely intractable; accordingly, many

fracture studies utilize computational methods.

Computational approaches to fracture can be broadly categorized based on the
underlying numerical framework. The finite difference, boundary integunadl finite
element methods can be mentioned in this regard. The finite difference method involves
dividing a domain into a connected series of discrete nodes. The nodes then act as the
sampling points for the solution and are coupled to the governingtiequby finite
difference operatorfd64]. This method was widely used in the 1960s but is limited in its
use because it is difficult to implement for general geometries containing crack tip
singularities[165]. Finite difference methods are now more camiy associated with
fluid mechanics than solid mechanifk6]. The boundary integral method solves a
boundary value probl em usi n[@67]kThi® wathodGsr e e n 6 s
relatively easy to implement because only the geometry surface toelkddiscretized,
but this method tends to be more computationally expensive for singular problems and is
poorly suited for problems with extensive nonlinear material behavior due to the lack of
avail abl e GriléH. ihe &nitef elementtmetbad thhe most commonly used
numerical tool for fracture and the one that is used in the current thesis. The finite element

method discretizes a domain into elements that are connected at nodes. Variational
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expressions are then used to solve the governimgkequm equations for the system. The
finite element method is generally considered to be superior for modeling crack tip singular
fields, general geometries, and nonlinear material behavior when compared with either

finite difference or boundary intednaethodq165].

The computational approach to fracture can be further subdivided into various
categories as shown Figure 15 [168]. First, approaches can be cléissi based on the
method by which the crack or crack nucleation process is represented in the modeling
framework, i.e., via geometric or nongeometric representations. Geometric approaches
explicitly model the crack using the actual model geometry and g@monmg domain
discretization. Nongeometric approaches model fracture processes via an intense

localization of strain in the constitutive or kinematic model forms.

First, constrained shape methods are described. Fracture frameworks where crack
shapesangr owt h trajectories are restricted to
met hodso. These frameworks introduce a cr acf
nodes as some critical crack growth criterion is met. This approach has been useel to mod
fracture in scenarios ranging from large macroscale structures such g4.6@jts more
idealized scenarios such as simple befdmg]. Clearly, a major drawback of this approach
is the prescribed nature of fracture, although more modern applicatsimg refined
meshing techniques have increased the generality of this appibath Analytical
geometry methods use superpositionandtheaol | ed falternating fin
to solve fracture problems. Essentially, the finite element methasks to calculate the
stress and strain distribution at the crack location. Following, weight functions for the

analytical solution in an infinite body are developed to ensure the crack faces are traction
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free. Application of this method is limited by tliterative procedure required and the
dependence on analytical solutions, but the method has found utility in certain scenarios
[172, 173] Lastly, known solution methods can be considered. These methods use known
solutions from either LEFM or EPFM to imfom crack propagation in a computational
framework. This approach is restricted by the-generality of LEFM or EPFM but is
nonetheless the underlying method used in commercial fracture solvers such as NASGRO

[174].

Arbitrary shape approaches do not présriany shape or path to the crack and
include meshfree, adaptive meshing, and lelegth scale simulation techniqud$8].
Meshfree methods remove the influence of domain discretization on fracture processes by
removing any not i onsimaoldtion.aThefitmoedsrhinant mesiree t h e
methods use kernel expressions and moving least square approximations to eliminate the
need for element connectivity. Meshfree methods are discussed at length by Belytschko et
al. [175], and their use in fracture issdussed by Askes et §l.76]. Adaptive meshing
techniques dynamically refine the mesh about a growing crack to ensure the crack shape
or path is not appreciably influenced by the mesh geometry as in prescribed approaches.
While this approach introduces roplexity, it couples naturally with finite element
modeling techniques and has found utility in a variety of theoretical and engineering
scenario$l77-179). Lastly, lowerlength scale simulation techniques can be mentioned in
regard to arbitrary shape appches. In these approaches, the fundamental unit of fracture
is substantially smaller in length scale than the structure being modeled, e.g., bond
breakage in atomistic simulatiorj480, 181] and the crack geometry is inherently

unrestricted at this evdme length scale.
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Nongeometric constitutive representations of fracture include smeared crack,
element extinction, and computational cell methods. Smeared methods model cracks by
artificially reducing the stif etometysnoof fAcr
explicitly modeled, the effect of a damaged continuum is still incorporated. This approach
is relatively well established in the framework of continuum damage mecha8ijsand
has been used in a variety of settifif33]. Element extincbn methods can be considered
an extreme version of smeared crack metfhbg8]; this method simply removes elements
that have achieved the critical criterion for crack advance. The method of computational
cells is also related to smeared crack/element extinction approaches but incorporates the
physics of crack advance more directly. this approach, specially formulated finite
elements are arranged directly at the crack tip and utilize specific constitutive relations
describing the fracture process considered, e.g., void nucleation and ¢i&4fhor
inclusion cracking[185]. Oncethese sealled cohesive zone elements achieve some

fracture criterion, they are deleted from the model.

Nongeometric kinematic representations of fracture alter the fundamental element
equations in a finite element approach to implicitly account forcthek tip singularity.
Enriched element methods refer to a class of models that change the variational finite
element formulation by introducing singular basis functions, strésssity nodal
variables, or mappintduced singularitie§l68, 186189]. The extended finite element
method (XFEM) developed by Belytschko and BIf®0] is one of the more broadly used
enriched element methods. This method is even included in some commercial finite
element solvers, i.e., Abaqud53]. XFEM essentially modifieghe intraelement

displacement/strain field by introducing a discontinuity representative of a crack. This
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method has the potential to capture the severity of the crack tip singularity expressed via
geometric representations while eliminating the needsionificant remeshing168].
However, additional complexity is added to the simulation framework due to the inclusion

of enriched elements and associated considerations.

Geometric Nongeometric
representation representation
— Constrained shape | —]  Arbitrary shape —1{ Constitutive methods | — Kinematic methods
— Prescribed methods | — Meshfree methods — Smeared crack || Enriched element
methods methods
Analytical geometry | | | Adaptive methods || Element extinction | | | XFEM
methods methods
|| Known solution | Lattice methods || Computational cell
methods methods
—1 Particle methods

— Atomistic methods

Figure 15. Schematic showing the decomposition of finitelement approaches to
fracture into various categories and methods. Adapted fronj168]. The red boxes
denote the approach taken in this thesis.

The brief overview of computational fracture methodologies presented above and
shown inFigure 15 contextualizes the approach taken in the current thesis. As has been
discussed up to this point, the computational framework must be able to facilitate

simulations that:
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i) utilize a complex, physicallpased crystal plasticity material model and
i) permit implementation of fulhcoupled chemanechanical constitutive

equations.

These considerations motivate a hybrid approach employing an initial prescribed crack
geometry followd by a smeared crack method for crack advance in which element
stiffness degradation occurs once some critical internal state has developed. The two
computational fracture tools used are highlighte&igure15. An approach utilizing an

initial prescribed crack geometry is selected because the boundary conditions of the
chemical problem must be prescribed on a physical model domain, i.e, the surface of the
prescribed @ack. Furthermore, prescribing the initial crack geometry permits simulation of
particular crystal orientations with respect to the crack tip and crack plane. Smeared crack
methods are used in this work to model the loss of-t@ad/ing capacity due to dage
accumulation because explicit prescribed crack growth algorithms, e.g., nodal release
approaches, can introduce significant numerical instability in the complex ehemo

mechanical simulation framework.

3.3.1 Prescribed crack geometry

Crack tip singularitiesre modeled in the current framework using a predefined
initial crack that is geometrically defined in the finite element domain. As in prior studies
modeling a prescribed crack geomeft@1-193], the current work utilizes a modified
boundary layer (MBL) pproach. The MBL approach uses a eislaped mesh to model a
singleended crack in an infinite medium. The boundary conditions of the simulation are

tractions or equivalent displacements as
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LEFM solution [159], i.e., K and T. Mode | boundary conditions are specified as

displacements (or equivalent tractions),and u,, on the outer boundary of the domain,

i.e.,

o

ar ‘§1+v aoleﬁqéale

—a% O—K 0s Za@é’q @#%— 'gr cos@ (60)

_ar B1+v qaa q av(1ow)
u, = ——Ks % 2cod Tr si (61)
TEp T A Fe

wherer and g correspond to polar axes with the origin at the center of the initially
semicircular notch used to represent the finite radius crack tip.gAlgsneasured positive
counterclockwise from the crack plane ahead of the notch mb&gs.(60) and(61) are

evaluated at the finite elementdes on the outer edge of the modeled domain,ri.en

Figurele. QuantityEcor r esponds t o t h esur¥doatthe gnécescal d ul u
where polycrystalline materials with random texture can be treated as effectively isotropic.
For the studies presented in this thesis, plane strain conditions are simulated and therefore

k=3 -4v. Relevant quantés in Eqs(60) and(61) are shown irFigure16.

Williamds LEFM cr ack [159]was deariweg foralinearme n t
elastt isotropic materials. Clearly, the crystal plasticity model manifests both elastic and
plastic anisotropies; application of E¢80) and(61) directly to the crystal plasticity model
domain is strictly incorrect, albeit the practical consequences are likely limited. Patil et al.
[193] ignored elastic anisotropy itheir model formulation, an assumption argued to be
valid for Al single crystals and employed a sufficiently large simulation domain to ensure

purely elastic behavior occurred at the boundary where displacements were applied. Deka
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et al.[191] argued thafor materials with Zener ratios (defined as-2C,, /(C, -C.))

substantially greater than unity, elastic anisotropy must be explicitly accounted for in the
boundary condition expressions and subsequently implemented expressions suggested by
a vaiety of authors[194, 195] However, implementation of these complex boundary
condition expressions appeared to have a very limited influence on the crack tip response,
especially when considering general trends. In the current thesis, a somewhattdifferen
approach is taken; the crystal plasticity domain is embedded within a much larger isotropic
linear elastic domain. This domain is defined by elastic consigiatsd v, and application

of Egs.(60) and(61) at the boundary ohis domain is consistent. We can consider this
approach as representative of a crack tip lying within a large grain having specific
crystallographic orientation embedded within a larger polycrystalline structure, effectively
defined by linear elastic ansiatropic material behavior. The crystal plasticity domain size
must be large enough such that plastic deformation is entirely encapsulated in this domain.
The MBL approach to modeling a stationary crack is shown in a qualitative fétiguire

16. This approach suffices for our considerations.
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Figure 16. Schematic depiction of the MBL boundary conditions, various model
regimes, and relevant geomtrical quantities. Not to scale.

3.3.2 Smeared crack method

The accumulation of damage at the original prescribed crack tip is modeled in the
simulation framework using a smeared crack method, a method often considered in the
framework of continuum damage meanles [182]. As will be discussed in a subsequent
section, experimental evidence suggests damage in hydrogenated materials of interest is
mediated by the development of nanovo[83, 59, 196] motivating the following

approach.

Traditionally, damage the@s in metals consider void initiation due to decohesion
of inclusionmatrix interfaces (i.e., debonding) or inclusion fractr@7]. The resulting

voids are much larger than the scale of lattice vacancies. These voids are then free to grow
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by the neckingand shearing of material matrix between voids. The linking of voids
eventually leads to damage and fract(it®8]. This mode of failure is generally
accompani ed by observation of Adi mpl eso ¢

correspond to onbalf of avoid once the material has fractujé®2].

A simple schematic depicting the deleterious effect of void volume fraction on the
response of a bar under uniaxial tension is showrigare 17. Here, a bar with cross

sectional aread, is subjected to a uniaxial tensile lo&l Once under the load, some

damage state evolves with the loading and is described by the state variablshown

in Figurel7(b). In this cae, the damage stae can be thought of as some measure of the

void volume fraction in the material. The presence of voids in the material decreases the
effective area able to sustain the loagdmotivatig t he def i ni ti on of ar

i.e., quantity A, in Figure17( c ) . This nfneffective areao c

undergoing the sae tensile load but with a decreased diameter.
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Figure 17. Deformation and damage of a bar under uniaxial tensionAdapted from
[199].

Assuming the damage state quantifies the fractional decrease in the area able to

sustain loading, the following definition can be made
A _
=(1 -D). 62
! ( ) (62

Implicit in Eg.(62) is the definition of the completely damaged and completely undamaged
material states, i.eD =1 and D =0, respectively. Using Eq62) and the definitions in

Figurel7, the ¢ress in the damaged state can be related to the undamaged state as

F=sA =5A
A
sy = _ 63
s SK (63)
i _ s
)



From this simple example, it can be sdleat the damage in the materiak(D <) serves

to elevate the stress i n (63 lkan

cosmi dering an isotropic and eH

law,

A
s__
ASD
- sziEe
A
- s=(1 -D)E ¢
- S=Ey4 €

befiextendezl by | v e 0

.a sUsiicn gmaH oeorki e

(64)

where e= D/ L, is the uniaxial strain in the direction of loading. As can be seen in Eq.

(64), the damageD can also be interpreted as decreasing the stiffness of the material

E., =(1 -D)E [182, 200]

Consideration of the 3D case introduces additional complexities, but the intuitive

implications of damage aviewn inFigure17 and Eqs(63) and(64) are useful. As one

example, considering damage in a fully anisotropic 3D continuum

requires definition of a

4" rank damage tensf01]. There are multiple theories relating damaged and undamaged

material states in an elastictmuum. One of the most broadly accepted theories, and the

one presented here, is the principle of strain equival@@y. This theory supposes that

both the stress in the damage

Eqgs.(63) and(64) to the fully general case yields

G=(A-D: {
- U= C: jc,
. c,=(AD):C
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where bold quantities denote tensors and the subs@iptenotes the damaged
configuration. Furthermoré is the 4 rank identity tensor ang is the 4" rank stiffness
tensor. Eq(65) shows that the stiffness in the damaged configuration is decreased as a
function of the damage tensor. Whitg. (65) represents the ost general expression of
damage when adopting the strain equivalence principle, implementing it in practice poses
substantial difficulty. As pointed out by othd®02], coupling of strongly anisotropic
stiffnress and damage tensors can lead to-coowex elastic potential energies.
Furthermore, the misalignment of stresses and nodal forces as well as elaghackegn

generate nogonvergent simulations.

Instead of modeling damage using the full damage tebsar simpler phyisally-
motivated approach is taken where damage is represented by a reduction in the available
slip plane area to carry a shear load. Accordingly, damage acts to increase the resolved
shear stress on slip systemas

a t*

teff :ﬁ. (66)

This approach has been used in similar scenarios to model the impact of damage on a
continuum([201, 203]andis directly related to the expression shown in &§). The
expression shown in E(66) expresses a modification to the effective shear stress driving
plastic flow on each slip system. Accordingly, damage is accounted for in an inherently
anisotropic fashion in accordance with the FCC crystal. Implementatiog.¢6& can

introduce numerical instabilities in the simulation framework, especially mxreases to
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significant levels D ranges from 0 (undamaged) to 1 (fully damaged}je specific

constitutive laws dictating the evolution of damage are discussed in subsequent chapters.

In the current work, the phenomenon of strain softening associated with damage
develpment leads to undesirable levels of strain localization in simulations. In a local
finite element framework in which field quantities are computed at element integration
points, any notion of a limiting characteristic material length scale is lost. én wibrds,
while strain localization in real materials is limited by physical material restrictions of
nonlocal character, the discrete nature of finite element calculations and the assumption of
local action naturally precludes observation of realistiairstiocalization distributions.
Accordingly, there is mesh sensitivity, and material response localizes at the scale of the
integration point volume or element size. To address this critical limitation in modeling
damage evolution in the presence of hy@émgnd hydrogerelated defects, the concept
of an Aintrinsic length scaled needs to

nonlocal scheme to regularize the computational solution, removing mesh sensitivity.

In the current study, a nonlocal avgiregy approach is used to model nonlocality
associated with hydrogeelated strain localization behaviors (discussed in Part 4). The
nonlocal counterpart is typically found by performing a weighted average over a spatial
neighborhood in the model, appeaglito the early works of Eringef204, 205] For

example, if f(x) is a local field in the domaiw , the corresponding nonlocal field is

defined ag206]

(0= Rex) f( yd (67)
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whereR is a nonlocal weight functiony is the source point, anxl is the receiver point.

Commonly used nonlocal weight functions include the Gaussian function arghapéd

function, respectively represented 286]

R(x,x) %xpilxz_li)glr (68
(o nl
Rxx) 2 DX ¢ (69
g nl -

wherer, is the nonlocal interactions radius, related to the internal lengt®ne of the

main differences between Eg$8) and (69) is the Gaussian function has unbounded
support, i.e., every point in the domain is part of the average. Conversely, tbhdpeti

function is only noreero within the interaction radius, . In the current framework, we

leveragethe beltshaped function described by E§9). The quantities that are treated in
a nonlocal sense due to both numerical and physical considerations assetisimn more

depth in Part 4.

3.4 Summary

In this chapter, implementation of the crystal plasticity model in the finite element
software Abaqus was presented. The aseled subroutine UMAT was discussed and the
interaction between UMAT and Abaqus descrildeallowing, the methodology required
to execute coupled chemmeechanical simulations was outlined. Here, mass transfer was
introduced as an analog for heat transfer and the corresponding relationship between model

forms discussed in the context of the wseded subroutine UMATHT. The code
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architecture required to calculate the hydrostatic stress gradient was then presented,
motivating the use of the utility subroutine URDFIL. This chapter concluded with a
discussion of the finite element framework devetbpe model crack tip behavior. The
approach utilized in this thesis was contextualized in the broader field of continuum
fracture mechanics, and considerations specific to modeling hydrogen effects with a
physicallybased crystal plasticity model motivated hybrid approach leveraging a
prescribed crack geometry/smeared crack approach. The prescribed crack geometry
approach leverages a MBL method, and the smeared crack method was introduced in the
context of continuum damage mechanics to address cracksexte@verall, the finite
element framework utilized in this thesis is a sophisticated multiphysics framework with

extended capabilities.
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Part 2

Initial Inroads into the Hydrogen Embrittlement Problem

In Part 2, the micromechanical crystal plasticity model developed by Castelluccio
and McDowell[80] described in Chapter 2 of Part 1 is used to conduct initial studies on
the hydrogen embrittlement problem. Chapter 4 discusses hydrogen transport and trappi
on the mesoscale, and Chapter 5 discusses the influence of hydrogen and hnadabe:n
defects on early plastic flow of single crystals. The content presented in Chapters 4 and 5
has been published and can be found in R2@5] and[208], respectivly. These studies

motivate the development of the crystal plasticity model described in Part 3.
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CHAPTER 4. HYDROGEN TRANSPORT AND TRAPPING

The diffusion ofhydrogenin metals is of interest due to the deleterious influence of
hydrogenon material ductilityand fracture resistancdt is becoming increasingly clear
that hydrogen transpocoupks significantly with dislocationactivity. In this chapter, a
coupled diffusiorcrystal plasticity models employedo incorporatehydrogentransport
associated with distation sweeping and pipe diffusion in addition to standard lattice
diffusion. Moreover, we consider generation of vacancies via plastic deformation and
stabilization of vacancies via trapping of hydrog@ime proposed hydrogen transport
modelis implemetrted inthephysicallybased crystgllasticity model presented in Chapter
2 to modelthe interaction ofdislocation substructure arfd/drogenmigration. In this
chapter, écus is placed ohydrogen transport and trapping withieintense deformation
field of acrack tipplasticzone. We discuss the implications of the model regultsrms
of constitutive relations that incorporate hydrogen effectsrackctip fieldbehavior and

enable exploration of hydrogen processes and embrittlement mechanisms.

4.1 Intr oduction to hydrogen transport and trapping

Literature regarding the influence bydrogenon metals dates back B75[1].
Many subsequent experimental and theoretical studies have investigated the effects of
hydrogen on the mechanical response of m¢2fl8]. Complete understanding remains
elusive despite this rich history of investigation, and resolution of the problem remains
desirable due to the common exposure of structural metals to hydrogen in a variety of

energy applicationg, 210].
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Hydrogen fundamentally changes the effective response of a material, most
frequentlycausing components to exhibit loss of ductility amctreased susceptibility to
fatigue failure [211]. Lower lengthscale investigations often reveal moctemplex
interactions betwaehydrogen and the host material, e.g., competition between material
hardening and softenir{g@12]. To effectively design for the influence of hydrogen based
on a broad range of experimental observatiansjde variety of mechanisms have been
proposed. TMe most commonly citechechanisms include hydride precipitation, HELP
[36, 213] AIDE [31-33, 214] HEDE [3, 215} and HESIV creatiofi37, 38} While each
mechanism has a reasonable basis, experimental investigations are typically based on
averaged, macroale behavior, precluding direct observation of the proposed
mechanism(s) at appropriately small length and time scales. Therefore, accurate
computational modeling at operative smicron length scales is key to elucidating the

governing processes.

Regadless of the mechanism(s) subscribed to, the deleterious effects of hydrogen
are directly linked to the elevated concentration of hydrogen in small volumes of material
in critically stressed or strained regions such as notches and crack tips. Faithful
representation of the hydrogen distributiorprerequisite to more completensideration
of the mechanistic aspects of hydrogen embrittlement. Computational simulations of
hydrogen transport and trapping are therefore essential. Sofronis and McM@&Ehg
considered the distribution of hydrogen ahead of a crack tip, accounting for diffusion
driven by the hydrogen chemical potentighis approacthas been adopted by a number
of researchers in a varietyf computational framework$216-220]. These works,

applicable to length scales well above those of dislocation substructure, do not capture

92



importantmesoscale transport and trapping processes. These processes, affected by the
evolution of certain material defect populations, have been expatafty observed to
increase the rate of hydrogen transport. Saintier g221] found enhanced hydrogen
transport at a crack tip in FCC stainless steel, attributed to dislocaidiated processes

due to the lack of appreciable martensitic transfoimnatDislocation transport processes
were partially accounted for in the recent computational work of Dadfarnig222]via
introduction of the convective transport of hydrogen via mobile dislocations. Dadfarnia
and coworkerg222] found that accountm for this mechanisnenhanced théydrogen
transport, supporting the notion that mesoscale transport processes play an important role
in the overall distribution ohydrogen at sufficiently small length scales. This chapter
extends the current stabé-the-art computational hydrogen transport framework to more
comprehensively account for a variety of line and point defect populatiodstheir

influence on the distribution ¢fydrogenaheadof a crack tip in an FCC metal.

4.2 Hydrogen transport

4.2.1 Mesoscopic hydmgen transport mechanisms

As noted in the experimental observations of Murakami ¢228] and Nagumo
[38], dislocations and vacancies play an important role in the hydrogen distribution
problem. As such, we consider mobile dislocations, dislocation smaktructures, and
vacancies to be among possible hydrogen traps. Grain boundaries are not considered in this
treatment. We label the hydrogeancentration according to respective sites, namely in

the latticeC,_, at mobile dislocabns C,,,, at dislocation wall substructures,,,, and
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trapped irhydrogenvacancycomplexesC,,,, . Furthermore, we label the mobhgdrogen

concentrationC,, and the totahydrogenconcentratiorC,, .

Estimation of the hydrogen distribution via computational techniques requires
knowledge of operative hydrogen transport mechanisms. As discussed, these include
mechanisms commonly addressed¢ch as hydrogen diffusion driven by the chemical
potential, i.e., the lattice concentration gradi@®t, 224]and hydrostatic stress gradient
[225, 226] Furthermore, we consider additional transport mechanisms that operate on the
mesoscale; these inde pipe diffusion of hydrogen along the cores of edge dislocations
[227, 228]and sweeping of hydrogen through the lattice via migration of mobile screw
dislocationg222, 224, 229, 230[These various modes of hydrogen transporinapertant
to considerat appropriate lengthcales as dislocations play a role in hydrogen transport
[230]. Dislocationmediated transport mechanisms operate on different components of the
overall hydrogen concentration. Namely, the dislocation pipe diffusion mechanism is

relaed toC,,,, while the convective dislocation sweeping mechanism is relat€q,to

As a first order approximation, it is assumed that the time scales required for
significant time dependent relaxation of sessliglocation structures and diffusion of
vacancies are much longer than the time scales required for hydrogen dif2&lgn
Sweeping of hydrogen by mobile dislocations does not fall intacHtesgory and must be
considered. Furtherore, strainnducedvacancies are considered to be strong traps for
hydrogen while mobile screw and wall edge dislocations are considered to be relatively
weak traps by comparison. This approximation is justified from a thermodynamic

perspective when considering the bindingmgy of each trap type. In nickel, the hydrogen
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dislocation binding energy has been found to be between 0.04 and J2®e¥33] and
the hydrogefvacancy binding energy proposed to be between 0.27 and 0[68,e384]
Overall, the literature valuegry slightly, but the trends are consistdrytirogenvacancy

binding energies are four to six times greater thadrogendislocation binding energies.

Considering vacancies to be the strongest trap in the system is further justified from
a kinetics/moMbity perspective. The interaction distance of a dislocation with its impurity
field can be estimated a&0b where b is the Burgers vectofl09]. This distance is
significantly larger than the spatial variation in background electron density associated with
vacancy trap sites, on the orderkof As such, we treat vacancies as relatively localized
traps when compared to theore diffuse nature of dislocation trapping sites. The diffuse
nature of hydrogewlislocation binding sites, along with lower binding energies, supports
their treatment as relatively weak traps, with hydrogen having higher probability to exit the
trap. Bah thermodynamic and kinetic arguments are qualitatively depictEdyure 18,

where E, is the energy of hydrogen in the lattidg,, is the energy of hydrogen in a
dislocation,E,, is the energy of hydrogen in vacancies, ands the distance from the

trap of interest. The factor of 5 shown in the equatidfigare18results from the ratio of
hydrogenvacancy binding energy to hydrogdislocation binding energy, as reviewed in

the preceding paragraph.
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Figure 18. Trap binding energy as a function of distance from the trap.

The foregoing argument implies that hyd
dislocations per se, but rather is subject to different transport mechanisms coropared t
hydrogen in the lattic€, . Hydrogen resident in edge dislocation cagg, is subject to
pipe diffusion, whereas hydrogen ensnared by screw dislocation seginenis subject
to transport via dislocation sweepinBy comparisonwe consider that hydrogamcancy
complexes are stable despite interaction with mobile dislocations based on atomistic
simulations by Li et al[l235] in iron. These considerations imply that the molgdi|e and
total hydrogen concentratiorC, can be described a€, =C, G, &.p and
C, =C, +G,., respectively. The arguments outlined above can be summarized via three

governing assumptions:

1. Mobile screw dislocations and edge wall dislocations weakly trap hydrogen, i.e.,
do not Al ocko hydrogen in place. Weak t
hydrogen can escape to encounter a different type of trap.

2. Vacancies strongly trap hydrogand inhibit further diffusion; the rate of vacancy

diffusion is also significantly reduced.

96



3. Weak and strong traps are each in local equilibrium with lattice hydrogen, and traps

do not interact with each other.
4.2.2 Mesoscale continuity condition

Thegoverning ontinuity equation fohydrogenconcentration can beritten as
%+ pX) 0 (70)

whereC,, was definegreviously andl, is the flux of hydrogef236]. Proper @plication

of Eqg. (70) requiresthe deelopment of constitutive equations that explicitly consider
hydrogen trapping and transpokFirst, partitioning the hydrogen trapped at various defects

will be addressedsubsequently, the constitutive equations for the hydrégeni,, will

be discussed. Lastly, the effective hydrogen diffusivity in the crystabexdbnsidered
4.2.3 Hydrogen trapping

The problem of hydrogen trapping has been previously st{théd 222] To extend
these treatments, we follow tHeamework of Ref.[155] and invoke the governing
assumptions associated with the mesoscopic hydrogen transport mechanisms identified in
the previous section. Doing so yields simple equilibrium relations between the trapped
hydrogen concentrations, and background mobile concentratiop , i.e.,

c _ aN,C,K;
=HWD, HMD, HvVa CM (KT _ l) _leL

(71)
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where a, is the number of hydrogen atoms per trap siteis the number of hydrogen
atoms per normal lattice sit¢&l; is the number of hydrogen traps per reference volume,
and K; is the associated equilibrium constant. The equilibrium constants written as

a function of the binding energies for each trap type, Kesexp( £, /RT) whereR is

the univesal gas constant isthe absolute temperature, aBdis the trap binding energy

Eq. (71) is applied for each trap type proposed to be operative in the current case. For
di sl ocati ons, a Atrap sited does not corre
diffuse region encompasg the region of tensile stress produced by the presence of the

dislocation.

The notation used in E(/1) and in the definition o,, requires some clarification
as the trapped hydrogen concentratiGpg, and C,,,, seemingly appear on both sides of

Eq. (71). This notation results from the assumed temporal evolution of immobile and
mobile hydrogen concentrations. Based on our qualitative examination of hydragen
binding energies, we expect hydrogen trapped by dislocations to have a highlpyobabi

for trap escape. In other words, at timeC,, is partitioned amongst the various trap types.

If hydrogen is trapped by vacancies, it is considered to be immobile. On the other hand, if
hydrogen is trapgd by a dislocation, it is considered to remain mobile with a high
probability for trap escape. Consequently, at time D, the hydrogen trapped by
dislocations are susceptible to be trapped by other trap types as determined by the

hydrogentrap binding energies.
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4.2.4 Hydrogen flux

Prior hydrogen transport frameworkensidered the chemical potential as driving
hydrogen flux through the hydrogen concentration laydtostatic stress gradiesjfi55].

This can be written in terms of te&ective latticediffusivity D,, and mobile components

of hydrogerconcentratiorexclusive ofC,,,,,, i.e.,

‘JL = Deff (DL GhWD) (72)
D.(C +C V,
J, = eff( L HWD) H B, (73)
RT

wheres , is the hydrostatic stress aNg is the partial molar volume of hydrogen in solid
solution. Here s, is defined as the trace of the stress tensor divided by ffirese fluxes
involve C, and C,,,,, owing to our assumption that pipe diffusion along dislocations

enhances the effective lattice diffusivity at the mesoscale.

As discussed, an additional flux term should be included to acémuhydrogen
transport via migration of mobile screw dislocations, as considered in the recent work of

Dadfarnia et al. [222]The hydrogen flux attributed to dislocation motion is given by

‘J D = (NHMDVD)(QHMD) :CHMDV ° (74)

where N,,,, describes the number of available trap sites at mobile dislocatiénis the
dislocation velocity vector, angl,,, describes the number of occupied mobile dislocation

traps per total available dislocation traps. The dislocation velocity ve¢tarorresponds

to the average digtation velocity considering the dislocation velocity on each slip system
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obtained via Or @wgi &fs Heegouand /i arenthe sheariag. rate
and dislocation density on argiaular slip systema andb is the Burgers vector. Due to

the dependence of® on the dislocation density of each slip system, any dislocation
processes such as cradip accountd for in the accompanying mechanical model are
automatically considered here. Combining the flux contributions from hydrogen
concentration gradient, hydrostatic stress gradient, and dislocation flux yields the

expression for hydrogen flux as=J, 4, 3.

4.2.5 Effective diffusivity

Hydrogendiffusion through a deformed crystallitegtice can be enhanced via the
high diffusivity pathways associated with dislocation copesyiously discussed gspe
diffusion [227]. The effective diffusivityin the presence of pipe diffusion has been

accounted for with rule of mixture approximatiq@87]asD,, =1 -f,)D, #D.,. Here,

f, is the volume fraction of dislocation cordg, is the lattice diffusivity, and,, is the

dislocation core diffusivity. As explained by Chen &thuh[238], the rule of mixtures
approach does not capture the geometric complexity of random dislocation networks. Chen

and Schul238] invoked percolationtheory to justify raising thef, termto a positive

power to reduce the idealized rule of mixtures diffusivity to account for the path tortuosity
of random dislocation distributions. When considering-reoxdom, ordered dislocation
structures, however, it is difficult to jufst the use of a similar power scaling value from
percolation theory. In moderate to highly strained crystals, dislocation substructures
develop, and these structures are highly ordered and interconnected, i.e., past the critical

percolation limit. Additimally, previous literaturg239] has proposed that dislocation
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networks are always at the percolation limit given that they cannot terminate in a perfect

crystal.

As opposed to applying the lattice and pipe diffusion diffusivities to individual
hydrogen populations, the high probability for trap escape prompts an averaged approach

utilizing an effective diffusivityD,, . As such, we adopt a rule of mixtures assignment,

where the pipe and lattice diffusivities are weighted by the associated hydrogen

concentration fractions, i.e.,

C D Chwp

.

Dy =t - D (79)
! CM'CHMD ) CM -Q-|MD "

4.2.6 Transport and trapping model parameter estimation

Application of the hydrogen transport framework in the example FCC system
nickel, requires the estimation of several parameters. First, consideringuthieer of
dislocation traps in E(71), we follow the assumption that there is one trap per atomic

plare threaded by a dislocatif240, 241]i.e., N, =+/3r, / a. Here, the factorio is related

to the FCdQattice, a is the lattice parameter, the subscriftenotes the type of dislocation

trap, andr, is thedislocation density as calculated by the crystal plasticity model. The
number of vacancy traps is more complicated to estimate and will be presented in the next

section as an extsion to the crystal plasticity framework described in Chapter 2.

Next, the trap binding energies are considered. The binding energy of hydrogen to
vacancies in nickel is defined to be 0.44 eV as measured by [BdR§iFollowing Kocks

et al.[140], we asgn the bulk of mobile dislocations to be of screw character, prompting
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the assignment of the binding energy of hydrogen to mobile dislocations to be 0.07 eV, a
simple average of the values calculated by Angelo 28] and Wen et al[232]. Under
theassumption that the majority of wall dislocations are of edge character, as outlined by
Mughrabi[243], we assign the value of the binding energy of hydrogen to wall dislocations
to be 0.115 eV, again an average of the values calculated by Angelf28B8hand Wen

et al.[232].

Subsequently, we estimate diffusivity values by first presenting the general form of

the temperature dependence of diffusion, writteBaD, exp( H, /RT) whereD, is the
diffusion coefficient andH_, the activation energy for diffusion. For hydrogen in bulk
nickel, D, andH, were measured by Louthan et[a#4]as 7.0x10 m?sand 39.6 &/mol,

respectively with similar values being found by other researcl24%]. The estimation

of the parameters governihgdrogendiffusion in a dislocation core is more difficatue

to the lack of data in the literature. However, based on preliminary EAM calculgsis

the activation energy for screw dislocation core diffusion was found to decrease on the
order of 1.6 relative to the lattice; edge dislocations would likely result in even greater
decreases$or core diffusion.Pending more accurate calculatiors, and H, for pipe
diffusion are set to be 7.0xI¥0m?s and 24.7 KJ/mol, respectively The diffusivity is
relatively sensitive to the value ¢, due to the exponential dependence, andHhe

values described above are considered as characteristic values. Any deviations in these
values would be expected to scale the flux components driven by the chemical potential
gradient,and the expected change in response can be guided by the discussion related to

Figure24 andFigure26to follow.
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The number of hydrogen atoms resident per trap depends on the type of trap
considered. Following Liang et 4247], we consider an atmosphere of hydrogen atoms
trapped in the tensile region of the stress field associatbdawdislocation and assign the

value ofa; in Eq.(71) to be 10 for both mobiland wall dislocation traps. With regard to

vacancy traps, Zheng et f248] suggests a value of 6 hydrogen atoms per vacancies, with
other researchers suggesting similar va[68s 249] We consider these approximations

to be appropriate for a mesostomodel.

4.2.7 Hydrogen transport and trapping model overview

Overall, the hydrogen transport model partitions the hydrogen concentration into
weakly trapped, mobile Q,,,, C..) and strongly trapped, immobil&ydrogen
concentrations ,,,,) according to hydrogetrap binding energies. Subsequently, the
partitioned hydrogen concentrations are used to calculate the quantities required to solve
the hydrogen transport continuity equation. Th#uence of each mechanism on the
transport of hydrogen is outlinedTiable2. The values used in the application of the model

for nickel at 300 K are outlined ihable3.

Table 2. Transport mechanisns and proposed equations for thénydrogen transport

problem.
Transport Mechanism ProposedEquation
Chemical Potetial J.= Dy ®. Chwo)
Gradient
Hydrostatic Stress Gradie 3 = Des (CL+ Chwp) Vi o
s RT "
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Table 2 continued.

Mobile Screw Dislocation Jo =Cup V"

Sweeping/Convection

Edge Dislocation Pipe C

C
4_THWD
PD

Diffusion Der

= L DL !
CM - CHMD CM 'CHmD

Table 3. Hydrogen transport model parameters for nickel.

Property Symbol Ni
Dislocation Trap Number Nowor N oo \/§,T /a
Lattice site number N, 11V,

Lattice parameter a 0.352nmr
Binding energy tanobile Ervo 0.07eV
dislocations
Binding energy to wall Eoo 0.115eV
dislocations
Binding energy to vacancies Eva 0.44eV
Lattice diffusivity (300K) D, 9.27 10" nf /¢
Dislocation cordiffusivity Dep 3.5 10" ni &k
(300K)
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Table 3 continued.

Sites per dislocation trap Ao Ao 10
Sites per vacancy trap aya 6
Sites per host atom b 1
Partial molar volume of V, 2310° nt /mo
hydrogen
Molar volume of host lattice V,, 6.5% 10° m /mo

4.3 Application of the hydrogen transport and trapping model

4.3.1 Vacancy production in the crystal plasticity model

Implementation of the hydrogen transport modelunes relatively detailed
information at the length scale of selfganized dislocation substructure, which is
generallysomewhat below thspacing of integration points in the corresponding finite
element model. The crystal plasticity model described hapfer 2 developed by
Castelluccio and McDowe]B0] (MS-CP model) is usetb couple stress and deformation
with hydrogen transport in single crystalsThis model employs a multiplicative
decomposition of the deformation gradiamid aKocks-Argon-Ashby thermalactivation
type flow rule[140]. The model incorporates microscale and mesoscale mechanims and is
informed by bottomup simulations and lowdength scale simulations as well as
laboratory specimencale experiments. This model is ideal for use with the proposed

mesoscopic hydrogen transport framework because it explicitly models the evolution of
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defect densities and dislocation substructure while simultaneously limiting
phenomenological approximations, improving its capabilities to predict transient processes

near notches and crack tips.

The crystal plasticity model wasalibrated to experimental data fromneckd
single crystal loaded along the <167> direction to 7% s[&if], as shown irFigure19.
Full constitutive modeling and parameterization details for theQ®W3nodehppeain the
paper devoted to the development of the m{&l@), and a brief overview of constitutive

details is provided in Chapter 2

100
—— MS-CP model

—-- Experiment
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Figure 19. Stressstrain curve comparison between models and experimenf250] for
a nickel single crystal loadedn uniaxial tensionalong the <167> direction at a strain
rate of 9x10°stat 300 K.

While the MSCP model describes the evolution of both dislocation density and
substructure, the hydrogen transport model requiras&stin of the excess vacancy traps

produced during plastic deformation. To this end, the crystal plasticity framework is
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extended to include vacancy generation. The vacancy generation model presented here was
developed by Georgia Tech PhD graduate Lukadllosand a more thorough presentation

of the model can be found in RgR51]. Non-equilibrium vacancy concentrations
significantly higher than typical equilibrium lattice concentrations are often observed in
metals at high plastic strains. Productidriange numbers ofacanciess believed to be
associated with the activity of dislocatiofé52, 253] which are then stabilized by
hydrogen[242], acting to lower thevacancyformation energy. One particular model
ascribes the production of excesganciedo dislocation activity via persistent slip bands
(PSBs), based on a previously develogistbcationbowing and passing mod@bs4-256].

In a PSB, planar dislocation rietalls are separated by dislocation sparse chardetker

an applied stress, dislocation loops may bow out from the walls into the channels. The
loops can cross the channel completely, with the leaglilyg segment being absorbed into

the adjacent wallglaving behind two screw segments spanning the channel. Alternatively,

if two opposite sign loops come within some annihilation distance of each other, the
leadingedge segments will annihilate, forming a row of point defects. This process will
leave bemd two jogged screw segments spanning the channels. These segments can then
move away from each other, leaving behind a line of point defects created by the non

conservative dragging of the jogs.

Polak and Sauzd®53] proposed a model for the balanceva€ancyconcentration
in PSBs. In their modgthey take thezacancyproduction rate to be independent of the
currentvacancyconcentration and theacancyannihilation rate to be a linear function of

the currenwvacancyconcentration, i.eflC,./ N p AG, where pis the production rate



parameterA is the annihilation parametet,, isthe vacancy concentration, andis the

cycle number.Thevacancyconcentratioris then calculated a§,, = p/ AL -exp( AN)).

While this approach is appealingits simplicity, the production and annihilation
parameters are unclear. In the following, we propose a model in theo$pime work of
Polak and Sauza253], but directly account for the statistics of the dislocation bow out
processeslTo more clearly define theacancyproduction term, we consider the statistics
of dislocationbow out and annihilation processes. Follogvthe approach of Davoudi and
Vlassak[257], we consider a collection of sources with their activation strengths being
normally distributed. If the probability density for the source strengfh,obeys a normal

distribution thenthe cumulative distribution function on slip systeris given by

1¢ eré-"rd
Y7 =211 erfg—— | (76)
21 &+/2s H

Here, ' is the average activation stregs, the slip system resolved shear stress, &and
the standard deviation of the activation stress. The density of actisatirces can then be

estimated assuming single slip as
ra.= Py (77)

where r° is the total source density. The source activation tatecan then be written as

. a v
r+ = gtl_ (78)
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where |, is the distance a loop must travel from a source before that source can emit

another loop an@? is the average dislocation velocity, obtained on each slip system from
Or owanos e @’'u=asbvi . oAssuming the .squrces are spatially distributed

according to a uniform random distribution, the probability of two loops annihilating in the

channel can then be written as
P2, =G, y(r)’ (79)

whereC, is a normalization factor related to material density with units3afmd y**© is

the annihilation distance for an emittalislocation Finally, the rate of vacancy

concentration production is given by
Gl = Fan P (80)

with F_ , an estimate of annihilation efficiency. As is observed in experimenjis,

eventually saturates, requiring consideration of vacancy annihi[@68n259] Therefore,

we require a balance of vacancy production and annihilaten, i
CG.=CGu Gi- (81)

As a simple first order approximation, we adopt the approach of Polak and $2b&hy

where C2_=ACZ, with A being an adjustable model parameter. Overall, this model

provides an estimate &, for use in the MSCP model.

The vacancy production model uses input information about the local state from the

MS-CP model, e.g.t?, &, and r?. The source density is takenlie a value smaller
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than the initial dislocation density in the walls, and the critical bow out length is estimated
from experimental results and simulatid@60]. The value ofA was motivated based on

the experimentally observedtaration of the vacancy concentrat[@d3] and was chosen

based on parametric studies to generate reasonable vacancy concentrations. The source
parameters is more difficult to obtain, as measurements do not exist. Further, discrete
dislocation dynamics (DDD) calculations which could potentially assess the source
properties require prohibitively large dislocation densities. Due to these limitations, we
consder choices for the source parameters as approximations and choose values consistent
with Ref.[257]. The remaining model parameters are consistent to first order with values

in similar work[253, 257].The parameters in this section are relevant for 3@hdare

presented iMable4.

Table 4. Vacancyconcentration evolution parameters for nickel.

r S r° | C F A

S n ann

100MPa 20MPa 10° source/ra 5310° m a0 m® 1000 0.1

4.3.2 Finite element model

The hydrogen transport and trapping and extendedCMSmodels were
implemented in the finite element software Abaf{ft&l] through the user coding of the
subroutines UMATHT and UMAT, respectively. Gobbi et [dl54] provide a detailed
description of usinghe heat transfeuser subroutine UMATHT in the solution of mass
diffusion problems and the use of UMATHT in concert with UMAT is described in

Chapter 3
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The finite element model mesh was developed to represent a mesoscopic, blunt
crack tip under generakd plane strain conditions as described in Chapter 3. To maintain
computational efficiency for the resoufitgensive MSCP crack tip problem, the mesh
uses Abagus C3D8RT elements coupled with varying mesh density. These elements are 8
node thermally codpd bricks with reduced integration and hourglass control. The mesh
density at the crack tip is shownkigure20. It should be noted that the full domain shown
in Figure 20 is considered because under general load conditions and arbitrary

crystallographic orientation, the MSP modekxhibitsboth elastic and plastic anisotropy.

Figure 20. Mesh employed near the crack tip with the measurement location for
subsequent plots marked by the thick black line.

The initiatboundary value problem consists of the simultaneous solution of the
coupled mechanical and chemical in#edundary condibns. The mechanical boundary
condition uses a Mode I-Keld applied as a timédependent boundary condition at the
outer boundary ofFigure 20, as discussed in relatido the MBL model framework in

Chapter 3For all simulations except for the notch acuity study, a crack tip radRis aoh
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is assumed, and the crack lengtlassumed tgreatly exceed the crack tip radiusstly,

all simulations are performed at 300 K.

The crack is oriented with respect to the FCC lattice such that the crack plane is
(001) andthe crack front alignsvith the [L10] direction. This corresponds to the crack

plane being parallel to an FCC unit cell face and the crack tip lying along an FCC lunit cel

face diagonal, as shown kigure21.

crack tip along[1 10] direction

X “ 00 face

(111)slip plane (11 1).9/1}7 plane

Figure 21. Crack orientation with respect tothe FCC unit cell.

The chemical problem prescribes a constant hydrogen concent@tioh 1.24
mol/m?® at the crack surface, corresponding to the surface material being in equilibrium
with Hz gas at 1 atrf44, 262] The material is hydrogefnee initally, facilitating solution
of a transient transport problem. The boundary conditions are representative of pressurized
hydrogen containment vessels assuming rapid equilibration of the surface hydrogen with

gaseous hydrogen.
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The combination of a constamydrogen concentration at the crack surface,
relatively low diffusion coefficients in FCC crystals, andudficiently large domain size
preclude a focus on steady state solutibasthermorethe crystal orientation dependence
of the MSCP model increas the complexity of simulating and interpretimgdrogen
transport and trappingdccordingly, analyses wiltoncentrate on the heterogeneity of
fields andparametric comparisons pertaining to the transient solufiomassist in the
analysis, many figure@.g., Figures 6, 7, and 11) plot the variable of interest around the
crack tip along a senaircular curve to capture spatial heterogeneity. In these plots, the x
axis corresponds to the thick black lind=igure20where the axis is normalized so that 1,

0, and-1 correspond to the top, tip, and bottom of the initially seincular, blunted crack

tip. The xaxis normalization is used instead of angles to preventusmmf with
measurements regarding slip system activity with respect to the crack plane. The chosen
extraction location is taken as a characteristic example of behavior manifested in the crack
tip region of intense plasticity and note that the trends obdeat this location are
representative of behavior throughout the crack tip regiamr t her mor e, when
results are referenced, the average is talgmnrespect to values extracted along this curve.
Overall, we consider variation of coupled fisldround the periphery of the crack tip as
opposed to the radial distandecusing on the orientation dependence of fields arising

from elastic and plastic crystahisotropes.

4.4 Exercising the hydrogen transport and trapping framework

The coupling between hydrogen transport and trapping is key to the proposed model.

As shown by Sofronis and McMeekifth5], t he presence of traps

r
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derived mathematically from thgydrogertransport formulation, differs from the effective

diffusivity that incorporates pipe diffusion presentedeip (6). The derivatiorof D

obs?

previously reported in literatuf@55, 222] makes clear the role sfronghydrogentraps

in decreasing the rate bydrogendiffusion, i.e.,

D

obs —

L f 1 82
D C+CUg) T ®2

where D is thediffusivity of mobilehydrogen,g; is the fraction of occupied immobilizing

traps, andg, is the fraction of occupied lattice sites. For the current modei D, ,

C; =C.., and ¢ = g..- Equation(82) shows that thdydrogendiffusion rateis lowest

when all traps are empty and highest when all traps are filled. In other words, empty
hydrogentraps serve as sinkerf mobile hydrogenthat lower the observed diffusivity.
Therefore, the transient distribution lmfdrogendepends onhe production of vacancy

traps as well as the ability of mobile hydrogen to move to those traps.

The production of straigenerated vacamsdepends on the activity of dislocation
mediated slip. As such, thacancy traglistribution ahead of the crack tip is expected to
depend on therientation of the crack plane and crack front relative to the cri&teancy
generation was studied by loadiihg crack ta stress intensity factor 80 MPam*? over

200 s after whichC,, wasextractedaroundthe crack tip, as shown Figure22(a). In this

plot, C,, is separated into four curves based on the FCC slip plane activity that generated
the vacancie€111),(111),(111), or (111). From inspection oFigure 22(a), the slip

planes that dominate the vacancy productior(tka) and (1 11). The slip system activity

agrees with the results of Ri§E63], who showed the primary active slip systems in the
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prescribed crack orieation belong to th€111) and (111) slip planes, shown ifRigure

21. Furthermore, while the results kiigure22 pertain to a fixed radial distance from the
blunt crack tipsurface, thevacancy fieldcontours extend into the material at angles of

approximately 55 degrees from the crack plane, closely matching the thedsétigal

degree angle expected from the orientation of(4) and (111 slip planes.

The same dislocation sligctivity responsible fothe production ofvacanciess
alsoexpected to enhance hydrogen transpidre dislocation densitground the crack tip
is shown inFigure22(b). Similar to C,, in Figure22(a), the largest dislocation density is
achieved along thél11)and (111) slip planes However, unlikeC,,, the dislocation
density experiences a more uniform distribution around the crackit@more uniform
dislocation density about the crack tip is primarily due to intense regions of localized slip
promotingcrossslip to less adte slip system§63]. This phenomenon, while influencing
the dislocation density, does little to increa®gas the intense slip system shearing rates
remain localized on thél11)and (111) slip planes.A shift is expectedipon dislocatia

source saturation or sufficient forest dislocation entanglements.
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Figure 22. a) DimensionlessC,, and b) dislocation density on the four FCC slip f[ane

families at final mode | stress intensity factor o20 MPa-m*2. Abscissa in both plots
corresponds to thick black line demarcated irFigure 20.

Figure22 shows the distribution of vacancies and dislocations ahead of a crack tip,
hypothesized to imdience the distribution of hydrogen due to trapping and transport,
respectively. While the values shownRigure 22 are for a specific crack tip loathe
trends are ausistent throughout the simulatigks a final note, the vacancy concentrations
shown inFigure22 are of the same order of magnitude as those computed using large scale
molecular dynamics simulations in irf285] and are consistent with observations related

to HESIV generatiofi37, 38]

The same loading used generate the point and line defects showRigure 22
was used to investigate the competition betwiegirogentransport and trapping. The

normalized mobilenydrogenconcentration C,, / C,, around the crack tips plotted in

Figure23. For the simulations shown in thifop the vacancy production was suppressed

entirely (NoC,,), allowed to evolve according to theoppsed model (Parameteriz€g,

), and artificially elevated by a factor of 10 (High,). Furthermore, the locations of
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maximum and minimunt,, and maximum dislocation density from Figure 22 are

plotted on theC,, / C, curves to assist in the analysis.

In accordance witleq. (82), increasing levels ofacancy productiodimit the
amount of mobildaydrogeravailablefor transport The dotted curve, corresponding to the

elevatedvacancy productionase, has appreciably lowef, compared to the other cases.

Conversely suppressing the vacancy trap production entirely produces the dashed line

which exhibits tle largestC,, available for transport. This observation highlights the role

that vacancy traps play in decreasityg.

Superimposing the maximum and minimum values of the internal defect
populations shown ifigure22 on the mobile hydrogen curves kigure 23 highlights a
shift in dominantmechanism upon varying defect population intensities. We start by
examining the two vacancy production extremes: no vacancy production and artificially
enhanced vacancy production. The dashed curve, corresponding to no production of
vacancies, is dominatdy dislocatioamediated transport mechanisms as evidenced by the

maximum mobile hydrogen concentration coinciding witf¥* (diamond marker). The

combined effect of high shearing rates and large dislocation densities enhancesfittra
of hydrogen on active slip planes. In short, the increase in effective diffusivity due to pipe
diffusion and the additional flux due to sweeping of hydrogen by dislocations are most

evident in the absence of vacancy traps.

Examination of the otheextreme, that of high vacancy production, shows
altogether different results. The dotted curve, corresponding to high vacancy production,

is dominated by straigenerated trapping behavior as evidenced by the maxi@ym
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coinciding wth c" (circle marker). In other words, the absence of vacancy traps produces

HvVa

a relative increase irC,, . Furthermore, the dotted curve has a local minimum and

maximum corresponding toC% (triangle marker) and-™ (diamond marker),

Hva

respectively. Here, the slight increasedyp (diamond meker) is due to the additional

dislocatioamediated transport mechanisms mitigating the effect of the strong vacancy

traps in the same localized area (triangle marker).

Understanding the two extremesvaicancy productioguides the interpretation of
the idbt-dashed curven Figure23, corresponding to thgarameterizegtacancy production

model. Here, the distribution d@f,, is not dominated by eithéransport or trapping, but

rather a competitiobetween the two. The local maxima of the-dashed curve closely

aligns with the locations of ™ (diamond marker) an@™» (circle marker), previously

Hva

shown toenable hydrogen transport. On the other hand, the local minima of tHastetd
curve closely aligns witlC>x (triangle marker), previously shown to suppress hydrogen
transport. The overarching takeaway from the result showigure23is the competition
between transport and trapping in the transient distributiady,ohhead of the crack tip.

The increased mobility of hydrogen due to the dislocati@adliated pipe diffusion and
dislocation sweeping mechanismsffset by the production of stragenerated vacancies.
The solution provides valuable insight into the relationship between various model

components, pertinent in the analysis of later results.
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Figure 23. C,, / G, distributions for varying vacancy defectconcentrations.Abscissa
corresponds to thick black line demarcated irFigure 20.

The result ifFigure23shows a sapshot of the transient solutidout he trends are
consistent throughout the loading. Deviations from these trends are expected upon

adequate slip system hardening ag, saturation With regard to strain hardeninthe

most active slip systems undergo localized hardendue to forest dislocation
entanglements and dislocation source exhaustion, triggering secondary slip system
activation[264, 265] The defect concentrations will evolve to accommodate the newly
activated slip planes and ultimately influence the distron of hydrogen ahead of the

crack tip. In accordance with experimeng;, is expected to saturaf258, 259] Once

vacancy production has ceased, titaspordsuppressing vacancy sinks are expected to
saturate, restoring theibity of hydrogen to be transported further from the crack tip. With
enough time, the distribution is expected to approach that of the dashedHigare23,
correspnding to no vacancy traps, or equivalently, completely saturated hyedrogen

vacancy complexes. Depending on the mechanism of hydrogen embrittlement suspected to
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be active, however, the defect concentration of interest may shift@gpno C,, . In this
regard, while theC,, distributions may be identical upon sufficient time for diffusion, the
C,v. distributions created during the transient solution remains vastbreiiff between

the two scenarios.

As a final exploration of the hydrogen transport and trapping model, the time
dependent aspects were investigated. For this purpose, the craldadedto 20 MPa
m¥2? over 200 s, after which the load was held constan2f additional seconds. This
loadinghistoryresults in the cessation of meaningful dislocation and vacancy generation
once the load is held constant and remnant viscoplastic effects terminate. To facilitate study
of the dominant transport mechanisms, d@werage contribution of each flux component
magnitude about the crack tip is plotted as a function of simulation tifigune24(a). In
this case, the Aaverage contributiond refe
location demarcated by the thick black lineFRmgure 20. As a measur of the spatial
heterogeneity of the flux terms, the standard deviation of each flux component magnitude
about the crack tip is plotted as a function of simulation timégare 24(b). Similar to
the average contribution, the standard deviation refers to the standard deviation of the flux

components measured at the location demarcated by the thick blackHigean&20.

ConsideringFigure 24(a), the lattice and dislocation flux components dominate
during the loading portion of the simulation, i@200 s. This is consistent with the results
of Sun et al[266], who experimentally determined that the effect of hydrostatic stress

gradient driven flux,J, , is less important in the presence of straining. All three flux

s 1

componets are dependent on the applied load level and increase accordingly with
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dislocation generation and substructure development during loading. Once the load is held
constant, however, significant dislocation emission from the crack tip ceases and the flux

component due to dislocation sweepinldg,, drops to zero as expected. While dislocation

emission from the crack tip effectively stops, the dislocation substructure developed over

the loading regime remains. In other words, while becomes inconsequential, the

contribution of pipe diffusion through an enhanced diffusivity, , is stillactive. Note the

relatively constant magnitudes &f andJ, onceloading has ceased. The slight decrease
in J, when the load is held constant is due to decreasing driving force for lattice diffusion

as hydrogen continues to diffuse ahead of the crack tip. If the load was held tbeger,

hydrogen concentration gradient would continue to decreaseJamauld begin to

dominate, creating a relative increase in the concentration of mobile hydrogen at the

location of maximum hydrostatic stress as previously denaias{ 55, 222]

Figure24(b) shows the standard deviation of the flux component magnitudes about
the crack tip. The standard deviation is plotted as a measure of bpagrageneity, i.e., a

higher standard deviation corresponds to more localized flux activity. As can bel seen,
clearly exhibits the most intense local activity when compared with elther J, . While

all flux components depend on dislocation activily, also has a functional dependence

on the slip system shearing rates, which remain highly localized ofi &g and (111)
slip planes, increasing the heterogeneitydgfduring loading. Conversely], and J,

depend on the dislocation substructure density and associated pipe diffusion. As previously
mentioned, the crossip ahead of the crack results in more homogenous dislocation

density evolution and subsequent dislocation substructure gevet about the crack tip.
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The overall takeaway frofigure24(b) is the increasing spatial heterogeneity of hydrogen
flux in the loading regime and the subsequent retarmore homogenous hydrogen flux

upon cessation of loading.
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Figure 24. a) Average flux components and b) standard deviation of flux components
as a function of time. Loading occurs from €200 s up to the maximum mode btress
intensity factor of 20 MPam*”2, The load isheld constant from 200400 s.

The total hydrogen distribution is driven by heterogeneity in both transport and
trapping mechanisms. The resultdrigure 24, pertaining to hydrogen transport, provide
insight into the differences between the proposed hydrogen transport model and classical
formulations like those of Sofronis and McMeekifi$5]. The results of Sofronis and
McMeeking[155] suggest that lattice hydrogen preferentially segregates to the location of
maximum hydrostatic stress with hydrogen being substantially trapped at regions of high
plastic strain. Indeed, a similar result is achieved with the current rfagislocation
mediated transport is suppressed and crystal orientation accounted for. Introduction of both
dislocatioamediated transport and vacantediated trapping increase the spatial
heterogeneity of the resulting hydrogen distribution comparedthatihesults of Sofronis

and McMeeking[155] as shown by the large standard deviation of the dislocation flux
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component shown iRigure24(b) (transport) and the,, distribution (trapping) shown in

Figure22(a). As suggested by the experimental results of Sun 64], capturing the
enhanced spatial heterog#y of hydrogen distributions associated with crystallographic

orientation becomes essential at sufficiently small length scales.

4.4.1 Loadingrateeffects

The viscoplastic nature of the crystal plasticity model is able to capture strain rate
dependent matetibehavior, and hydrogen transport and trapfiaavior has also been
shownto be dependent on strain r§267]. To investigate the influence of load rate, the
crack tip was loaded ta stress intensity factor @ MPam'? over a range of times
corresponding to loawlg rates of 0.08, 0.13, and 0.4 MR&'%/s. Decreased loading rates
clearly result in longer loading times, and while longer loading times naturally result in

more time for diffusion to occur, important obseiwas can still be made.

Vacancies producegtiia the annihilation of dislocation loops bowing out from
dislocation dense wall253] depend on the slip system shearing rates, accumulation of
dislocation emission sites, and buildupvatancie®ver time. The functional dependence
of thevacancy productiomodel on both slip system shearing rates ancktotution of
loop emission sitesreates a competition between the load rate and the overall time elapsed,

as seen irfrigure25a). In this plot,C,, ahead of the crack tip isqgited as a function of

simulation time for the three loading rates. The curves end at different points because the
faster loading rates achieve the maximum load of 20-MPaquicker. As can be seen,

the maximumcC,, is obtained fom loading rate of 0.13 MPa'%s. While faster loading

rates correspond to increased slip system shearing rates and high rates of vacancy
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generation, there is not sufficient time to accumulate the loop emission sites or vacancies
required to match the,, produced at 0.13 MP@'?/s. Below the 0.13 MPm'? /s
loading rate, however, the slip system shearing rates are not adequate to produce

appreciable dislocation emission despite the longer overall time required to achieve the

maximum load.
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simulation time until the maximum applied stress intensity factor of20 MPa-m? is
reached.

As discussed in the previous section and demonstratétyure 23, vacancies
provide a saturable trap for mobile hydrogen, ultimately limiting hydrogen transport. Based
solely on Figure 25(a), the loadig rate of 0.13 MPan'? /s would be expected to
demonstrate the least intense mobile hydrogen concentration ahead of the crack tip due to
the elevated vacancy concentration generated. The time dependent nature of diffusion,
however, mitigates the effectibfe enhanced vacancy production as more hydrogen is able
to diffuse to and saturate vacancy traps. The average observed diffusivity, as defined in Eq.

(82), is shown inFigure25(b). Here, D, is plotted as a function of simulation time for

the different loading rates. The decreaseDjp.with increasing strain rate aligns with
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previous thinking regarding the strain rate dependence of hydrogen transport and trapping
[224]. From this plot, it can be seen that despite generating the highest vacancy
concentration, the loading eabf 0.13 MPan?/sdoes still offer a relatively favorable

environment for further hydrogen transport.

The dislocatiormediated transport mechanisms assisting hydrogen transport are
influenced by loading rate. The flux of mobile dislocations that s\ugdpogen is directly
linked to slip system shearing rates throucg
loading rate will enhance dislocation activity and subsequent development of dislocation
substructure that increase the effective diffusivitp wipe diffusion. The average
magnitudes of the dominant flux components,and J, , are plotted irFigure 26 as a
function of simulation time for the three loading rates. The magnitude and rate af poth

and J,_ increase witthigherloading rates, consistent with the higher levels of dislocation

flux and dislocation density.
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Figure 26. a) Average magnitude of dislocation fluxJ, and b) average lattice fluxJ,
magnitude ahead of the crack tip evolving as a function of simulation time to the

maximum load of 20 MPam?2,

The results showrnin Figure 25 and Figure 26 demonstrate the strain rate

dependence of the coupled model. The overall manifestation of these dependencies in the
transient solution of théydrogentransport model results ithe C,, / C, distributions

around the crack tip shown Kigure27(a). In this plot,C,, / G, is plotted for a range of

loading rates at the maximum load of 20 MR¥. Here, higher loading tes are

represented by darker curves.
As seen irFigure27(a), highettoading rates result in more heterogendowdrogen
distributions. At higher loading rates, theree shape approaches that of the mgbancy
productioncase shown ifigure23. As discussedhe distribution in this case is dominated
by the distribution of vacames. The increased heterogeneity is due to thefdwdo
influence of increased vacancy production at faster loading rates and the decreased time
available for mobile hydrogen to diffuse to and saturate the vacancy traps. Conversely, the

trends of the sloer loading rate curves approach that of the suppressed vacancy production
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case shown ifrigure 23. The distribution of hydrogen in this case is dominated by the

distribution of transport enhancing dislocation populations.

Overall, the strain rate sensitivity of the transport and trapping model manifests
itself through a transition in dominant mechsamj from transportiominated at low strain
rates to trappinglominated at high strain rates. While this transition seems to occur
monotonically with loading rate, the defect distributions ahead of the crack tip demonstrate
more complicated behavidrhe canpetition between higher loading rates (producing high
vacancy concentrationand the time required fdrydrogento diffuse to thoseracancy
traps produces rather neimtuitive evolution of fields.If one assumes &ydrogen
embrittlementmechanism similato the HESIV mechanisnthe hydrogenconcentration
of interest shifts fronC,, to C,,,,. For the range of loading rates considered, the maximum
averagecC,,,, is observed at the intermediddad rate of 0.13 MPan'?/s, as seen iRigure
27(b). The complex trapping behavior as a result of varying the straimigdteghts the
norrintuitive, complex naturef hydrogen transport and trapping in the presence of strain
generated trapsThis provides some insight into why thpatial distribution ohydrogen

concentration is difficult to estimate withaernployingcoupled approaches.
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Figure 27. a) C,, / G, as a function of distance around the crack tip and loading rate to
the maximum stress intensity factor of 20 MPam*?, and b) C,,,./ C, as a function of
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in Figure 20.

4.4.2 Notch severity

Crack blunting occurs in ductile materials in order to relieve the stress
concetration experienced at the crack[tj62]. Regardless of the active crack propagation
mechanism(s), e.g. void coalescence or cleavage through work hardened material, the crack
will experience variations in acuity as it propagates in the mat@éd]. Fo void
coalescencedhe eventual linking of voids generated via internal necking results in a crack
increment with more intense notch acu[B69]. For cleavage, dislocation emission
exhaustion results in crack advances upon sufficient crack tip bluréswdting in a sharp
crack [270, 271] Overall, the variation in crack tip acuity throughout a crack growth

process is expected to change and influence the transport and trapping of hydrogen.

The influence of notch acuity on the transport and trapping of hydrogen was studied

by loading the crack to 40lPa-m'? over200 s for a range of notch root radii: 8, 18, 28,
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and38m. The appl i csmpuladeladtigfieldfor plane straiomditons at

a sharp crack tip decreases with increasing crack radii, and, to ensure validity, the notch
root radii were chosen to fall below thiunted crack tip radius predicted by LEFM (40

em). Furthermore, the mesh density and overall domain size sgated with notch root

radii. While the same loading was applied to each crack radius, the volume available to
accommodate plastic deformation decreases, ultimately resulting in hydrogen transport and
trapping behavior variation. The variation in respodse to various crack radii can be
considered to be an analog to the variation in response due to crack tip blunting and the

associated change in mechanical response.

The influence of notch blunting was investigated by comparing behavior
localization. Chaacteristic model parameters capturing hydrogen transport and trapping

behavior as a function of distance away from the crack tip alon{liHg slip plane are
shown inFigure28. While the results shown igure28 pertain to the(111) slip plane

the same trends are demonstrated around the crack tip, albeit to a lesser extent due to the
relative inactivity of the slip planes at those locations. The trends exhibitéigune 28

reveal that for both the total hydrogen flux magnitude and normalized Ashar per ¢

cracks result in more intense localization. Considering this to capture transport and trapping
behavior, respectively, sharper cracks can be considered to localize hydrogen transport and
trapping behavior. The resultskilgure28 suggest that the ability of the crack tip to blunt
during deformation would mitigate the accumulation of defects ahead of the crack tip.
Depending on the hydrogen embrittlement mechanisms assumed to be active, this could

have real consequences for thegargation of the crack in the material.
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Figure 28. a) Total hydrogenflux magnitude and b) normalized C,,,, as a function of
distance away from the crack tip along the (111) slip plane.

4.5 Discussion on the hgirogen transport and trapping framework

Specific characteristics of the proposed hydrogen transport and trapping model have
been explored, i.e., the competition between hydrogen transport and trapping in highly
strained regions, the influence of load ratethe model, and the localization behavior
associated with blunted cracks of various radii. The results presented provide insights into
how this model can be used to support exploratiorhyafrogen embrittlementThe
coupling of the hydrogen transport amdpping and MSCP material models enables the
exploration of orientation dependent behavidthile the results presented here were
limited to a symmetric crystal orientation relative to the crack plane and crack front, the
alignment of transport and traipg behavior withactive slip planes demonstrates the
ability of the modelto capture heterogeneous behavior. When compared with classic
approaches, such as @lasticity approaches, the proposed model enhances predictive
capability by modeling the hetegeneity of both hydrogen transport and trapping. In the
current model, the transient distribution of lattice hydrogen and sstatéydistribution of

trapped hydrogen is dependent on slip system behavior and associated plastic strain
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heterogeneity. The gendence of most proposed hydrogen embrittlement mechanisms on
hydrogenrelated defect concentrations implies that capturing the influence of

crystallographic orientation is highly relevant to modeling hydrogen embrittlement.

This chapter haproposed a wre completehydrogentransport model that extends
previous formulation$155, 222]to include dislocatiormediated transport and various
modes of trapping diydrogen The model was exercised on a mesoscopic crack tip under
a variety of load scenarios, lakiting appreciableensitivity to variations in loading rate
and severity of the crack tip radildear the tip of a blunted crack, the propokgdrogen

transport model has been found to produce:

9 distributions of vacancy traps thdepend onslip system activity and loading
schedule,

9 distributions of both mobile and trapped hydrodbat depend orslip system
activity and loading schedule,

1 a competition between trappingndtransportdominated hydrogen distributions,
and

1 descriptions of point and line defect concentrationh@material that facilitate
exploration of a range of previously proposdgdrogen embrittlement

mechanisms

In particular, the resultgresented herpoint to the importance of accounting for the
enhanced trapping and transport of hydrogen via dislocatehated mechanisms. The
defect concentrations generated ahead of the crack tip are expected to localize deformation

behavior and cause a sslistaiing cycle of defect generation and strain localization.
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Overall, the distributions of hydrogen and associated defect concentrations near the crack
tip are difficult to probe experimentally, and the proposed hydrogen transport model
provides a computationapathway for exploring the wide variety of hydrogen

embrittlement mechanisms proposed in literature.

While the results presentegertain to monotonic loading, some preliminary
observationgan be madeegarding model response under cyclic loading of taeked
body. The enhanced trapping and transport formulations depend on sustained plastic flow
in order to generate dislocations and vacancies. At the tip of a crack, the cyclic plastic
strains can be quite significant, giving rise to an important roledcancy generation due
to dislocationdislocation interactions and dislocatienhancedhydrogen transport.

Futurechapterswill address thesaspects

Mechanical constitutive equations with a functional dependence on the concentration
of hydrogerrelated defects are expected to further influence the transport and transport
behavior of hydrogen in the material. Modification of the-&B model in the context of
hydrogen embrittlement has been briefly explored before by Castellucci¢8afaln that
work, the modification of the constitutive model resulted in an increased initial yield
strength followed by a region of decreased work hardening when compared with the
hydrogenfree model. It is difficult to knowa priori how this coupling will change traport
and trapping behavior because of toenplicated interplay between thransportmodel
and slip behavior. Regardless, the exploration of model forms presented here will guide
the interpretation of model results when the mechanical constitutive atgiatclude full
dependence ohydrogenrelatedpoint and line defect concentrations, a focus of future

chapters
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CHAPTER 5. INFLUENCE OF HYDROGEN -RELATED
DEFECTS ON INITIAL PLASTIC FLOW OF SINGLE

CRYSTALS

Understanding of and accounting for various mechanisms dffatt inelastic
deformation of crystalline metals in the presence of hydrogen remains an unsettled issue.
Macroscopic experimental observations contradict limited atomistic simulations,
complicating the situation. In this chapter, a recent physibael crystal viscoplasticity
framework is extended to include constitutive equations with a direct dependence on
relevant hydrogen and hydrogesiated defect concentrations. Focusing on initial yield
and post yield strain hardening, we consider hydrogenesdhag on mobile dislocations
as well as the role of dilute concentrations of hydreggrancy complexes as obstacles to
dislocation motion. Furthermore, the evolution of hydrogen and hydraifected defect
concentrations is explicitly considered viaoking hydrogen trap concentrations. The
resulting framework is used to investigate hydrogen effects on the quasistatic, monotonic,
straincontrolled uniaxial loading of single crystal stainless steel 316L (SS316L) smooth
specimens at room temperature mnadtempt to connect atomistic insight and the resulting
mesoscale model framework with experimental interpretations. Attributing the primary
role of hydrogen in this manner is shown to produce good agreement with experiments in
the initial yield and posyield regime. The dominance of various hydrogen effects

mechanisms is discussed.
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5.1 Introduction to the influence of hydrogenrelated defects on initial plastic flow

As previously mentioned, a wide range of hydrogen embrittlement theories have
been propose(B, 31-33, 3638, 214, 215, 272]While each proposed mechanism has a
reasonable experimental basis, conclusions are typically based on averaged, macroscale
behavior, precluding direct observation of the proposed mechanism(s) at appropriately
resolved lenth and time scales. Furthermore, atomistic simulations specifically designed
to explore the aforementioned hydrogen embrittlement mechanisms have led to
contradictory conclusions regarding the effects of hydrd@&3]. Therefore, coupled
chemoemechanicalmesoscale computational modeling is key to connecting atomistic

simulations with observed macroscopic behavior.

In this chapter, we leverage the MC¥ model developed by Castelluccio and
McDowell [80] (described in Chapter 2) to explore the effect of hgdmand hydrogen
related defects on the crystal deformation of single crystal SS316L. We note that this model
has been used to explore the influence of lattice hydrogen on single crystal[8&gkel
where hydrogen effects were investigated via relativelgrge parametric variation of
certain model parameters. In the present chapter, we extend this work to explicitly consider
dislocation interactions with hydrogen and hydregelated defects, considering details of
concentration effects. Here, we do ndbstribe to any proposed hydrogen embrittlement
mechanisnper se but instead aim to develop an independent framework that can be used
to link with various postulates and theories. We assign the most relevant effects of
hydrogen on single crystals subjectedjuasistatic loading to the distinct interactions of

mobile dislocations with hydrogen atmospheres and hydrsdnilized vacancies.
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5.2 Hydrogen and hydrogendefect interactions

Hydrogen is known to interact with a variety of crystal defects such as gra
boundaries, precipitates, vacancies, and dislocd®®s 274] Our focus on single crystal
SS316L allows us to eliminate the obfuscating effects of grain boundaries and precipitates
and focus solely on the interactions of hydrogen with vacanciemcati®ns, and

dislocation substructures.

5.2.1 Hydrogen trapping

Crystal defects have long been known to provide trapping sites for hydrogen as
observed by thermal desorption analygis5-278]. Hydrogen trapping by crystal defects
produces a neaniform hydiogen distribution in the crystal with hydrogen preferentially
segregating to the defects (traps) containing energetically favorable bindif{§&;t289,

280]. As such, proper treatment of hydroepefect interactions requires partitioning of the
total hydrogen concentration to account for the presence of hydrogen traps with relative

strengths.

As discussed in Chapter 4, hydrogesp binding energies take on a range of values
in the literature. In pure nickel, the hydroggislocation binding energy hagen found to
be between 0.04 and 0.13 ¢¥32, 233] and the hydrogemacancy binding energy
proposed to be between 0.27 and 0.44[e®, 234] Data for hydrogeitrap binding
energies in SS316L are more scarce, but the hydrdigéotation binding energyas been
found to be between 0.094 eV and 0.16 eV experimerjgdly]. Based on the dependence
of trap strength on dislocation character in ni¢R8R], we expect edge dislocations to be

on the upper end of this range and screw dislocations to be lomvtreend. The hydrogen
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vacancy binding energy in SS316L has been calculated as 0.32828Y As such,

vacancies are considered to be stronger hydrogen traps when compared with dislocations.

In accordance with the work of MughrdbB8], we assume thatiw and extended
dislocations are the primary purveyors of plastic deformation with edge dislocations
forming increasingly refined dislocation substructures upon straining. Based on a recent
study in coldworked Armco ironf283], well-formed dislocation dks trap hydrogen with
a larger binding energy than either dislocations or vacancies, suggesting the nature of
dislocation traps changes with sufficient substructure refinement. Upon intense plastic
straining, initially loose tangles of wall dislocatiomadually take on the character of low
angle tilt boundarief284], and the hydrogetrap characteristics are expected to evolve
accordingly{285]. In the current chapter, where focus is placed on the relatively low plastic
strain regime, dislocation substtures remain relatively loose and unrefined. As such, the
binding energy of hydrogen to dislocation wall structures is taken to correspond to the

binding energy of hydrogen to individual edge dislocations.

In addition to the magnitude of the hydrogesp binding energy, we also consider
the spatial characteristics of the energy landscape for hydrogen binding that affects the
capture distance, related to the probability of trapping as a function of proximity.
Fundamentally, the two traps considered hdiglpcations and vacancies, trap hydrogen
via different mechanisms. Edge and extended dislocations generate tensile stress fields
where hydrogen preferentially segregates, producing thekweln Cottrell atmosphere
[286]. On the other hand, the segraegatof hydrogen to vacancies has been attributed to
variations in background electron density using effective medium th208y 234] The

capture distances for these traps vary accordingly.
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The difference in trapping mechanism translates to substamlifidlyent interaction
distances for dislocation and vacancy traps. The interaction distance of a dislocation with
its impurity field can be estimated &b, whereb is the Burgers vectol09]. This
distance is significantly larger than the spatial variation in background electron density
associated with vacancy octahedral sites, on the orderA$ such, we treat vacancies as
relatively lacalized traps as compared to the more diffuse nature of dislocation trapping

sites.

The lower binding energy magnitudes and extended spatial gradients associated with
dislocation traps support their treatment as being relatively weak when compared with
vacancy traps. Both thermodynamic and kinetic arguments are qualitatively depicted in
Figure29, whereE,, is the hydrogertislocation binding engy andE,, is the hydrogen
vacancy binding energy. In summary, hydrogen in the Cottrell atmosphere surrounding
mobile dislocations has a high probability to be trapped by other, stronger traps that are

encountered as the dislocatimoves in the crystal.
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Figure 29. Schematic showing hydrogen potential energy profiles in the vicinity of a
dislocation trap (top) and vacancy trap (bottom). Note that this schematic is not to
scale.

5.2.2 Hydrogenvacancy complexes

Trapped hydrogen stabilizes vacancies, thereby decreasing mobility. As shown by
Wang et al.[231] using firstprinciple calculations for nickel, hydrogeontaining
vacancies are substantially immobilized. Notably, the ratio afamcy diffusion
coefficients for hydrogenacancy complexes and empty vacancies was found to be as low
as D,,/D,,=10" at a hydrogen atomic ratio of 0.1. These {pshciple results are
consistent with experimental observations in irraiatiobium{287] and aluminunj288].

The decrease in vacancy mobility upon hydrogen trapping combined with the low vacancy
diffusivity in FCC systems motivates the approximation of hydregerancy complexes

as immobile for timescales relevant tprasistatic loading at room temperature.
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In accordance with the defactant concept proposed by Kirchfi2d9], the
formation energy of vacancies is reduced in the presence of hydrogen. Multiple studies in
a range of material systems have reported a decreasacancy formation energy in the
presence of hydrogdi0, 74] The decrease in formation energy is commonly cited as the
impetus for producing elevated concentrations of hydrageancy complexes and
fracture surfaces characteristic of a vacancyeszance and growth failure mechanism
[37, 38, 59, 62, 64, 196][These studies largely focused on polycrystalline specimens
undergoing uniaxial, monotonic loading to high plastic strains. Fracture due to vacancy
coalescence and growth is primarily expedeaccur at high plastic strains and is not
considered here, but the stabilized, nonequilibrium vacancy concentrations produced via
dislocationdislocation interactions preceding coalescence and growth should be accounted
for [253, 290] Overall, the decase in vacancy formation energy and corresponding
increase in the concentration of hydrog@tancy complexes due to hydrogen stabilization
motivates the current treatment of stabilized hydreggrancy complexes as a substantial

mediator of hydrogen efféxin the dislocation dynamics of hydrogenated metal crystals.

5.2.3 Hydrogenvacancy complexes as barriers to dislocation motion

Both atomistic simulations and experimental studies suggest that hyeracgmcy
complexes act as barriers to dislocation motiwoth produce an increase to the flow stress.
Xie et al.[291] studied hydrogenated aluminum single crystals and ascribed the observed
increase in flow stress to the pinning effect of hydregacancy complexes on
dislocations, a notion supported by accompagnatomistic simulations. In a similar vein,

Zhu et al.[292] used atomistic modeling to simulate the interaction between a moving

dislocation and various hydrog@acancy complex configurations i-iron; this work
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found that hydogenvacancy complexes act as obstacles for mobile dislocations with the
critical shear stress for depinning increasing with decrease of the distance between
hydrogenvacancy obstacles. Additional atomistic studies, investigating the interaction
between mbile dislocations and defect structures considered to be analogs to hydrogen
vacancy complexes, have similarly found that hydreggrancy complexes act as barriers

to dislocation motion and subsequently produce an increase in the flon{28&s294]

In light of these studies, hydrogeacancy complexes are treated as barriers to dislocation

motion that increase the stress required to drive dislocation motion.

Solute strengthening is a wddhown phenomenof295]. Generally attributed to
solutedislocaion elastic interactions stemming from size and modulus misfits, a host of
analytical and numerical models have been prop¢sed, 296, 297] With vacancies
producing a size misfit in FCC lattices, it is considered relevant in the present case to
descrile the role of hydrogemacancy complexes as barriers to dislocation motion. In
addition, solute strengthening theory has been previously used to study hydaogeny
complexes. Tehranchi et gR98] used atomistics to simulate a straight dislocation
sanpling a random field of vacancy and hydrogetancy complexes and found an
increase in the athermal flow stress that scales with the concentration of hydacgany

complexes,C to the power of 1/2. Subsequent atomistic sinutat[78] found

HVa- comp?
similar results, with the exception that the scaling of athermal flow stress was proportional

to C¥2 stems from different simulation

HVa- comp*

This difference in the scaling wit@

HVa- comp

configurations but@n be understood in the framework of solute strengthening statistics.
As described by classic Friedeéleischer (FF) statistics, hardening of a material due to

dilute, strong obstacles is expected to scale with the solute concentration raised @ the
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power [299, 300] Alternatively, when the hardening is due to concentrated, weak
obstacles, the strength is expected to scale with the solute concentration raisetd ® the

power according to MotiabarreLabust (MNL) statistic§301].

5.2.4 Hydrogen drag on mobile dislocations

Sufficiently mobile solute atoms are known to produce a drag force on mobile
dislocationg296, 302, 303]Early works by Cottrel[286] and Cottrell and Bilby280]
first studied stationary dislocations in dilute solute concentrations and established that
solutes preferentially segregate to regions of tensile stress around edge dislocations, as
schematically depicted iRigure30(a). Subsequent studif#02, 303]established that the
presence of an impurity field around a sufficiently slow dislocation generates a drag force,
opposing dislocation motion. These later studies foundthigasolute mobility must be
high enough to enable the impurity field to remain trapped by the moving dislocation,

prompting Cottrel[303] to define a critical dislocation velocity, , above which the drag

force decreases with areasing dislocation velocity. The original work by Cottrell and
coworkers has been extended to consider solute concentrations beyond the dilute limit
[304] and dislocation velocities substantially higher tharf109]. The historial studies

briefly discussed vary in the magnitude of drag force calculated but agree on the qualitative

aspects of the foreeelocity curve, as shown fRigure30(b).
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Figure 30. (a) Schematic showing the Cottrell atmospheres associated with edge (top)
and extended (bottom) dislocations. (b) Plot showing qualitative aspects of solute drag
vs. velocity curve. Adapted from Sills and Caj305].

The ability of hydrogen atmospheres to produce a drag force on mobile dislocations
has been proposed to be operative in BCC systems such as tJigg6teniobium[307],
and a -iron [58] as well as FCC systems such as nig&@8] and austenitic stainless steels
[305]. The wide range of crystal structures and hydrogen diffusivities for which hydrogen
solute drag is proposed to be active suggests this phenomenon is relevant for single crystal,

monotonic loading subjected to gistatic loading conditions at room temperature.
5.3 Extension to crystal plasticity model

In this section, the crystal plasticity model developed by Castelluccio and McDowell
[80] (described in Chapter 2) is extended to include a direct dependence on hyrdgen

hydrogenrelated defects. Hydrogen effects are considered through modificatigh.of

Here, tZ, is the effective stress that drives barrier bypass at the slip system level and is

given by ¢Z, :<‘ £ -BT S >€ Moreover, S is the nordirectional athermal threshold
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stress and ) corresponds to the Macaulay bracket notation, {g.~=0 if g¢0 and
(g) = g otherwise. As will be discussed in subsequent sections, hydrogen effects relevant

in the current context are treated as-doectional and are therefore implemented by
adding additional components & . Specifically,we consider additional components
resulting from i) hydrogen solute drag,,,, and ii) hydrogefvacancy complex barriers,
t.v.- Consideration of these components yields the following expression for the non

directional athermal threshold stress as

SjE = Sa -Fdr';g "'ﬁ\fa (83)

where S is the nordirectional athermal threshold stress accounting for strengthening

mechanisms active in the absence of hydrogen, described in Chapter 2.
5.3.1 Hydrogen concentration partitioning

This study focuses on aesitic SS316L that has been yiearged with hydrogen
prior to mechanical testing. As such, we must partition hydrogen in accordance with the
number density and strengths of hydrogen traps, including new vacancies and dislocations
as they are generated rohg plastic deformation. Since we are interested in room
temperature deformation at quasistatic strain rates we treat desorption of hydrogen to be
minimal, i.e., the total hydrogen concentration in the sample remains constant. The total

hydrogen concentt@n is then written as

Ci=C Cwo & (84)
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where C, is the total hydrogen concentration introduced myprecharging,C, is the
concentration of hydrogen residing in normal interstitial lattice sis,, is the
concentration of hydrogen in edge dislocation wall traps,@pglis the cacentration of

hydrogen in vacancy traps. Consistent with the work of Of@®®] and Sofronis and
McMeeking [155], we assume that the lattice hydrogen is in local equilibrium with the

hydrogen bound in each type of trap, i.e.,

L:ET_Q (85)

whereE, is the hydrogettrap binding energy, which is assigned according to typepf t
(e.g., dislocation substructure or vacancy), andand g, describe the occupancy of
hydrogen in either normal interstitial lattice sites or defetdated traps, respectively.
Hydrogen occupancy can belated to the concentration of hydrogen in the lattice or in
traps via the expressiod, =a,N, g. Here,a, describes the number of hydrogen atoms
resident per interstitial siteJ(=L) or trap @ =T, T = HWD, HVa) and N, describes the
corresponding number of interstitial sites or traps per lattice volume. The number of lattice
interstitial sites is calculated a$ =1/V,, whereV_ is the molar volume of the material.

The number ofvacancy traps per lattice volume is directly informed by the vacancy
generation model, and the number of traps associated with dislocations is estimated by

assuming that a trapping site is generated for each-plodesd atomic plane threaded by
a wall didocation[222, 241]i.e., N,,,, =~/3r, / a for FCC structures. Here, the dislocation

density is informed by the MEP model, andh is the lattice parameter of the material.

Using the relations described above and E&y.and(85), the distribution of hydrogen in
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interstitial la t i ce sites and traps is found as the
root-finding method. The parameters used to describe the partitioning of the hydrogen

concentration are shown Trableb.

Table 5. Hydrogen partitioning parameters for SS316L.

aL asub aHVa Esub EHVa

1[305] | 10[247] | 6[248] | 0.1eV[281] | 0.4eV[282]

5.3.2 Solute drag due to hydrogen impurity field

The nonlinear nature of the partial differential equations governing solute drag
precludes robust closddrm solutions beyond slowoving dislocations and dilute solute
concentrations. As such, we base our model on an existing analytical model fietoocalim
solutions that has been previously exercised on a stainlesstieegen systen305].

The model reproduces the qualitative trends demonstrated by classic solute drag models
shown inFigure30(b) and defines an additive component to the athermal threshold stress

presented in Eq83) as

t5.4b= e 86
e (q5)2+(c‘/lfma‘ 2q)q" & (%9

wheret g,

is the increase in the athermal flow streBs, is an estimate of the peak force

exerted by the solute drag mechanism, afds a function of the average dislocation
velocity, v¥, on slip systema . Parameters' and g.are functions of the dimensionless
solute concentration available for dragand a measure capturing the misfit strain induced

by the solutey . More ecifically, ¢, is defined as the normalized background lattice
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concentration, i.e., hydrogen not trapped by vacancies or wall dislocations. Explicit

consideration of hydrogen traps yields the following expressior f@s

= (87)

whereC,,, is the maximum lattice hydrogen concentration, correspondigg td. The

max

functional forms forkF

max !

c',q.,andy are written as

. -2
Fm(c,, ”:30'0033 y+0,2)1\/_oc 411(/ 0.51$_ y 652 #0°? 6 (88)
59 0.279
q =1.08§/—7 arctan(0.0365 )g + 0.0%8/ ¢ (89
c'=0.75% (90)

° 2,
aml+v ¥ (

= —_— 91

Ve T &1

with full details provided in the paper by Sills and {345].

The MSCP model informs the solute drag model through the dimensionless
parameterg®, expressed as

._ Vinb 1+v

= TV (92)
120Dk, T 1- v

q
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wherev? is the average dislocatiovelocity, D is the bulk diffusivity of the solute in the
solvent lattice, an®V is the change of volume due to the presence of the solute. The other

variables in Eq(92) have been defined previously.

The model presented in Eq86) and (92) specifically corresponds to a moving
edge dislocationn a field of mobile solutes in the steady state. In accordance with the
assumption that screw and extended screw dislocations are tHinititg carriers of

plastic deformation in SS316L, we multiphj

., Dy a prefactor of 0.3 toaccount for the
decrease in tensile stress fields as suggested in priof3a%k The dynamic behavior of
solute drag was explored by Epperly and $8B0] using a similar numerical framework

as the one used to generate the model presented ii88gand (92). In this work, the
minimum shear strain rate and minimum shear stress required to produce significant

dynamic effects was determined by assuming various dislocation vetioogyprofiles for

a stainless sted¢lydrogen system; they were found to be arognd0? st and ¢t =100
MPa for r_=10° m? at room temperature. The strain rates explored in this work, around

93 10° s?, are significantly lower than the minimum rate; as suehtreat the model forms
presented in Eqg86) and (92) asadequate for describing the quasistatic strain rates of

interest. The values used to describe hydrogen drag are shdahl@b.

Table 6. Hydrogen drag parameters for SS316L.

DV D at 300 K

2.24 3[311] 2.43 10* m?%s[228]




5.3.3 Solutestrengthening due to hydrogeacancy complexes

As previously briefly mentioned before, solute strengthening can be described using
either FF or MNL statistics. The predicted increase in athermal threshold stress using the

FF model can be written §99, 300]

o f 362 e2G 12

(FF = gmax 82 @: /6 93
Hva SZG H 8b2 Hva ) ( )

where f__ is the maximum interaction force between the obstacle and dislocatiod and

is the line tension. We note that the concentration of hydregeancy complexes is

related to the concentration of hydrogen in vacancy ti@Rs, through a multiple ot/ 6

as we assumed 6 hydrogen atomsewwapped per vacand@48]. Alternatively, the
predicted increase in athermal resistance to flow using the MNL model can be written as

[301, 312]
MNL éfr:axw g 2/3
Liva =€ U (CHVa / 6) (99
e

wherew describes the interaction distance of the obstacle and dislocation. Proper choice
of strengthening model is determined usifig a dimensionless parameter tdascribes
key spatial and strength characteristics of the solute state. Pargmearbe shown to be

[301, 312]

fmaxb2

EICWER >
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The correct choice of strengthening model, described by either(@&)or (94),
depends on the magnitude of the dimensionless paramd891, 312] When 6 is much
larger than 1, the strengthening is considered tmédiated by a dilute concentration of
strong obstacles, described using ). On the other hand, whef is much smaller
than 1, he strengthening is considered to be facilitated by a concentrated solution of

relatively weak obstacles, described using (B4).

To estimateb , we takew to be betweerl.% and 3b [297, 313]. Assuming that

hydrogenrvacancy complexes primarily interact with mobile screw or extended

dislocations, we adophe line tension approximation by Patinet and Proville [314] as

G =0.61m’ /(1 ¥) 1 v}. The maximum interaction force is estimated by assuming

the primary strengthening contribution stems from the misfit interaction of the hydrogen
vacancy complex with the dislocation. Basednalytical treatments of solute interactions

with screw dislocations, the maximum interaction force can be writtep),as0.082 Bk,

whereB is a parameter that ranges from 0.3 to 1.0 as estimated by Stehle and Seeger [315]

for copper, a characteris#CC structureand, = D/r is the misfit modulus [297] where

r and Dr are the atomic radius and change in atomic radius respectively. With regards to
a reasonable estimation of the hydrogewancy complex concentration, we refence the
numerical study by Cuitino and Ortiz [@P Here, a FCC single crystal oriented for single

slip undergoing uniaxial, monotonic loading generated a maximum dimensionless vacancy
concentration ofC,, =1.5 310* at a strain of 0.375. While we expect higher hydregen
vacancy complex concentrations to be achievéerwhydrogen is present to stabilize

vacancies and multiple slip systems are activated, we treat this concentration as a reference
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value in order to estimaté . Using the equations described above and material constants
typical of SS316L at room temperaturb can be plotted as a function of,,,/6 (the

concentration of hydrogevacancy complexes) as shown in Figure 31. As can be seen in
this plot, & is much greater than 1 for the range of material behavior expected for uniaxial,
monotonic loading of a singleygtal. As such, the FF model described by Eq. (93) is

appropriate for the current study. The values used to implemet@E @re shown in Table

7.

Table 7. Parameters used in FF model for hydrogeivacancy complex barriers in

SS316L.
w G B Dr/r frax
1.7b 3.1310° N [314] | 0.3 0.20[298] 1.53 10N [297]

105 4

QA 0

0.0 0.2 0.4 0.6 0.8 1.0 1.2 1.4

Chval6 temt

Figure 31. Dimensionless parameterb plotted as a function of hydrogervacancy
complex concentration.

15C



5.4 Application of crystal plasticity model

5.4.1 Finite element model

The constitutive equations were implemented using an ABAQBE& Material
(UMAT) subroutine[153]. The simulation framework was developed after similar work
using the MSCP mode[80, 85] A simple mesh of 625 reduced integration brick elements
(C3D8R) wasused; the mesh and relevant dimensions are showigume 32. Multiple
elements were used as opposed to a single integration point to make the framework more
general ad applicable for future polycrystalline simulations. Displacement boundary
conditions were specified along thexis, along which periodic boundary conditions were
imposed. The positive and negative y and z faces were treated as free of net tranfjon (usi

multi-point constraints, mimicking a uniaxial loading condition.

Figure 32. Finite element mesh of a single crystal specimen comprised of 625 C3D8R
elements.
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5.4.2 Comparisorwith experimental data

Experimental data from Yagodziys/ et al.[250] and simulated data using the
proposed framework are shownRigure33(a) andrigure33(b) respectively. To facilitate
comparison, both experimental and simulated data correspond to the engineering stress
strain response of room temperature, monotonic, uniaxial loading of & singital

SS316L along th110] direction at a strain rate @ 10° s. Two curves are shown; the

solid lines correspond to material behavior in the absence of hydrogen, and the dashed lines
correspond to a specen precharged with hydrogen to an average hydrogen concentration

of 33 wt. ppm before mechanical testing. It should be noted that the charging conditions
used in[250] generally produce a heterogeneous hydrogen distribution in the material
[316]. In addtion, hydrogen is expected to spatially redistribute in a heterogeneous fashion
on the mesoscale due to convective dislocatiediated hydrogen transp§2f2] as well

as hydrogen transport along dislocation cores, i.e., pipe diff{@2&#}. In this work we

do not attempt to resolve the specific heterogenous distribution resulting from the
considerations above and assume the contideusi response is adequately described
considering the average hydrogen concentration (33 wt. ppm) list&250f A more
nuanced approach could be conceived in which these factors are accounted for and

reference$l55, 222, 227, 316)rovide a basis by which this could be accomplished.
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Figure 33. Engineering stressstrain response of SS316L singlcrystals monotonically
loaded along the[110] crystallographic direction corresponding to a) experiments

from Yagodzinskyy et al.[250] and b) simulations using the current crystal plasticity
framewor k. Th ec liidy g eespgmssto aghydegen concentration of
33 wt. ppm.

As can be seen iRigure 33, the simulated response exhibits the same qualitative
characteristics as those observed in experiments. Compared to the case with no hydrogen,
the hydrogenated material exhibits a higher agmtayield point followed by an extended
plateau in flow stress. Eventually, however, the hydrogenated material begins to harden at
similar rates as the case with no hydrogen. Both cases (no hydrogen and hydregen pre
charge) exhibit initial departure fronméarity at the same stress level, but the presence of
hydrogen and hydrogemlated defects result in a rapid increase in stressypadtand

manifestation of an increased apparent yield point.

In particular, there is good agreement between experimantasimulated data
early in the loading. The consistency is highlighted by the engineering-straiss
behavior posyield as plotted ifFigure34. The stresstrainresponse of SS316L with no

hydrogen exhibits a clear yield drop, as expected of a material with low initial dislocation
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density. Despite being subjected to the same initial conditions, the matercgpged

with hydrogen exhibits a rapid increase imess after the yield point. Upon further
straining, however, the hydrogenated material shows a clear plateau in yield stress,
exhibiting behavior akin to perfect plasticity. The results showfiguire 34 reveal the
complex behavior that results from explicit consideration of evolving hydrogen and

hydrogenrelated defect concentrations.

100

Stress (MPa)

60

—— Simulation: No hydregen

50 4 -— Hydrogen pre-charge
—— Experiment: No hydrogen

- Hydrogen pre-charge

w3 T 7 3 ; : p 7 ;
Post-Yield Strain (%)

Figure 34. Engineering stressstrain behavior specifically extracted for postyield
behavior. Dashed lines correspond to the hydrogenated material behavior while solid
lines correspond to standard material behavior. Blue lines correspond to simulation
while black lines correspond to experiment$250].

Hydrogeninduced softening has often been explained using HELP, which proposes
that hydrogen decreases the elastic interactions between dislocations, thereby enhancing
localized plasticity. This theory is primarily supported by experimental observations,
particularly TEM [55, 317] Despite widespread adoption of this theory, atomistic

simulations investigating unit process interactions between hydrogen and dislocations

154



guestion the underlying mechanism responsible for experimental obseryafidhsn the
current famework, hydrogen and hydrogeslated defects only cause hardening per Egs.
(86) and(93), consistent with atomistic insight, and pgstld hydrogerinduced softening

is still observed. Otherwisg&here are no direct effects of hydrogen in the crystal plasticity

model parameterss was explored for example bys@diuccio et al[85].

The increase in athermal threshold stress due to hydrogen drag and hydrogen

vacancy complex obstacles is plotted as a function of shear gtraufrigure35(a). In the

following plots, the data were extracted from one of the primary equivalently activated slip
systems in the crystallographic orientation of interest, and as such, the superscript
denoting the slip system index has been dropped for clarity. In this plot, the dotted line

corresponds to the additional stress required to overcome solute,dratne dotdashed

line corresponds to the atldnal stress required to bypass hydrogecancy obstacles

t/y., and the solid line corresponds to the total increase in athermal resistance to flow due

to the presence of hydrogen and hydregacancy complexeg To assist in the

total *

analysis ofFigure35(a), the evolution of relevant components of hydrogen concentration
is plotted inFigure 35(b). In this plot, each of the hydrogen concentrations is normalized
by the total hydrogen concentration in the sample and are plotted as a function of shear

strain.
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Figure 35. a) Increase in athermal resistance to flow and b) normalized hydrogen
concentration plotted as a function of shear strain on one of the primary slip systems
in the simulated crystallographic orientation.

First, we consider the evolution of the drag strggs. Upon strainingf ., rapidly

increases, achieving a maximum value of around 4.5 MPa at a vegy,lbefore steadily

decreasing ttoughout the remainder of the simulation. The rapid increase and subsequent

decrease irt  with straining can be understood using the qualitative observations from

drag
classic solute drag theory shownHigure30(b), the dislocation velocity curve plotted in
Figure36(a), and the mobile dislocation density evolugpwoited inFigure36(b). InFigure

36(a), the dotdash curve and ordinate on tledét correspond to the dislocation velocity
calcul ated using Orowanb6s equation, and

correspond ta All quantities inFigure 36 are extracted from the same primary slip

drag *
system as irFigure 35 and are plotted over the first portio straining to highlight
evolution early in the loading. Lastly, based on SS316L material parameters at room

temperature, the critical dislocation velocity for maximum drag forgezan be estimated
as v, =10° m/s. The significance of, can be seen ifrigure 30(b) and is plotted as a

horizontal, dotted line ikigure36(a).
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As can be seen by the eddash curve irFigure 36(a), the average dislocation
velocity rapidly increases to@und v =10° m/s upon onset of plastic deformation. As the
dislocation density begins to increase, as shovaigare36(b), v decreases in accordance
with Orowandés equation and rapidly approac
V=vy increases as

., shown by the horizontal dotted line). As approachesv,, .,

expected. After sufficient mobile dislocations are producedy tbherve crosses the line

with the intersection aligning closely with the maximum dragsst as highlighted by the

vertical dotted line. Past this point, decreases as the average dislocation velocity

trag

deviates further from the = v, condition.

In addition to the influence of dislocation velocityhet lattice hydrogen
concentration that mediates the solute drag mechanism declines as hydrogen is trapped by
strainrinduced vacancies and dislocation wall structures. In other words, as dislocations
move in the material, the solute cloud generating thg fdr@e becomes less concentrated
as new, stronger traps form and are encountered. Interestingly, when vacancy and
dislocation substructure traps are not considered in the hydrogen trapping model
framework, the extended flow stress plateau sedfigare 33(b) andFigure 34 is not
observed, suggesting that the evolution of dislocation behavior and hydrogen

concentrations must both be considered to obtain adequate softening.

In the above discussion, the origin tiie yield point elongation for the
hydrogenated material was considered. However, the uncharged material also exhibits
softening directly following yield as can be seen by the solid curvésgure 34. In

contrast to the hydrogenated material, the-pastl softening of the uncharged material



results from the welknown yield point behavior of crystals with a relatively low initial
dislocation density. As discussed bghnstor{318], the resistance to flow drops as the
mobile dislocation density rapidly increases pgstd, but eventually, the strain hardening
associated with the dislocation density evolution begins to dominate. Examination of the
dislocation density wlution and comparison of the pegeld flow stress evolution for

both cases reveal that the pgmld softening of each case is due to entirely different

mechanisms.

The evolution of ¢FF

Hva

is more straightorward and tracks dactly with the
concentration of hydrogevacancy complexesg,,,/6, in accordance with E(93).

Furthermore, the dimensionless concemdrabf hydrogervacancy complexes at the end

of the simulation isc,,/6=2.4 310°. While the simulations pursued here simulated a
multi-slip orientation, the hydrogeracancy complex concentration is of the same order
of magnitude as the vacancgncentrations computed by Cuitino and Ortiz for uniaxially

loaded single crystals oriented for single §490].
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Figure 36. a) Dislocation velocity (dotdash, left ordinate) and increase in athermal
resistance to flow due tdiydrogen drag (solid, right ordinate) plotted as a function of
shear strain and b) mobile dislocation density calculated using the crystal plasticity
model plotted as a function of shear strain. All values were extracted from one of the
primary slip systems in the simulated crystallographic orientation.

5.4.3 Strainrate

The drag stress produced by hydrogen atmospheres trapped by mobile dislocations
introduces a direct dependence of hydregediated strengthening on strain rate as

described using Eq86). The influence of strain rate an,was investigated by room
temperature, monotonic uniaxial loading of a SS316L single crystal alonflL10e

direction at strain rates oft.5® 10° s, 93 10° s, and93 10* sL.

Drag stress as a function of slip system shear strains are plotted for all strain rates in
Figure 37. Data were extracted from one of the primary slip systems in the simulated
crystallographic orientation as in previous plots. As can be seen in thimptegsing the
strain rate leads to i) peak drag stresses that occur at higher slip system shear strains and

il) a decrease in the magnitude of the peak drag stress.
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First, we discuss the shift in peak stress to higher shear strains with increasing strain
rate. This can be understood through examination of qualitative solute drag characteristics,
shown inFigure 30(b). Note that this plot is not to scale and is simplyantgéo aid in
understanding the qualitative aspects of the hydrogen drag variation with strain rate.

Recal ling Orowands relation andvthathe el at i

onset of plastic deformatidor all stran rates tested. As such, the drag force experienced
by mobile dislocations is initially to the right of the peak drag forcEigure 30(b). As
loading continues, thdislocation density rapidly increases and the average dislocation
velocity drops accordingly, causing the drag force for all strain rates to shift to the left
along the curve ikigure30(b). The shift in drag stress to the left along the curve produces

increasing drag force with straining until=v_, after which the drag force begins to
decrease with straining. The lowest strain rate (red) crodlssé&s= v, threshold first with

the highest strain rate (blue) crossing the threshold last. In other words, increasing the strain
rate shifts the detlash curve irFigure36(a) upwards, causing the crossover of ¥rend

v, curves to occur later in the straining.

The decrease in the magnitude of the peak drag stress is due tenstdeted
development of hydrogen traps. As showtrigure35(b), the concentration of hydrogen
trapped by vacancies and dislocation wall structures steadily increases upon onset of plastic
deformation. The magnitude of the drag stress is a function of the lattice concentration of
hydrogen that mediates the solute drag mechanism. As discussed afjloestnain rates
produce peak drag stresses that occur later in the loading, and the development of strain

induced traps before = v, decreases the hydrogen concentration available for solute drag.
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In short, the shift in peak drag esises with higher strain rates allows for more hydrogen

trap development, and the magnitude of the peak drag stress decreases accordingly.

[§] 8

7 (%)

Figure 37. Solute drag force plotted as a function of shear strain for three different
strain rates. Data were extracted from one of the primary slip systems in the
simulated crystallographic orientation.

The trends observed Figure 37 were explained usinthe concept o, and the
evolution ofv . The dependence of drag stress on strain rate through the average dislocation
velocity is clear when Or oward svhereaheat i on
superscripta is dropped for clarity. In addition to strain rateis also a strong function of
mobile dislocation density. As has been discussed, the low initial dislockensity in the
simulations pursued here produces a rapid increase in drag stress upon the onset of plastic
deformation. For a relatively constagntypical of straincontrolled loading, one can define
a critical mobile dislodgon density that produces the peak drag stress. For an imposed
strain rate 003 10° s, the critical mobile dislocation density required to achieve the peak
drag stress is aroung.2s 16" m2. For some material pressing pathways, the initial

mobile dislocation density may be well above the critical mobile dislocation density,
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precluding observation of th& =v, crossover and subsequent, evolution. The

applicability andeffectiveness of a hydrogen solute drag mechanism is dependent on both
loading condition and initial material state, producing another consideration in the

interpretation of experimental results.
5.4.4 Hydrogen concentration

The effectiveness of both solute gi@nd hydrogeivacancy obstacles to harden the

material depends directly on the total qgtearge hydrogen concentratia), . As C,

increases, the hydrogen available for solute drag or vacancy trapping gimitagases.

The influence of varyingC,, was investigated by monotonic, straiontrolled uniaxial
loading of a SS316L single crystal along tl40] direction at precharge hydrogen

concentrations of 26 wt. ppm, 33 wt. ppm, and 40 wt. ppm.

The influence of the total hydrogeoncentration in the sample due to-pharging,

and¢7F

drag HvVa

C,,ont,,andz;. can be seen iRigure38. In this figure, bothz are plotted

drag

as a function of slip system shear strain, and both are extracted from the same primary slip

system as in previous plotsigure38a shows that increasing, produces an increase in

t 42,0f @around 1 MPa at the beginning of the simulation that gradually dwindles to around
0.25 MPa at the end of straining. In contrast, increaSjngroduces a negligible increase

in ¢7, at the beginning of theémulation that gradually increases with straining. Based on
these plotsC,, variation appears to produce the largest change in material behavior at the

beginning of loading and upon sufficient vacancy production after ample sfyainin
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Figure 38. a) ¢,
Data were extracted from the same active slip system in each simulation.

and b) ¢/ _plotted as a function of shear strain with varyingC, .

HVa

5.5 Discussion on the influence of hydrogerelated defects on initial yield

5.5.1 Secondary mechanisms

The constitutive framework presented in this study explicitly models the evolution
and influence of various hydrogen and hydregelated defect concentrations this
work, hydrogen drag and hydrogeacancy complex obstacles were considered to produce
the strongest firsbrder effects on material behavior for the given case, i.e., monotonic,
straincontrolled uniaxial loading of SS316L single crystal at roomptnature. For
completeness, we discuss secondary mechanisms that may become important in certain

loading scenarios.

Both simulations and experiments have produced elastic constant degradation in
the presence of hydrogen and/or hydregacancy complexes.skRichos et al[319]
performed densitjunctional theory calculations and found a linear decrease in elastic

constants with increasing interstitial hydrogen concentrationa iron. Numerical
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investigations in nickel by Ledbettend Reed320] found a decrease in elastic constants

on the order of 0.1% per atomic % hydrogen. Significantly more intense elastic constant
degradation has been observed in experiments as exemplified by the nanoindentation
studies by Lawrence et al321]. The different results achieved by numerical and
experimental studies was explicitly addressed by Hachet 8241]. In this work, the
influence of interstitial hydrogen on the elastic constants was found to be insignificant
when compared with that obeancy clusters. Based on these studies, the concentrations
of hydrogen and hydrogeracancy complexes found in the current treatment were not
large enough to produce more than a ~1% decrease in elastic constants, supporting its

treatment as a secondaryeet.

As discussed previously with regards to vacancy formation energy, the defactant
concept proposed by Kirchheif@l] predicts a decrease in defect energy in the presence
of interstitial hydrogen. A decrease in dislocation line tension has been praposedit
from this interactiorf42, 323]and has been observed using TE44]. Following prior

work [85], a decreased line tension af. =85% g, was implemented in the current

framework and very little variation in material behavior whserved when compared with
the influence of solute drag and hydrogeatancy complex obstacles. As such, for the
material state and loading scenario considered here, we treat the decrease in line tension as

a secondary effect.

In addition to an increasd the athermal flow stress, we expect the presence of
hydrogervacancy complexes to promote planar bypass of obstacles. Chd@%3Jalsed
the freeend nudged elastic band (FENEB) method to demonstrate an increased propensity

for dislocations to bypassacking fault tetrahedra (SFTs), an analog for hydrageancy
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complexes, in a planar fashion as opposed to @lggsing. Furthermore, the increase in

the number of depth excursions prior to yielding in hydrecfegarged nickel subjected to
nanoindentaon has been attributed to restricted crelgs [325]. The influence of
hydrogenvacancy complexes on creskp was not considered in the current study due to
the specific loading orientation investigated. In situations where -shpsdecomes
importart, such as polycrystal samples or certain shagystal orientations, the crossp
restriction should be accounted for. Furthermore, a transition to increasingly planar slip in
the presence of hydrogemcancy complexes could restrict dislocation redoation at
substructure walls and enhance the development and severity of dislocatiop pile

structureg§326].

5.5.2 Cyclic loading and high strain levels at notches and crack tips

The interplay of the mechanisms considered in this chapter with -strass
behavior are expected to manifest somewhat differently under cyclic loading conditions,
particularly at sharp notches or crack tips that enhance the cyclic plastic strain amplitude.
In contrast to monotonic loading, dislocation substructure refinement raedse
hydrogervacancy complex concentrations are expected to shift the major influence of
hydrogen away from solute drag at initially low dislocation densities towards the impact
of stabilized hydrogenacancy complexes. Cyclic loading at crack tipsxpeeted to
produce different material behavior due to enhanced hydrogesmcy complex
generation and associated shifts in both elastic and plastic behavior; cyclic loading will be

considered in a subsequent chapter.
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5.5.3 Conclusions

This chapter explicitly considered the influence of hydrogen drag and hydrogen
vacancy obstacles on the monotonic deformation of single crystal SS316L at room
temperature. Additional constitutive equations describing hydrogen drag and solute
strengtheningvere implemented in the physicaliased crystal plasticity model presented
in Chapter 2[80], with hydrogeamediated strengthening mechanisms dependent on
various components of the total hydrogen concentration that evolved consistent with
Or i ani 60flocal equibbriuyn[309]. Finally, results achieved using the proposed

model were compared with experimental data from Yagodzinskyy [268l.

Good agreement was found between simulation and experimental data. In
particular, the model was able to aaet material behavior at initial yield and directly after
yield by appealing to phenomena known to be operative in the current context through prior
atomistic and experimental investigations. Our model did not subscribe to any commonly
accepted mechanisnorf hydrogen effects but rather focused on a boitipnapproach.
Despite this, the model is able to make connections to previous attributions of hydrogen
effects. For example, the model predicts generation of hydrstgéilized vacancies,
consistent with ESIV. Furthermore, the pogteld flow stress plateau observed in
simulations can manifest as localized plasticity, especially in polycrystalline material
where defect distributions are more heterogenous and different crystal orientations produce
wide rangs of dislocation velocity. In this case, given certain loading conditions and frame
of reference, localized regions of plastic deformation would form, consistent with

macroscopic observations that motivate HELP.
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Chapter ill addresscyclic loading and igh strain conditions that are most likely
to be encountered in a crack tip damage process zone where hydrogen embrittlement effects

are most pronounced.



Part 3

Development of an Extended Crystal Plasticity Model

In Part 2, initial studies of the hydyen embrittlement problem were conducted.
Chapter 3 presented a hydrogen transport and trapping model that depends directly on the
dislocation activity and density in the constituent channel and wall phases of the dislocation
substructure. Chapter 4 presssh an initial exploration of the interaction between
hydrogen, hydrogerelated defects, dislocations, and dislocation substructure walls for the
case of monotonic, uniaxial loading of single crystals and postulated that these interactions
likely dominatein the damage process zone of a cyclickdpded cracked body. These
studies, as well as the overall focus of the current thesis on cycloatlgd cracks,
motivated the development of an extended-GF5 model that more comprehensively

considers the evation of dislocation substructure during early stages of cyclic loading.

Chapter 6 discusses the development of an extended crystal plasticity model with a
micromechanical back stress evolution equation that can model the nonlinear back stress
developmentobserved in experimental studies. Chapter 7 further extends the crystal
plasticity model by considering temperatulependent phenomena that are experimentally
observed for austenitic stainless steels and related FCC alloys. Chapter 8 presents a case
study demonstrating the utility of using physicatiased models in the exploration of
mechanical cyclic crack tip behavior. The content presented in Chapters 6, 7, and 8 has

been published and appears in REF&7], [328], and[329], respectively
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CHAPTER 6. MICROMEC HANICAL CRYSTAL PLASTICITY

MODEL FOR EARLY CYCLIC LOADING

This chapter discusses the development of a micromechanical crystal plasticity
model for FCC metals and alloys that can be applied to early cyclic loading scenarios. The
framework is based on the M3P model developed by Castelluccio and McDoy&d|
(presented in Chapter 2) but with several key extensions. The framework discussed in this
chapter utilizes a novel micromechanical back stress evolution equatiocathaiore
accuratelynodel themechaical material behavior during early cyclic loading, a key focus
of the current thesis. Furthermore, the model considers the evolution of additional ISVs,
supplying valuable information that can be used in the consideration of hydrogen

embrittlement withirthe crack tip field under cyclic loading.

First, the motivation driving the development of the novel micromechanical back
stress evolution relation is discussed. Following, the comprehensive crystal plasticity
framework is presented. To conclude the cagphe model is exercised and shown to
achieve good agreement with a wide variety of experimental loading scenarios for smooth

polycrystalline SS316L specimens at room temperature.

6.1 Introduction to constitutive modeling of back stress

Continuum constitutie models are essential to support stress and failure analyses for
engineering applications. Improved computational capabilities have permitted
consideration of underlying intragranular structural heterogeneity, including dislocation

substructure. Within #hcontext of thermodynamically admissible evolution of I$3/4,

16¢



rather sophisticated phenomenological constitutive equations have been established to
model complex hysteresis behavior under cyclic loafB3@]. Successive generations of

such back stresssolution models have been developed that build on the prior generation(s)
by adding terms or modifications. Model parameters are typically tuned to available
experimental data, with limited predictive capabilities. This chapter focuses on building a
more predictive approach to back stress evolution in metal plasticity that addresses both
the first order Bauschinger effect and second order lack of closure of unkwatiiading
response that leads to ratchet strain accumulation under cyclic loading \aithsiness.

This necessitates modeling of transient evolution of dislocation substructure during
monotonic and cyclic deformatiofhe proposed framework strives to rely on parameters

that can be measured or computed, e.g., using atomistics or DDD.

The mechnical response of FCC metals and alloys such as SS316L to monotonic
and cyclic loading is characterized by several key phenomena. One of these is-the well
known Bauschinger effe¢831, 332]that reveals the presence of lerange directional
internal stess (back stress) that develops during loading; during unloading, the back stress
acts to reduce the yield stress in the reverse dire¢li88]. Symmetric, completely
reversed strahgontrolled loading of initially annealed FCC crystals typically results
cyclic strain hardening, characterized by a stress amplitude that increases with the number
of cycles[333]. The hysteresis loop shape is affected by the back stress evolution, which
reflects the role of dislocation substructure. In addition to development of the back stress,
cyclic strain hardening is associated with the accumulation of defects in the nthtdrial
contribute to nofdirectional hardening (e.g., threshold str¢88%]. Lastly, we highlight

the cyclic accumulation of plastic strain during asymmetric sttesrolled loading in the
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direction of the mean stress, also known as ratcheting or ayep[333]. Ratcheting
behavior has generally been interpreted as resulting from a lack of closure of hysteresis
loops under stress cycling with a mean stress and is commonly modeled using back stress
forms that evolve nonlinearly with plastic strfir81, 132] This is a kind of second order
response. While the underlying origin of the threshold stress is generally well understood
as related to accumulation of dislocations and dislocation debris, the lack of appeal to
specific physical mechanisms thaiver the nuanced nonlinearity of the back stress in

models has yet to be fully addressed.

TEM of certain FCC singleand polycrystals subjected to monotonic and cyclic
deformation has established that heterogeneous dislocation patterns form at sufficient
levels of straining335-338]. This secalled dislocation substructure is characterized by
relatively dislocatiorsparse regions (channels) surrounded by regions with significantly
higher dislocation density (wall4)L38]. Several workd138, 336] proposedthat the
development of longange directional internal stresses was due to the presence of the
dislocation substructure, suggesting the difference in the -sdruge nordirectional
strengths leads to different inelastic behavior in the two regions. Quersity, the back
stress develops in response to plastic incompatibility between the two phases. This theory
has been supported by carefully performed experiments. For example, Pham and coworkers
[339] captured TEM images of SS316L subjected to stramirolled, fully reversed
loading and found the back stress could be directly correlated to the degree of substructure
development as well as the spatial characteristics of the formed substructure. In a similar
fashion, Gaudin and Feaug@38] investigated lie ratcheting behavior of SS316L and

proposed that ratcheting rates were driven by the evolution of intragranular strain
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incompatibilities due to the presence of substructure as well as the dislocation

rearrangement and recovery in substructure walls.

Depi t e Mughr ab[138] and axpegimental rolbservatiofid38, 339]
many mesoscopic continuum models rely on back stress models with an unclear
micromechanical connection to substruct{840, 341] Two approaches that may be
considered are the miar@chanical back stress models developed by Sd&2jyand
Castelluccio and McDowe]B0]. These models have utility for fulleversed loading but
are limited in their application to cases of cyclic loading with mean stress. In the present
chapter, we dealop a physicalhbased crystal plasticity model that uses a
micromechanical back stress model similar to the form developed by Castelluccio and
McDowell [80] with the important distinction that nonlinearity in the back stress evolution
is generated by pdtic deformation occurring in the wall phase. The work is organized as
follows. First, commonly used back stress forms are briefly reviewed and the justification
for their forms discussed. The back stress model form pursued in the current work is then
derived. Next, the crystal plasticity model is discussed in detail. Finally, the model is
applied in a case study of the uniaxial, room temperature deformation of SS316L subjected

to a variety of load histories, including monotonic and cyclic loading.

6.1.1 Phenomealogical back stress forms

As discussed in Chapter 2, one of the most commonly used phenomenological class
of models is based on the AF foiB81]. The AF model describes nonlinear kinematic
hardening through competition of direct hardening with dynamic recovery terms. With the

bold notation corresponding to the full tensorial representation of a quantity, the rate of the
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back stress tens@ is written for initially isotropic plasticity theory for polycrystals in the

form
B=Cc¥ CBp €m GBY (96)

whereF is the plastic strain rate tensor (or more generally, the rate of deformation tensor)

and the Euclidian norm of the plastic strain rate tensor is defineplzqtif

Quantity n=C / p is the unit normal vector in therdction of the plastic strain rat€, is
the direct hardening coefficient, ag is an additional dynamic recovery coefficient. The

dynamic recovery term is collinear with and sales with the norm of the plastic strain

rate p. Prager 0s [t2B]asgisen byathe firet tedneohly (e.gG, =0) and
corresponds to a linear kinematic hardening form. The AF model is known tctvate

the severity of ratchet strain accumul ati or
strain accumulation at all for stressntrolled cycling with mean stre§432, 133]

Chaboche proposed an additive superpositioMokinematic hardening variables, i.e.,

B=4 i“:lBi [134], to better fit the elastiplastic transition after initial yield; however, this

modification alone does not substantially improve the description of ratcheting behavior.

Severalvariations of the AF model have been introduced expressly to better model
lack of closure of unloadingeloading hysteresis response and associated ratchetting rate
for cycling under mean stress. The OW modd&?] introduced a modification of the
dynamicrecovery term to introduce additional nonlinearity to limit the rate of ratcheting,

i.e.,
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where |B|=+B:B. Here,m (0¢m ¢ ) is a parameter that controls the degree of

nonlinearity ag|B| approaches the saturatiomit C,/C,. In the dynamic recovery term

of the OW model, the value of is used to reduce the rate of ratcheting to agree more
closely with experiments. Asm- 0, the nonlinear behavior tfie AF model is recovered.
Alternatively, large valuesahe x hi bit | i near behavior align
to a rapid nonlinear approach to saturation of the back stress. Additional studies have
proposed further modifations, leveraging the general form shown in (8d), and the

modelof Jiang and Sehitogll35] is mentioned in this regard. Note that E2j) can also

" B. . The AF and OW models are often

employ a multicomponent framework, i.e8 =3 B
implemented using multiple components of back s§&38, 137] further increasing the

number of phenomenological fitting constants required.
6.2 Model development
6.2.1 Micromechanical back stress derivation

As discussed by Castelluccio and McDowg80], shifting focus from
phenomenological forms to physicaliysed equations i) limits the number of parameters
that must be fit using experiments and ii) facilitates enhanced understanding of the role of
underlying physical processes. Such physiealbtivated constutive frameworks attempt
to directly leverage known physical constants as well as micromechanical parameters of

unit processes based on lower length scale simuldBar&4].
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The remainder of this chapter focuses on intragranular back stress evolution
associated with dislocation substructure in crystal plasticity. The isotropic strengthening
component, denoted bg, is commonly considered in crystal plasticity frameworks that

explicitly evolve dislocation density by using the saalled Taylor hardening relation

[342] i.e.,

S=mh[Ar (98)

where m is the shear modulugy is the magnitude of the Burgers vector, afAds a

coefficient that describes the interaction strength between dislocations. Continuum models
that consider dislocation density evibdun seek to incorporate key aspectssiocation
multiplication, annihilation, and crosdip into the constitutive framewoiB0, 146, 147,

256, 343]

Many continuum models that attempt to relate back stress evolution to physically
observed phenomenaiill rely on kinematic hardening functional forms with unclear
micromechanical origins. For example, certain dislocadiensity based crystal plasticity
models[340, 344]explicitly model the evolution of dislocation density to develop the
isotropic hadening variable, but still rely on the AF model form and parameterizable
constants to evolve the back stress. Similarly, the crystal plasticity model developed by
Ren et al[341] tracks the density of multiple dislocation populations, but still uses only
the varying dislocation populations to scale the -mrdtiplying terms in a

phenomenological nonlinear back stress form.
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In contrast, the back stress models developed by S#2gnd Castelluccio and
McDowell [80] are formulated based on micromechahaaproaches that consider the
influence of dislocation substructure. Both of these models consider the continuum to be
composed of an elastoplastic phase (channels) enclosed by an elastic phase (walls). This
interpretation of the dislocation substructigreresented ifigure39(a). In this schematic,

a topdown view of a slip plane is shown where a single elastoplastic channel phase
(denoted by label B) is surroundey an elastic wall phase (denoted by label A). Note that

the periodic nature of the substructure is omitted for clarity. Following prior thatk

|l everages Eshel bydés ¢4l 143 thelbaak atless evolatibnuns i o n
the elastoplastichannel phase on a specific slip systertakes the form

e = o
1-f

w

F1, fodeom) O (99

where f(h,f2, )i s a function derived using Eshel by

acco

the shape of the channel phageand the degree of plastic accommodatiohatrnterface

of the two phasest? . Eq.(99) also depends on the volume fraction of the elastic phase,

accom®

denoted byf,, i.e., the volume fraction of dislocati@iense walls. Finally, E¢99) shows

that in this model framework, the back stress on slip systeim driven by the plastic

shearing rate on slip systea), denotedy® . Factorf?_ is definedas the instantaneous

accom

1dg’

plastic deformation tangent at the slip system level, fa‘ﬁomzz el
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(a) (b)

Figure 39. (a) Schematic of an orthogonal projection of a single dislocation channel,
assumed periodic, considering alip system for which an elastoplastic channel phase
B is surrounded by an elastic wall phase A. This is the dislocation substructure
approximation assumed by prior approaches that derive micromechanical
descriptions of the channel phase back stre$80, 8. (b) The same projection of a
slip system for which an elastoplastic channel phase B is surrounded by an
elastoplastic wall phase composed of mobile wall dislocations (dashed, C) and a
substantially less mobile wall dislocation core region (hatched, A).

If one considers a sufficiently slow rate of substructure evolution suclf jreatd
h can be considered constant on a cymleycle basis, as done by Castelluccio and

McDowell [80], the back stress evolati form at the slip system level presented in Eq.

99 can be recognized as a | inear or direct
kinematic hardeningCastelluccio and McDowell80] applied EQ.(99) in a crystal

plasticity framework to model symmetric, straiantrolled cyclic loading with the goal of

modeling the stresstrain response and corresponding substructure at relatively high cycle



counts. By using the back stress form shown in (@§) and adopting approximate
expressions describing substructure development, Castelluccio and Mcl8%ellere

able to obtain good agreement with experimental segas responsedHowever linear
kinematic hardening forms are-élquipped to capture ratcheting responses under cycling

with mean stress.

In the following, we take a similar approach to Sau82} and Castelluccio and
McDowell [80] but relax the assumptiari purely elastic deformation occurring in the wall
phase. Relaxation of this assumption corresponds to the consideration of a more general
case in which plastic deformation can occur in either phase. Specifically, we adopt a
dislocation substructure infaetation similar to that of Hasegawa et [@45]. This
dislocation substructure treatment is showRkigure39(b). In this schematic, a tegoown
view of a slip planés shown where an elastoplastic channel phase (denoted by label B) is
surrounded by an elastoplastic wall phase comprised of lotm®hjed, mobile wall
dislocations (dashed, C) and a tighingled, substantially less mobile wall dislocation
core (hatb e d , A) . Using this qualitative inter,]

differential approack346] and following Berveiller and Zaol847], write

0. =&+ 'L 'S -)AED) (100

where @, and 0, are the stress and strain rates in the channel phase, considered to be an

analog for an Eshelby inclusion, aitdand € are the stress and strain rates for the effective
medium.L"' and S are the constraint and Eshelby tensors, respectively. By decomposing
the strain into elastic and plastic components and assuming linear elasticity with a stiffness

tensorC [348], Eg.(100) can be rewritten as
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ST B @ B s )(EAD (103

where the superscripp corresponds to plastic behavior aAdcorresponds to the rank

four identity tensor. At this point, the expression in @@J1) can be simplified for use in

a crystal plasticity context by making some assumptions regarding loading mode and
channel shape. Due to the complexity of the Eshellyisn, closedform solutions exist

for only a limited number of dislocation substructure geometries. Following Castelluccio
and McDowell[80], we assume a prolate spheroid channel phase undergoing pure shear.
While other shapes can be assumed, the cus@htis more focused on exploration of the
driving force for back stress development, and investigation of alternate channel phase
shapes is left to future work. In this case, the prolate spheroid shape and size are

respectively defined by two quantities,and d Here,h defines the ratio of major to

struct *

minor axis lengths whiled,,,., approximately defines the length of the minor axes. For

struct
large values oh , the prolate spheroid resembles a dislocation free channel associated with
vein or PSBtype substructures. Conversely, fofP 1 the prolate spheroid resembles a

sphere and can be considered to approximateeepicell substructures. By assuming that

the channel structures can be approximated as a prolate spheroid with some aspgect ratio

subjected to pure shefddl, 142] Eq.(101) can be applied to a specific slip systanas

1- 23f212
2m =
- G (102
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where thet? values denote resolved shear stresses andythealues denote plastic
shearing rates, both evaluated for slip systemi\gain, the subscript denotes a quantity
associated with the channel phase and the oved@tesponds to the effective medium.
In Eqg.(102), the quotient on the right takes into account the channel aspect ratid the
accommodation of the interface betweearahel and wall phases through a component of

the Eshelby tensols,,,, and modified shear modulusj ; S, is defined using a shape

factor, K and modified Poissp6 s v; a ds[il42],

shape?

P A+ hAT75 A7 2 AvEKg .

212 — : 10
80(1- v3)( /7 -1) (109
>h1) -cosh'
shape= Zp /Q ) ( ) (104)
(- 1)°
v+ 1 w)f2
Vap - %”( ) accom ) (10@
1+ 42 ML %) 2
The quantitys7 is defined347] as
= etz (109

accom

For sake of presentation efficiency, we replace the quotient on the right (hC2pwith

f(h f2,,) asdonein Eq99). Doing so yields the more manageable expression

accol

r2- B A L) E L) (107)
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Following Castelluccio and McDowdBO0], we consider the plastic shearing rate over the
effective medium to have contributions from the plastic shear strain rate of the wall and

channel phases, proportionaltheir respective volume fractions, i.e.,
FE=1, 8+ (108

where thew subscript corresponds tbe wall phase and the subscript corresponds to
the channel phase as before. By assuming that the channel and wall phases comprise the

entire effective volume, i.ef + f, 4, Eq.(108) can be simplified as

F=1, g4 £)." (109

By combining Eqs(107) and(109 and recognizing that the difference between the stress
rate on the effective medium and the stress rate in the channel phase corresponds to the
back stress, the final expression for the channel phase back stress evolution rate on slip

systema is derived as
B: = fwf(hl fat‘:acom)( gﬁ -.w?' (11®

Here, we note that assuming a different channel phage stxauld only modify the term

f(h, 12

accol

), and the general form shown in E§j10) is invariant to assumed channel phase

shape. Comparing Eg@9) and(110), we see that by allowing plastic deformation in the
wall phase, we modify the driving force for back stress evolution. I the back
stressin the channel phase driven by the plastic shearing ragg,, whereas in Eq110

, the back streds driven by the differere in the channel and wall plastic shearing rates,

o - £ Considering that the back stress is-ggjtilibrated138], the net back stress rate
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vanishes, i.e.(1- f,)B? +,B7 & The corresponding directional stress in the plahse

is

Bz = lwpa (119

where it is clear that the directional internal stress in the walls acts in the opposite direction

to that in the channels.

The back stress model described by Efj$0 and(111) depends on the slip system
shearing rates in both the channel and wall ph&séikis approach, nonlinear back stress
evolution arisegaturally as a consequence of H44.0) and(111), as wellas from distinct
strengths in the channel and wall phases. This is useful in avoiding an undue degree of

phenomenology.

6.2.2 Crystal plasticity model

The viability of the slip system level back stress form derived in(Etp)) was
studied through implementation in a crystal plasticity model for SS316L. The crystal
plasticity model uses many elements of the microstructure sensitive crystal plasticity model
developé by Castelluccio and McDowe[BO] for substructure development in fully
reversed loading, but is modified to consider plastic deformation in both channel and wall
phases. The goal of the current model is to describe stirass behavior exhibited from
several to tens of cycles for both fully reversed loading and stoggrolled cycling with
mean stress. First, the flow rule will be established. Next, the evolution of dislocation
densities will be defined. The formulations describing substructure tewolare then

presented, followed by parameter estimates for SS316L at room temperature.
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6.2.2.1 Flow rule

To implement the back stress evolution equation proposed i1 Hg, weextend
the previous crystal plasticity framework to consider bgthand g . To do so, some
assumptions must be made regarding the kinematic behavior of the composite structure of
walls and channels. First, the deformation gradient is assumed to be the same for channels
and walls, akin to the assumption of compatibility of deformi on i n Mughr abi 6
[138]. Furthermore, we consider the plastic shearing rate over the effective medium to have

contributions from the shearing rates in the walls and channels, consistent WitB&q.

The standard crystal plasticity model expresses the plastic velocity gradient in the

isoclinic intermediate configuration in terms of the slip system shearing rates, i.e.,
2 x
Lb=8a ' 6, An,) (112
a=1

wheres; andmg are the slip direction and slip plane normal unit vectors in theereer

configuration for slip systema . In the current frameworkq.(109) is used with Eq(112)

to definelL?, i.e.,
Li=8 8L -f)F %0 g M7 (113
a=1

The slip system shearing rates obey the model forms described by[A2&afdor both
channel and wall phases. We assume that the plastic deformationlimitatd by the
dislocation bypass of short range obstacs described by the Koeksgon-Ashby[113]

thermally activated flow rule, i.e.,
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where ¢, and ¢, are reference shearing rates,;, andz; . are the effective stresses

driving dislocation bypassy, is the activation energy for short range dislocation barrier
bypassk; is the Boltzmann constari, is the absolute temperatusg,is the thermal slip

resistance at 0 K, andy,, is the shear modulus at O K. Note that we use(Etfl) to

expressB: in terms ofB? in Eq.(119). Strictly speakingF, may differ between wall and

channel phases upon sufficient dislocation densification in the wall phase acknowledging
potentially different dislocation reactions. Howeveckiag details of such distinction, we

treat F, as the same for both phases and model the hardening in the wall phase through the

evolution of dislocation density using a Taytgpe relationf107].

The reference shearing rates follthe argument of Kocks et §.13]. The channel

phase reference shearing rate is written as

gf,o = ﬁcbVG (116)

where rZ is the mobile dislocation density in the channel ph#sés the mean glide
distance for dislocations in the channel phase,\and an estimate of the bypass attempt

frequency[349]. Similarly, the wall phase reference shearing rate is written as
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Goo= ol PVe (117

where r;, . is the mobile dislocation density component of the total wall dislocation density

r2 and |, is the mean glide distance for mobile dislocations in the wall pldse.

decomposition of the total wall dislocation density into mobile and immobile components

will be discussed in a subsequent section.

The effective stresses driving thermadlgtivated dislocation bypass of barriers
account for scalar threshold and direcal back stress¢$38, 330] The effective stresses

in the channel and wall phases are written as

t2q=( £ BS S7F (118
ta =<| ¢ %Bcf sw> (119

wheret? is the resolved shear stsesnd again we use HG11) to expressB’ in terms of
B?. The( ) denote Macaulay brackets, i.ég) =0 if g¢0 and(g)=g if g>0. Note the

distinction of the threshold stresses in the chanrggl¥ énd in the wlls (S]).

6.2.2.2 Threshold stress

In accordance with experiments, we assume that threshold stress hardens with the
accumulation of dislocations and can be described using a Ttggkrelation similar to

the one presented in E®8) [81]. Accordingly, S is defined as

S=mlA,r (120
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where A, , corresponds to the satiteraction coefficient as a subset of the fulk12

interaction matrixA, , [81, 350, 351] In the definition ofS?, only the seHinteraction of

dislocations is accounted for, essentially corresponding to two opposingippile
developing within the same substructure {80§, shown shematically inFigure40(b). In

this schematic, dislocation pilgps with the same sign meet in the center of the channel
structure at t he | eratiag seHmteractibesrconsistedt withythe i 4 0 ,
A, . component of the full interaction matrix. Neglect of interactions of dislocations on
different slip systems is consistent with experimental evidence that the channel phase has
a relaively low dislocation density and is largely absent of dislocation [§8%2-354].
Consideration of the full interaction matrix in the channel phase overestimates the degree

of hardening when compared with macroscopic stsgssn curves for nickdB0].

On the other hand, the dislocation density in the walls is higher than in the channels
[138, 354] and the interactions of dislocations on different slip systems cannot be ignored.
While we assume that edge dislocation components are deposited in the wall phase (as will
be discussed shortly), the dislocation tangles formed within the wall phaseréoously
deposited edge dislocation components tend to stack on top of each other in order to relax
the stresses associated with conelaep groupg345, 355] Nonplanar interactions need

to be considered and according$y, is defined as

si=rhla A. ¢ (121

where the full 1212 interaction matrixA, , is considered356-358]. The full 12x12

interaction matrix is defined by six independent coefficients due to the symmetry of the
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FCC system that correspond to interactions for-ls@tiening dislocations (i.eA, .),

coplanar dislocations, collinear dislocasorand dislocations that form various locks

[358].

Furthermore, the values of the six coefficients definlig can be determined

using DDD simulation§359-361]. While additional terms can be added to K20 and

(121 to account for other isotropic hardening mechanisms such as the presence of (almost
negligible) FCC lattice friction or dislocation beout stres§336, 362] we focus on the
broadlyused isotrpic hardening forms presentediins.(120) and(121) to highlight the

use of the proposed back stress evolution equation.



(a) (b)

Figure 40. Schematic of orthogonal projection of dislocation substructure showing
several dislocation bowout processes in a single channel/wall unit. (a) Configuratn

1 shows a dislocation bowout event from the wall phase. Configuration 2 is reached
when the dislocation strikes the adjacent wall, depositing an edge dislocation segment
in the wall and generating screw dislocation segments that span the channel. At
configuration 3, the resulting screw dislocation segments traverse the length of the
dislocation channel phase and produce shear strain. (b) Upon reaching configuration
4, opposing dislocation pileups are observed within the same structure. The meaning
of A, B, and C labels are provided in Figure 2.

6.2.2.3 Dislocation density evolution

The evolution of the channel and wall dislocation densities directly influences the
threshold stresses via E$20) and(121). The channel dislocation density is assumed to
be comprised of primarily mobile screw dislocations while the exblwall dislocation
density is considered to be dominated by dislocations with primarily edge or mixed
characte138]. Clearly, this assumption is a simplification of the complex and intricate
dislocation activity occurring on the suhicron scale. Howeve consideration of
characteristic material behavior occurring over several microns and multiple substructure

units permits the current averaged approach. We consider the dislocation densities on each
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slip system to evolve in accordance with several digion processes: multiplication,

annihilation, crosslip, and rearrangement during load reversals.

6.2.2.4 Dislocation multiplication

The channel (screw) and wall (edge) dislocation densities are produced via the same
mechanism: dislocation beaut from the wallsspanning the substructure chanjsd3-
365]. This process has been proposed by multiple W@%8, 365]and is schematically
described inFigure 40(a) for configurans labeled 1, 2, and 3. At configuration 1, a
dislocation bowsout from the wall phase. Upon meeting the adjacent wall, an edge
dislocation segment is deposited in the wall phase and screw dislocation segments are
produced that can then glide the lengthih@ channel phase as shown at configuration 3
[365]. Following the dislocation multiplication functional form of Mecking and Kocks

[366], we write the multiplication rate for channel and wall dislocation densities as

s a — k':,mult

rc,mult - blC g| (122)
= ] (123

where k., and k, ., are constants that control the production of dislocations, and as
before,l. refers to the mean glide distance of channel dislocations (to be defingdAater

can be seenin Eg4.22) and(123), dislocation multiplication phenomena are driven solely
by the shearing rate and mean glide distance associated with the channel phase, consistent

with the mechanistic process showrkigure40.
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6.2.2.5 Dislocation annihilation

The channel and wall dislocation densities are assumed to decrease when
dislocations of opposite sign spontaneously annihilate once within some critical distance
of each otherf366, 367] However, wheras both dislocation density multiplication
functions were driven by the shearing rate in the channel phase, the annihilation processes

in each phase are driven by different shearing rate components, i.e.,

a2y .
Feam= g 2l (124
s a — Zye E

rw,ann - b ,v‘:‘ E? (125)

where y, and y, are the annihilation distances for screw and edge dislocations,

respectively. The annihilation in the wall phase is driven by both channel and wall shearing
rates to account for annihilation occurridge to limited wall plasticity as well as any
recombination processes occurring as edge dislocations driven from the channel phase
interact with wall dislocations. The smaller annihilation distance of edge dislocations

produces a significantly larger waliislocation density, consistent with experimgB&#].

6.2.2.6 Dislocation crosslip

Dislocation crosslip is only relevant for the channel dislocation density owing to
our assumption that the channel dislocation and wall dislocation densities are primarily
comprised of screw and edge dislocations, respectively. The-glipsgsansfer rate of
channel screw dislocations considers the transfer of screw dislocations betweestigross

systemsa andz, i.e.,
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where the factor of ¥2 stems from our assumption that annihilation pre@esmnsidered
separately in Eq(124); Eq. (126) consides conservative dislocation creskp. In other
words, the factor of ¥ corresponds to dislocations being transferred betweeslipross
systems without a reduction in channel dislocation density. The -slipssate of

dislocations from slip systenx to slip systema is estimated using probabilistic

formulations[368-370] that have been extended to consider the stress shielding from

dislocation substructurg80], i.e.,

. o I e Vi
FEF Ey e [ éxpg —= - IB|)° 12
csl cs dcs o c pg kBT( III[ ‘ c) ( D

wherev, is a frequency termd. is a reference crosdip distancega, refers to the slip
systemz from which screw dislocations can cresd to, V2 is the associated crosip

activation volume, and,, is the critical crosslip stress. Notthat 72 __|# “is identical in

form to Eq.(127) but with the slip system indices swapped; this rate represents the cross

slip activity of dislocations from slip systemto slip systemz .

The statistical average of the cradip activation volume isstimated as

0
ve=rs (129
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where V? is the reference crosdip activation volume and has beenimsted as
200° <\2 48007 for SS316L[371-375] The critical crosslip stress is estimated using

the same process as Broj@76], i.e.,

m
I‘III =Fys ' (129)

6.2.2.7 Dislocation rearrangement due to load reversals

Load reversals are expected to alter both channel and wall dislocation densities as
obseved in experimentg345]. As briefly mentioned in presenting §420), the channel

hardeningSs? owes to selinteractions of pileups with the same sign. Upon qu&sastic

(i.e., initial phase) unloading with a shear stress reversal, some proportion of thege pile
dislocations collapse back towards the channel center and subsequently annihilate. This so
cal |l ed A un piidnpile-gpatructures llas Iseéncobsarted and considered in a
variety of prior workg377-380]. The reduction in channel dislocation density directly after

a load reversal has been modeled previoy381, 382] and here we follow the
micromechanically drign approach of Castelluccio and McDow@0]. This approach
utilizes the classic analytical description of dislocation-pps by Cottrel[331]in concert

with the substructure parameterization pursued in the current work, i.e., characterized by

h and dg,. Namely, the number of dislocations in a pile of lengthL within the

channel associated with the pip on slip systena can be estimated §331]

(130
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where¢tZ = £ -B,, i.e., the channel back stress is included as a long range stress field.
The dislocation pilaip length is assumed to span the substructure major laxigd(,,., )

and the individual dislocationrgth is assumed to span the substructure minor dxjs (

). As such, the dislocation density is described by the total dislocation lemdgh, X

within the overall channel structure volume, (.3 d. .. ¥d..o)- Combining the above

struct

relations estimates the associated-pjpedislocation density as

(131

Differentiating with respect to time and considering that this mechanism operates only
during quasklastic unloading yields the anelastic annihilation rate of channel dislocations

on slip systema immediately following a load reversal as

g 2t - B/ (132
Foa = —.
o ”bdstruct

Here, the function = during quasielastic unloading and =0 otherwise, i.e., A if

sgn¢? - B?) ,sgn(#* B ?and 0 otherwisgs0].

While the unpiling of dislocations in the channel phase interior occurs during initial
guastelastic unloading during a load reversal, the rearrangement of wall dislocations
occurs at a point further in the reverse loading process as plastic straindegmanulate
in the reverse direction. Careful TEM images performed on aluminum revealed a
substantial decrease in the wall dislocation density following a load reversal and straining

in the reverse directiof383] as shown irFigure4l. In this Figure, the TEM images b, c,
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and d correspond to points A, C, and D on the st@am curve. As seen in the TEM
images, the dislocation substructure formed during the ihit#zaling to point A rapidly
untangles/dissolves upon unloading before reforming as plastic straining occurs in the
reverse direction at point D. Note that some dislocation wall remnants remain in image b
and the characteristic dislocation substructure dsws is similar for dislocation
substructures formed in both forward and reverse directions, suggesting that memory of
the substructure dimension is retained during the pr¢845s 383] Similar observations
regarding the rearrangement/dissolution ofl stuctures have been made using TEM to
observe copper substructurg84, 385] Furthermore, Gaudin and FeaudB88] and
Gaudin et al[386] specifically studied the impact that dislocation substructure formation,
dissolution, and reformation has o ttyclic response of materials, primarily focusing on

the asymmetric load scenarios that produce ratcheting. In their work, they found that the
ratcheting rate was directly related to the dissolution of wall structures and that the back
stress evolution wa affected by substructure formation, dissolution, and reformation

process.
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Figure 41. TEM images taken from aluminum before and during a load reversal.
Images b, ¢, and d correspond to points A, C, and D on the stressain curve.
Diagram and TEM images reprinted with permission from Hasegawa et a[383].

This experimentally observed substructure untangling/dissolution upon load
reversal motivates the proposed model framework. As discussed, the threshold stress in the
walls dgpends on the wall dislocation density, and a decrease in the wall dislocation density
following a load reversal would subsequently increase the limited plasticity occurring in
the wall phase. Variations in the difference between channel and wall plastimgirates,

i.e., & - g, produce the back stress evolution per(Ef0) that we previously categorized

as necessary to adequatelyatdz ratcheting transients.
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To address partial substructure dissolution and reformation, the wall dislocation

density is assumed to be comprised of immobile/irreversig, { and mobile/reversible

(r; ) densities with the total wall dislocation density described as

r\;\a/ = c:im + v«,fm' (133)

The immobile/ireversible dislocation density corresponds to the hesarlgled wall
dislocations in region A dfigure39(b) andFigure40 as well as the remnant dislocation
wall structure still observable iRigure41(c). The mobile/reversible dislocation degsit
corresponds to the looselgngled wall dislocations in region Cleigure39(b) andFigure

40as well as the dislocations that disappear and subsequently reagfigared 1(c)-(d).

The multiplication of each density is described, consistent witl{12§), as

im .,vimlllt -(1 le) ’ vfmult :wz ’ W,Tri (134)

s a
rw,mult

wherer; . =R, @

w,im im

ut and f;,mz(l _Pim) '

w,mult *

Parameter,, is the fracibn of dislocations

subsumed by the dense dislocation wall core during thedub\yrocess that subsequently

become substantially less mobile and irreversible. Estimatio® ofis difficult, but

Kitayama et al[387] approximated tis quantity by comparing monotonic stresgain
curves with shear reloads at various levels ofgbrain. This procedure revealed that for

shear strains less than 30%, the majority of dislocations were reversibleR. i%0,,
consistent with other worki888, 389] Past this pointP_ increases nearly linearly to

around 0.5 at shear strains of around 60%. To avoid undue complexity in our model, for
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the range of cyclic strain relative to applicationgtérest we assume a const&jtvalue

somewhat greater than 0. This assumption can be refined as necessary in future work.

Furthermore, following several other researcii@83, 390, 391]we partitionr, .
into two densities in order to account for load reversals and accompanying strain path
changes. In accordance with our discussioRigfire41, we consider strain patthanges
to progressively untangle and reduce the mobile, reversible wall dislocation density that
contributes to the isotropic wall threshold stress. To account for strain path changes,

without loss of generality, we distinguish the evolutions@f, dislocation density based

on whether it associates with shearing in + directions along an assumed slip direction

vector. In other wordsg? can be either + dir depending on the arbitrarily assigned slip

direction vector, and positive and negatiyg¢ act to generate either], or r;;

respectively. Consistent with our discussion regardtigure 41, r5. and r;  are
considered to be loosely tangled in a reversible fashion, and when the strain direction
reverses they untangle, reducinf) asthe loose tangles {f@rm in the opposite direction.

This treatment assumes tltlaeé mobile wall dislodsaons developed whegg has a given
signprogressivelyintangleor recombine upon strain reversdlen the sign ot changes

This aspect of dissolution or partial reversibility influencing the mobile wslbchtion

density is expected to be most influential during earlyita@adycles and is associated with

back stress nonlinearity and the intense ratcheting transients observed for cycle counts on
the order of tens of cycles, depending on the stress aadlidiminishing substructure

dissolutionis expected to occasthe immobile wall dislocation density;, ., increases



The proposed sequence of events has been explored qualitatively[Bé5ra83]
and t he amo unt angefment fisfraine acoompanyang r the partial
untangling/dissolution of dislocation walls is envisioned to relate to the wall dislocation
density, i.e.,gf =bl, £,,. Rearranging the dislocation density evolution rate from this
expression shows that it closely resembles the dislocation multiplication rate(it2Byqg.
Consistent with this logic, we assume that directly followingoad reversal, the

corresponding reversible mobile wall dislocation density is reduced at a similar rate as that

of the dislocation tangling processes that preceded the reversal.

6.2.2.8 Substructure enlution

We assume the dislocation substructure is described using three paradygters:
h, and f,. These three parameters describe the assumed prolate spheroid size and shape
as wellas the volume fraction of the wall phase. Parameter describes the minor axis
length, A is the ratio of the major to minor axis lengths, afds the volume fraction of

the wall plase. Parameted iIs used to estimate the mean free path for channel

struct
dislocations and to calculate the evolution of both channel and wall densities. Parameter
is used to estimate the mean free path fonebhdislocations, calculate the back stress

evolution rate, and update the channel and wall dislocation densities. Pargmetesed

to calculate the back stress evolution rate and the shearing rates in channel and wall phases.
Lastly, the mean glide length of both channel and wall dislocations is discussed in this

section.
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There is a substantial body of work suggesting an inverse relationship between the
characteristic substructure size and flow stress in both monotonic eliddgformation

of materials that deform via wavy slip63, 392] As such, the characteristic substructure

length, d,.., IS assumed to follow a similitude scaling I3, 363, 393]i.e.,
dstruct :M for ma)<[a ) >J (135)
max(t"" ) ¢
where K. IS the constant adimilitude that can be parameterized via TEM imagad

the denominator corresponds to the difference between the maximum absolute value of the
resolved shear stress across all slip systems and the resolved shearisitiesyiatd for

the given initial material conditions and deformation temperaRarneter?, is constant

and is estimated from uniaxial, monotonic single crystal simulations. Quagtitytakes

on a characteristic value Whenax( te

Je 4

The ratio of major teninor axis lengthé the prolate spheroid structure, can be

considered to define the Atypeo of disl oca

for large values ofs, the spheroigl comprising the channel structuaee extremely

elongated and can be considered to correspoR&B or veirtype substructure. On the

other hand, smaller valsef # correspond to labyrinth or equiaxed egibe substructure.

Prediction of the dislocation substructure is a grand challeegpeecially in continuum,
mesoscopienodeling framework$394]. Castelluccio and McDowe|BO] developed an

accelerated scheme to assigrfor symmetric cyclic load cases and stabilized hysteresis

loops that accompany relatively high cycle counts. This scheme degerthie expected

19¢



dislocation structure on a cyely-cycle basis by evaluating and comparing the cyclic
plastic shear strains on slip systems known to produce certain dislocation interactions such
as Hirth locks or crosslip. This scheme is shown in theaision tree irFigure42. Here,

Dg™ is the maximum cyclic plastic shear strain amplitude among all slip syse/is,

is the cyclic plastic shear strain amplitude on slip systems that can form Hirth locks, and
Dg“°* is the cyclic plastic shear strain amplitude on slip systems between which
dislocations can crossip. Dg? and Dgf., are parameters fit with experiments that define

PSB

the cyclic plastic shear strain expected to produce certain dislocation substructures.

A,.ymaz < A’Ygl[

No

A’}’Hi”h< A’Vﬁi /2
OR

A'Ymaz > A'VIP;ISB

Figure 42. Parameter # determination scheme used by Castelluccio and McDowell

[80] for cyclic symmetric loadings. Diagram reprinted with permission from
Castelluccio and McDowell[80].

This scheme was successfully used to predict dislocation substructures and
stabilized hysterds loops in nickel for symmetric, stramontrolled loading[80].

However, sinceDg™, Dg"™, and Dg-**are evaluated on a cyeby-cycle basis, the
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evolution of 2 is not a smooth function and jumps directly between discrete values, e.g.,

progressing directly fronf, . to A, . This approach artificially accelerates dislocation

veins cell *

substructure development and limits the use efsitheme shown iRigure42 to predict
transient cyclic behavior that occurs from several cycles to tens of cycles. Furthermore,
this approach depends on determination of the shear strain range, a quantity that may be

difficult to define in general loading scenarios.

To address thjsa smooth functional form is proposed to drive transient substructure
development in accordance with the target steady state substructures skayunad?2.
A simplified expression is used to represent the role of relative slip system activation in

the development of substructure, i.e.,

é eep am
h=h £ N 'inf/)eng _ﬁk% (139

r

where #1, corresponds to the initial substructure type, likely on the order of 50 for single

crystals at low to moderate strain levels and is limited by grain size in the case of
polycrystals due to grain boundariesducing the mean glide distance of mobile

dislocations. Furthermoré, . is the saturation limit fof?, corresponding for example to
equiaxed cell structure; is a normalization catant, e} .., is the cumulative effective
plastic strain, andk, is a function of the relative dislocation activity on various slip
systems. The parametef; ., drives the evolution of and is written as

t=t,
& an= i Bldt (137
=0

t=

201



where t isthe simulation time and is the simulation time at which is being evaluated.

The functionk, controls the rate at which# approaches? . Smaller values ok,

correspond to more rapid evolution fofand vice versa. The parameteris defined by

_max(r. f)

= m
are

’
a=1

(139

where the numerator corresponds to the maximum mobile channel dislocation density over
all slip systems and the denominator correspaodke total mobile channel dislocation
density. Here, we note that H3398) is a standn used to estimate the degree of multislip

or crossslip occurring,as discussed beloEquation(136) is a phenomenological form

that attempts to approximate substructure evolution by assuming the substructure
development iglriven by the cumulativplasticstrain ancevolves at a rate determinby

the severity of multslip orcrossslip observed[354]

In thisframework we make a simple argument that when multiple slip systems are

activatedor crossslip occursthe substructure (and) evolves more rapidly towards cell

type structures, consistent with experimental observalgs®s 395] Conversely, if only
a single slip system is activated the substructure evaliggsficantly slower. This is
captured by Eq(138) in the following way: take two single crystals, one oriented along a

multi-slip direction such ag001) and the other oriented along a sirglig direction such
as (123 . Eight slip systems are equivalently activated in the crystal oriented {{0Qte

loading direction, producing equivalent was of 7. This leads t, © 1/8. On the other

hand, only one slip system is activated in the crystal loaded i{L#3e direction. Here,
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the maximumr? is experiencedn the one activated slip system and is virtually equivalent

to the total channel dislocation density, produckng 1. In this case, sinc&, is much

smaller for the crystal oriented for mudfiip, the substructure develops in a significantly

more rapid manner as expected in this case. The funkti@iso takes into account the

role of crossslip in substructure devadment. For example, if we take o(i23 single
slip case and assume that favorable conditions for-stgsarise, the maximum? would

decrease relative to the total channel dislocation density, decrdasargl accelerating

substructure development. The normalization constanis then used to produce

reasonable substructure development rates for both crystals when compared with

experiments.

The substructurevelution method proposed in EJ.36) is only applicable for load
cases producing significant cyclic plastic strain. As seen experimej24By396] cyclic
plastic strain ranges on the order of°16 102 generally stabilize some intermediate
structure between loose-defined substructures such as veins/braids and refined equiaxed
cell structures. This regime is identified on cyclic str&sain curvedy a clear plateau.
Clearly, Eq.(136) would not be able to resolve this plateau as any cycling that produces

plastic deformation would continue to pushtowards the equiaxed cell limit, however

slowly. Nonetheless, as is observed experimen{@®y], sufficiently hgh stresses and
strain or asymmetric load cases almost always form cell structures, particularly in favorably
oriented grains or at notches or crack tip stress risers. With our focus being on early cyclic
plastic deformation situations that produce re&tisignificant cyclic plastic strains (e.g.

transition fatigue, low cycle fatigue, and cyclic crack tip fields), we consider the simple
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phenomenological approach proposed in @86 to be adequate. To capture stabilized
hysteresis loop behavior in the plateau region of the cyclicstréss ai n cur v e,

tabl ed apprrFgaetbhmayg e omoreapprapriate.

The evolution of the wall volume fraction follows a similar approach as that
adopted by other research@®, 145]and follows a similar functional form as H34.36),

i.e.,

e- eeium
fo=fu £fo  f)expé lz' (139
e K

where f, is the initial volume fraction of wallsf,, is the saturation limit, an#l, is a rate
constant. Eq(139) is a monotonically decreasing function, producifigbehavior that
may appear to be at odds with experimental results. For example, FEadgdsund f,

to increase from 0 to around #0before beginning to monotonically decrease for
monotonic, uniaxial loading of SS316L at room temperature. Here, we highlight that the

f, quantity described by Eq139) corresponds to material regions containing primarily
edge dislocations and differs from thig quantity extracted from TEM. In this way,
assigning anf, value of 0.5 corresponds to an initially homogenous distribution of edge

and screw dislocatiorj$38].

The mean glide distance of channel dislocations is assumed to hedlligitthe

mesoscale dislocation substruct(8€], i.e.,

IC = hd struct * (14(»
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On the other hand, the relatively high dislooatdensity in the walls severely limits the

glide distance of wall dislocations. The mean glide distance is defirj@@&s

|W:/J/ﬂ. (141)

The functional forms used in the mesoscopic substructure evolution framework are
phenomenological in nature and are intended to capture broad trends in each of the three
variables. Recent advances in lower length scale simulation tapsbior example via
continuum dislocation dynamics (CDD), potentially provide pathways for improving

substructure evolution equations for CP implementd8a@0, 399401].
6.2.3 Model overview

The model presented in the current chapter extends prior approaches. The equations
governing the plastic deformation in the channel phase and the mesoscopic description of
dislocation substructure resemble the approach used by Castelluccio and MdBojwell
The equations governing the limited plastic deformation in the wall phase, evolution of
wall dislocation density, and transient evolution of dislocation substructure are new
additions. The true novelty of the present updated framework, however, steamthé
micromechanical back stress formulation that considers the plastic deformation in both

channel and wall phases.
6.2.4 Parameter estimation

Model parameters are specific to an initially waatinealed SS316L specimen deformed

at room temperature and are aegied into four categories as listed able8:
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. direct parameters that are linked to underlying physics,

no

parameters related to atomistic mechanisms,

w

parameters relatito mesoscale dislocation structures, and

»

initial conditions characterizing the welhnealed specimen structure.

The direct parameter set can be estimated from batfpsimulations or experiments

and is considered to includg, v, b, and the elastic constants. The attempt frequency

is estimated in a manner similar to that of Langer e{349]. The elastic constants
comprisingthe elasticity tensoC take on values typical ofpay diffraction measurements

[402, 403] The shear modulus; is computed based on the Hershey polycrystal average

[404, 405]

The parameters, and s, are determined via calibration with the yield point in single
crystal experimentsagwill be seen in the results section). The profiling paramegteasd
g take on values typical of energy barriers considered in FCC crystal plagtiity The

annihilation distances for edge and screw dislocations are estimated from experiments

[354] and atomistic simulationgl06], respectivelyV,® is estimated in a similar manner
as other researchdf71]. Parameted_ is assumed to be on the order of the characteristic
substructure distanc®,, is approximated as 0.15 in acdance with the discussion of Eq.

(134). The dislocation interaction coefficients comprisidg, were determined using

DDD simulationsof FCC crystals at a reference dislocation densitxad¥ m?[81, 407]

The locations of they, , coefficients in the interaction matrix depend on the order in which

the slip systems are evaluated, but an example FCC interamimix can be found in the

paper by Franciosi and Zadd08].
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The constant of similitud& . . has been estimated from TEM images in a variety of

struct

contexts. Single and polycrystalline SS316L cycled at a variety of temperatures produced

similitude constants ranging between 2 ar{d43, 354, 393, 409]The origin ofh, and

h.

inf

has been discussed previously and corresponds to loosely tangled veins and refined

cell structure, respectively. Parameters fit using single crystal simulations as will be
seen in the results section. An initial wall volumaction (f,) of 0.5 is assumed. If we

consider an initially annealed, homogenous material state, we assume that at the beginning

of loading, f,=f, 9.5 and a homogenous distribution of both edge and screw

w C

dislocationsexists in the material. The saturation limit and rate constantffoare

estimated from experimental d48%b4, 386, 410, 411Clearly, additional DDD, CDD, or

TEM data would be helpful in further refining these estimates. A®eifsc example, the

CDD simulations executed by Xia et g112] were able to predict full, thredgimensional
dislocation substructures comparable to TEM images. Targeted CDD simulations of this

nature have the potential to inform the dislocation sulistre@arameter estimates.

The current study specifically investigates SS316L specimens that have been suitably
processed to be characterized by a low initial dislocation density; we assume the initial

dislocation density i4x10* m. In addition, Eq(135) is only valid oncemax(ta

)> &
prior to this point, we assund, . is on the scale of-10e m si mi | ar [80]lo pr i o
Parameter,, used inEq. (135), is approximately 80 MPa as estimated from tesolved

shear stress at initial yield for single crystal simulations. Lastly, the Boltzmann constant

takes on the typical value of 18802 J/K.



The philosophy of the developed framework was to root constitutive equations in
physicallybased mechanisn and micromechanicalyotivated expressions.
Accordingly, the majority of parameters are either physical constants or quantities
measurable from lowdength scale simulations and experimental measurements.
However, some phenomenology remains in thetsudtsire evolution estimation. In this
sense, some optimization was performed to improve the agreement between experiments

and simulations. Specifically, the parameters dictating the initial yield pointFj.@and
s, , as well as the substructure evolution normalization constamtre optimized using a

trial and error method with experimental data.

Table 8. Parameters for an initially annealed SS316Ispecimen subjected to
deformation at room temperature.

Direct parameters

VG b Cll C12 C44 C44 @K m

10*2s! | 25E10m| 232 GPa| 154 GPa| 118 GPa| 129 GPa| 76.8 GPa

Parameters related to atomistic mechanisms

FO SO p q ye ys dcs VoCS Rm

1.87 280 0.66 1.5 3nm | 13nm | 10°m | 100° 0.15
eV MPa

Interaction matrix coefficients

Self Coplanar Hirth Glissile Lomer Collinear

0.122 0.122 0.07 0.137 0.122 0.625
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Table 8 continued.

Parameters related to substructure evolution

Kstruct /70 hinf ¢ f0 finf kf kc,mult’
kW,mult
3 50 1 400 0.5 0.25 2 2

Initial conditions

dstrucLO /':,o r\"aVVO
10 &m 1x10'° m™? 1x10'° m™?

6.3 Exercising the developed crystal plasticity model

The framework was tested in uniaxial load scenarios for SS316L single and
polycrystals undergoing monotonic and cyclic deformation at room temperature. The
constitutive equations were implemented using an ABAQU$sr Material (UMAT)
subroutine[153]. The smulation framework was developed after similar work using
UMAT models[80, 85] The single crystal simulations were performed using a single
reduced integration brick element (C3D8R). The polycrystal simulations used a simple
mesh of 500 reduced integiati brick elements (C3D8R); the polycrystal mesh and
relevant dimensions are showrFigure43. For the polycrystal simulations, each element
is assigned a random cryista or i ent ati on. The grain size
treated SS316L. The influence of grain size variation is not explored in the current work,
but a discussion on the influence of grain size on a similar numerical framework is available
in the literature[80]. Boundary conditions were specified along thaxis, along which

periodic boundary conditions were imposed. The positive and negative y and z faces were
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treated as free of net traction using mplint constraints, mimicking a uniaxial diag
condition. In the following, both monotonic and cyclic loading results are presented. While
the utility of the novel back stress formulation is most apparent in cyclic loading scenarios,
monotonic results are presented to highlight the unifying plafithe model framework

to capture a range of loading conditions as well as to cross check the evolution of certain

ISVs.

Figure 43. Finite element mesh used for polycrystal simulations comprised of 500
C3D8R elements.

6.3.1 Monotont single crystal deformation

Single crystal simulations were carried out with loading applied in three

orientations: two orientations that promote malip ((001) and(111)) and one single slip
((123). Crystals were subjected to uniaxial stregmtrol at a strain rate &x10° s* at

room temperature. These orientations and load parameters were chosen to facilitate
comparison with the experimental data of Karaman €j38b]; The true stresplastic

strain curves are shown iRigure 44. Here, the simulated stresBain curves are
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represented with a solid line while the experimentally sueed stresstrain curves are

represented with a dotted line.

1000 A
—— Simulated

------ Experimental

800

600 -

400

True Stress (MPa)

200 4

True Plastic Strain (%)

Figure 44. Comparison between simulated and experimental data for SS316L single
crystals subjected to monotonic uniaxial tension, with straircontrolled uniaxial
loading in a specific crystallographic direction at room temperature. Experimental
data are from Karaman et al.[395].

As seen inFigure 44, the initial yield point of althree orientations shows good

agreement with the experimental data, suggesting the parameterizatipraodl s, is
reasonable. While the hardening rates are underestimated for all orientations, particularly

the single slip(123 orientation, the qualitative trends are still present. Namely(ithe
orientation exhibits th highest rate of hardening while t(E23 orientation exhibits the

lowest. Better agreement between experimental and simulated data can likely be achieved

with a more comprehensive characterization of the initial material structure.
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The differences in hardening rate among loading directions can be attributed to the
relative activation of slip systems and corresponding dislocation substructure development
in each orientation. As observed via TEM images performed by Karaman345J.the

specimens loaded along tfi@01) and (111) directions were characterized by muslip

and a tendency towards cell formation with characteristic substructure distances on the
order of 0. 1 tstcstiin ef arouad 10% Ori thewther pahda only one

system was primarily activated in the specimen loaded ifi#8: direction, producing a

material state largely absent of a walfjanized dislocation substructure. Consistent wit
the mesh length theory of strain hardenjdg4], the mean dislocation glide distance is
substantially limited by the dislocation substructure for the specimens loaded along the

(003) and (111) directions, produag the higher rate of work hardening. To demonstrate

how the proposed framework captures this phenomenon, the mean glide distance for

channel dislocationd, , is plotted as a function of true plastic strain as showkigare

45. Here, the multslip conditions experienced in the specimens loaded alon¢éie

and(111) directions produce rapid substructure development in accordance w{ttBEQ.
For these loading orientations, the value approxirates channel dislocation

substructuresat a true plastic strain of roughly 10%. Alternatively, the single slip

conditions experienced in the specimen loaded along(1Bg direction precludes
significant dislocation substructure deweinent with the # value approximating

something akin to loose veins or braids at a true plastic strain of roughly 10%.
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Figure 45. Mean glide distance for mobile channel dislocations as a function of true
plastic strain.

6.3.2 Polycrystal monotonic deformation

A simulated polycrystal was subjected to room temperature, -stoainolled
loading using the same loading parameters as Kang883], i.e., a prescribed strain rate
of 2x103s™. The engineering stressrain curves for both simulated and experimental data
are shown irFigure46. Here, the simulated stressain curve is represented with aidol

line while the experimental stresain curve is represented with a dotted line.
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Figure 46. Comparison between simulated and experimental data for SS316L
polycrystals with random orientation distribution subjected to strain-controlled
uniaxial tension deformation at room temperature. Experimental data from Kang et
al. [333].

As can be seen irigure46, the averaged, macroscale responsbes$ingle crystal
behavior exhibited ifrigure44 matches closely with experimental data when a sufficient
number of crystals are sampled. The proposed framework darther examined through
comparison with the halepth investigation of uniaxial, monotonic SS316L deformation
conducted by Feaug@l54]. To facilitate comparison, the strasontrolled loading was
changed to match the loading condition used in this stalyely a prescribed strain rate

of 4x10%s?.

First, the percentage of grains exhibiting particular dislocation substructures can be
gualitatively compared as shown kigure47. In Figure47(a), the percentage of grains
exhibiting certain dislocation structures as determined via TEM is plotted as a function of

plastic strain. Na that Feaugaf354] distinguished between three different types of
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characteristic substructures, i.e., tangles, walls, and cells. Here, we note that while the term

nwal

S

0

gener al | y -dengefpleases Feaudgds4f used thi$ tesnltam c at i ©

refer to something akin to a vein substructure. Pham ¢320] similarly used the terms

i wal

S

hY

(0]

and

Avei rrguwedibnve assumé thadh § a subrdgate. for | n

these substructures and discretely obim order to make a comparison with experimental

data. While wenote that the limits used to bin the continugugvolution are relatively

arbitrary for the wall/vein and tangle substructures, the purpose of this comparison is to

show the # evolution rate described bygE(136) is reasonable when qualitatively

compared with the evolution of substructures measured in experiments.
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Figure 47. Percenbge of grains exhibiting certain dislocation substructure

characteristics in (a) experiments and (b) simulations. Experimental data from
Feaugagq354].

The dislocation densities in channel and wall phases are also compared with
experiments, as shown Figure 48. This plot shows the relevant dislocation densities

plotted as a function of plastic strain. The simulated dislocation densities correspond to the
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total dislocation density over all slip syste and averaged over all grains. As can be seen,

simulations exhibit order of magnitude agreement with experimental results.

1016
—— Simulated

-~— Experimental

10 15
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Dislocation Density (m™2)

H}IJ T T T T T T T T
0.0 2.5 5.0 7.5 10.0 12.5 15.0 17.5

Plastic Strain (%)

Figure 48. Dislocation density in channels and walls as a function of plastic strain.
Solid lines plot the total average dislocation density over all simulated grains. Dashed
lines plot experimental data from Feauga$354].

Clearly, the proposed model contains substantial information regarding dislocation
substructure and its evolution with respect to ulydeg crystallography during imposed

deformation.

6.3.3 Polycrystal fully reversed straicontrolled cyclic loading

A simulated polycrystal was subjected to room temperature, fully reversed strain
controlled cyclic loading using the same loading parametersang Kt al[413], i.e., a
strain rate of 10° s? and a strain amplitude of 0.7%. The stress amplitude vs. cycle

number data and a characteristic hysteresis loop extracted at cycle 10 are dhigwrein
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49, It should be noted that the yield point is less sharp in the experimental hysteresis loop
when compared to the simulated oneFigure 49b). This insufficiency in the model
framework has been recognized in prior w41, 344]as owing to the inclusion of only

a single back stress component. Multiple components of back stress considerianshort
long-range transients can bdrimduced to resolve the initial elasfastic transition, but

this is not a focus of the current work.
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Figure 49. Comparison between simulated and experimental results for fully reversed
strain-controlled cyclic loading of SS3&L polycrystals in the absence of a mean stress.
Experimental data from Kang et al.[413].

6.3.4 Polycrystal stressontrolled loading with a mean stress

A simulated polycrystal was subjected to room temperature,stnes®lled cyclic
loading with a positive load ratio and associated mean stress, using the same loading
parameters as Kang et [833], i.e., a prescribed stress rate of 400 MPand a wariety
of stress amplitudes for a mean stress of 70 MPa. The ratchet strain vs. cycle number curve

data are plotted ifigure50. Note that the ratchet strain is defiresle =( g, +.0/2



where e, and e, are the maximum and minimum engineering strains in each cycle,

respectively.

In addition to the ratchet strain vs. cycle number data, the hysteresevimagon
for the 7&330 MPa load history is shown Figure51. Note that both experimental and
simulated hysteresis loops are rounded near the maximum tensilelagess/iscoplastic
effects. As seen in these two figures, the proposed model appears to predict the ratchet

behavior relatively well for the simulated load histories.
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Figure 50. Comparison between simulated and experimental refis for stress
controlled asymmetric cyclic loading of SS316L polycrystals with constant mean
stress. Experimental data from Kang et al[413].
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Figure 51. Comparison between experimental (a) and simulated (b) hysteresis loop
evolution for cycles 15, 10, and 50 for the 76330 MPa load history.

A second set of simulations were conducted assuming a constant stress amplitude
of 350 MPa with several values of mean stress and a loading rate of 468'MP=

results from these simuians are shown along with experimental data from Kang et al.



[333]in Figure52. As seen irFigure52(a), the prediction of ratchet strain accumulation is
less accurate at lower mean stresses. Indeed, while the simulations predict a nearly constant
ratchet strain achieved from cycle 5 onwand the 3@350 MPa case, the experimental

data suggest a relatively high level of steady state ratchet strain accumulation.

Lower accuracy of simulated ratchet strain accumulation for low mean stresses is
likely due to the simple approximation adopted tioe P, parameter. As discussed in
presenting Eq134), we assumed thd, was constant and somewhat gredtantO based
on the work ofKitayama et al[387]. However, P, effectively modulates the degree of
substructure dissolution and reorganization upon a load reversal; assuming a constant value
regardless of prstrain and loading paraeters is likely an oversimplification. Kitayama
et al.[387] suggested thak, steadily increases as a function of strain preceding a load
reversal due to the accumulation of dislocation debris and for lowtgai@s is nearly O.

Gaudin and Feaugd838] suggested that the severity of substructure dissolution at low
mean stresses is a more complex phenomenon that results from the competition between
the degree of reverse plastic strain and required stress to break wall disloattdomsp
Specifically, while low mean stresses produce high amounts of reverse plastic strain, aiding
in the dissolution process, the low mean stress produces local stresses that are more likely

to remain below the threshold required to break wall dislmcaionfigurations.

While we do not pursue a more rigorous formulationBgrin the current work,

we demonstrate ikigure52( b) t hat the proposed model 6s

ratcheting behavior is improved upon proper choice oRth@arameter. In this plot, three

ratchet strain vs. cycle number curves are plotted for three diff@emalues for the
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30+350 MPa case. The red, green, and blue curves correspendvidues of 0.15, 0.05,
and 0.025, respectively. Note thaPa value of 0.15 corresponds to tRe value used in

the other simulations presented herein. As can be seEigune 52(b), decreasingR,
(increasing degree of dissolutipincreases the quality of the model prediction and can be
interpreted as being representative of thegtrain arguments of Kitayama et g87] or

mean stress arguments of Gaudin and Fea{®@%&]. Accordingly, this chapter has

established that thetdneting rate is clearly linked to dissolution paraméter

Further parameterization o®, is likely difficult to achieve from a togown

approach using additional macroscopic experiments. On the othetdwedlength scale
simulation techniques such as atomistics or DDD are likely limited in their usefulness due
to both length and time scale restrictions. However, CDD simulations such as the ones
performed by Xia et al412] have demonstrated an abiltty predict threedimensional
dislocation substructures and extract metrics that can be useful in mesoscale crystal

plasticity frameworks. A more rigorous formulation f@y can likely be developed using

CDD simulations of this nature.
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Figure 52. (a) Comparison between simulated and experimental results for stress
controlled asymmetric cyclic loading and a constant stress amplitude for SS316L
polycrystals. (b) Influence ofR, on the rate of ratchet strain accumulation for stress

controlled cyclic loading with low mean stress. Experimental data from Kang et al.
[413].

6.3.5 Single crystal asymmetric stressntrolled loading

The forgoing has demonstrated that the proposed model can adequately predict a
range of material behavior pertaining to monotonic and cyclic loading of single crystals
and polycrystals. In this section, we elucidate how the back stress model is able to predict
ratcheting behavior without relying on common phenomenological kinematic hardening
forms and associated fitting parameters. To this end, we load a SS316L single crystal along

the multislip orientation investigated earlier, i.€Q01), for stresscontrolled loading

defined by 58285 MPa at a stress rate of 400 MPaTEhe ratchet strain vs. cycle number

and true stress vs. true plastic strain curves are shokigune53.
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Figure 53. (a) Ratchet strain plotted as a function of cycle number and (b) Trustress
plastic strain curve for a SS316L single crystal loaded along th01) direction for

stresscontrolled loading at 5@&:285 MPa and a stress rate of 400 MPa'sat room
temperature.

The wall and channel slip system shearing rates as well as the channel back stress
evolution are plotted as a function of cumulative plastic séteain specifically for cycles
2 and 3 inFigure54(a) and (b) respectively. In these plots, the data were extracted from
one of the activated slip systems in the chaswrilti-slip orientation. The choice of slip
system for data extraction is arbitrary due to the activation of multiple equivalent slip
systems in this highly symmetric loading orientation. In addition to the plotted curves, blue
arrows are provided to défentiate between load segments, i.e., distinguishing between

reverse loading to compression and forward loading to tension.

The evolution of the values shown kigure 54 reveal the fundamental model
behavior that produces ratcheting. Simply put, the lack of plastic deformation in the wall
phase during reverse loading to compression produces a relatively fast and linear evolution
of the channel back stress per Eid.0). On the other hand, the moderate amount of plastic

deformation in the wall phase during forward loading to tension produces relatively slow
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and nonlinear evation of the channel back stress. Ignoring more complex variable

evolution, this can be written symbolically &8 = f,f(, f.2.)('¢ -~ J and for the load

accol

scenario considered herf - "g) 4., g . In essence, the difference in the

channel bacstress evolution in forward and reverse directions due to the wall phase plastic

behavior produces ratcheting in the proposed model.
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Figure 54. Slip system shearing rates and back stress in the channel phase as a
function of cumulative plastic shear strain.

The ratchet strain transient observedrigure 50, Figure52, andFigure53(a) is
associated with progressive stabilization of the dislocation substructure and subsequent
decrease in the degree of substee dissolution with each load reversal. As the wall
dislocation density becomes increasingly tangled and immobilized, plastic deformation
becomes more difficult to initiate and the wall plasticity to which we attributed the
ratcheting behavior diminiskeThis process was briefly discussed in relatidfigare52
and is now highlighted ifrigure 55. Here, the ratchet strain and maximum slip system
shearing rates over each cycle are plotted as a function of cycle number for two different

P, values. In this case, we consid®r to represnt the severity of substructure dissolution
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with larger values corresponding to faster stabilization of the substructure via faster

evolution of the immobile/irreversible wall dislocation density, .

As can be seen Figure55(a), the nonlinearity in both curves is exhausted by cycle
20 and can be directly correlated to the variation in slip system shearingheues is
Figure55(b). For the case o, = 0.15 (solid curve)g. approaches a very low shearing
rate until it is negligile at around cycle 20. This corresponds directly to the effective
cessation of meaningful ratchet strain accumulation. On the other hand, for the Base of
= 0.1 (dotted curve)g is larger than for theR,, = 0.15 case and results in the steady
accumulation of cyclic creep strain observed. In terms of dislocation substructure
stabilization, the degree of substructure dissolution diminishes to a negligible amount for
the P, = 0.15 case while it reaches some-+zeno steady state value for the = 0.1 case.
The observations regarding dislocation substructure stabilization were based on the

different shearing rate behavior noted at highelecgounts inFigure55.
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Figure 55. Ratchet strain (a) and maximum slip shearing rate over each cycle for both
channel and wall phases (b) plotted as a function of cycle number for two different
P, values. Data were extracted along one of the equivalently activatedpstystems in

the current single crystal load configuration.

Taken togethelsigure54 andFigure55 shed light on how the model is able to capture
ratcheting. Essentially, the model predicts nonlinear back stress evolution and associated
ratcheting based on the degree of plasticity occurring in the wall phase, intimately related
to the threshold stress in both phase$,and §¢ . The extent of transient ratchetting
behavior is due to accumulation of irreversible, heavily tangled wall edge dislocations.
Steady state cyclic creep conditions can be achieved due to a stabilization of the dislocation

substructure dissolution and feation processes accompanied with-lewel, continued

plastic wall deformation.
6.4 Discussion regarding the newly developed crystal plasticity model

This chapter builds on previous micromechanichtiged back stress formulations
[80, 82] further attributhg complex cyclic plasticity responses such as ratcheting under

stresscontrolled cycling in the presence of mean stress to the relative ability of both
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channel and wall phases to plastically deform. The proposed micromechanical back stress
evolution doesot rely on phenomenological forms such as the AF model, and naturally

evolves as a function of the plastic flow behavior in channel and wall phases.

In addition, the proposed model framework removes phenomenological fitting
constants in the back stressrhulation where they have unclear micromechanical origins
and instead limits the majority of phenomenology to the approximation of substructure
shape and size which can be directly informed via TEM imaging or simulated using CDD.
In this way, the proposeshodel has enhanced utility as a scientific tool to investigate

dislocation substructures and activity occurring on the mesoscale.

We applied the proposed back stress model to explore possible mechanisms
responsible for the ratcheting behavior in SS316k. AMribute the ratcheting behavior of
SS316L (and by proxy a multitude of FCC materials that deform by means of wavy slip)
to the cyclic formation, dissolution/rearrangement, and reformation of dislocation

substructures. This attribution is consistenthwit

i) the indepth experimental studies by Gaudin and Fea(@@8], Feaugas
[354], and Hasegawa et §883] amongst others,

i) the qualitative treatment of dislocation substructure pioneered by Mughrabi
[138] and Hasegawa et §B45], and

iii) strainpath dependemislocation evolution considered by a variety of authors

[387, 390, 391]

By accounting for the evolution of dislocation substructure morphology and its resistance

to dislocation plasticity, the proposed framework introduces wall plasticity and



correspoding back stress behavior associated with wall dissolution and reformation that
reproduced experimental ratcheting data well. In addition, the model was shown to have
good agreement with monotonic single crystal experiments as well as monotonic and cyclic
polycrystal experiments that considered both fully reversed stoantrolled cycling and

stresscontrolled cycling with mean stress.

Finally, we note that the incorporation of the substructure dissolution based on the
sign of the slip system shearing @ats bound to have ramifications for modeling
deformationinduced anisotropy of crystalline response for changes of loading path, which
has long been a substantial challenge to modeling with crystal plasticity and reduced order
anisotropic vyield surfacesApplication of the present formulation to complex
nonproportional strain histories is likely to produce -namitive and physically
meaningful results, serving as a potential area for subsequent framework extension and

application.
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CHAPTER 7. CRYSTAL PLASTICITY MO DELING OF
TEMPERATURE -DEPENDENT PHENOMENA IN AUSTENITIC

STAINLESS STEELS

This chapter discusses the crystal plasticity modeling of tempeggpendent
phenomena in austenitic stainless steel. The crystal plasticity model developed in the
previous Chapteis extended in order to model temperatdependent behavior observed
in the temperature range of 3Q@000 K; a novel framework is developed that attributes
temperaturalependent variations in material behavior to altered mesoscale dislocation

structuresn the presence of mobile solutes.

First, prior attempts to model temperatdependent behavior in austenitic stainless
steel are discussed. Following, temperatigpendent extensions to the crystal plasticity
framework developed in the prior Chaptee gresented. To conclude, the model is
exercised and shown to produce good agreement with a wide variety of experimental
loading scenarios for smooth stainless steel 304 (SS304) specimens at a variety of

temperatures.

7.1 Introduction to temperature-dependentmodeling

The deformation response of FCC alloys such as austenitic stainless steels at elevated
temperatures is of interest due to their use in nuclear and hydrogen energy applications
[414, 415] Despite advanced experimental characterization technigques tlae
development of a wide array of computational models that span length scales ranging from

the atomic to the macroscofit9], the deformation behavior of FCC alloys remains an
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open area of research, especially when considering behavior over a wge oh
temperatures. FCC alloys loaded at elevated temperatures exhibit anomalous deformation
behaviors that invite further study. Specifically, complicated recoj&t§] and strain
hardenind417] behavior, as well as observations of serrations in sstesis curve$418]

can be considered. While there is broad understanding that the elevated temperature
phenomena listed above are produced in some fashion by enhanced solute and vacancy
diffusion processept18, 419] the full coupling between enhanceallge and vacancy

mobility, dislocations, and dislocation substructure requires additional investigation.

Monotonic, uniaxial experiments performed on austenitic stainless steels at certain
combinations of loading rate and temperature produce serrations in thesgsagssurve
[418]. As an exampld;igure56 provides a flow property map for SS304 plotting the strain
rates and temperature combinations where serrations have been observed. The origin of
these serrations is generally attributed to dynamic strain aging (DS®¥), &cribes
serrations in stresstrain curves to the sequential locking and unlocking of spatially and
temporally coupled dislocation populations by mobile solutes. Initial understanding of
DSA was established in early works by Cottrell and cowor28@ 302]and Loua{420].
Here, anomalous behavior at elevated temperatures was attributed to the ability of solutes
to diffuse to regions of tensile stress about edge dislocation components. The solute
atmospheres that form then act to increase the reststandislocation motiofi280].
Subsequent work more rigorously explored the sequential locking and unlocking of

dislocations by solute atmospheres in the context of serrated flow anfdREA122]

The observation of serrated strsssin curves in cemtn alloys implies that DSA is

occurring, but the converse is not true. In other words, DSA does not always manifest at
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the macroscale as serrated flpi23-425]. To observe serrations, some degree of spatio
temporal coupling must occur amongst a sufficrmmmber of locked dislocations in order

to produce a strain burst that is detectable at the macroscale upon unlé2&iag8]. The

locking and unlocking of dislocations by solutes in an uncoupled fashion without-spatio
temporal coupling still leads to3A, but in this scenario, serrated stre8ain curves

would not be observed at the macroscale. The specific strain rate and temperature
envelopes that produce serrated stetssn curvesKigure56) create uniqgue mesoscopic

conditions of strong spatimporal coupling of dislocation populations.
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Figure 56. Flow property map plotting the strain rate and temperature combinations
where serrated flow has beewbservedin SS304. Schematic adapted frorf#29].

Besides serrated strestsain curves, DSA has been used to explain temperature

sensitive variations in stress J, work hardening rateg(= Ds/ L), Hall-Petch slopeK,

) , ductility, and strain rate sensitivitg & DS 1B ) [418]. Qualitative variation of these
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values is plotted in the schatic shown inFigure 57, adapted from Rodrigugz18].
Experi ment al observations show DSA produc
deformation behavior at elevatedngerature, consistent witiigure57. Two studies by

Kang et al.[417, 430]explored the response of SS304 to cyclic loading for a range of
temperatures. A remarkablecnease in cyclic strain hardening was observed as the
temperature increased from room temperature to 873 K forreMgrsed, uniaxial, strain
controlled loading, a result consistent with similar studies on austenitic stainless steel
[424]. Above this terperature, the cyclic strain hardening rate decreased substantially.
Additionally, the rate of cyclic accumulation of plastic strain during sitessrolled

loading in the direction of a mean stress, i.e., ratcheting, decreased substantially as the
temperaure increased from room temperature to 873 K. Sarkar [dt34l] similarly noted

that DSA reduced the accumulation of ratcheting strain.

The enhanced mobility of solutes in the DSA regime has been observed to modify
mesoscale dislocation structures. &g @xample, TEM of cyclically loaded stainless steel
316LN showed a dramatic change in characteristic dislocation substructure in the DSA
regime [424]. Cyclic deformation at room temperature produced a heterogenous
dislocation distribution characterized by dislocatd@nse walls separated by dislocation
sparse channels, consistent with other wf389]. For the specimens loaded in the
temperature rangef 773 to 873 K, a more homogenous dislocation substructure was
produced, characterized by a large number of dislocation loops, dipoles, and pinned
dislocations in the channels between dislocatiense walls. Similar dislocation
substructures have beehserved in other studies related to elevated temperature cyclic

loading of austenitic stainless stepl82-434]. Mannan[425] specifically suggested the
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transition in characteristic substructure from cells to a more homogenous dislocation

distribution praluces the enhanced cyclic hardening observed in experiments.

Lower-length scale computational modeling efforts have provided additional
insight into DSA phenomena. The atomistic simulations by Curtin gt34] suggest that
enhanced di f fciogiedn pvioax effcsredsare active anc
and Ca[305] produced a useful nesimensionalized dislocation foreelocity expression
that was developed based on a numerical model of dislocation solute drag. A similar
modeling framework wasufsequently utilized by Epperly and Si#36] to explore the
transient nature of solute drag and strain aging. Despite the utility of theseldonytr
scale models in understanding unit processes contributing to DSA, it is somewhat unclear
how the reslis can be used to understand the macroscale behavior outlirgglire 57.
Regarding larger material volumes, the coupled dislocastodme dynamic model
developed ¥ Fressengeas et §#26] can be considered. This model was able to predict
typical features of DSA such as negative strain rate sensitivity and critical strain thresholds
by considering the different time scales for dislocation and solute dynamicserimotk,

a number of mesdo macroscale continuum crystal plasticity models have been developed
in an effort to bridge between mierand macroscale regimes. The crystal plasticity model
developed by Marchenko et al437] added a phenomenological, tirdependent
hardening component to the flow stress for which the time dependence was related to the
characteristic aging time, e.g., time required for diffusion of certain solutes. Gupta et al.
[438] modified the evolution of mobile and immobile dislocationglBes in a dislocation
density based crystal plasticity model, similar to prior workFbgssengeast al.[426].

Cyr et al.[439] considered a strain burst associated with DSA to occur if some critical
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resolved shear stress threshold was met in a tplststicity model. Clearly, all of these
models considered DSA in a different fashion. Aside from the work by Cyr [&t38l,

these crystal plasticity studies focused on monotonic loading and did not attempt to
describe material deformation behavior oagange of temperatures, instead focusing on
one characteristic temperature where DSA had been observed. However, several isotropic

J, plasticity frameworks leveraging phenomenological constitutive equations can be

mentioned in tis regard440-442].

The current chapter extends prior crystal plasticity studies of DSA through direct
consideration of evolving dislocation densities and their heterogenous distribution in
cyclically loaded austenitic stainless steels for a wide rahgEmperatures. Specifically,
the enhanced cyclic hardening and reduced ratchet strain accumulation observed in the
DSA regime are attributed to the shift in characteristic substructure and dislocation
distribution as observed via TEM24, 432434]. Consdering DSA in this manner is also
shown to reproduce the negative strain rate sensitivity and-stragsserrations observed
at elevated temperatures. The work is organized as follows. First, the crystal plasticity
model developed in the preceding ctesips extended to account for additional processes
occurring at elevated temperatures. Lastly, a case study is presented demonstrating that
attributing DSA in the proposed manner is able to produce the enhanced cyclic hardening,
reduced ratchet strain aguoulation, negative strain rate sensitivity, and stedissn

serrations experimentally observed in the DSA regime.
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Figure 57. Qualitative variation of certain material properties with temperature
(adapted from [418]). The temperature region associated with DSA is shown, e.g.,
around 400 KT 900 K for austenitic stainless steg#418]. The meaning of the symbols
is described in the text.

7.2 Extensionof the crystal plasticity model to elevated temperatures

While the baselinecrystal plasticity model described in the previous Chapter
considers the influence of temperature on the therraaliyated plastic processes of
dislocation glide and crossip, the impact of mobile solutes on dislocation activity at
elevated temperatwseis not considered. Accordingly, the-saa | | ed fAbaseline
plasticity model is extended in the following to consider the interaction of solute

atmospheres and dislocations.
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