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SUMMARY

The light weighting of automotive structures has been an effective method of increasing
vehicle fuel efficiency. In the past, the use of aluminum alloys was limited to hang-on parts
and outer skin applications to reduce weight. However, due to the high strength-to-weight
ratio of 7xxx series alloys, exciting alternative options for replacing high-strength steels in
load bearing or structural applications have emerged. These alloys derive their strength
through the precipitation hardening mechanism, which involves the formation of nanosized
precipitates after a specific heat treatment sequence. However, one of the main roadblocks
to the penetration of 7xxx alloys in structural applications like rockers and bumpers is
concerns regarding structural forms of corrosion, such as intergranular corrosion (IGC) and
stress corrosion cracking (SCC). These can be attributed to the microstructure features of
the grain boundary, specifically the precipitate and adjoining precipitate-free zone. Most
published structural corrosion work on 7xxx alloys has been associated with plate gauge
applications with thicknesses greater than 10mm. However, for automotive applications,
sheet type with thicknesses of 1.5 to 2.8mm is desired, as it enables weight reduction
without loss of dent resistance while meeting stiffness requirements. Moreover, the
difference in the manufacturing process between sheet and plate leads to a distinct

microstructure.

The objective of this study is to examine the impact of processing sequence, alloy
composition, and joining methods on grain boundary microstructure, as well as to
understand their potential impact on the structural forms of corrosion in sheet gauge 7xxx

alloys. Due to the complex grain boundary microstructure and corrosion property

xvii



relationship, an efficient research scheme was needed to minimize or isolate the secondary
effects. The research scheme was designed in such a manner that when one of the variables

of interest was changed, the rest of the processing parameters were kept constant.

The research is divided into three sections. In the first part, two different processing
sequences were utilized to alter the grain size of the material. They were recovery anneal
of final gauge material and reduction of the percentage of cold work on hot-rolled material.
The grain boundaries were characterized using scanning transmission electron microscopy
(STEM) to determine the width of the precipitate-free zone, the size and continuity of grain
boundary precipitates between the finer and coarser grain materials. The samples were then
subjected to IGC and SCC tests to determine the impact of microstructure on the corrosion
mechanism. In the second part, the effect of Cu and Zn/Mg ratio on the resulting
microstructure of high-solute 7xxx alloys and their impact on corrosion resistance was
evaluated, with a specific focus on the effect of testing environment and constituent
particles on localized corrosion resistance. In the third part, the microstructure changes,
and their impact on the corrosion properties of commonly used automotive joining
methods, such as resistance spot welding (RSW) and self-pierce rivet (SPR), were
evaluated for the dissimilar aluminum alloy joint of 7075-T6 to 5182-O. The gradient
microstructure of the joint sections was characterized and evaluated for corrosion

resistance.

The study revealed that the three factors (processing, composition, joining) uniquely
influenced the size, continuity, and composition of the grain boundary precipitates and

adjoining precipitate-free zone, which in turn affected the IGC and SCC performance of

Xviii



the materials. The results also showed that the grain boundary features that control the

corrosion mechanism vary uniquely, depending on the environment.

The findings of this research have significant implications for the development of 7xxx
sheet gauges, particularly in the areas of alloy design, manufacturing process selection, and
end application. The study will provide valuable insights into improving the corrosion
resistance of these alloys, which will enable them to compete more effectively with ultra-
high strength press-hardened steel in automotive structural applications. Ultimately, this
research has the potential to contribute to the development of the next generation of high-

performance aluminum alloys.
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CHAPTER 1: INTRODUCTION

In the automotive industry, sustainability and emission regulations are becoming
increasingly important. Therefore, the industry is shifting away from traditional materials
that are difficult to recycle and have high density, towards sustainable and lightweight
alternatives. [1]. Although electrification of powertrains is one way to help decarbonize the
life cycle of a vehicle, the materials that go into a car also matter. According to the
McKinsey report, close to 60% from the emissions of the automotive industry by 2040 will
come from materials used in production [2]. As a result, original equipment manufacturers
(OEM) are actively looking for lighter, high performance, and recyclable materials to be

used in automotive applications [3] [4].

This market pull provides an exciting opportunity in the field of material science and
engineering to develop new materials with properties and/or create new products with
existing materials to meet the OEM requirement. The key tenets of material science are
process structure and property relationship. To obtain desired properties, the materials must

be fine-tuned to obtain the appropriate microstructure.

1.1 Materials in auto industry

The automotive industry is one of the largest consumers of construction materials in
the world. Increasing the durability and reliability of car parts of cars is a relevant and
important problem in materials science [5]. The key requirements for materials to be
selected for automotive applications are improved crashworthiness, noise and vibration,

overall cost, and fuel economy. The key design philosophy is based on the right material



at the right place. Figure 1-1 shows the breakdown of the current use of materials by parts

on an automobile chassis [6].
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Figure 1-1: Materials commonly used for major vehicle structure components in the current fleet [6].
The categories into which the current raw materials, considering both interior and exterior,
are divided are: metals and their alloys (ferrous and nonferrous), polymers, glass, textiles,
coatings, fluids, and lubricants, etc. [7]. Figure 1-2 shows that steel and aluminum alloys

are key engineering metals that dominate vehicle architecture in current and future

projections [6].
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Figure 1-2: Trend in volume of engineering metals used in the automobile industry [6].



1.1.1 Steel

Since the advent of automobile manufacturing, steel has been the main material used in the
industry. Over the years, steel manufacturers have been agile in adapting to changing
industrial needs. As a result, the steel product portfolio has evolved continuously (Figure
1-3) [8]. For example, in the 1970s, low carbon steel began to be developed for automotive
industry, followed in the 1980s by dual-phase (DP) and baked hardened steel, in the 1990s
by transformation-induced plasticity steel (TRIP) and its microalloying concept [9].
Similarly, in the mid-1990s, a consortium of sheet steel manufacturers, composed of 35
companies from 18 countries, launched the Ultralight Steel Automobile Body (ULSAB) to
explore the possibility of reducing weight in automotive components. Engineering research
has resulted in the development of 90 per cent HSS steel car bodies. The new body weight
was 25% lower than the standard four-door sedan and the cost was 14% lower.

Additionally, torsion stiffness increased by 80% and bending stiffness by 52%. [10].
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Figure 1-3: Evolution of high-strength steel from the mid-1970s [8].



The typical distribution of the steel in a vehicle based on the total curb mass is as follows.
Nearly 40% is used in the body structure such as panels, doors, and trunk closures for high-
strength and energy absorption in case of a crash. While 23% is used in drive train areas
consisting of cast iron for the engine block and machinable carbon steel for wear resistant

gears. Approximately 12% is used in the suspension, using high-strength rolled steel strip.

One of the commonly used parameters for classifying steel is yield strength. Steel having
a yield strength less than 210 MPa is considered conventional steel. High-Strength Steels
(HSS) have yield strengths of 210 to 550 MPa, while Ultra / Advanced High-Strength
Steels (UHSS or AHSS) steels have yield strengths greater than 550 MPa. The difference
in yield strength is due to the presence of complex microstructure phases. In the case of
conventional steel, ferrite is the main phase, while AHSS has a combination of ferrite and
other phases such as martensite, bainite, austenite, and/or retained austenite in quantities
sufficient to produce unique mechanical properties [11]. Just like other engineering metals,
strength and ductility have inverse relationship (Figure 1-4). However, advances in steel
research have led to classes of steel such as Twinning-induced plasticity steel (TWIP) that
not only has high strength but also have high elongation. In this class of steel, multiple slip
activations mechanisms are enabled when the material is subjected to applied stress. These
mechanisms include dislocation glide, ancc/encp Martensite formation and/or mechanical

twinning [12].
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Figure 1-4: Elongation vs. tensile strength of different classes of steel [13].

The following are the key types of conventional and AHSS steels that are commonly used

in automotive applications.

1.1.1.1 Conventional steel

Mild steel

Mild steels are hugely affordable and can be engineered in many different ways to meet
both crash safety and performance requirements. They have a ferritic microstructure that
provides good drawing quality. One of the major issues associated with this material is a
surface quality defect called a stretcher-strain pattern (St-St). This defect is caused by local
yielding during press forming followed by locking of the mobile dislocations by carbon
(C) or nitrogen (N) atoms in solid solution. This led to the development of interstitial free
steel by reducing the amount of C in solid solution before cold rolling and annealing,

leading to robust deep drawability [1]. Mild steels were once the dominant material in car



bodies, but now their use is limited to rigidity-related components and cosmetic parts with
complex bending and drawing. Some examples include clutch housings, suspension parts,
control arms, brackets, etc. Its decorative uses can also range from wheel rims, covers,

screws, washers, bolts, nuts, and fasteners.

Bake-hardenable steel (BH)

BH steels have a basic ferritic microstructure and derive strength by strengthening solid
solution. A unique feature of these steels is the chemistry and processing designed to keep
carbon in solution during steelmaking and then allow this carbon to come out of solution
during paint baking. This results in the an increase in yield strength of the component for
increased dent resistance without a reduction in formability. The strengthening mechanism
is attributed to the diffusion of carbon atoms to form the so-called Cottrell atmosphere
around dislocations that will result in pinning of dislocations and, in turn, increase the
strength. Bake hardening steels can be produced from interstitial free chemistries by
adjusting the composition during steelmaking to leave carbon in solution, or by annealing
at high temperature to take carbides formed during processing into solid solution [14]. They
are typically used in vehicle body panels with high formability requirement without loss of

dent resistance [15].

High-Strength, Low-Alloy (HSLA) Steels

HSLA steels increase strength primarily by microalloying elements contributing to fine
carbide precipitation, substitutional and interstitial strengthening, and grain size
refinement. The microstructure of HSLA steel is mostly precipitation-strengthened ferrite,

with small amounts of pearlite and bainite added depending on the required strength levels.



HSLA steels are used in body-in-white components and increase the in-service load
application components. Hot-rolled HSLA steels can be used for applications such as
suspension systems, wheels, chassis, and seat mechanisms, while cold-rolled HSLA can be

used in seat brackets and reinforcements [16].

1.1.1.2 Advanced High-Strength Steel

Dual phase (DP) steel

DP steels consist of a ferritic matrix with a hard martensitic phase in the form of islands.
They typically have high ultimate tensile strength (UTS) (enabled by martensite) combined
with low initial yielding stress (enabled by the ferrite). The delta between the yield and
UTS results in high early-stage strain hardening and homogeneous plastic flow. These
features make DP steels ideal alloy systems for automotive-related sheet-forming
operations [17]. It is produced by controlled cooling from the austenite phase (in hot-rolled
products) or from the two-phase ferrite plus austenite phase (for continuously annealed
cold-rolled and hot-dip coated products) to transform some austenite into ferrite before a
rapid cooling transforms the remaining austenite into martensite. The fraction of the hard
martensite phase embedded in the softer ferrite phase ranges anywhere from 10 to >50
vol.% [18]. Application includes wide areas such as roof outer, door outer, body side outer,
package tray, floor panel, hood outer, body side outer, cowl, fender, floor reinforcements,
body side inner, quarter panel inner, rear rails, rear shock reinforcements, Safety cage
components (B-pillar, floor panel tunnel, engine cradle, front subframe package tray,

shotgun, seat), roof rails, B-pillar upper, etc.



Transformation-induced plasticity (TRIP) steels

TRIP steels exhibit a unique combination of high strength combined with ductility. The
microstructure typically contains allotriomorphic ferrite as a matrix, blocky retained
austenite, and a mixture of bainitic ferrite and lath-retained austenite in the microstructure.
The key reason for the ductility is the martensitic transformation of retained austenite
induced by mechanical deformation [19]. TRIP steels use higher amounts of carbon than
DP steels to obtain sufficient carbon content to stabilize the retained austenite phase to
below ambient temperature. This steel is used for frame rails, rail reinforcements, side rail,

crash box, dash panel, roof rails, upper B pillar, roof rail, engine cradle, front and rear rails.

Hot-Formed (HF) Steel:

Hot-formed steel contains 1.2% Mn and a small amount of B boron steels (upto 0.001%),
they have a martensitic structure and tensile strengths ranging up to 1,500 MPa. The unique
feature of this material is the transformation of martensite in situ during the hot forming
operation which involves heating the steel in the pre martensitic form to 930°C. The tensile
strength of boron steels increases from approximately 400 MPa before hot formation to
1,500 MPa after hot formation [20]. They are used in applications such as A-pillar, B-pillar,

cross beam, etc.

1.1.1.3 Challenges for Steel Technology

Climate change and air pollution have become the main concerns of the 21st century, and
governments around the world have begun to implement legislation to improve fuel

economy and reduce emissions. These regulations are geared towards addressing problems



that, among other things, the sustainability of the material manufacturing process. In 2019,
the iron and steel industry represented 22% of industrial energy consumption and 28% of
industrial carbon emissions [21]. One of the strategies to improve fuel economy is to reduce
the weight of the vehicle. On average, the fuel economy improves by 6%, for every 10%
reduction in vehicle mass. During the past 30 years, the industry has reduced the weight of
its vehicles by approximately 30% [22]. Engineering metals such as aluminum, titanium,
and magnesium are increasingly being considered to replace steel counterparts. The key

attribute towards light weighting is to achieve a high strength-to-weight ratio.

1.1.2 Aluminum

Aluminum is considered an ideal lightweight material due to its low density of 2.7 g/cm?.
It allows for a mass saving of up to 50% compared to competing materials without
compromising safety [23]. Since the oil crisis in the 1970s, lightweight vehicles became a
major fuel efficiency driver, and many aluminum-intensive vehicles were built. Aluminium
alloys are widely used in automobile and aircraft body structures due to their low density,
high strength-to-weight ratio, corrosion resistance, and relatively low cost compared to
composites [24, 25]. For automotive applications, aluminum alloys are typically used in
semi-finished forms (Figure 1-5) such as engine blocks, power train parts, space frames,
sheet structures, or as closures, hang-on parts, and other structural components [23]. From
a sustainability perspective, the recyclability of aluminum components offers substantial
reduction in energy and CO> emissions compared to steel counterparts [26]. The principal
methods for transforming extracted aluminum are castings, extrusions, and rolling. Casting
makes it possible to manufacture near-net parts with complex geometry. Although

traditional casting applications were largely restricted to engine blocks, the advent of



technologies such as high-pressure die casting has potential to make a large portion of the

structural part of the vehicle [27]. Extrusion is a process by which the material is pulled
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Figure 1-5: Typical automotive components made of aluminum alloys [23].

through the die to change the cross section or harden the materials, which makes it feasible
to produce part profiles with a very wide range of shapes and dimensions [28]. Some of
the common applications in automotive structures include bumper systems, door beam, and

vehicle body frame member [29].

The final category is the wrought alloys that are typically manufactured through the rolling
process. It starts with casting of the aluminum alloy into large ingots that are several inches
thick and then they are subjected to thickness reduction by the rolling process.
Traditionally, wrought alloys are designated into two categories, namely strain-hardenable

and age-hardenable alloys, due to the usage of a distinct metallurgical processing route.
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1.1.2.1 Strain-hardenable alloys

These are the class of wrought alloys that are strengthened by work hardening mechanisms.
As the dislocation density in the metal increases, there is strong resistance to movement of
the dislocation due to the strong repulsive force of the dislocation — dislocation strain
interaction [30]. Although these class materials can be strengthened by other methods such
as grain size engineering or solid solution strengthening, they cannot be age hardened. Al
— Mg alloys (5xxx) are a very good example of this type of materials used in the automotive
industry. Typical applications include inner body panels, reinforcement members,
brackets, etc. [31]. They have very good formability but low strength in the range of 125

MPa, as a result, they are not used in strength driven applications.

1.1.2.2 Age-hardenable alloys

For applications demanding strength, such as bumper reinforcements and body panels,
aluminum alloys with higher yield strength (250 to 300 MPa) such as Al-Mg-Si (6xxx) are
used [32]. These classes of alloys derive their strength through precipitation hardening
mechanisms. After a specific sequence of heat treatment steps, called artificial aging, fine
nanosized second-phase particles precipitate out of the matrix. The lattice deformations
established at the precipitate—matrix interface resist dislocation motion during deformation,
making the alloy harder and stronger [30]. Al-Cu (2xxx) and Al-Mg-Zn (7xxx) alloys

belong to this class, and they typically have significantly higher strength than 6xxx alloys.
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1.2 7xxx series alloys

The use of aluminum alloys (5xxx and 6xxx) has been restricted to hang on parts and outer
skin applications. For structural applications such as rocker, bumper, and B-pillar, there is
a need to increase the strength of aluminum alloys to compete with high-strength steels.
Due to their high Strength (Yield strength 500 MPa) to weight ratio, 7xxx series alloys
offer exciting alternative options for replacing high-strength steels in automotive load
bearing or structural applications [6]. Historically, these alloys have been used in the
aerospace applications. The 7xxx series also alloys derive their strength via the
precipitation hardening mechanism. The nano sized precipitates are formed after the heat
treatment of the alloy at the super saturated solid solution state. Factors such as alloy
composition, rolling practices, and heat treatment parameters (time, temperature, quench
rate) affect the size and distribution. The precipitation sequence usually entails the
formation of vacancy-rich solute clusters during quenching of the alloys from above the
solvus temperature. Then these clusters aid in the formation of coherent layers of Zn and
Mg/Al in <100> direction called the Guinier-Preston-1 (GP-1) zone. In some instances,
there have been reports of the presence of plate-like features along 111 Al planes called
Guinier-Preston-11 (GP-11) zone. Artificial ageing results in the formation of plate-shaped
precipitates called n” on the {111} Al planes, they are typically made of MgZn, or Mg (Zn,
Al, Cu), with a hexagonal close-packed structure. Since they have a well-defined
crystallographic relationship with the Al matrix, they are coherent in nature. As a result,
they are very effective in impeding the movement of dislocations due to the widespread
disruption of the lattice [33]. This results in higher strength, and the condition in which the

alloy attains its highest strength is called the T6 (peak aged) temper. Further ageing results
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in the formation of the cigar-shaped precipitate called n phase and is typically observed in
T7 (overaged temper). They are incoherent with the Al matrix and result in a decrease in

the strength. [34]

1.3 Key Issues

Unfortunately, this class of alloys is sensitive to several forms of localized corrosion,
which, in turn, affects the mechanical performance of these materials. As shown in Figure
1-6, the corrosion severity of 7xxx alloys increases at the peak ageing temper. Although
several heat treatment options are available, which increase localized corrosion resistance,
they typically reduce the strength [35]. Several factors, from alloy composition to

processing parameters, affect the corrosion performance of this class of alloys [3].
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Figure 1-6: Effect of aging on the SCC performance of alloys of the 7xxx series.

Previous work [4] has shown that these strengthening MgZn; precipitates are anodic (-960

mVsce) to the aluminum matrix, and as a result these particles are preferentially attacked
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in corrosive environment. The size, composition, and distribution of these precipitates
affect the corrosion path. In some cases, corrosion affects all metallurgical constituents in
the matrix and results in transgranular mode. In others, the corrosion front may propagate
preferentially along the grain boundary, thus resulting in intergranular mode. The latter
form of corrosion will occur only if three of the conditions are met; first, the presence of
corrosive medium, second, the potential difference between the precipitate and the
adjoining zone should be of the order of mV, and finally, the presence of continuous

precipitates along the boundary [36].

7xxx alloys also exhibit another type of selective grain boundary corrosion called
exfoliation attack. In this case, the corrosion proceeds laterally from the initiation sites
along planes parallel to the surface, generally at the grain boundaries. The resulting
corrosion product forces the unattacked metal away from the body of the material, resulting

in a layered appearance [37].

These high-strength heat-treatable alloys also susceptible to stress corrosion cracking
(SCC). This type of failure is typically observed due to the synergistic action of the
mechanical stress (tensile) and corrosion reactions. Anodic dissolution-assisted cracking
and hydrogen-induced cracking are the two key types of mechanisms reported for high-
strength aluminum alloys [38]. According to the anodic dissolution model, selective
dissolution of the grain boundary or the adjoining region results in the propagation of the
crack in the presence of tensile stress [39, 40]. In case of hydrogen-induced cracking, the
initiation of SCC requires a certain threshold concentration of hydrogen build-up in the
cracking sites [41, 42]. Since corrosion reactions at the grain boundaries can result in the

formation of adsorbed hydrogen, both mechanisms can play a synergistic role [43].
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1.4 Motivation

Applications using 7xxx alloy series have been limited to the aerospace industry due to the
high variable cost associated with forming and joining these materials. Therefore, most of
the data reported in the 7xxx series corrosion literature are associated with the plate gauge
(> 10mm) used in the aerospace industry [44-46]. Recently, there has been growing interest
in the use of these alloys in automotive sheet gauge applications (1.5 to 2.8mm), as it allows
weight reduction without loss of resistance to dent, while maintaining the stiffness
requirements [23]. The metallurgical process for sheet gauge production is completely
different from that of plate gauge. Furthermore, the upstream manufacturing process affects
the corrosion performance of the aluminum alloys in its final working temper. This
includes factors such as alloy composition, rolling practices, and final heat treatment steps
(time, temperature, quench rate). Additionally, in automotive structural applications, such
as pillars and door entry beams, long-term durability of the joints is essential to avoid
premature component failure [47, 48] [49]. One of the most popular joining methods in the
automotive industry is resistance spot welding. This is a type of fusion welding that results
in a gradient microstructure near the joint area [50]. Such microstructures are very
vulnerable to corrosion and can seriously compromise the mechanical properties of joints.
The objective of this work is to understand the effect of alloy composition, processing
sequence, and joining methods on the grain boundary microstructure and its subsequent

effect on structural forms of corrosion (IGC, SCC) in the 7xxx class of sheet gauge alloys.
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CHAPTER 2: LITERATURE REVIEW

2.1 Grain size effect

The 7xxx class of alloys are known to have low formability at room temperature, making
hot forming a commercially viable process for forming these alloys [51]. Grain size plays
an important role in the hot forming operations window, with coarser grains resulting in a
wider operational window compared to fine grain materials. Therefore, it is important to

study the effect of grain size on other material properties, such as corrosion.

K.D. Ralston et al. [52] surveyed the effect of grain size on the corrosion resistance of
various engineering alloys. This study noted that factors such as texture, impurity
segregation, and residual stress could act as pitfalls while studying the effects of grain size
on corrosion resistance. These factors typically co-exist with the changes in the grain size
resulting from the usage of various thermomechanical processing sequences to achieve the
desired microstructure. This work showed a clear correlation with the reduction in grain
size and improved corrosion resistance in the case of Mg and Ti alloys. However, in the
case of Al alloys the grain size appears to have both an increased and a decreased corrosion

susceptibility depending on the processing and the environment.

E. Sikora et al. [53] compared the localized corrosion resistance of the conventional 5083
alloy with the nanocrystalline version. The conventional alloy had a grain size of 40 um,
while that for the nanocrystalline variant was in between 0.2 to 0.5 um. The
potentiodynamic polarization data showed that the nanocrystalline variant did not show

any improvement in terms of the breakdown potential and passivation current density in
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comparison to the conventional alloy. However, due to the smaller size of the second phase
constituent particles, the nanocrystalline material had a better degree of protection against
pit nucleation. Interestingly, the severity of intergranular corrosion increased with decrease
in the grain size. The authors did not provide any mechanistic explanation behind this
behavior. The alloys used for the intergranular corrosion testing had a higher amount of
Mg (7.5 to 8.5%) compared to conventional 5083 (4 to 4.5%). The observed drop in the
intergranular corrosion resistance could be due to the effect of Mg rather than the grain
size. The increase in the bulk Mg concentration, is generally associated with a higher
sensitivity to intergranular corrosion. Furthermore, polycrystalline alloys were fabricated
by cryomilling and hot isostatic pressing, while the coarse grain 5083 was fabricated via a
conventional rolling process with the H111 temper designation. The inherent difference in
the manufacturing sequence could have made the nanocrystalline alloy more susceptible to

intergranular corrosion attack.

The effect of grain size on the SCC performance on 2mm thick 7475 was reported by Tsai
et al. [54]. They compared the material with grain sizes of 10 um and 100 um. These
samples were solutionized at 515 ° C for 1.5 h followed by a water quench. Subsequently,
these samples were aged to T6 (120°C for 24h), T73 (107 ° C for 6h + 163°C for 24h) and
RRA (T6 + 220 ° C for 5min + water quench + T6) tempers. The SCC tests were carried
out in 3.5% NaCl + 0.3% H»O, with a strain rate of 4 x 10° s. To determine the
susceptibility of hydrogen embrittlement, the samples were preloaded to 70% vyield
strength followed by application of -1500 mVsce in HCI solution adjusted to pH 1. The
samples were strained to 2% at a strain rate of 4 x 10 s™*. Subsequently, the solution was

removed and the samples were broken in the air at a stain rate of 3.3 x 10%s?. The
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susceptibility was assessed on the performance of the uncharged specimens. They noticed
that in the T6 temper, the finer grain size material had lower SCC resistance compared to
coarser grain size material. However, in T73 temper the reverse was observed. The
hydrogen embrittlement susceptibility test showed a trend similar to that of the SCC tests.
They did not observe any significant differences in terms of the precipitate size and width
of the precipitate-free zone between the grain sizes. However, the size of the grain
boundary precipitate of the finer grain material was consistently smaller than the coarser
grain materials, especially at T6 temper. They also noticed that the slip behavior was
influenced by grain size as well. A reduction in the coarseness of an slip band and the
increase in the homogeneity of the slip character were observed in finer grain size material.
The fractionographs revealed the presence of equiaxed and pancake-type morphology
confirming the intergranular fracture. The enhanced resistance to SCC of the coarser grain
materials was associated with the size of the grain boundary precipitates (GBP). They
reported that most of GBP in coarser grain size material was larger than 20 nm, the critical
value for precipitate to form hydrogen bubbles based on L. Christodoulou et al. [55] work,

resulting in improved resistance.

W. Tian et al. [56] studied the effect of bimodal 7075 aviation aluminum alloys and their
corrosion properties by spark plasma sintering. They noticed a difference in the dissolution
behavior between the coarse (100 um) and finer grains (10 um), the former having a higher
rate of dissolution. The cathodic (Cu and Fe rich) particles in the coarse grains contained
more heavy alloying elements. This in turn accelerated the formation and thickening
kinetics of the oxide film on the metal matrix surrounding them. Once the oxide film

ruptured in a low pH solution, the reduction of hydrogen ions was easily carried out on
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cathodic (Cu and Fe) particles resulting in a higher dissolution of the matrix. However, this

paper did not study the effect of grain size on intergranular corrosion attack.

K. Gopala Krishna et al. [57] reported that the finer grains from cryorolling of the Cu free
Al-2Mg-4Zn alloy reduced the susceptibility to intergranular corrosion. The samples were
solutionized at 480 ° C for 1 h before cryorolling at -170°C. The rolled strips were then
annealed at 150 ° C for 3 min to facilitate partial recovery and recrystallization. Two-step
maximum aging practice was carried out at 100 ° C for 5 h followed by 150 ° C for 6 h.
The performance of the cryorolled alloy with a grain size of 98 £ 28 nm was compared to
the 90% cold worked material with a grain size of 80 + 13 um. Transmission electron
microscopy (TEM) examination revealed the presence of coarse MgZn, precipitates along
the grain boundaries and a precipitate free zone 50 nm wide, while no such features
observed for fine-grain materials. As a result, a clear sign of intergranular attack was
observed in the coarse grain material, while a uniform dissolution of the matrix occurred

in fine grain material.

2.2 Alloy composition

In the 7xxx alloy family, Zn and Mg are key elements that are added to the matrix for the
formation of nano-sized MgZn; strengthening precipitates. The addition of copper to high-
strength A1-Zn—Mg alloys has been developed to increase the volume fraction of
strengthening precipitates [58, 59]. Similarly, Zr was added as a minor alloying element
for the formation of AlsZr dispersoids. These dispersoids are very effective in inhibiting
recrystallization. Therefore, the resulting alloy has higher strength as a result of the

unrecrystallized microstructure. Recently there has been growing interest in combining
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these two approaches to design next-generation 7xxx alloys with yield strength close to
600 MPa [60, 61]. These next generation alloys can compete directly with the ultra-high-
strength press-hardened steel for automotive structural applications. Therefore, it is need

for understanding the corrosion mechanisms of such alloys.

2.2.1 Effect of Cu

Sarkar et al. [46] studied the effect of Cu content on the SCC resistance of 6.5 mm thick
7xxx plates. The Cu content varied from 0, 1, 1.6 and 2.1 wt% in the Zr containing alloy.
Samples were solutionized at 477 ° C followed by water quench. The subsequent ageing
was carried out at 120°C for 48, 68, 100 and 300h. The SCC test was carried out by
measuring the crack propagation rate of pre-cracked double cantilever beam specimen in
3.5% NaCl. Then the crack velocity (v) is plotted as a function of stress intensity factor (K)
(Error! Reference source not found.). The v-K curve consists of three distinct regions, the i
nitial linear segment (region 1) followed by a plateau region (region —II) and a linear region
(region I11) at high K values. The linear region 1 is controlled by mechanical and
environmental factor, while the plateau region-11 is mainly controlled by environmental
factors, i.e. corrosion reaction. In the v-K curve, it was shown that an increase in the copper
content decreases the region Il plateau velocity by several orders of magnitude. For Cu-
free alloys the plateau velocity was about 1.2 x 108 m/s and for alloys containing 2.1 wt%
Cu the plateau velocity decreased to 4.1 x 1071° m/s. Similar trends were also observed in
overage conditions as well, increase in Cu content consistently decreased the plateau
velocity. TEM images of the 1% plastic strained samples showed inhomogeneous planar
deformation in low Cu-containing alloys and homogeneous lopping (wavy) deformation in

higher copper alloys. This change in dislocation microstructure resulted in the shifting of
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the region | line to the right in the v-K curve of higher Cu alloys. The reduction in the
region Il velocity attributed to the shift in electrochemical activity of the grain boundary
precipitates as a function of Cu content. This study claimed that fast quench is beneficial
as they retain Cu in solid solution, resulting in higher Cu containing precipitates during
subsequent ageing process. In Cu lean alloys, slow quenching improved the SCC
resistance. This was due to the formation of incoherent precipitates that led to homogenous
deformation. These statements were based on the assumptions that in peak age temper, the
Cu added in solid solution is fully incorporated in the precipitate. This work did not show
any experimental data for phase composition to show an increase in Cu content for

precipitates with an increase in the bulk Cu content.

Ramagopal et al. [62] experimentally showed the effect of the addition of Cu on the
electrochemical activity of the MgZn; thin films prepared by flash evaporation. The open
circuit potential (OCP) of the 7150 alloy was measured and recorded as a function of time.
Later, this potential transient was applied to the thin film analog samples and the
corresponding current responses of the thin films were measured (OCP play back). Copper
additions, up to about 8 at %, did not have much influence on the breakdown potential;
however, with a further increase in Cu concentration, the breakdown potential was
ennobled. The OCP playback experiments showed that the low Cu-containing precipitates
would completely dissolve during exposure at OCP in a deaerated chloride solution.
However, in the case of high Cu-containing alloys, the particles did not completely dissolve
at OCP. They proposed that these precipitate (at higher Cu concentrations) could de-alloy
leading to the enrichment of Cu, which can in turn affect the corrosion behavior of the 7xxx

alloys. In high pH solutions, these thin film analogs are susceptible to localized breakdown
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due to the protection offered by the stability of Mg(OH).. Therefore, in terms of relevance
to IGC of 7xxx alloys, the authors suggested that the grain boundary precipitate phases will
undergo preferential dissolution at potentials well below the critical potentials associated

with intergranular corrosion.

Gupta et al. [45] studied the effects of Cu addition on the metastable pitting rate (MPR) of
the 7xxx aluminum alloy. They used 7079 (low Cu) and 7150 (high Cu) in the T651 temper
to correlating precipitate size, shape and composition with the MPR and the pit density
after exposure. TEM analysis of grain boundary precipitates confirmed a higher Cu content
(16 at%) in 7150 compared to (1 at%) in 7079. They reported that the breakdown potential
in deaerated 0.01M NaCl did not differentiate the electrochemical activity as a function of
microstructural changes (ageing). However, the MPR had a clear correlation with stable
pitting. In 7079, the MPR increased with increasing precipitate size of the bulk alloy, but
7150-showed inverse relationship for a larger precipitate size. This transition in MPR was
associated with the compositional changes that occurred during precipitate evolution. With
a longer aging time, the Cu content of the precipitate also increased in 7150 and as a result,
the dissolution kinetics of the precipitates were altered. The enrichment of Cu in
precipitates is dependent on the total Cu content of the alloy. The MPR also correlated well

with the region Il velocity of the v-k curve in 0.1M NaCl.

Xu et al. [63] reported the beneficial effect of high temperature dissolution of the S-phase
(Al2MgCu) on the SCC performance of 7150. The addition of Cu led to the presence of a
significant part of Cu in the form of S phase and Al-Cu.Fe after casting, resulting in the
degradation of the tensile properties, fracture toughness, and the resistance to environment-

assisted cracking (EAC) of the final product. They compared the SCC performance of
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single step solution heat treatment (475°C for 8h), to multi step treatment (475°C for 8h +
485°C for 4h + 495°C for 2h) or the RRA temper (120°C/24h + 185°C/1.5h + 120°C/24h).
The TEM analysis showed that the Cu content in multistep treatment (MSS) samples grain
boundary precipitate is 8.1 at% compared to 4.2 at% for the single step precipitates.
Electrochemical measurements showed that the multistep samples (MSS) samples had
noble Ecorr and higher polarization resistance values than single step samples. Interestingly,
in both cases, the Al-Cu.Fe/matrix interface remained relatively unattacked. The MSS
samples also reported to have higher threshold stress intensity value than single-step
samples. The improved corrosion resistance in MSS is associated with the high solubility
of the s-phase during high-temperature solution heat treatment. The dissolved S particles
can also release Mg and Cu atoms during stepped solution treatment. Extra Cu tends to be
contained in the relatively higher volume fraction of precipitates after RRA treatment. The
decrease in the crack velocity was attributed to the reduced rate of dissolution of the more
noble precipitates or reduced rate of hydrogen ion reduction and hydrogen absorption at

the crack tip at the more noble potential.

Wang et al. [64] studied the effect of Cu content on the susceptibility of the commercial
7xxx alloys in the salt spray environment. In Cu-containing alloys, they reported Al;CuzFe
as primary intermetallic particles, while in Cu free alloy it was AlsFe. A double break down
potential was observed for Cu containing 7055 while a single break down potential was
observed for the Cu lean alloy in polarization experiments in 3.5% NaCl. The effect of
changes in the matrix Zn content dominated the effect of changes in the matrix Cu content
for underaged samples, while the opposite trend was reported for overaged samples. For

the Cu-free Al alloy, the break-down potential increased with aging. This was attributed to
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the depletion of the matrix Zn content resulting from the nucleation and growth of
precipitates. The pitting corrosion depth changed with ageing practice in Cu containing
alloys, the overaged temper had deepest pit and peak aged temper had shallowest pits. In
Cu-free alloys no such trend was observed and the pit depth was significantly lower than
7055. In 7055 the pits were observed around Al;CuzFe and the depletion of the Cu content
had a larger impact on localized pitting corrosion than the matrix Zn content. In Cu-free
alloys, pits were observed around AlsFe but these particles sustained lower cathodic current

than Al;CuzFe.

Meng et al. [65] reported the detrimental effect of Cu addition to the pitting and polarization
resistance behavior of 7xxx alloys. The samples were solution heat treated at 475 ° C for
30 min followed by quenching in water, then artificially aged to T6 temper (120 ° C for
24h). Energy dispersive spectrum (EDS) analysis of the precipitate indicated that with
increasing bulk Cu content the Cu content of the precipitates also increased. Polarization
curves in acidified 0.5M NaCl solution showed two breakdown potentials. The first
breakdown potential was associated with transient dissolution at the surface, while
sustained dissolution occurred above the second breakdown potential. They also reported
semi-continuous shallow attack on grain boundaries in the low Cu content alloys, while
continuous and relatively deep intergranular attack was reported in high Cu alloys. Under
free-corrosion potential conditions, the polarization resistance of high-Cu alloys were
consistently lower than that of Cu-free alloys. X-ray photoelectron spectroscopy (XPS)
analysis of the corroded products clearly indicated the presence of Cu rich clusters in the

high Cu-containing alloys. Such Cu enrichment on the surface facilitates the oxygen
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reduction reaction. Due to this effect, the overall influence of Cu on the corrosion behavior

is detrimental, despite the increase in the breakdown potentials with Cu content.

2.2.2 Effect of Zn/Mg ratio

The work of Gruhl [44] work provided SCC data for low- and high-copper-containing Al-
Zn-Mg-Cu alloys. In this study alloys with a Zn / Mg alloy ratio was between 2.7 and 3
had a high SCC resistance. In the peak age (T6) temper, addition of 1% Cu to alloys with
varying Zn:Mg ratios increases the ‘duration of life” or EAC resistance by an order of

magnitude.

Holroyd et al. [66] summarized the data of SCC of 7xxx in saline solutions. For the 7xxx
alloys, containing Cu less than 0.2 wt% or greater than 0.8 wt% both the Zn/Mg ratio and
the excess Mg had an effect. The crack velocities decreased with increasing Zn / Mg ratio
and reached a minimum for a ratio value between 2 and 3. A further increase in the ratio
increased the crack velocities. Similarly, for this Cu range, the increase in excess Mg
decreased the crack velocities up to a value of 2 and a further increase in excess Mg
increased the crack velocity again. However, for alloys with Cu levels in between 0.2 and
0.8 wt%, such a trend in crack velocities was observed only with excess Mg content. They
also predicted that only 0.8 wt% copper is required for over-aging to be beneficial for SCC

resistance rather than the widely accepted level of 1 wt% copper.

Recently, Wang et al. [67] reported the effect of the Zn / Mg ratio (2, 2.5, 3, 3.6 and 4) on
microstructure and stress corrosion cracking of low Cu (0.09 wt%) 7005 alloy. After hot
rolling, the samples were solutionized at 475 ° C for 1.5 hr followed by quenching in water

at room temperature and aging at 120 ° C. They noticed that when the Zn/Mg ratio is
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relatively low, an increase in Zn content delays the time that the alloy reaches the peak
hardness point. Two age peaks were observed when the Zn / Mg ratio is greater than 3. The
first peak was associated with the GPII and the second with n”. An increase in the Zn/Mg
ratio increased the electrical conductivity of the alloys. TEM data indicated that as the
Zn/Mg ratio increased, the grain boundary precipitate phase of the alloy gradually became
larger and shifted from a continuous precipitation to discontinuous precipitates at the grain
boundaries. The SCC test in 3.5% NaCl + 0.5% H,O> showed that the resistance to SCC
increases with increasing Zn / Mg ratio. They also postulated that smaller 1)’ precipitates
and GP | zones undergo faster dissolution in the chloride-containing environment. This
results in the formation of Mg-H corrosion channels that would accelerate the expansion
of micro cracks. With increasing Zn / Mg ratio, the coarser and discontinuous m’

precipitates at the grain boundary improves the resistance of SCC.

Wu et al. [68] reported the effects of the Cu / Mg ratio (0.67, 1.0, 1.06, 1.6) on the
microstructure, mechanical properties and corrosion behavior of the AA7085. After hot
extrusion at 420 ° C, the samples were solutionized at 475 ° C for 2 h followed by water
quench and T6 aging at 120 ° C for 24 h. They reported that the degrees of recrystallization
increased with a decrease in the Cu/Mg ratio. They predicted that when the Cu/Mg ratio is
equal to 1, the trend for the formation of Al-Cu-Zn phases will be strong. For lower ratio
values, when the Mg content increases, the trend of forming intermetallic compounds, such
as the phases S (Al.CuMg), T ( Al2MgsZns) and n (MgZn2) increases. They also mentioned
that the amount of S phase would be lower for alloys of lower ratio than that of the alloys
with a Cu / Mg ratio of 1. Therefore, with an increase in the Cu/Mg ratio, the volume

fraction of other tiny phases increases, resulting in higher Zener pinning. In other words,
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the dispersion of these particles will exert a retarding force or pressure on the moving grain
boundaries. The mechanical properties of the alloy have a close relationship with the
degree of recrystallization. The fully recrystallized alloy exhibited low fracture toughness
due to the higher density of the grain boundary precipitates. However, partially
recrystallized alloys exhibited higher fracture toughness with ductile transgranular fracture.
Similarly, in fully recrystallized grain materials, precipitates with higher density formed at
the high-angle grain boundaries and were preferentially attacked at the beginning of
intergranular corrosion. In partially recrystallized materials with fine sub-grain boundaries
the precipitates were fine and discontinuous at the grain boundary. This partially
recrystallized appears to have increased resistance to intergranular corrosion and

exfoliation corrosion.

2.2.3 Effect of minor alloying elements (Zr, Yb, Cr, Er)

When the F-temper samples are subjected to solution heat treatment, the deformed grains
due to the prior rolling practice undergo a phenomenon called recrystallization. This is
defined as the process of removing defects in the microstructure by nucleation and
migration of high-angle grain boundaries. At the end of the recrystallization process, the
deformed grains are completely replaced by equiaxed grains with a mis-orientation angle
greater than 15° [69]. These high angle grain boundaries tend to be energetically favorable
for precipitate nucleation during the aging sequence. The resulting grain boundary
microstructure consists of a continuous presence of precipitate, and they are highly
susceptible to intergranular attack [70]. Elements such as Zr, Cr, Er, Sc are added to the
aluminum alloys to form nanometer-sized dispersoids in order to inhibit the

recrystallization. The coherent and cubic L12 AlsZr dispersoids more efficiently exert a
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Zener drag on migrating subgrain boundaries during high-temperature processing (e.g.,
extrusion or hot rolling) and annealing of the alloy [71]. Zener drag is the phenomenon of
the dispersed second-phase particle exerting a drag force on the migrating grain boundary
[72]. Inhibition of recrystallization during the thermal treatment process results in the
preservation of the unrecrytallized microstructure from the prior rolling process. The
unrecrystallized microstructure contains subgrain boundaries with a lower misoreintation
angle. These grain boundaries are not energetically favorable for precipitate nucleation
during ageing treatment and as a result, they are not susceptible to intergranular corrosion

[70].

Chen et al. [73] studied the effect of micro alloying elements such as the addition of Yb,
Crand Zr on microstructure, mechanical properties and corrosion behavior. The extruded
samples were heated to solution at 480°C for 2h followed by water quench and aged to T6
at 130 ° C for 24h. XRD measurements showed the presence of YbCr2Alzo dispersoids in
alloys containing Yb. The crystal structures of these dispersoids are of the type cubic
CeCr2Al. These dispersoids stabilized the deformation—recovery microstructure with low
angle subgrain or grain boundaries by pinning the subgrain boundaries and retarding the
transformation of subgrain boundaries to high angle grain boundaries. The n phase particles
were distributed discontinuously at the grain boundaries of the non-recrystallized alloy
with high proportion of low angle grain boundaries. This, in turn, appears to have improved
exfoliation and intergranular corrosion resistance. In general, complex additions of Yb, Cr
and Zr to the Al-Zn-Mg-Cu alloy resulted in increased resistance to stress corrosion
cracking and increased the threshold or critical stress intensity factor (Kiscc) from 9.8 to

17.0MPa m2,
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Fang et al. [74] followed up on Chen et al [73] work to probe into the localized corrosion
of Al-Zn-Mg-Cu alloy with micro additions of Yb, Cr, and Zr. Electrochemical
polarization in IGC test solution (30 g/L NaCl + 10 g/L HCI) showed that Yb additions

pushed the free corrosion potential in a noble direction and decreased the corrosion current.

Work on other rare earth elements such as the Al-Zn-Mg-Cu-Zr alloy had been reported as
well [75]. TEM and selected area electron diffraction (SAED) patterns confirmed the
presence of coherent Zn, Mg, Cu, and Cr-containing Als(Zr, Er) dispersoids. These
dispersoids inhibited recrystallization more than those of the Yb, Cr--containing alloys.
This resulted in higher resistance to exfoliation corrosion (EXCO) (Rank EA, based on
ASTM G34 [76]) than the alloys containing recrystallized microstructure (rank EB+, based
on ASTM G34 [76]). The critical stress intensity factor of the stress corrosion cracking
Kiscc in the v-K plot increased from 9.2 to 22 MPa m*? in the Er-containing alloy. Even
U-bend samples didn’t fail after 149 h exposure in 3.5% NaCl solution, while the
recrystallized material failed into two independent pieces after 10 min of exposure. The
addition of rare earth stabilized the L1, — structured coarsening resistant and coherent
Alz(Zr,RE) type dispersoids. These dispersoids significantly inhibited recrystallization by
pining the grain boundary and stabilized the deformation—recovery microstructure with
numerous fine subgrain boundaries. Finer and scattered MgZn, phases precipitated along
the unrecrystallized subgrain boundaries having a lower energy, which led to decreasing
the percentages of intergranular fracture, delaying the propagation of SCC crack, and
increasing the fracture toughness and localized corrosion resistance of the Al-Zn-Mg-Cu

alloy.
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S. Chen et al. [77] investigated the effect of recrystallization related to the grain boundary
and its influence on the size and distribution of grain boundary precipitate. They controlled
the degree of recrystallization for a 20mm thick forged 7085 (7.5Zn, 1.5Cu, 1.6Mg, 0.12Zr,
0.06Fe, 0.02Si and balance Al, wt.%), by subjecting them to solution heat treatment for 1h.
These samples were further aged to T6 (120 ° C @ 24h) and T74 (110°C @ 6 h + 160 °
C @ 10 h). The fracture surface after mechanical testing indicated that with an increase in
the volume fraction of recrystallization, the morphology changed from transgranular to
intergranular. The SCC test indicated that the cracking susceptibility decreased with
decreasing recrystallization fraction. TEM images showed that fine grain boundary
precipitate increased with a decrease in the volume fraction of recrystallized grains. The
improved resistance was associated with the ability of unrecrystallized boundaries to act as
hydrogen trapping sites and decrease hydrogen concentration in grain boundaries. In
addition, the large number of subgrains was benefited to homogeneous slip. In the
improved SCC resistance was associated with coarsening of grain boundary precipitate and

enrichment of Cu concentration.

M.B.Kannan et al. [78] reported the improved resistance to SCC of the Al-Zn-Mg-Cu-Zr
with addition of scandium, Sc. The samples were heat treated to 465°C followed by water
quench and two-step peak aging conditions (100 ° C @ 8h + 120°C @ 8h). The scandium-
containing alloy showed elongated fibrous unrecrystallized grains, whereas the base alloy
revealed large pancake-shaped grains as well as equiaxed recrystallized grains. TEM
images of the grain boundary showed that the base alloy had a continuous presence of
precipitates along the grain boundary while the scandium-containing alloy showed

discontinuity in the arrangement of precipitates along the grain boundary. No differences
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were observed in the chemical composition between the grain boundary precipitates of the
two alloys. The slow strain test showed that the scandium-containing alloy had a higher
strain ratio than the base alloy. Similarly, the U-bend samples of the base alloy failed after
20 h of exposure, while the Sc-containing alloy didn’t fail even after four months of
exposure. The improved SCC resistance of the scandium-containing alloy was associated
with the discontinuity in the grain boundary precipitate, resulting in a lower rate of

dissolution.

2.3 Joining of 7xxx

Thermal dissipation during the joining process induces localized isothermal sections. This
thermal gradient is detrimental to the microstructure and affects the mechanical properties
of the welded joint [50]. During fusion welding of heat treatable aluminum alloys (2xxXx,
6XXX, 7xXX), the region close to the base metal (heat affected zone) experiences a relatively
lower temperature; this results in the coarsening of the precipitates similar to the overaging
process. The zone next to this region called the fusion zone experiences a temperature
above the solvus limit and the precipitates in this zone are completely dissolved into the
matrix. Finally, the zone adjacent to the fusion zone is called a partially melted zone. The

grain boundaries in the partially melted zone are rich in the solute. [79, 80]

The resistance spot welding (RSW) process is based on the joules law of heating, and the
resistance (R) between the faying surfaces increases the heat output (J) when a constant
current (1) is applied on them (J = I°R). The heat generated during this process results in
fusion welding of the surfaces. After the current flow is stopped, the electrode force is

maintained for another short duration (forging step) to allow the workpiece to rapidly cool
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and solidify. Generally, the microstructure of Al alloy resistance spot welds can be divided
into three distinct zones: the base metal (BM), the heat-affected zone (HAZ), the fusion
zone (FZ) or the nugget zone. Furthermore, the Al alloys have shown that the FZ contained
two different microstructures, ie, a columnar grain structure at the edge of the nugget and
an equiaxed grain structure at the center of the nugget (Error! Reference source not found.). T
he reason for the two different microstructures was associated with the variation in cooling

rate within the nugget zone.

F.Hayat [81] studied the effect of ageing treatment on the similar and dissimilar resistance
spot welds of 6061-T6 to 7075-T651. They noticed that the HAZ is formed in different
grain sizes and widths at 6061 and 7075 alloy portions of dissimilar RSW joints. Similarly,
the fusion zone was narrower for 7075 compared to 6061. A higher degree of incipient
melting was observed on the 7075 near the transition zone between fusion and HAZ. This
was attributed to the wide solidification range of the alloy. The porosity in the fusion zone
was associated with hydrogen, as it can dissolve in a greater amount in liquid aluminum.
XRD and electron probe micro analysis (EPMA) analysis confirmed the presence of
various intermetallics such as AlZn, AIMg and MgO and Mg2AlSi4O1. at the interface of
weld joints. The decrease in microhardness was attributed to the dissolution of
strengthening precipitates in welds of the Al alloy. The largest reduction in microhardness
was observed in the nugget of the welds, where the melting of the base materials promoted
the total dissolution of the strengthening precipitates. The fracture mode during the tensile
testing was the button mode in the dissimilar weld joint. The 7075 fractographs showed a

clear sign of brittle failure, while the 6061 side showed ductile failure. The distinct
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difference in the fracture surface was associated with the presence of brittle intermetallic

phases.

S.Wu et al. [82] recently reported the presence of a thermo-mechanically affected zone
(TMAZ) in AA6111 spot welded samples. The region between the base metal (BM) and
the weld nugget, which experienced both heat and indentation deformation during the
welding process, was defined as TMAZ. The reported width of the TMAZ was 1.5 to 2.0
mm. They further classified this region in to three parts TMAZ — I, 1l and 11 based on the
location from the fusion zone. Region I was close to the partially melted zone and located
at the nugget boundary. It was harder than the nugget, but softer than the BM. Region 1l
was a cylindrical shell around the nugget and was harder than region BM. TEM
examination of the FIB liftoff in this region showed a clear presence of dislocation cells
and a few GP zones. Therefore, the increase in hardness was attributed to the hardening of
the strain. Finally, region Il is between the nugget and the outer sheet surfaces at the
electrode imprint, and the hardness value is comparable to that of BM. The fracture mode
was interfacial fracture during tensile testing. The metallography cross section of the
fractured surface showed that the fracture began at the sharp weld notch, then propagated
through the soft nugget. It provides the least resistance to fracture. The relatively large
difference in the hardness profile of the nugget and the hardened TMAZ constitute a
metallurgical notch that impacts load transference throughout the joint. This is very critical
in cyclic load situations where fatigue crack often starts at this combined metallurgical and

geometrical notch on the faying surface.

Recently Maddela et al. [83] compared the corrosion performance of the RSW and self-

pierce rivet joints of 6061-T4 and low-carbon steel. After 50 cycles of exposure to
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GMW17026, they noticed that RSW joints exhibited higher galvanic corrosion resistance
compared to the riveted joint. However, the addition of structural adhesive improved the
galvanic corrosion performance of the riveted joints. The residual strength of the joints
after corrosion testing showed a similar trend. The RSW joints did not exhibit a statistically
significant drop in strength; of the strength however, the riveted joints dropped by 48%
compared to unexposed samples. Interestingly, both adhesive RSW and riveted joints
showed a 55% drop in strength, which was attributed to the degradation of adhesive at the

interface resulting from the cyclic corrosion testing.

Although the microstructure of the spot-welded joints have been characterized in detail,

the corrosion aspect of this microstructure remains largely unexplored.

2.4 Problem definition

Data from the literature on 7xxx effect of grain size on the corrosion appears to be
inconclusive. Tsai et al. [54] work was carried out on two commercially available products
with different grain sizes. It did not focus on the effect of specific processing sequence
impacting grain size and subsequent effect on stress corrosion cracking susceptibility. Few
factors such as the degree of cold work reduction, recovery annealing temperature, and
duration of solution heat treatment play dominant role in affecting the grain size of the
material during sheet metal manufacturing. In the case of precipitate hardening alloys such
as 7xxx, the grain size variation could affect the precipitate microstructure at the grain
boundary (size and, composition) and in turn affects the corrosion performance. Therefore,
there is a need to understand the effect of grain size on the corrosion performance of 7xxx

alloys.
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In the area of the 7xxx alloy composition, the role of Cu is under constant scrutiny.
However, none of the reported works varied Cu with the same upstream processing
parameters, such as the homogenization step, the reduction of hot and cold work. In most
of the work, the final solution heat treatment and ageing steps were kept the same but the
upstream processing sequences of the alloys were unknown. The majority of the reported
literature work shows that the addition of Cu improves intergranular corrosion due to the
incorporation of Cu in MgZn. particles [46, 62, 84]. In precracked specimens, the increase
in Cu content increases the threshold stress intensity factor and decreases the region Il
plateau velocity. However, the increase in the number of Al7Cu2Fe-type particles in high
Cu alloys remains a concern due to its higher cathodic activity relative to the matrix [85].
Zr is added to the 7xxx matrix to inhibit recrystallization, due to the formation of AlsZr
dispersoids. Such an unrecrystallized microstructure affects the misorientation angle and
subsequent grain-boundary corrosion resistance. Alloys with combination of
unrecrystallized microstructure and Cu addition have resulted in the high strength in new
class of 7xxx alloys [60, 61]. However, there is limited understanding of the effect of Cu

and Zr on the corrosion performance of such alloys.

When it comes to 7xxx joint corrosion, the data in the literature mainly focuses on the
solid-state welding process such as the friction stir welding process but the data on the
RSW process are very scant. Interestingly, the RSW is one of the commonly used joining
technique by automotive original equipment manufacturer (OEM). A typical automotive
body structure has 3000 — 5000 spot welds, yet very limited corrosion data is available

[86]. The RSW process results in gradient microstructures that are very susceptible to
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localized corrosion. Therefore, a need for characterizing the 7xxx RSW microstructure and

its impact on the corrosion resistance of the joints is needed.

2.5 Hypothesis

1. The microstructure of the grain boundary and composition of features such as the
grain boundary precipitate (size and distribution) and the adjacent precipitate
freezone is affected by changing the grain size of the material. This in turn affects
the corrosion morphology and the SCC resistance.

2. The addition of Cu in Zr-containing alloys appears to increase Al-Cu.Fe and S
phase particles. The increase in Al;CuzFe particles will result in increased pitting
susceptibility and decreased resistance to SCC. The increase in S phase particles
has an effect on the AlsZr number densities. This in turn will affect the
misorientation angle resulting in intergranular attack morphology.

3. Zn/Mg ratio in the matrix affects the grain boundary composition (PFZ and GBP)
and this in turn affects the SCC performance in humid environment due to
interaction with the adsorbed hydrogen.

4. The sensitized grain boundary in the heat affected zone controls the corrosion

performance and durability of the 7xxx RSW joints.

2.6 Research objectives

The overall objective of this work is to understand the effect of alloy composition,
processing sequence, and joining methods on the structural forms of corrosion (IGC, SCC)
in 7xxx class of sheet gauge alloys. The following subsections outline the specific aspects

of the work that will be investigated to fill known gaps in existing research.
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2.6.1 Effect of grain size on the SCC of 7075-T6

The aim of this work is to establish a link between grain size and its effect on grain
boundary microstructure and its subsequent effect on corrosion resistance. The features of
grain boundary microstructure that are of interest in this work are size, continuity, and

composition of grain boundary precipitate and the adjoining precipitate free zone.

In this work, we will explore two distinct methods namely the cold work reduction and
recovery anneal, to control the grain size. The grain boundary features will be characterized
by scanning transmission electron microscopy (STEM). The samples will then be subjected
to IGC, SCC, and hydrogen penetration tests to determine the underlying mechanism of

stress corrosion cracking.

2.6.2 Effect of Cu addition on the SCC of Zr containing 7xxx-T6

The purpose of this work is to understand the effect of major (Cu) and minor (Zr) alloying
elements on the corrosion performance of Al-Mg-Zn alloys. This would unravel the link

between the alloy composition and corrosion property relationship of 7xxx alloys.

Alloys with controlled addition of Cu (0.3, 1.17, 1.35 wt%) and Zr (0.1 wt%) to the 7xxx
matrix will be obtained by the direct chill casting method. The samples will be then
subjected to similar homogenization, hot and cold roll sequence to obtain 2mm thick
material. The resulting microstructure will be characterized and evaluated for its corrosion
resistance. The specific focus will be on the effect of the testing environment and second
phase particles (constituents and precipitates) on the localized corrosion resistance of these

alloys.
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2.6.3 Effect of Zn/Mg ratio on the SCC of high solute 7xxx-T6 in humid environment

Recent publication in the European Aviation Safety Agency (EASA) safety information
bulletin (SIB No: 2018-04) indicated that the high solute level of the next generation of the
7xxx alloys may be susceptible to cracking in a humid environment. Zn and Mg ratio is
one of the key parameter that is adjusted to increase the strength of the alloys. The objective
of this work is to assess the effect of bulk Zn/Mg ratio on the SCC performance in humid

environment.

2.6.4 Microstructure and corrosion characterization of the 7075-5182 dissimilar joints via

resistance spot welding and self-pierce rivet.

The goal of this work is to understand the effect of the 7075 to 5182 RSW and SPR
microstructure on its corrosion resistance. This work would also focus on the evaluation of
the corrosion performance of different joints (7xxx to 5182) and the post-weld heat
treatment. The weld microstructure will be characterized and the concepts of the localized

electrochemical technique will be applied extensively.
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CHAPTER 3: EXPERIMENTAL

In this dissertation, the following characterization methods were extensively used to
understand the link between the grain boundary microstructure and the corrosion
performance of the 7xxx alloys. The experimental methods are broadly classified into
microstructure characterization, corrosion evaluation, and density functional theory

simulation.

3.1 Microstructure Characterization

This section includes the basic principles and method details of the techniques that were
used to determine the composition, imaging of the microstructure features, and local

mechanical property evaluation.

3.1.1 Inductively coupled plasma - optical emission spectroscopy (ICP-OES)

To measure the alloy composition of the samples, inductively coupled plasma with optical
emission spectroscopy (ICP-OES) was used. ICP-OES is an analytical technique that can
be used to identify and measure the concentration of elements of interest. The ICP-OES
uses an argon plasma to excite atoms of elements in the assay, and as they return to ground
state, they emit light of specific wavelength. This characteristic wavelength is used to
identify elements within the assay. The amount of light released at each wavelength is
proportional to the number of atoms or ions making the transition, and from Beer-Lamberts
law one could determine the concentration of the elements based on the light intensity. In
this work, the Varian Vista Pro ICP-OES that was calibrated with the CPI international

multielement custom standard containing Cu, Fe, Mg, Mn, and Zn Cr, Ni, Ti and V was
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used. The aluminum samples were digested in orthophosphoric acid at 200°C to prepare

the assay.

3.1.2 Optical microscopy

Optical microscopy was extensively used to examine features such as the grain structure,
the morphology of the corrosion attack, and the crack propagation path of the fractured
samples. To analyze the grain structures the samples were mounted on the epoxy molds
and progressively polished to 0.05 um finish, followed by anodizing in Barker’s solution
(1.8% Fluoboric acid in water) at 25V DC for 2 minutes. The etched samples were imaged
under plane polarized light with tint using the Ziess Axiolmager.A1m metallurgical
microscope. The corrosion morphology after immersion experiments was determined by
imaging polished cross sections of the samples with the Keyence VHX 5000 digital optical
microscope. A similar procedure was adopted to image the fractured samples after

sectioning along the loading direction.

3.1.3 Electron microscopy

When an accelerated electron beam interacts with the material atoms, several phenomena
could occur simultaneously depending on the thickness of the sample [87]. Some key
examples include generation of secondary electrons, backscattering of primary electron
beam, generation of characteristic X-rays, and elastically and inelastically scattered
electrons. The application of each of these phenomena can offer value insights into the
microstructure of the material at different length scales. These include information on grain

boundary misorientation angle, texture, imaging of fractured surface, particle analysis,
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grain boundary features characterization, etc. [88]. The following is a summary of the key

methods that were used in this work.

3.1.4 Scanning electron microscopy (SEM)

Secondary electrons (SE) are generated when an accelerated electron beam ejects weakly
bound conduction band electrons in metals. This process is an inelastic electron scattering
event, and the SE suffers rapid energy loss with distance traveled, limiting the range of an
SE to a few nanometers. As a result, only the electrons generated from the surface of the
samples reach the detector, allowing for an accurate characterization of the surface features
using this method. Fractured surface images were characterized under the secondary
electron imaging mode in the FEI Versa Dual Beam SEM at an accelerated voltage of 20
kV. To prepare the fractured surfaces for imaging, the samples were cleaned with hexane
and methanol to remove loose dirt and grease, followed by drying with compressed air. For
samples with extensive corrosion product on the fractured surface, desmutting was

performed using concentrated HNO:s.

3.1.5 Scanning Transmission Electron Microscopy (STEM).

When the thickness of a sample is in the order of a few nanometers, an accelerated electron
beam can be transmitted through the material, resulting in elastic and inelastic scattering
events. In a Scanning Transmission Electron Microscope (STEM), a bright field image is
formed when the detector captures electrons scattered at low angles (< 10 mrad) [89]. The
detector also collects electrons that pass through the sample with little or no scattering,

creating a high-contrast image of the sample's atomic structure. In STEM, a fine electron

41



probe is scanned across the sample, allowing for the acquisition of a series of images that

can be used to reconstruct a high-resolution image of the sample.

The grain boundary features, such as precipitates and adjoining precipitate-free zones, were
imaged in bright field mode using FEI Versa Dual Beam SEM equipped with a STEM 3+
detector at an accelerated voltage of 30 kV or a Techai G2 F30 S-TWIN FEG transmission
electron microscope in STEM mode at 300 kV. STEM lamellae were prepared by
sequential grinding down the samples to a thickness of 100 um, followed by jet polishing
in a mixture of 30% HNOz and CH3OH at -25°C. A DC voltage of 15.5 V was used in the

Struers twin jet electropolisher machine to make the perforated specimen.

3.1.6 Energy dispersive spectroscopy (EDS)

The characteristics of X-rays are generated as a result of the interaction between the
incoming electron beam and the electrons in the inner core shell of a metal atom [88]. When
the kinetic energy of the electron beam is greater than the ionization energy of the electron
in the inner shell, such as the K-shell, a vacancy is created due to removal of this inner-
shell electron. Electrons from an outer shell, such as the L-shell, make a transition to fill
this hole, releasing energy in the form of X-rays during this K-L intershell transition. As
the electron shell energy levels are highly discretized, the energy of the generated X-ray is
unique to the transition and can be used to identify the element. To determine the
composition of the grain boundary precipitates and adjoining precipitate free zone, the
Tecnai G2 F30 S-TWIN FEG transmission electron microscope equipped with the

PentaFET Precision Xplore - 80mm? SDD from Oxford instruments was used at an
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accelerated voltage of 300 kV or FEI Apreo equipped with Oxford’s XmaxN - 150 mm?

SDD and STEM 3+ detector at an accelerating voltage of 30kV.

3.1.7 Electron backscattered diffraction (EBSD)

When the primary electron interacts with the crystalline materials, the backscattered
electrons that are generated through the elastic scattering events can be diffracted by the
atomic arrangements in crystalline materials. These diffracted electrons when captured on
a phosphor screen exhibit line patterns called Kikuchi bands or electron backscattered
patterns (EBSP). These data serve the purpose of identifying the phase, indexing the
pattern, and determining the orientation of the crystal from which the pattern originated
[90]. In addition, the local average misorientation (LAM) maps give information on the
plastic strain within the grain or crystal [91]. This is a pixel-based measurement that
calculates the average misorientation between a point on the 3x3 measurement grid and its
neighbors. In this work, FEI Versa Dual Beam SEM equipped with the NordlysMax
detector from Oxford instruments was used for the EBSD measurements. The samples were
polished to 0.05 um colloidal silica finish and placed at an angle 70° to the primary electron
beam. The accelerating voltage was set at 20kV with a EBSD scan step size of 1um was

used. The data were analyzed in the Aztec crystal software.

3.1.8 Microhardness

Vickers hardness is commonly used to determine the ability of the materials to resist
indentation. The microstructure changes brought about by the various joining methods can
be characterized with the help of a hardness map. The Vickers microhardness distribution

maps were measured on the cross-section of the resistance spot welded and self-pierce rivet

43



joints using the LECO 248AT tester under a load of 50 gf for 15 seconds. The spacing
between the subsequent indentation was maintained at least 2.5 times the width of the
indenter to conform with the ASTM E384-17 standard. The joint samples were sectioned

and polished to a 0.05 pm finish.

3.2 Corrosion Testing

The following section briefly describes the methods that were used to assess the corrosion
performance of the monolithic and joint samples. They are based on commonly used

ASTM standards and automotive original equipment manufacturer (OEM) test cycles.

3.2.1 Immersion experiments

To determine the morphology of the corrosion, the samples were immersed in a solution
containing NaCl and H20- according to ASTM G110. This standard is mainly used for heat
treatable aluminum alloys such as 2xxx and 7xxx alloys. The samples were etched in HNO3
and HF containing solution followed by exposure in NaCl and H2O; over a period of 24h.
After exposure, the samples were sectioned, polished, and examined under an optical

microscope.

3.2.2 Slow strain rate test (SSRT)

The slow strain rate technique is an uniaxial tensile testing method performed at a strain
rate of 10-6 s™*. The samples are tested in an inert environment such as air or silicone oil,
as well as in corrosive environments of interest. The ratio of the mechanical properties
(yield strength, total elongation) in the corrosive to inert environment gives a measure of

the susceptibility to stress corrosion cracking (SCC) [92]. A ratio close to 1 indicates that
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the material has higher resistance to SCC in the tested conditions, while lower values
indicate lower resistance. In this work, the samples were machined into a flat dog-bone
geometry and the side sections were polished to remove machining marks. A nominal strain
rate of 2 x 10 s-! was used in both air and ASTM D1384 (165 ppm NaCl + 138 ppm
NaHCOs + 148 ppm Na>SOa) containing 1% H>O> peroxide. After the test, the fractured
samples were subjected to metallography cross-section and SEM examination to determine

fracture mode and morphology.

3.2.3 Constant displacement test

Constant displacement testing was carried out to assess the resistance to SCC of the 7xxx
alloys in humid environment. Two types of constant displacement frames were used,
namely uniaxial and four point bend fixtures. The uniaxial constant displacement frame
was based on the ASTM G49-85 (2019) standard. The specimen is machined to a dog bone
geometry and loaded to the predetermined stress level, and locked into the final position
by moving the side beams. The stress level of the samples was monitored using the strain
measurements from the digital image correlation (DIC). Four-point bending fixtures were
based on the ASTM standard G39-99 (2021). The sample geometry is rectangular shape
with dimension of 4” (rolling) by 1” and the sheared edges were polished to 240 grit finish.
The samples were assembled in the four-point bend fixture and loaded to a predetermined
stress level based on the deflection. The following equation relates the stress level at the
midpoint of the samples to the deflection.

12Ety
" 3H2 — 442
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Where o is the maximum tensile stress at the midpoint of the rectangular specimen, E is
the modulus elasticity, t is the thickness of the specimen, y is the maximum deflection
(between the outer supports), H is the distance between the outer supports and A is the
distance between the inner and outer supports. The dimensions of the fixtures were chosen

such that H = 4A.

3.2.4 Electrochemical Polarization

The samples were tested in the mill finish condition after degreasing with hexane and
methanol to remove loose dirt and organics. Potentiodynamic tests were carried out in
Gamry reference 600 electrochemical unit. The aluminum sample of interest was the
working electrode while saturated calomel and graphite were used as the reference and
counter electrode, respectively. Before the start of the polarization, the free corrosion
potential (Ecorr) Was monitored over a period of 1h to allow the system to reach a stable
equilibrium. For the anodic polarization the potential window was from -20mVecor to +
1000mVEecorr and for the cathodic polarization it was from +20mVecorr to -1000mVecorr. A
scan rate of 10mV/min was used for both polarization types. For measuring galvanic
current corrosion transients, the zero resistance ammeter (ZRA) mode was used. The
samples were placed at the two ends of the flat electrochemical cell, one sample was
connected to the working and working sense electrode, and the other sample connected to
the counter and counter sense. The saturated calomel was used as the reference electrode.

The transients were measured over a period of 24h.
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3.2.5 Scanning Vibrating Electrode Technique (SVET)

The scanning vibrating electrode technique (SVET) measures the potential gradients
developed in the electrolyte as a result of the flow of ionic currents between the anodic and
cathodic zones [93]. As a result, this can be used to map variations in current densities at
the microscale over a corroding metal. In this thesis, SVET was used to study the corrosion
hot spots of the RSW and SPR joints. Joint samples were cross sectioned and polished to
a 0.05 um finish. The Verascan scanning electrochemical system was used to perform the
SVET measurements in 0.5 wt% NaCl. The Pt/Ir microelectrode was placed at a distance
of 100 um from the sample surface. The following were experimental conditions; the gain
of the electrometer was set at 1000, a time constant of 500 mS, amplitude of 30 um,
frequency of 80 Hz and the scan area was 3.5mm by 16mm. The joint section corrosion
activity was monitored over a period of 24h with a scan carried out at every one hour. To
convert the measured potential value to current densities, we used the following calibration

procedure [94].

AV = —ipAr

Where AV is the potential measured by SVET at any point, p is the solution resistivity, Ar
is the distance between the two points where AV is measured and the current density i at a
distance r from the point source. For a point source with a current value of I, the current

density i is calculated from the following equation.

4mrr?
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The quantity p. Ar is called the proportionality factor and is determined from the slope of i
Vs AV. In this work, the 3um gold wire embedded in epoxy supplied by Verascan was used
as a point source. For the calibration process, tap water with a conductivity of 108 puS was
used as an electrolyte and the applied current was varied from 10uA to 70 PA. The
proportionality factor was updated for 0.5 wt% NaCl solution conductivity to convert the

measured local potential values to current densities.

3.2.6 ASTM G85-A2

It is a cyclic acidified salt spray test that is generally applicable to ferrous and non-ferrous
metals and also organic and inorganic coatings [95]. This test cycle was used to assess the
effect of residual stress on the SCC performance of the RSW and SPR joints. The gfog
CCT 1100 chamber was programmed to run the test cycle at constant temperature of 49 °
C. It consists of 45 min of salt spray (5% NacCl, acidified to pH 3 with acetic acid) followed
by 2 hours of dry air purge and 3 hours of 15 minutes of soak at high relative humidity (>
95% RH). This 6 h cycle was repeated over the course of 28 days. At the end of the test
cycles, the samples were subjected to metallography cross section and residual strength

measurements.

3.2.7 ASTM G44

This is an alternate immersion test cycle that is used to assess SCC resistance, but is often
used for other forms of corrosion, such as uniform, pitting, intergranular, and galvanic
corrosion of aluminum alloys [96]. This test cycle was used to assess the impact of
environmental exposure in the elongation to fracture of unstressed 7xxx alloys. The test

cycle consists of immersion for 10 min in 3.5% NaCl followed by 50 min period of the
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solution, during which the samples are allowed to dry. The experiments were carried out
at room temperature of 27°C and a relative humidity of 45%. The test duration was 40 days,
and at the end of the testing period, the samples were subjected to metallography

examination and assessment of residual tensile properties.

3.2.8 OEM cyclic corrosion test.

This OEM test cycle was carried out to assess the effect of applied stress on the SCC
performance of the RSW and SPR joints. Joint samples were stressed to 50% of their
maximum strength using a spring-loaded tube. The Qfog CRH 1100 chamber was
programmed with a test cycle consisting of 0.5% NaCl spray at room temperature followed
by 6 h exposure at 60% relative humidity at 20 ° C, followed by 15 h exposure at 85%
relative humidity at 50 ° C and finally 3 h exposure at 30% relative humidity at 50 ° C. The
duration was about 100 days and at the end of it, the joint samples were subjected to a

metallography examination and a determination of residual tensile properties.

3.3 Density Functional Theory (DFT) calculations

The fundamental principle of density functional theory states that the electronic charge or
density is functional for electronic energy. In other words, there exists one-to-one mapping
between electronic density to electronic energy. To determine the energy of a particle from
first-principles calculations methods the Schrodinger wave equation must be solved. For a
system with multiple particles or atoms, the complexity in solving the wave functions
increases rapidly. DFT offers approximations to determine the energy of the system

without the need for explicit calculations of wave functions [97].
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It involves the following steps.

1. Specification of the geometry of the system under study, including the positions of
the Al atoms and solute atoms such as H, Zn, Mg, etc.

2. Choosing a suitable exchange-correlation functional to describe the electronic
interactions in the system.

3. Select a basis set to represent the electronic wavefunction, such as plane waves.

4. Solve the Kohn-Sham equations, which describe the electronic structure of the

system, to obtain the electronic density and the electronic energy.

In this work, the DFT calculations are used to calculate the grain boundary segregation
energy of the solute atoms in the aluminum matrix and its subsequent effect on the grain
boundary embrittlement energy. The calculations were performed according to the Vienna
Ab-initio simulation package (VASP) with the exchange and correlation terms described
by the generalized gradient approximation (GGA) proposed by Perdew, Burke, and
Ernzerhof (PBE). A plane-wave cut-off of 500 eV was taken for all calculations. The
convergence tolerance of the atomic forces was 0.01 eV / and of total energies is 10 °eV.
The k-point sampling number was set large enough so that the convergence of the total
energies was within 2meV per atom. Brillouin zone integration was made using
Methfessel-Paxton smearing. lonic relaxations were allowed in all calculations while the
shape and volume fixed. The calculated values of 3’5 grain boundary energy (587 mJ/m?)
and free surface energy (1059 mJ/m?) of pure Al were found to be within the convergence

criteria, which is consistent with previous DFT-GGA calculations [97, 98].
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CHAPTER 4: EFFECT OF GRAIN SIZE ON THE IGC AND SCC

RESISTANCE OF 7075 ALLOY.

4.1 Background

From the literature review it is evident that the grain size effect on the corrosion
performance is still subject of debate. The primary reason behind the confounding effect is
due to changes in the microstructure such as texture or grain boundary misorientation angle
etc, whenever there is a change in grain size. Similarly, the effect of grain size on the grain
boundary features is still not clearly established. The objective of this chapter is to
systematically establish the link between the grain size and the corrosion resistance of the

7075 alloy in T6 temper.

4.2 Approach

The composition of the 7075 is listed in Table 4-1. Grain size of the samples were changed
either by controlling the degree of cold work of hot rolled gauge (CR) or by recovery
annealing (RA) of final gauge F-temper material. Schematic version of the fabrication step
is shown in Figure 4-1. In cold work route, a 10mm thick hot rolled 7075 was scalped
down to 4 mm using the computer numerical control (CNC) milling machine. Equal
amount of material was removed from the top and bottom during the milling process. Then
the material was cold rolled down to 2 mm (50% CR). For comparison purpose, the 10mm
thick hot band was directly cold rolled to 2mm (80% CR). Then samples were subjected to
solutionizing and T6 ageing treatment. In recovery annealing (RA) route, a final gauge

2mm thick F-temper material was annealed either to 250°C, 350°C or 450°C for 2h.
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Table 4-1: Alloy composition of 7075-T6

Elements Zn Cu Mg Fe Si Mn Cr
Composition in wt% 5.68 — 1.58 - 243 - 0.25 - 0.04 - 0.05 - 0.20 -
5.88 1.78 2.26 0.35 0.14 0.15 0.30

A heat ramp of 50°C/h and the cooling ramp of 10°C/h was used to produce the samples.
Then these samples were subjected to solutionizing and T6 ageing treatment. The following
heat treatment sequence was used in achieving the T6 temper. Solutionizing samples at
480°C for 5 min followed by water quench at a rate of 350°C/s. Subsequent T6 ageing was

carried out at 125°C for 24h.

50% CR Anneal at
2mm by 250°C for 2h
4mm by ’
scalping cold rolling / \
l SHT@
10 mm Hot band SHT @ 2mm F-temper | ——,  Anneal at 480°C and
Si-7075 480°C and 350°C for 2h T6 ageing
80% CR T6 ageing Recovery \
2mmb anneal Anneal at
Cold work route com\nrymg e 450°C for 2h -~

Figure 4-1: Schematic of two independent (cold work and recovery anneal) thermomechanical
treatment used for generating samples with different grain size.

4.3 Results

Effect of Cold Work (CR)Error! Reference source not found. shows the plane view
images of the Barkers-etched samples under plane polarized light. We could observe that
the 80% cold-worked material (80% CR) has coarser grains compared to the 50% cold-
work material. The grain size from the intercept method showed that 80% CR had an

average grain size of 27 um, while the 50% CR had a grain
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Figure 4-2: Plan view optical microscope images of the (a) 80% CR (b) 50% CR (c) 250°C RA (d) 350°C
RA (e) 450°C RA respectively.

size of 51 um in plane view. Error! Reference source not found. shows the inverse pole f
igure map from EBSD analysis, apart from the grain size, qualitatively the crystallographic

orientation was comparable between the 80% and 50% CR samples.
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Figure 4-3: Inverse pole figure (IPF) map from EBSD analysis of (a) 80% CR (b) 50% CR (c) 250°C
RA (d) 350°C RA (e) 450°C RA (f) IPF coloring chart respectively
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Table 4-2 shows the breakdown of the key texture components of the two cold work

reduction paths. The rolling texture components constituted roughly 11% while the

recrystallization texture components were about 5% in both scenarios. The rest of the

texture components were classified as random texture. The Table 4-2 also shows the

difference in high and low angle grain boundaries between the 80% and 50% CR materials.

In both cases, the high angle grain boundaries were of the majority type accounting for

nearly 95% while the remaining 5% belong to the low angle grain boundaries category.

Table 4-2: Effect of grain size on the mis-orientation angle and texture components.

Grain mis-orientation angle (%0)
Key texture components (%)
Sample
5-15° >15° Random Recrystallization Rolling
80% cold work 6.37 92.99 81.85 6.28 11.87
50% cold work 4.72 94.67 84.01 4.59 114
250°C recovery anneal 5.82 93.67 88.97 4.04 6.99
350°C recovery anneal 6.28 92.96 87.48 5.49 7.03
450°C recovery anneal 5.79 93.44 78.37 7.9 13.73

Figure 4-4 shows the SSRT data for 80% CR and 50% CR samples in ASTM D1384 with

1% H»0>. The elongation to the fracture was higher in air compared to the corrosive

environment in both samples.
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Figure 4-4: SSRT of (a) 80% CR + T6 and (b)50% CR + T6 in Air and ASTM D1384 solution + 1%
H20:2

Interestingly, there were also differences in the ability to reach the maximum strength

values in the corrosive environment. The material that underwent 80% cold rolling
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fractured when it was close to reaching the yield strength value. In contrast, the 50% cold
rolling samples broke when they were nearing the maximum tensile strength. A significant
difference in the grain size effect was observed in the strain ratio. As shown in Figure 4-5,
the strain ratio value for the fine-grain 80% CR samples was 0.2, while the coarse-grain

50% CR samples exhibited a higher strain ratio of 0.5.

T T T

0.55 - .
0.50 - .
0.45 - .
0.40 .

0.35 .

Strain ratio

0.30 - .
0.25 .
0.20 - .

0.15 .
1 . 1

80% Cold rolled material 50% cold rolled material
Sample
Figure 4-5: Effect of cold work on strain ratio in ASTM D1384 solution + 1% H20:>

Error! Reference source not found. shows the metallographic section of the fractured s
amples from the SSRT. Cracks were observed near the fractured region in both types of
samples. The higher magnification cross-section images showed the distinct presence of
intergranular corrosion sites in 80% CR sample, while the 50% CR samples exhibited

pitting type of corrosion morphology.
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Figure 4-6: Metallography section images of the fractured samples (a,c,e) 80% CR + T6 and (b,d,f)
50% CR + T6.
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Error! Reference source not found.Table 4-3 indicates that there were notable differences
between the fine-grain 80% CR samples and the coarser-grain 50% CR samples in terms
crack depth. The maximum crack depth of the 80% CR samples was 187 pum while the
maximum depth of 50% CR was at least eight times smaller. A similar difference was
observed in the average depth values as well. Despite the higher standard deviation in the
80% CR crack depth values, there was a statistically significant difference between the two
samples. An independent sample t-test was conducted to compare effect of grain size on
average crack depth. There was a significant difference in the crack depth for 80% CR
(mean = 88um, standard deviation = 56um) and 50% CR (mean = 18um, standard

deviation = 3.6um) conditions; t (15) = 4.52, p = 0.0004.

Table 4-3: Average and maxim crack depth values measured from optical microscope images.

Sample Crack depth (JUm)
Average Maximum
80% cold work 88.82 + 56 187
50% cold work 18.04 + 3.66 23.56
250°C recovery anneal 116.95+ 75 254.43
350°C recovery anneal 83 £ 24.69 122.52
450°C recovery anneal 43.87 +26.9 87

Error! Reference source not found. shows the fractography of the 80% CR samples, which e
xhibits a unique morphology compared to the 50% CR samples. The grain faces are clearly
visible and the crack appears to have propagated along the grain boundary, indicating a
clear sign of brittle intergranular fracture. Additionally, the grain facets appear smooth with
no sign of work hardening. On the 50% CR fractured samples exhibit a rough morphology,
with a distinct presence of clustering of dimples or voids on the microscale, indicating a

sign of ductile-dominant fracture morphology.
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Figure 4-7: Effect of cold work (a) 80% CR + T6 (b) 50% CR + T6 on the fracture surface of 7075 in
ASTM D1384 solution + 1% H202

To observe the initiation and propagation mode of cracks at the micron level, we performed
focused ion beam (FIB) lift-out of the fractured samples. Scanning transmission electron
microscope (STEM) bright- and dark-field images of the FIB lift-off samples in the 80%
CR material are shown in Figure 4-8. The grain interiors appear to be intact, but there was
selective attack on the grain boundaries. The high magnification image shows the presence
of porous substance covering the walls of the grain boundary and a crack separating the
two adjoining grains. In contrast, the 50% CR material, the low magnification image
clearly showed that the crack was propagating through the grains and the grain boundaries
were intact. The high magnification image showed that the crack originated in the region

where there was a pitting type attack on surface of the grains (Figure 4-9).
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Figure 4-8: FIB liftout of crack tip of 80% CR samples bright field (left) and dark field (right).

Figure 4-9: FIB lift-out of crack tip of 50% CR samples bright field (left) and dark field (right).

Figure 4-10 shows the metallography cross section after 24h immersion in ASTM D1384
with 1% H>0». There were clear differences in the corrosion morphology for the two grain
size materials even in the absence of applied stress. 80% CR material grain boundaries

were selectively attacked indicating the intergranular corrosion features, while the 50% CR

material exhibited only pitting corrosion.

61



Figure 4-10: Metallography cross section of (a) 80% CR (b) 50% CR samples after 24h exposure in
ASTM D1324 solution containing 1% H2Ox.

Figure 4-11 a and b show the STEM images of the grain boundary microstructure of 80%

CR and 50% CR, respectively. The images clearly show the presence of grain boundary

precipitates (GBP) and adjacent precipitate-free zones (PFZ). In the 80% CR sample, the

grain boundary precipitates were fine and continuous, while in the 50% CR sample, they

were largely coarse and discontinuous.

Table 4-4: Composition of the grain boundary features from EDS measurements.

Sample EDS composition PFZ (wt%o) EDS composition GBP (wt%o)
Cu Zn Mg Cu Zn Mg
80% cold work 211+024 | 2.23+0.99 11+0.21 2.51+£0.79 99+35 2.64+04
50% cold work 1.7 £ 0.65 2.09+£0.32 0.9+0.22 3.07£0.99 9.6+3.6 2631
250°C recovery anneal 247+£0.44 183+1 0.94+£0.38 34+0.9 95+28 2.59+0.79
350°C recovery anneal 255+04 286 +1.14 1.23+04 3.03+£0.57 8.01+£21 2.31+£0.43
450°C recovery anneal 29+0.4 1.88+0.43 | 097+0.16 | 3.54+058 | 13.1+48 3.05+0.91
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Precipitate

Figure 4-11: Bright field images of grain boundary microstructure of (a) 80% CR (b) 50% CR (c)
250°C RA (d) 350°C RA (e) 450°C RA.
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Table 4-4 contains the average composition of GBP and PFZ from EDS measurements of
20 randomly selected features for each sample. The results indicate that the GBP had higher
levels of Zn and Mg compared to the PFZ. However, the difference in grain size between

the 80% CR and 50% CR samples did not significantly affect the composition of the GBPs

or the PFZs.
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Figure 4-12: Feret diameter box plot as function of different thermomechanical treatments.

Error! Reference source not found. displays a box plot of the mean Feret diameter of the 5
0 randomly selected GBPs for each sample. The normality of the data set was confirmed
using the Kolmogorov-Smirnov (KS) test. An independent sample t-test (Table 4-5) was
conducted to compare the effect of grain size on the Feret diameter of GBP. The results
indicate a significant difference in Feret diameter between the 80% CR and 50% CR at p

< 0.05. This suggests that as the grain size increases, so does the Feret diameter of the
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GBPs. Consequently, there was a clear discontinuity in the presence of precipitates along

the grain boundary in the 80% CR samples. compared to the 50% CR samples.

Table 4-5: Statistical t-test analysis of effect of cold work on Feret diameter of the grain boundary

precipitates.

Sample Observations Mean Feret Standard t-value p-value
diameter (nm) deviation
80% cold 50 56.5 15
work
7.80 0.0001
50% cold 50 88.7 25
work

By plotting the Feret diameter as a function of grain size (Figure 4-13) a linear correlation

was observed with an exponent of 0.43.
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Figure 4-13: Relationship between the grain size and the Feret diameter of the grain boundary

precipitate.
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Similar linear trend was observed in Figure 4-14 where a correlation between the Feret

diameter and the strain ratio and the maximum crack depth.
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Figure 4-14: Effect of GBP size (Feret diameter) on strain ratio and maxim crack depth.

4.3.1 Effect of recovery anneal (RA)

The plane view optical microscopy images and in plane pole figures of the recovery anneal
samples are shown in Figure 4-2 and Figure 4-3 respectively. From these figures, it could
be seen that with an increase in recovery anneal temperature, the grain size also increased.
The average grain sizes of the 250°C RA, 350°C RA, 450°C RA samples were 23 um, 30
pm and 66 pm respectively. For comparison purposes, the 80% CR sample was used as a
control in recovery anneal studies. Table 4-2 shows the breakdown of the texture

components from the EBSD measurements. In all three samples, the recrystallization
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Figure 4-15: SSRT in ASTM D1384 solution + 1% H20: (a) 250°C recovery anneal + T6 (b) 350°C
recovery anneal + T6 (c) 450°C recovery anneal + T6.
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texture constituted 5%, while the deformation texture constituted 10%. The remaining

texture components were classified as random texture.

Figure 4-15 contains the stress strain curve from the SSRT for the recovery annealed
samples. Unlike the control 80% CR samples, the recovery annealed samples failed only
after crossing the yield point. The strain to failure in the corrosive environment was lower
than that of the stain to failure in the air. Figure 4-16 shows the strain ratio of the recovery
anneal samples and it could be seen that the 250 ° C RA samples had a strain ratio of 0.25,
this was higher than the 80%CR samples whose strain ratio was 0.18. Increasing the
recovery anneal temperature to 350 ° C did not lead to a significant change in the strain
ratio value. However, at 450 ° C, there was a notable increase in the strain ratio value. The
trend in recovery anneal grain size effect on the strain ratio was similar to the cold roll

effect.
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Figure 4-16: Effect of recovery anneal on the strain ratio of the 7075 T6
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Figure 4-17: Metallography cross section of the fractured sample (a) 250°C recovery anneal + T6 (b)
350°C recovery anneal + T6 (c) 450°C recovery anneal + T6.
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The metallography cross section after SSRT (Figure 4-17) shows deeper cracks and a clear
sign of intergranular corrosion attack in 250 °© C RA and 350 ° C RA. However, in 450°C
RA the degree of cracking was higher, but the cracks were shallower compared to the other
two lower recovery temperatures studied. Similarly, no signs of intergranular corrosion
attack were observed in 450°C RA samples. Crack depth values (Table 4-3) decrease with
an increase in recovery anneal temperature. The maximum crack depth value of the 250°C
RA samples was 254 um, while the 450°C RA was only 87 um. The 350°C RA samples
had an intermediate value of 120 um. A similar trend was also observed in the average

crack depth values.

Figure 4-18: scanning electron microscope images of the fractured surface (a) 250°C recovery anneal
+ T6 (b) 350°C recovery anneal + T6 (c) 450°C recovery anneal + T6.
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SEM fractographs (Figure 4-18) of recovery anneal samples show distinct shift in
morphology at higher temperatures. Both 250°C RA and 350°C RA had a similar fracture
surface. The grain facets were clearly visible without any sign of deformation. In the higher
magnification images, the crack propagation along the grain boundaries could clearly be
seen. These features are a clear sign of a brittle intergranular fracture. However, the 450°C
RA samples show a distinct presence of a cluster of micro-voids or dimples in the fractured

region, indicating dominant ductile features.

100um

100um c 3 = 100pm

Figure 4-19: Metallography cross section of (a) 250°C RA (b) 350°C RA (c) 450°C RA samples after
24h exposure in ASTM D1324 solution containing 1% H20..
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Even in the absence of applied stress, (Figure 4-19) the corrosion morphology was
different at higher recovery anneal temperatures. The 250 ° C RA and 350 ° C RA samples
exhibited intergranular attack morphology, where the grain boundaries were selectively
corroded. These characteristics were very similar to the corrosion attack morphology that
was observed in the 80% CR material shown in Figure 4-10. The 450°C RA samples, on

the other hand, exhibited the same pitting corrosion morphology as the 50% CR samples.

Figure 4-11 shows the bright field STEM images of the grain boundary of the recovery
anneal samples. Like the cold roll samples, the grain boundaries of the recovery anneal
materials had precipitates and adjoining precipitate-free zone. The increase in recovery
anneal temperature affected the size and continuity of the precipitates. The low temperature
recovery anneal sample such as 250°C and 350°C had continuous presence of the fine
precipitates along the boundary, while the higher temperature recovery anneal sample had
discontinuous and coarse precipitates. The size of the precipitates was measured interms
of the Feret diameter (Figure 4-12). The 250 ° C RA samples had the smallest Feret

diameter of 50 um while the 450 ° C RA samples had Feret diameter of 75 pm.

A one-way analysis of variance (ANOVA) was performed between recovery anneal
samples to compare the effect of recovery anneal temperature on the size of the GBP
(Table 4-6). There was a significant effect of recovery anneal temperature on GBP Feret
diameter at the p < 0.05 level for the four conditions. Post hoc comparisons using the Tukey
HSD test (Table 4-7) indicated that the mean GBP size for the small-grained samples (i.e.,
80% CR, 250°C RA and 350°C RA) was significantly different from the larger grained
450°C RA. However, the 80% CR, 250°C RA did not differ significantly from the 350°C

RA. Taken together, these results suggest that recovery anneal temperatures do have an
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effect on GBP size. However, it was observed that a high recovery anneal temperature
(450°CRA) is needed in order to see a statistically significant effect on grain size and GBP
size. Lower temperatures levels of 250°C RA and 350°C RA do not appear to increase the

GBP size significantly.

Table 4-6: one-way ANOVA of effect of recovery anneal on Feret diameter of grain boundary
precipitates.

Groups df F p value
Between groups 3
Within groups 196 11.09 0.0000

Similar to the samples produced by the cold-roll route, the GBP for the recovery-annealed
samples also had higher levels of Zn and Mg compared to the PFZ (Table 4-4). Likewise,
the grain size difference in 250°C RA, 350°C RA and 450°C RA samples did not

significantly affect the composition neither between the GBPs nor between the PFZs.

Table 4-7: Post hoc comparisons using the Tukey HSD test of effect of recovery anneal on Feret
diameter of grain boundary precipitates.

Sample Observations Mean Feret diameter (nm) Standard deviation
80% cold work 50 56.5 15
250°C RA 50 50.7 16
350°C RA 50 59.6 28
450°C RA 50 74.3 21

Figure 4-14 shows the Feret diameter of the relationship between the recovery anneal
samples and the SCC resistance. The strain ratio values increase with an increase in Feret

diameter, while the maximum crack depth decreases with increase in the Feret diameter.
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The results were consistent with the observations in the grain size effect of the cold-rolled

samples.

4.4 Discussion

In this study, we observed a strong correlation between the microstructure of the grain
boundary and SCC susceptibility. The two distinct thermomechanical treatment process
(cold work and recovery anneal) changed the grain size as well as the size and continuity
of the grain boundary precipitates. STEM images and particle analysis showed that smaller
grain materials consistently had finer and continuous grain boundary precipitates. This
appears to have made smaller grain materials more susceptible to intergranular corrosion
compared to coarse grain materials. In the presence of stress, these smaller grain materials
underwent a brittle intergranular fracture, while ductile fracture was dominant in coarse
grain materials. The FIB lift off the cracked samples also confirmed the evidence of
corrosion product along the grain boundary only in the smaller grained samples. EDS
compositional data did not show any significant differences in the precipitate free zone as
well as the grain boundary precipitate compositions between samples with different grain

sizes.

In accordance with the concerns raised Ralston et al. [52], variables such as texture, mis-
orientation angle, solutionizing temperature, quench rate, and aging conditions were held
relatively constant, while the grain size of the material was altered. The two distinct
thermo-mechanical processes used in this work appear to have changed the grain size, and

the grain boundaries precipitate size and continuity. The SCC performance of the materials
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in this work appears to have been impacted by the grain boundary microstructure more

than by the grain size.

4.4.1 Grain Size Effect in microstructure

The inverse pole-figure map from EBSD, shown in Figure 4-3, confirmed the presence of
fully recrystallized grains in both processing routes. The fine grains in the 80% CR samples
could be associated with the strain energy from the cold roll reduction. This trend can be
explained by the Johnson-Mehl transformation kinetics DRy = k(G/N)Y*, where DRy is the
grain size of the material, k is constant, G is the growth rate and N is the number density
of the nucleation sites for recrystallization [99]. Dislocations act as a preferred nucleation
site for the grain growth during solutionizing treatment and the cold rolling invariably
increases the density [100]. This results in the formation of finer grains. In the case of 50%

CR samples, the reduction in the dislocation density results in coarser grain size.

The coarsening of grain at higher recovery anneal temperature could be associated with the
recovery and grain growth mechanism. Since there are no grain growth suppressing
elements such as Zr, Sc, Yb, etc., the higher temperature facilitates coarsening of the grains

[101, 102].

In the Al sheet, the major components of the texture are classified in three main categories
recrystallization (cube, P, R), rolling (brass, copper, Goss, S, Dilamore or Taylor) and shear
(rotated cube, inverse brass, E, F) [103]. The texture analysis (Table 4-2) showed that
regardless of the processing route (cold work or recovery anneal), the random texture
constitutes about 80%. This confirms the absence of any dominant texture after

recrystallization. Similarly, the percentage of the high angle grain boundary was upwards
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of 90% and there was no significant presence of the low angle grain boundaries (Table
4-2). This implies that except for the size difference, both smaller and coarser grain
materials were fully recrystallized with random texture containing mostly high-angle grain

boundaries irrespective of the processing route.

It appears that the change in grain size only affects the grain boundary features such as size
and continuity of the precipitates along the grain boundary (Figure 4-11 and Figure 4-12).
From these results, it is clear that coarser grains lead to the formation of coarser grain
boundary precipitate while smaller grains lead to finer grain boundary precipitates. The
reason for these findings can be attributed to the fact that the presence of grain boundaries
facilitates precipitation to occur, and as the size of matrix grains becomes finer, the number
of such sites for precipitation nucleation increases. Saito et al. [104] reported similar results
in their Monte Carlo simulations of the grain boundary precipitation. They reported a
logarithmic relationship between the precipitate size at the grain boundary (dp) and the

grain size (Dm), as shown in the equation below.
d, = CDY7
where C is a constant.

Figure 4-13 shows a similar relationship between grain size and the grain boundary
precipitate size, with an exponent of 0.43. Zhang et al. [105] have recently reported that
cryo-rolling of 5083 aluminum alloy results in the formation of fine grains that exhibit
lower degrees of sensitization, mainly due to the discontinuity of precipitates present in the
grain boundary. However, the apparent discrepancy between their findings and those of the

current study could be attributed to the absence of an annealing step aimed at removing
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dislocations generated by the cryorolling process, which subsequently act as nucleation
sites for B-phase precipitation. These results imply that the discontinuity of the precipitates
at the grain boundary can be achieved even in fully recrystallized material without the need

of any complex processing conditions.

4.4.2 Grain Size Effect in SCC

The SCC improvement in coarse grain materials is in line with Tsai et al [54] work on the
hydrogen embrittlement of 7475, however there are key differences when it comes to the
grain boundary precipitate sizes. In their work, the improvement in the resistance to T6 of
coarse grain material was attributed to the size of the precipitate at the grain boundary being
above a critical precipitate size of 20 nm as it was necessary to nucleate hydrogen bubbles.
In the present work, it has been observed that even in materials with smaller grain sizes,
the Feret diameter of the precipitates was found to be 50 nm, which is well above the critical
size. Despite this factor, the strain ratio of the smaller grain material was much lower
compared to that of the coarse grain materials. We interpret this difference as a shift in the
SCC mechanism from hydrogen embrittlement to anodic dissolution based on the

following results.

Figure 4-10 and Figure 4-19 indicate that even in the absence of stress, the smaller grain
samples exhibited clear signs of intergranular corrosion. However, the coarser grain
materials exhibited a pitting type of attack. This indicates that there is an inherent

difference in the grain boundary microstructure between these materials.

Similar corrosion morphology differences were observed in the fractured samples during

the SSRT in ASTM D1384 solution containing 1% H>0». Figure 4-8 shows the FIB cross-
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section liftoff of the 80% cold rolled sample, where the crack propagated along the
corroded grain boundary. The crack walls were covered with an oxide confirming the
intergranular corrosion. The presence of continuous grain boundary precipitates at the tip
of the crack could be observed. Figure 4-9 shows the FIB cross-section liftoff of crack tip
of 50% cold rolled material. Unlike finer grain material, the stress corrosion crack appears
to have originated at the pitting corrosion site and propagated along a transgranular path.
In addition, the presence of coarse and discontinuous precipitates along the grain

boundaries can be observed in the case of a coarser grain sample.

The fractographs in Figure 4-7 and Figure 4-18 are in good agreement with the data from
the cross sectioned samples. There appears to be a distinct difference in the fracture
morphology between the small and the coarse grain materials. In large grain materials the
morphology (Figure 4-7b and Figure 4-18c) resembled a transgranular dimple fracture
due to overload. The presence of constituent particles within the dimple-like features can
also be observed. However, in smaller grain materials, the equiaxed intergranular cleavage
morphology (Figure 4-7a and Figure 4-18a,b) was observed. The higher magnification
of the fractured surface (Figure 4-18) showed a speckled appearance on the facets of the
fractured grains. This could be attributed to the anodic dissolution of the strengthening
precipitates in the SSRT test solution. No signs of crack arresting marks were observed.
Such features are generally associated with hydrogen-assisted cracking [106]. These data
suggest that the anodic dissolution of the grain boundaries appears to play a dominant role

in SCC of smaller grain materials under tested conditions.

In 7xxx alloys, strengthening precipitates (MgZn) nucleate and grow at both matrix and

grain boundaries. The MgZn. precipitates are typically anodic to the matrix, so dissolution
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of these grain boundary precipitates results in intergranular corrosion, especially when
these precipitates are fine and continuous along grain boundaries [33, 107, 108]. Several
researchers [75] [73] [74] have reported improvement in intergranular corrosion and
subsequent resistance to SCC by engineering the grain boundary to aid in the formation of
coarse discontinuous precipitates. This is generally achieved by suppressing
recrystallization leading to formation of a low angle grain boundary that favors
discontinuous precipitation. For example, Kannan et al. [78] reported the improved
resistance to SCC of the Sc containing Al-Zn—-Mg-Cu-Zr. The Sc addition resulted in
recrystallization suppression leading to formation of low angle subgrain boundaries. This
in turn led to formation of coarse and discontinuous grain boundary precipitates, leading
to a lower rate of dissolution. Figure 4-14 shows the relationship between the mean Feret
diameter with the strain ratio and the maximum depth of the crack. It is evident that with
an increase in the GBP size, the strain ratio increases while the maximum crack depth

decreases.

These results are in line with observations of Andreatta et al. [109] work on 7075 grain
boundary microstructure on intergranular corrosion resistance. They showed that
susceptibility to intergranular attack in the T6 temper was due to continuous precipitation
along the grain boundary. They correlated the improvement in intergranular corrosion
resistance in T73 with the increase in size of the MgZn, particles at the grain boundaries
and their distance between particles. Similarly, Chen et al. [77] showed that fine grain
boundary precipitate size led to decrease in SCC resistance. The present study reports a
similar improvement in the resistance of 7075-T6 alloy to IGC and SCC by increasing the

grain size through standard thermomechanical treatments. This leads to the formation of
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coarse and discontinuous grain boundary precipitates, which enhances the resistance of the
alloy. Given the study design, between the coarseness and discontinuity it’s not clear which
factor has a pronounced on the SCC resistance. However, it is desirable to have the

combination of these two factors for a good grain boundary corrosion resistance.

Alternatively, the composition of the grain boundary also affects the intergranular
corrosion. Therefore, alloying elements such as Cu are added to the 7xxx alloys to improve
the intergranular and SCC resistance. The improvement is associated with Cu incorporation
into MgZn; leading to a lower dissolution of the grain boundary precipitates. Ramagopal
et al. [62] experimentally showed that copper additions, up to approximately 8 % to MgZn;
analogs did not have much influence on the breakdown potential. In their subsequent work
Ramagopal et al. [110] compared the grain boundary microstructure compositions of 7075
alloy in the T6 and T73 temper. The composition of the solute-depleted zone (SDZ) was
comparable between the tempers. However, the Cu content in the grain boundary
precipitates of T6 was 8 at% while that of T73 was 30 at%. It was hypothesized that this
difference in Cu concentration caused SDZ to either actively dissolve or repassivate in
chloride solutions. This implies that under the standard T6 ageing conditions the Cu
incorporation in grain boundary precipitates is limited and does not significantly affect the
dissolution kinetics of the grain boundary precipitate. STEM EDS data (Table 4-4) of the
GBP and PFZ clearly showed that grain size didn’t affect the composition. Irrespective of
the processing conditions and grain size, the compositions of the GBP are comparable and
the small differences are not statistically significant. This is not surprising since the base
alloy composition, solution heat treatment, quenching, and aging practices were all kept

constant in our work. Knight et al. [36] showed that there is little or no correlation between
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grain boundary microstructure and SCC, but the microchemistry of the precipitates is the
only factor that determines the resistance to SCC. However, they were comparing the effect
of over-aging but not the effect of same temper on the different upstream processing

sequence.

One of the interesting outcomes of this work was that, between the two thermo-mechanical
processes, the cold work reduction appears to have produced grain boundaries with the
coarsest precipitates compared to recovery anneal. Similarly, the highest strain ratio and
lowest crack depth were observed in 50% cold rolled material. The grain size aspect of the
material alone did not appear to have made any difference when it comes to the propagation
of stress corrosion cracks. In the smaller grain material, the fully recrystallized boundaries
did not provide a more tortuous path for crack propagation. This aspect should be probed
further by crack growth techniques as it can further deconvolute the grain size and grain
boundary microstructure effects. Similarly, this study did not focus on understanding the
relationship between grain size and the growth kinetics of grain boundary precipitates as it
was beyond the scope of our work. From SCC mechanism perspective the current body of
evidence strongly suggest that under the tested conditions, the anodic dissolution of the
grain boundary precipitates plays a dominant role in SCC propagation, however the role of
hydrogen is still not clear. Further work is needed to elucidate the role of the hydrogen in

SCC under these conditions.

4.5 Summary

This work shows that the grain size affects the IGC and SCC performance of the 7075-T6.

Finer grain materials tend to have fine and continuous anodic precipitates along the grain
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boundary, whereas coarse grain materials tend to have coarse and discontinuous GBP.
When such microstructures are exposed to corrosive environment, these grain boundary
precipitates are preferentially attacked, resulting in IGC in finer grain materials. When
stress is applied to these materials, cracks tend to propagate along the corroded grain
boundary leading to a brittle intergranular fracture. By engineering the grain boundary
through standard thermomechanical treatments, we could significantly improve the

performance of structural corrosion (IGC, SCC) of 7075-T®6.

Figure 4-1
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CHAPTER 5: EFFECT OF COPPER ON THE SCC RESISTANCE OF

HIGH SOLUTE ZIRCONIUM CONTAINING 7XXX ALLOYS.

5.1 Background

The literature review chapter indicates that the effect of Cu on corrosion performance is
not entirely clear. Previous studies have used over-aging techniques to amplify the Cu
effect, but these techniques are not feasible for real-world applications. Additionally,
researchers who changed the alloy composition also changed the downstream processing,
resulting in multi-factor effects on the final corrosion performance. The purpose of this
work is to understand the effect of Cu additions on the corrosion performance of Zr

containing high solute alloys 7xxx alloys in T6 temper.

5.2 Approach

A high solute Zr containing 7xxx alloys (Table 5-1) with different Cu levels (0.3, 1.17,
1.35 wt%) were made by the direct chill casting method. The samples were then subjected
to similar homogenization, hot and cold roll sequence to obtain 2mm thick material. The
samples were aged to standard T6 condition (125°C for 24h) after solutionizing (480°C, 5
min) and water quench (350°C/s). The resulting microstructure was characterized and
evaluated for its corrosion resistance in an oxidizing environment (ASTM D1384 + 1%

H20>).
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Table 5-1: Composition of the alloys from the ICP-OES measurements.

Sample Cr Cu Fe Mg Si Zn Zr

Alloy A | 0.01-0.11 0.30 0.16-0.18 | 216 -2.36 | 0.08-0.18 | 9.13-9.33 | 0.13-0.23

AlloyB | 0.03-0.13 1.17 0.18-0.28 | 2.18—-2.38 | 0.07-0.18 | 8.82-9.12 | 0.13-0.23

AlloyC | 0.04-0.14 1.35 0.17-0.28 | 210-2.30 | 0.13-0.23 | 7.82-8.12 | 0.09-0.29

7075 0.19-0.29 1.59 0.17-0.28 | 2.54—-2.74 | 0.04-0.14 | 5.79-6.09 | 0.01-0.2

5.3 Results

5.3.1 Microstructure characterization:

The composition of the alloys from ICP measurements is listed in Table 5-1. Compared to
conventional 7075, the alloy variants have higher amount of Zn and similarly, in terms of
minor alloying elements, Cr was replaced with Zr in the high-solute alloys. The key
difference between the high-solute variants (alloys A, B, C) was the amount of Cu. Alloy
A was the low copper variant with 0.3% Cu, while alloys B and C had 1.17% and 1.35%
Cu, respectively. As mentioned above, the downstream processing conditions were similar
between the alloys. Therefore, the microstructure and the corresponding properties changes
are mainly associated with the difference in Cu levels in the alloys. Cross-sectional view
images of the grain structure after T6 aging are shown in Figure 5-1. 7075 showed fully
recrystallized and equiaxed grains. However, the rest of high-solute alloys showed varying
degree of recrystallization. Alloy A exhibited a fibrous grain structure without any sign of
recrystallization after solution heat treatment and aging. Alloy B showed a mixture of
fibrous and fully recrystallized grains, while alloy C predominantly showed fully
recrystallized grains. Differences in the Cu level appears to be affecting the

recrystallization resistance in the high-solute alloys.
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Figure 5-1: Cross section view optical microscope images of the (i) Alloy A (ii) Alloy B (iii) Alloy C (iv)
7075 in T6 temper.

Figure 5-2 shows the grain boundary misorientation data in plane view from the EBSD
measurement. When the misorientation angle between adjacent grains was in the range of
5 — 15°, the grain boundary was considered to be a low angle grain boundary, while the
angle greater than 15° was considered as the high angle grain boundary. The conventional
7075 alloy had only 6% of low angle grain boundaries, while the rest of the boundaries
were high angle in character. In the low Cu variant Alloy A, the low angle grain boundaries

(55%) are of a dominant type. However, Alloy B containing 1.17% Cu had significantly
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Figure 5-2: Grain boundary misorientation map for (a) Alloy A (b) Alloy B (c) Alloy C (d) 7075in T6
temper (e) estimation of grain boundary as function of composition (f) legend for the misorientation
maps.
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fewer low angle grain boundaries (17%) compared to Alloy A. The high Cu variant Alloy
C had a similar percentage of low (12%) and high (88%) angle grain boundaries to that of
7075. Consistent with the optical microscope images, the EBSD data also confirmed the
impact of Cu addition on the recrystallization resistance of the high-solute alloys with

misorientation angle parameter.

Table 5-2: Data from the particle analysis over 0.5mm? area.

Particle percentage (%0)

Phase Alloy A Alloy B Alloy C 7075
Al:CuzFe 32.82 55 55.72 73.61
Al2MgCu 20.28 16.73 7.66 1.25

MgaSi 7.84 4.56 10.02 12.01
M Phase 39.04 23.69 26.58 13.13

Error! Reference source not found. contains the particle analysis data from the feature d
etection and characterization technique. In the characterized area of 0.5 mm?, Alloy A had
598 particles, of which 32% were characterized to be Al-CuzFe type particles. The other
particles found in the analysis were MgZnCu (M) phase (39%), Al.CuMg (20%) and Mg.Si
(7%). Alloy B and Alloy C had 702 and 718 particles over the measured area, respectively.
In the case of Alloy B, the Al;CuzFe constituted to 55% of the particles followed by M
phase (23%), Al.CuMg (16%) and Mg.Si (4%). Alloy C also had the phase distribution
comparable to Alloy B with AlzCuzFe (55%), M phase (26%), Al.CuMg (7%) and Mg2Si
(10%). Overall, the total number of particles increased in higher Cu-containing alloys. The
percentage of Al;CuzFe particles were higher in Alloy B and C compared to Alloy A.
However, Al,CuMg decreased with increase in the Cu content, while Mg2Si did not show

any specific trend.
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Table 5-3: Data from the particle size analysis.

Particle size ECD (um)

Phase Alloy A Alloy B Alloy C 7075
Al:CuzFe 2.10 2.19 1.83 1.41
AlzMgCu 0.76 0.75 1.65 1.23

MgzSi 1.89 1.28 1.67 15
M Phase 1.88 1.87 1.86 1.49

Table 5-3 shows the equivalent circle diameter (ECD) of the particles. The ECD of the
particles was typically around 1.5 um and was comparable between the alloys. No clear

trends were observed between the Cu levels and the size of the particles.

Figure 5-3 shows the bright-field STEM images of the grain boundaries of the high-solute
7xxx alloys. Irrespective of the composition, all alloys showed distinct presence of a
narrow region adjoining the grain boundaries that was devoid of the precipitate. The width
of this precipitate free zone (PFZ) was approximately 30 nm, and it was comparable
between the alloys. Similarly, there were precipitates along the grain boundaries. In Alloy
A, the grain boundaries were mostly free of precipitates and in the boundaries where
precipitates were observed, they were largely discontinuous. On the other hand, Alloy B
had discontinuous presence of coarse precipitates along the grain boundaries. The standard
7075 alloy exhibited a fine and continuous presence of precipitates along the grain

boundaries.
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Figure 5-3: STEM bright field images for (a) Alloy A (b) Alloy B (c) 7075 in T6 temper.

To determine the impact of the alloy composition changes on the amount of the eutectic
phases the differential scanning calorimetry (DSC) was carried out (Figure 5-4) in the as-
cast conditions. Alloy A showed a sharp endothermic peak that started at 477 ° C and ended
at 481 ° C. The delta H associated with this transition was -1.2J/g. Alloy B exhibited a
stronger endothermic peak that started at 475 ° C and ended at 479 ° C with a delta H value
of -7.18J/g. The endothermic transition of Alloy C was similar with a delta H of -8.65J/g.

With an increase in the Cu content, the enthalpy of the endothermic reaction increased in
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high-solute alloys. The standard 7075 had the endothermic peak at 490°C with an

intermediate delta H of -3.73 J/g.

0.1

0.0

-0.1

-0.2

-0.3

-0.4

Heat flow (W/qg)

-0.5

-0.6

-0.7

-0.8

—u— Alloy A \—r.,\ 4
—e— Alloy B 2 -
Alloy C g 3 .
—v- 7075 3 -
=

¢ 3 1
I
e ®» Endo 1
i 1)
| L | L | L | L | L | L | |

0 100 200 300 400 500 600

Temperature (°C)

Figure 5-4: DSC curve for the alloys containing different Cu levels.

5.3.2 Corrosion testing.

Figure 5-5 shows the anodic and cathodic polarization behavior of the high solute alloys

in the ASTMD 1384 test solution. The free corrosion potential of the low Cu Alloy A was

approximately -904 mVscg, with an increase in Cu level the potential value started shifting

in noble direction as in the case of Alloy B (-684 mVsce) and Alloy C (-600 mVsce). 7075

alloy had the most noble free corrosion potential of -570 mVsce. In the anodic polarization
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Figure 5-5: Electrochemical anodic (above) and cathodic (below) polarization testing in ASTM D1384
solution.
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of alloy A and B, as the potential increased from the free corrosion potential point, the
current initially increased but reached a steady-state limited value (passivation) and beyond
an inflection point (breakdown potential) the current increased significantly with small
change in the potential. However, the Alloy C did not exhibit strong passivation behavior;
with the increase in the potential from the free corrosion potential point, the current also
increased logarithmically. 7075 alloy exhibited a small passivation range and the
breakdown potential were comparable to high-solute alloys. The Cu addition did not
significantly affect the breakdown potential values. During cathodic polarization, as the
potential was swept from the free corrosion potential point, the cathodic current quickly
reaches a limiting value in all three alloys. However, the value of the limiting current is
impacted by the Cu content. Alloy A had the lowest value, while 7075 had the highest

limiting current value.
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Figure 5-6: SSRT in ASTM D1384 solution + 1% H20: (a) Alloy A (b) Alloy B (c) Alloy C (d) 7075 in
T6.
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Figure 5-6 shows the stress strain curve from the slow strain rate test (SSRT) that was
carried out in air and in ASTM D1384 + 1% H20>. The strain at failure was higher in the
materials tested in air compared to the corrosive environment. The ratio of strain at failure
in corrosive environment to air was used to assess the susceptibility of the stress corrosion
cracking. Figure 5-7 shows the effect of alloy composition on the strain ratio. Alloy A had
the highest strain ratio of 0.66, while 7075 had the lowest strain ratio of 0.18. Alloy B had
a strain ratio of 0.55 while Alloy C had the strain ratio of 0.45. With an increase in the Cu

content, the strain ratio decreased consistently.

0.7 - -

o
o
T
1

stdev = 0.005
| |

Strain ratio
o
N
T
1

03| -

0.2 — % _

0.1 I . I . I . I
A B C 7075

Alloys

Figure 5-7: Effect of Cu content on the strain ratio of the alloys in ASTM D1384 + 1%H20:

Figure 5-8 shows the cross section of the fractured samples after SSRT. All samples

showed clear sign of stress corrosion cracking. In case of 7075 the cracks were propagating
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along the corroded grain boundaries. In alloy A, the crack appears to have initiated from
the pitting corrosion sites. There was no sign of intergranular crack propagation. Similar
features were observed in Alloy B and C. Even with an increase in Cu content, the crack

initiation and propagation modes were comparable.

Figure 5-8: Metallographic cross section of the fractured samples after SSRT in ASTM D1384 + 1%
H20: (a) Alloy A (b) Alloy B (c) Alloy C (d) 7075 in T6.

Figure 5-9 shows the SEM images of the fracture surface of the alloys. The high-solute

alloys have morphology that resembles combination quasi-cleavage and ductile
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dimple/microvoid features. Alloy B fracture surface additionally has a layered/foliated

feature close to the edge, where the corrosion attack had happened. Alloy C exhibits both

Figure 5-9: SEM images of the fractured samples after SSRT in ASTM D1384 + 1% H202 (a) Alloy A
(b) Alloy B (c) Alloy C (d) 7075 in T6.

ductile and quasi-cleavage fracture features. In case of 7075 we can observe equiaxed

intergranular cleavage morphology, with no sign of any micro void features.
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Figure 5-10 shows the cross-section images of the samples after 24 hours of exposure in
solution containing ASTMD1384 + 1% H20.. All alloys have undergone localized

corrosion attack. The corrosion attack morphology for the 7075 alloy was IGC. The

corrosion had initiated as a pit but propagated along the grain boundaries.
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Figure 5-10: Metallography cross section images after 24h immersion in ASTM D1384 + 1% H:0:2 (a)
Alloy A (b) Alloy B (c) Alloy C (d) 7075 in T6.
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The cross-section images showed that the boundaries of the equiaxed grains had been
attacked selectively, while the grain interiors remained intact. The corrosion morphology
of Alloy A was pitting, and no sign of intergranular corrosion was observed. The number
of pitting sites was very limited. Alloy B also showed a pitting type of attack, but the
number of corroded sites was higher compared to Alloy A. Similarly, Alloy C had a higher
number of pitting corrosion sites than Alloy A and B but exhibited pitting type of corrosion

morphology.

5.4 Discussion

The aim of this study was to investigate the effect of adding Cu to high-solute 7xxx alloys
on their microstructure and corrosion resistance. The addition of Cu had two main effects
on the microstructure, which, in turn, affected the corrosion performance. Firstly, the
amount of Al;CuzFe particles increased with increasing Cu content, which caused a shift
in the free corrosion potential towards the noble direction and increased the susceptibility
to pitting as confirmed by electrochemical polarization and immersion testing. Secondly,
Cu addition affected the recrystallization resistance of the alloys. An increase in Cu content
resulted in a higher fraction of fully recrystallized grains and an increase in the percentage
of high-angle grain boundaries. Despite the increase in high-angle grain boundaries, the
high-solute alloys did not undergo intergranular corrosion, unlike standard 7075. STEM
images revealed that the grain boundaries in the high-solute alloys were relatively free of
precipitates, whereas those in 7075 had a continuous layer of precipitates. These two key
microstructure characteristics made the high-solute alloys more resistant to stress corrosion

cracking compared to standard 7075.
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5.4.1 Effect of Cu on Al;CuxFe

Various iron-containing intermetallics such as Al;Cuz.Fe and (Al,Cu)e(Fe,Cu) are formed
during the casting of the 7xxx alloy series [111, 112]. Formation depends mainly on the Fe
and other binding solute elements in the melt. Once these intermetallics are formed, it is
difficult to re-dissolve them in the matrix, even during high temperature homogenization
and solutionizing treatment. Generally, they do not undergo any further phase
transformation but are broken down into smaller sizes during the subsequent rolling
operations. The localized corrosion resistance, such as pitting, is strongly dependent on the
number density and chemistry of these intermetallics. Fe-containing particles are generally
cathodic to the matrix, so a strong galvanic coupling between the matrix and particles is
widely reported to have detrimental effects on the resistance to pitting [113]. N Birbilis et
al. [85] reported that the 7075-T651 corrodes at the periphery of AlzCuzFe particles. This
was attributed to the higher free corrosion potential of Al;CuzFe than that of the matrix
7075-T651 alloy. Similarly, from the cathodic polarization experiments, they showed that

the particles were able to sustain higher rates of oxygen reduction reaction.

The particle analysis (Table 5-2, Table 5-3) of Alloy A containing 0.3 wt% Cu showed
that 32% of the measured particles were Al;CuzFe. With increase in Cu content the
percentage of Al;CuzFe increased. As mentioned above, due to the high melting
temperature of Fe-bearing particles such as AlzCuzFe, AlsFe, a-AlFeSi, remain in the alloy
even after the downstream high temperature thermal process such as homogenization and
solution heat treatment. In our current work, we noticed that Al-CuzFe appears to be the
only iron-containing constituent particle. This could be due to the presence of Cu in all of

the alloys tested. One of the mechanisms proposed in the literature for the formation
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Al7CuzFe particles is the incorporation of Cu in AlzFe [114] . Higher Cu level in the melt
accelerates the atomic diffusion leading to the AlCuzFe nucleation and growth on the
phase boundary. Interestingly, even in the case of Alloy A (0.3 wt% Cu), no sign of AlsFe
was observed. This indicates that even a smaller amount of Cu can easily favor the
formation of Al-CuzxFe during casting or during the high-temperature homogenization
treatment. Cu diffuses in AlsFe, resulting into full transformation of Al;CuzFe particles.
Wang et al. [115] also reported a similar trend in Cu containing 7055 which had
predominantly Al;CuzFe while the Cu-free Al-Zn-Mg alloy contained AlsFe. A similar
trend was observed by Qiao et al. [116] with the addition of 1.23% Cu to the 5052 alloy.
They observed a significant increase in Al;CuxFe particles during casting and
homogenization treatment, leading to a further increase in this particle due to the

transformation of Als(Fe,Cu) to Al;CuzFe.

In Figure 5-5 the shapes of the polarization plots are comparable. This indicates that there
is no large shift in the nature of the mechanisms in both the anodic and cathodic regions.
However, we could clearly see a difference in the oxygen reduction current density region
and the free corrosion potential. This could be due to an increase in the amount of particles
such as Al7CuzFe. These Cu-containing particles are more noble to the matrix and are
efficient in reducing dissolved oxygen in the electrolyte. This causes the particles to be
more cathodic to the matrix. The galvanic coupling of the matrix and Al-CuzFe particles
leads to anodic dissolution of the matrix [117]. As a result of the increased cathodic
activity, the free corrosion potential is pushed in the noble direction. However, the addition
of Cu does not seem to have an impact on the break-down potential of the metal. This could

indicate that most of the Cu addition has gone into second-phase constituent particles such
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as AlzCuzFe or to the strengthening M (MgZnCu) phase. If the substantial amount of Cu
was in solid solution, it would have pushed the breakdown potential of aluminum in more
positive direction [118]. We also notice that the addition of Cu also decreases the
passivation range, i.e. the potential difference between free corrosion potential and the
breakdown potential. This could indicate that the pitting susceptibility increases at the open
circuit potential for high Cu containing alloys. Meng et al. [119] reported a different trend
when it comes to the breakdown potential as a function of the Cu content. They observed
a linear increase in the break-down potential as they increased Cu content of the Al-Mg-
Cu-Zn alloys in a deaerated solution. However, the high Cu-containing alloys showed

lower polarization resistance during EIS measurements in aerated solution.

Figure 5-10 shows the cross section after the immersion experiment. With an increase in
Cu, the number of pitting corrosion sites on the surface increased significantly. The test
solution contains hydrogen peroxide which strongly increases the oxygen reduction
activity on the surface of Al;CuzFe particles. This would naturally increase the free
corrosion potential to the metastable pitting potential region. As a result, alloys containing
a higher amount of Al-CuzFe would have a higher amount of pitting corrosion sites. The
observed trend is consistent with literature reports where higher and deeper pitting
corrosion sites were found in Cu-containing 7xxx alloys compared to Cu-lean alloys [115,
120]. These reports have demonstrated the galvanic coupling between the 7xxx matrix and
Al7CuzFe particles, with the local pH increase during oxygen reduction reactions attributed
to the dissolution of the matrix. In one study, it was reported that during the early stages of

pitting, selective dissolution of Al from Al;CuzFe resulted in the formation of Fe and Cu-
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rich clusters on the particle surface, which increased cathodic activity and resulted in a

stronger galvanic coupling with the matrix, leading to pitting [122].

The results from the current work build on existing knowledge about the formation and
characteristics of the Al;CuzFe particles in 7xxx alloys. Although the current work did not
identify the critical Cu concentration limit for the formation of Al;CuzFe particles,
nonetheless the current results clearly show that even at 0.3wt% Cu, Al-Cu.Fe formation

cannot be avoided.

5.4.2 Effect of Cu on recrystallization resistance

Several minor alloying elements, such as Zr, Sc, Yb, Er, are added to inhibit
recrystallization in 7xxx alloys [74, 75, 77]. Unrecrystallized grain boundaries offers better
quench sensitivity leading to improved grain boundary corrosion resistance compared to
fully recrystallized materials. This is due to the presence of low angle sub grain boundaries
in unrecrystallized materials that are energetically less favorable for precipitation [70]. In
Zr-containing alloys, fine AlsZr dispersoids are formed during processing [121]. They
exhibit superior drag force to retard the recrystallization and grain growth process as

described by Zenner pinning mechanisms [122].

Figure 5-1 shows that alloy A has predominantly devoid of equiaxed recrystallized grains,
while alloys B and C has higher degree of equiaxed grains. It appears that copper seems to
be impacting the recrystallization resistance. Previous work has shown that Zr containing
7xxx alloys have exhibited strong recrystallization resistance [77]. However, they have not
looked at the effect of alloying elements such as Cu on the recrystallization resistance. The

Barker’s etching method is good for revealing fully recrystallized grains, however, they
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may not be sensitive in the revealing the sub-grain boundaries. To confirm this trend, data
from the EBSD method was used. Figure 5-2 shows that alloy A has higher amount of low
angle grain boundary (misorientation < 15°) while the percentage of high-angle grain
boundaries (misorientation > 15°) increases for alloy B and C. The low angle grain
boundaries represent the sub grains in the unrecrystallized microstructure. The trend in the
EBSD data is in line with the optical microscope images after Barkers etch. This means
that for a given Zr concentration, the degree of recrystallization increases with an increase
in Cu content. As mentioned above, dispersoids are very effective in retarding nucleation
and grain growth in aluminum alloys. Based on the current composition range, AlsZr is the
likely dispersoid type forming for these alloys. According to the Zenner pinning equation,
there are two factors, such as volume fraction and size of the dispersoids, affect the ability
for dispersoid to retard grain growth. Robson et al. [123] proposed that alloying elements
in 7xxx alloys affect AlsZr precipitation. The authors found that Mg had the highest impact
on the number density of AlsZr formation. Increasing the Mg content led to an increase in
the number density of AlsZr dispersoids. They also observed that the mean radius of the
dispersoids did not change significantly with the composition. The pinning pressure, which
affects the strength and hardness of the alloy, is directly proportional to the volume fraction
of AlsZr and inversely proportional to the radius. Since the radius was comparable between
the compositions, the pinning effectiveness was mainly determined by the number density

of AlsZr dispersoids.

During direct chill casting of the 7xxx alloys, Zr tends to segregate at the center of the grain
in super saturated solid solution of Al matrix. This is due to the peritectic reaction during

solidification and the low diffusivity of the Zr [124] [125]. The number density of AlsZr is
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affected by presence of other solute elements in the aluminum lattice. C. Sigli [126] used
the regular solution model to study the solubility of the metastable zirconium related to
L12 type AlsZr. They noticed that the interaction parameter was most positive for Zr-Mg
and Zr-Li, negative for Zr-Al and close to zero for Zr-Cu. The interaction parameter
represents the thermodynamic binding energy between the like and unlike atoms. The
positive interaction parameter value resulted in weaking of the Al-Zr bond in the aluminum
matrix and this affected the solubility of Zr in the aluminum matrix since Al-Zr bond in
FCC lattice are being replaced by Mg and Zn leading to formation of the second phase
AlsZr. According to this model, Cu does not affect the precipitation unlike Mg. However,
during casting, a sufficient amount of the eutectic phases such as AICuMgZn are formed.
With an increase in Cu levels thermodynamically there is more tendency for phase
formation. The DSC data in Figure 5-4 clearly show that as the Cu content in the alloys
increases, the area under curve (Table 5-4) for the peak in the temperature range of 478°C

to 482°C also increases.

Table 5-4: Enthalpy value of the endothermic reactions from the DSC measurements.

Samples Onset (°C) Peak (°C) Endset (°C) Delta H (J/g)
Alloy A 478.7 480.6 482.9 -0.33
Alloy B 475.3 477 479.5 -7.18
Alloy C 474.9 477.2 480 -8.65
7075 485 490 497 -3.73

This temperature range is associated with the dissolution of the AICuMgZn eutectic phases
[127]. The area under the peak could be directly correlated with the concentration of

eutectic phases in the alloys. Therefore, higher eutectic phases after casting could lead to a
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lower amount of Mg in the solid solution, which in turn may affect the formation of AlsZr

leading to higher recrystallization.

The data from this work provide new insight into the relationship between Cu and the
recrystallization resistance in Zr-containing alloys. A higher concentration of Cu could lead
to a smaller number of AlsZr and this affects the recrystallization resistance of the alloys.
The number density of AlzZr could not be accurately quantified due to its nonuniform
distribution in the grain interior. However, the effect of number density can be observed in

terms of recrystallization resistance.

5.4.3 Effect of Cu on SCC resistance

In 7xxx alloy series the SCC failures have been attributed to both anodic dissolution and
hydrogen-assisted cracking mechanisms [128]. The anodic dissolution have been
correlated to the intergranular corrosion [39, 40], while hydrogen-assisted cracking
correlated with the trapping sites present in the alloys [41, 42]. For the anodic dissolution
mechanism to be dominant, the environmental condition should favor the selective attack
of the grain boundaries or adjacent regions anodic to the rest of the microstructure without
increasing the critical hydrogen concentration in the trapping sites [129]. In the current
study, the SCC testing was carried out in the peroxide-containing solution, so the principal
cathodic reaction will be of oxygen reduction rather than hydrogen evolution. The solution
containing peroxide is also used in the evaluating the corrosion resistance of wrought alloys
as it can selectively attack grain boundary precipitates in wrought heat treatable aluminum
alloys [130]. This implies that the testing conditions used in the current work favor anodic

dissolution more than hydrogen-assisted cracking mechanism.
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In Figure 5-7, the strain ratio decreases with an increase in Cu content, which indicates
that SCC susceptibility is negatively affected by an increase in Cu content. Previous work
in the literature had shown that Cu addition improves SCC resistance due to changes in slip
system and altering the dissolution kinetics of the MgZn, particle [59, 84]. The discrepancy
could be due to the usage of different testing methodologies. In the current work, SSRT
was used for SCC screening, while majority of the literature data were from the crack
growth rate measurements under constant stress. The advantage of SSRT is the reduction
in crack incubation period due to the application of raising the load at a constant rate [131].
As a result, SSRT is sensitive to the localized corrosion resistance of the material, as the
applied rising load facilitates crack nucleation from defects, such as corroded area. The
metallographic cross section images (Figure 5-8) after SSRT confirm the crack initiation
from the pitting corrosion sites. With the increase in Cu, we have seen that the susceptibility
of the alloy to pitting corrosion increases due to the higher number of the Al-CuzFe
particles. Cross-section images (Figure 5-10) from the immersion experiments without
applied stress have shown similar trend. Therefore, in the presence of the applied slow
strain rate, the likelihood of crack nucleation is high in alloys containing higher Cu. In the
case of the standard 7075 alloy, the crack appears to be propagating along the grain
boundaries. This is due to the susceptibility to intergranular corrosion, as can be seen

Figure 5-10.

Corrosion morphology is affected by the grain boundary microstructure. The difference in
the electrochemical dissolution potentials between the grain interior and the grain
boundaries precipitate phases results in intergranular corrosion. The discontinuity of

precipitation along the grain boundary or the incorporation of more noble elements to
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reduce the difference in dissolution potential could minimize the IGC [132, 133]. From the
STEM images (Figure 5-3) of the high solute alloys, we can see that the grain boundaries
were relatively clean of precipitates and even if they were present, they are discontinuous.
This could be due to the presence of higher fraction of unrecrystallized grains in the alloys.
Fine AlsZr dispersoids pin the subgrain boundaries in unrecrystallized grains and retard the
transition to the high angle recrystallized grain boundary (Figure 5-2), thus remarkably
inhibiting recrystallization (Figure 5-1) and stabilizing the deformation recovery
microstructure [74]. The low-angle grain sub-boundaries in unrecrytallized microstructures
are not energetically favorable for the M-phase precipitation. Since its energy is closer to
grain interior and significantly lower than the recrystallized grain boundaries, the
concentration of precipitates is lower and more discretely distributed [134]. Alternatively,
AlzZr have been reported to act as a nucleation site for the M-phase in Zr containing 7xxx
alloys [135, 136]. Therefore, a combination of these factors could have minimized
precipitation along the grain boundaries. Since 7075 does not contain AlsZr dispersoids to
form low angle sub-grain boundaries, the precipitates are continuously distributed along

the high angle grain boundaries.

SEM images (Figure 5-9) of the fractured samples show a difference in morphology
between the high solute and the standard 7075 alloy. In case of high-solute alloys, the
fracture surface exhibits transgranular fracture due to mechanical overload. However, in
case of 7075, we could observe clear sign of the brittle intergranular fracture. This could

be attributed to the differences in the corrosion morphology of the alloys.

The results of this study supports the growing body of evidence on the impact of the grain

boundary precipitate discontinuity on the IGC and SCC. However, the generalizability of
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the results could be limited by the testing environment, as mentioned earlier in this section.
However, the present work has demonstrated the high solute 7xxx alloys can be designed
to have an improved localized corrosion resistance in peak aged temper under oxidizing

environments.

5.5 Conclusion

In this study, the results show that the Cu addition has multifactor effect on the
microstructure and corrosion resistance of the high solute 7xxx alloys. Compared to the
standard 7075, these high-solute alloys have improved IGC and SCC. An increase in Cu
content leads to an increase in the number of Al;CuzFe particles and this, in turn, increases
the pitting susceptibility of the alloys. Similarly, the addition of Cu increases the number
of fully recrystallized grains in the alloy, leading to the formation of a high angle grain
boundary. Despite this trend, the grain boundary precipitates are largely discontinuous,
resulting in no IGC. The presence of stress leads to nucleation of cracks from the pitting
corrosion sites and the resulting strain ratios were much higher compared to standard 7075.
The testing conditions were conducive to promoting anodic dissolution events, and as a
result the impact of the hydrogen-assisted cracking in these alloys remains unknown. By
controlling the levels of key alloying elements such as Cu and Zr, we can achieve a

microstructure that is resistant to IGC and SCC under oxidizing conditions.
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CHAPTER 6: EFFECT OF ZINC TO MAGNEESIUM RATIO ON
THE SCC RESISTANCE OF HIGH SOLUTE 7XXX ALLOYS IN

HUMID ENVIRONMENT

6.1 Background

In the previous chapter, the effect of alloy composition on stress corrosion cracking (SCC)
was studied in the NaCl containing environment. As mentioned in the previous discussion
section, the test environment promotes anodic dissolution. A recent safety information
bulletin (SIB No: 2018-04) published by the European Aviation Safety Agency (EASA)
indicates that a 7xxx high solute composition may be susceptible to cracking in a moist
environment. Therefore, the objective of this chapter is to assess the effect of the
composition, specifically on the grain boundary features, on the SCC in a humid
environment. This work was done in collaboration with Dr. Shawn Yu (Senior Scientist,

Novelis inc), who performed the DFT calculations.

6.2 Approach

The SCC tests were carried out in two key environmental conditions, 35°C at 85% RH and
at 70°C at 85% RH. Due to the limitations of the environment, the samples were not
subjected to slow strain rate tests but instead were subjected to the constant displacement
method. Two types of strain conditions were used, namely the uniaxial and four-point bend
test and they were based on ASTM standards G49-85 (2019) and G39-99 (2021),
respectively. For microstructural characterization, scanning transmission electron

microscopy (STEM) and the energy dispersive spectrum (EDS) were used to image and
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measure composition of grain boundary features, respectively. DFT calculations were
carried out using the Vienna ab initio simulation package (VASP) to determine the
segregation energy and embrittlement potency of solute elements in )5 high angle

aluminum grain boundaries.

6.3 Results

6.3.1 Stress corrosion cracking test in the humid environment

Table 6-1 shows the results of the uniaxial constant displacement test in an environment
of 35°C with 85% relative humidity. A significant difference in the time to failure was
found between the high-solute alloys and the conventional 7075. Alloy A failed after three
days of exposure, while Alloy B failed in less than 10 days. The conventional 7075 alloy

did not fail even after seven weeks of exposure.

Table 6-1: Summary test results of samples stressed at 80% yield strength in humid environments.

Days to failure

35°C at 85% RH 70°C at 85% RH 70°C at 85% RH
Samples ) . )

Duration: 49 days Duration: 100 days Duration: 100 days

Applied stress: uniaxial | Applied stress: uniaxial | Applied stress: 4 point bend
Alloy A Failed, 3 days Failed, 1 day Failed, 1 day
Alloy B Failed, 10 days Failed, 2 days Failed, 1 day
7075 Passed Passed Passed

Figure 6-1 shows the metallography cross section of the failed samples. We could observe

the clear sign of cracking in both high-solute alloys.

109




100pm

100pm

Figure 6-1: Metallography cross section of the fractured samples (a) alloy A (b) alloy B in 35°C at 85%
RH, (c) alloy A (d) alloy B in 70°C at 85% RH.
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Closer to the edge of the fracture, we observed the presence of secondary cracks
propagating perpendicular to the applied stress direction. The tortuous path of the cracks
appeared to have propagated along the grain boundaries. Crack propagation features looked
comparable between the two alloys. Additionally, we also did not observe any sign of
localized corrosion attack, such as pitting or intergranular corrosion. Figure 6-2 shows
SEM images of the fractured surface of Alloy A under secondary electron mode and we
could observe two distinct fracture morphologies. The first type can be observed at the
edge of the fracture surfaces (region a), the cracks were propagating along the grain
boundaries and there was little or no deformation on the grain surfaces. Other areas of the
samples, such as regions b and c, contained similar morphology. Region b covered an area
containing a mixture of coarse and fine grain size, and the faces of the grains looked smooth
without any signs of crack arrest markings. In contrast, the grain facets of region ¢ were
rough. The second type was observed in region d that had dominant feature containing river

patterns or quasi cleavage-like fracture morphology in the grain facets.

In the case of alloy B (Figure 6-3), the failed samples exhibited features similar to those
of alloy A in terms of intergranular fracture. The region a images taken at the edge of
broken samples showed crack propagating along the grain boundaries; however, the facets
of the grains showed cleavage-like fracture morphology. In regions b and c, the fracture
morphology is of the intergranular type; however, in region d, the fracture surface exhibits

a mixture of rough ridges and intergranular features.

Table 6-1 also shows the data from the uniaxial constant displacement testing of the
samples at 70°C in 85% relative humidity. Here again both alloys A and B failed after a

few days of exposure, but the conventional 7075 alloy passed the test even after 100 days
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Figure 6-2: SEM images of the fractured surface of alloy A in 35°C at 85% RH.
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Figure 6-3: SEM images of the fractured surface of alloy B in 35°C at 85% RH.
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of exposure. Increasing the temperature to 70°C reduced the failure time in alloys A and B
compared to the testing at 35°C. However, the morphological features of the fractured
samples were comparable in both temperatures. Figure 6-1 shows the cross-section view
of the failed samples, and we could observe the presence of cracks near the fractured
region. The path of the crack appeared to be intergranular; however, no sign of localized
corrosion attack was observed. Similar features were observed in SEM images of the
fractured sections. In case of alloy A (Figure 6-4), we could observe the crack initiation at
the edge of the fractured region a. The area surrounding this crack exhibited a cluster of
microvoids or dimple-like features. Regions b and ¢ had similar features in terms of the
intergranular brittle fracture, as the facets of the grains were smooth. Region d exhibited a
distinct river-like pattern or quasi cleavage fracture, as observed in the 35°C environment.
Alloy B showed (Figure 6-5) a clear sign of intergranular cracks in the edge of the fracture
surface region a and region b. However, the morphology of region ¢ had a mixture of
intergranular fracture features with a shallow cluster of voids/dimples like features.

Interestingly, the fracture surface in region d had a smooth surface with a shallow ridge.

6.3.2 Effect of applied stress on the SCC performance in humid environment.

In the previous section, the samples were stressed using the uniaxial constant displacement
method, and the failure locus was not always in the middle of the gauge section. To
minimize the scatter, the samples were subjected to four-point bend testing. Table 6-1
shows the SCC performance of the samples strained using the four-point bend method.
Here again, both alloys A and B failed the test in a manner similar to that of the uniaxial
constant displacement samples including the days of failure and the failure locus was

always at the middle of the bend samples, where the stress was maximum.
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Figure 6-4: SEM images of the fractured surface of alloy A in 70°C at 85% RH.
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Figure 6-5: SEM images of the fractured surface of alloy B in 70°C at 85% RH.
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The conventional 7075 alloys did not crack after 100 days of exposure. Metallography
cross-sectional images (Figure 6-6) show a higher degree of cracking in alloys A and B.
The cracks in the fractured section ran perpendicular to the stress direction, and the path
resembled intergranular cracking. The Figure 6-7 shows the SEM images of the fractured
samples from the four-point bend test. In the case of alloy A, the fracture morphology
resembled that of a brittle fracture. The higher magnification image at the edge of the
fracture surface clearly showed intergranular cracking. The grain facets were smooth and
the fracture was propagating along the grain boundaries. Alloy B also exhibited a similar
type of fracture morphology, as in the high-magnification image we could observe a clear

sign of crack propagating along the grain boundaries.

To study the effect of the applied stress level on the SCC of the materials in a humid

environment, the alloys were exposed to 20% and 50% YS.

Table 6-2: Effect of applied stress level on SCC performance in humid environment.

Days to failure in 70°C at 85% RH,
70°C at 85% RH 70°C at 85% RH 70°C at 85% RH
Samples . . .
Duration: 100 days Duration: 100 days Duration: 100 days
Stress level: 20% Yield Stress level: 50% Yield Stress level: 20% Yield
stress stress stress
Alloy A Passed Failed, 3 days Failed, 1 day
Alloy B 1 failed at 64 days Failed, 5 days Failed, 1 day
7075 Passed Passed Passed
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Table 6-2 shows the days of failure of the samples at different stress levels. The
conventional 7075 alloy passed the test at 20% and 50% Y'S stress levels. Interestingly,
both alloys A and B continued to exhibit failures at the 50% Y'S stress level. Alloy A failed
after 3 days while alloy B failed after 5 days. Figure 6-6 shows the metallography cross-
section images of the samples after failure. The fracture features were comparable to the
80% YS data. The cracks were propagating in a direction perpendicular to the stress.
Similar observations were seen in the SEM images (Figure 6-7) of the fracture samples.
The fracture surface of alloy A had two types of features in the high-magnification images,
the first resembled the intergranular fracture, with cracks propagating along the grain

boundaries. The grain facets were smooth similar to the observations in 80% Y'S samples.

In the second type, we could observe regions that had cleavage — like morphology with
very rough ridges that were observed in uniaxial constant displacement fixtures. However,

the alloy B exhibited only the intergranular brittle fracture feature.
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Figure 6-6: Cross section of the fractured samples (a) alloy A, (b) alloy B at 80% YS (c) alloy A (d)
alloy B at 50% YS (e) alloy B at 20% YS.
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Figure 6-7: SEM images of the fractured samples (a) alloy A, (b) alloy B at 80% Y'S (c) alloy A (d) alloy
B at 50% YS (e) alloy B at 20% YS.
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The tests revealed a significant difference in SCC performance at a stress level of 20% YS.
Alloy A samples survived 100 days of exposure without a single failure. Alloy B performed
similarly at this stress level, except for one sample that failed after 64 days of exposure.
Figure 6-6 and Figure 6-7 shows the metallography cross section and SEM images of the
fractured samples at 20% YS level. Interestingly, the fracture morphology was comparable
to 50% YS and 80% YS levels. The cracks were propagating perpendicular to the stress
direction in the intergranular path. The high-magnification images of the fractured surface
resembled a brittle intergranular fracture with little or no deformation on the facets of the
grains. The Alloy B samples that survived the exposure duration did not show the micro-

cracks.

To assess the impact of the environment on the mechanical properties of the alloys, we
exposed the samples to three different test cycles without applying any applied stress. The
Figure 6-8 shows the summary of the tensile properties such as yield strength and total
elongation from the three environment exposure. The yield strength values did not change
significantly between pre- and post-exposure in the three different environments. However,

a significant difference was found in the total elongation. The
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Figure 6-9 highlights the percentage drop in elongation in these environments. The drop in
elongation was lowest in 7-week exposure at 35°C at 85% RH. Depending on the alloy
composition, the highest drop in elongation varied as function of environment. For
example, alloy A showed the highest drop in elongation in 100 days of exposure at 70 ° C,
85% RH conditions, while alloy B showed its highest drop in 40 days of exposure in ASTM
G44. Conventional 7075 showed a similar trend to that of alloy B, however, the drop in the

elongation percentage was very high in ASTM G44 compared to other variants.
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Figure 6-8: Mechanical properties before and after exposure of the alloys in the different corrosion
test cycles in absence of any applied stress.
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Figure 6-9: Percentage drop in elongation of the samples after exposure to different corrosion test
cycles in absence of any applied stress.

Figure 6-10 shows cross-sectional images of the samples under different environmental
exposures after tensile testing. After 49 days of exposure in 35°C at 85% RH, there was no
widespread localized corrosion attack. However, increasing the temperature to 70 ° C and
prolonged exposure at 100 days certainly increased the localized corrosion spots. In alloy

A, we could observe crack nucleation from the pitting corrosion sites.
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Figure 6-10: Cross section images of the samples after tensile testing in (a) alloy A (b) alloy B (c) 7075
in 7 week exposure in 35°C at 85% RH (d) alloy A (e) alloy B (vi) 7075 in 100 days exposure in 70°C at
85% RH.
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Alloy B continued to exhibit a pitting-type attack morphology, but the conventional 7075
showed early signs of intergranular corrosion attack. The samples after 40 days of exposure
(Figure 6-11) in ASTM G44 did not show any significant localized corrosion attack in

alloy A. In the case of alloy B and 7075, we could observe continuous microscopic pits

with depths less than 10 um.

100pm

Figure 6-11:Cross section images of the samples after tensile testing (i) alloy A (ii) alloy B (iii) 7075 in
40 days in ASTM G44.
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Figure 6-12 shows the fracture surface images after tensile testing for the preexposure
samples. The fractured edge of Alloy A exhibited higher density of clustered
microvoids/dimple-like ductile fracture features. Even in the middle of the fractured area,

we could observe these micro-voids and the presence of rough surfaces on the grain

interiors.

Figure 6-12: SEM images of the fractured pre-exposure samples (a) alloy A (b) alloy B (c) 7075 after
tensile test.
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In addition to these characteristic features, alloy B also exhibited voids around the
intermetallic particles. The conventional 7075 alloy also exhibited these features. In
summary, irrespective of the composition, the fracture regions of the pre-exposure samples
contained predominantly ductile type of fracture features such as clustered voids/dimple-

like features and no sign of brittle fracture features.

The fracture surface of the samples after exposure to 35°C at 85% RH is shown in the
Figure 6-12. Interestingly, alloy A did not exhibit any significant brittle fracture behavior
despite 49 days of exposure. The surface of the fracture edges was still dominated by
dimple-like features. Alloy B also exhibited this type of feature, despite both alloys failing
the test when 80% YS stress was applied externally. The conventional 7075 alloy also

showed dimple-like features and no signs of brittle intergranular fracture.

An increase in temperature (70°C) and duration (100 days) affected the fracture surface
morphologies (Figure 6-13) of high-solute alloys. Alloy A that had a 40% drop in
elongation showed mixed fracture morphology. In the SEM images, we could observe
regions of dimple-like features but there was region containing river-like quasi cleavage
fracture patterns that were previously observed in stressed samples. Alloy B also exhibited
such mixed morphology, similar to that of alloy A. In fact, in alloy B we were able to
observe more regions containing river-like ridge patterns after tensile tests. The
conventional 7075 alloy continued to exhibit only a dimple-shaped feature and did not

show any signs of brittle fracture.

After exposure for 40 days in the G44 testing environment, Alloy A exhibited largely

dimple-like (Figure 6-14) characteristics throughout the fracture region.
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Figure 6-13: Fractured surface images of the samples after tensile testing in (a) alloy A (b) alloy B (c)
7075 in 7 weeks exposure in 35°C at 85% RH (d) alloy A (e) alloy B (f) 7075 in 100 days exposure in
70°C at 85% RH.
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Figure 6-14: Fracture surface of the samples after tensile testing (a) alloy A (b) alloy B (¢) 7075 in 40
days in ASTM G44.

There was no clear sign of brittle fracture despite a 20% loss in elongation. Alloy B also
exhibited dimple like features, despite the clear evidence of pitting corrosion and crack
initiation at the edge of the fracture surface. The conventional 7075 also exhibited a similar
type of fracture surface; however, a significant corrosion attack that resembled a mixture

of pitting and intergranular corrosion was observed at the edge of the fracture surface.

130



6.3.3 Microstructure Characterization

In the previous chapter, an extensive microstructure characterization of these three alloys
was carried out. The grain boundary microstructural features were specifically chosen for
analysis since the fracture surface examination clearly showed that cracks propagated along
the grain boundaries. Figure 6-15 shows the STEM images of the grain boundary for the
three alloys, and we could observe the presence of precipitates along the boundary and the
adjoining precipitate-free zone (PFZ). In the case of alloy A, the precipitates were not
present in all boundaries and they were largely discontinuous in the sections where they
were found. Similarly, alloy B also exhibited a discontinuous presence, though they were
present in the majority of the grain boundaries. The conventional 7075 alloy showed the

continuous presence of fine precipitates.

Table 6-5 shows the EDS composition of the precipitates and the adjoining precipitate-
free zone. The precipitates have a higher amount of solute elements such as Mg, Zn, and
Cu compared to the precipitate free zone. The scatter in the data was high, particularly in
the PFZ because of the beam drifting during the EDS measurements. To confirm the trend
in elemental segregation in both features, the equilibrium composition was used for

comparative purposes.
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Figure 6-15: STEM - bright field images of the grain boundary microstructure (a) alloy A (b) alloy B
(c) 7075.

Table 6-3 contains the equilibrium composition of the grain boundary precipitate and
adjoining precipitate-free zone based on JMatpro and Thermo-Calc calculations,
respectively. The predicted solute contents were higher than the values measured
experimentally from EDS. However, the trend in the Zn/Mg ratio is in a range similar to
the equilibrium calculated values for grain boundary precipitates, but PFZ data was not
following this trend because of the issues encountered during EDS measurements as

mentioned above.
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Table 6-3: Composition of grain boundary precipitates (GBP) and adjoining precipitate free zone
(PFZ) from JMatpro and ThermoCalc predictions.

EDS composition PFZ (wt%)

EDS composition GBP (wt%o)

Sample
Zn Mg Cu Zn/Mg Zn Mg Cu Zn/Mg

7075 0.78 1.48 0.97 0.53 55.4 18.2 15.38 3.04
Alloy A 1.54 0.62 0.18 251 75.12 16.62 3.95 4.52
Alloy B 1.46 0.61 0.75 241 71.6 16.36 9.14 4.38
Alloy C 1.46 0.63 0.76 2.33 70.18 16.52 9.69 4.25
Alloy D 1.17 0.97 0.56 1.21 72.48 16.5 7.46 4.39
Alloy E 1.11 1.03 0.74 1.07 68.49 16.81 9.82 4.07
Alloy F 0.95 1.24 0.76 0.95 68.46 16.81 9.84 4.07

The Figure 6-16 shows the correlation between the Zn / Mg ratio (from EDS

measurements) in the grain boundary precipitates to days to failure at 70 ° C at 85% RH

environment. As the Zn/Mg ratio increases, the days to failure had decreased considerably.

In case of 7075, the Zn/Mg ratio was 2.66 and the samples had run out at 100 days of

exposure. On the other hand, alloy A had a Zn / Mg ratio of 4.2 and the samples failed

within one day of exposure, while alloy B had a Zn / Mg ratio of 4 and the samples failed

within two days of exposure. A similar trend (Figure 6-16) was observed between the PFZ

Zn/Mg ratio (from Thermo-Calc) and days to failure. At a higher Zn / mg ratio, such as
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alloy A and B, the samples failed early, and at a lower Zn/mg ratio, the samples survived

as in the case of 7075. In order to test whether such a relationship between Zn/Mg ratio

exists in 7xxx alloys, the testing matrix was expanded to include values in between these

extremes.
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Figure 6-16: Effect of the grain boundary precipitate and adjoining precipitate free zone Zn/Mg ratio
on days to failure in 70°C at 85%RH.

6.3.4 SCC testing of expanded compositions in a humid environment

Table 6-4 shows the composition and bulk ratio of the alloys that were used in this work

to validate the correlation.
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Table 6-4: Alloy composition (wt%) of the samples and their average corresponding days to failure
that were stressed to 80% YS in a four-point bend configuration and exposed to 70 ° C at 85% RH.

Zn/Mg | Average days

Sample Cr Cu Fe | Mg | Mn Si Zn Zr ratio to failure

0.19- | 1.59- |0.17 -|2.54 - 0.02 - [0.04 -| 579 - [0.01-| 228 100*
7075 0.29 179 | 028 | 274 0.12 |0.14| 599 |0.11

0.01- | 0.30- |0.16 —|2.16 —| 0.03 - [0.08 - 9.13 - [0.13 | 4.23 1
Alloy A 0.11 050 | 0.26 | 2.36| 0.13 | 0.18 | 9.23 [ 0.23

0.03- | 1.17- |0.18-|2.18 | 0.03 — [0.07 | 8.82 - [0.13 | 4.05 2
Alloy B 0.13 137 | 0.28 | 2.38 | 0.13 [0.17 [ 9.02 | 0.23

0.12- | 1.23-]0.22-]2.30 | 0.05- [0.24 - 9.27 - [0.12 | 4.03 12
Alloy C 0.22 143 | 042 | 250 | 0.15 |0.34| 9.47 |0.22

0.11- ]10.97-0.22-12.42—-( 0.04 — |0.32 | 8.18— [0.13-| 3.38 14
Alloy D 0.22 117 | 042 | 262 | 0.14 |0.42| 828 | 0.23

0.11- ]129-1]0.21-|251—- 0.05— (0.09 | 8.12— [0.12—| 3.24 71
Alloy E 0.22 149 |1 041 |271) 0.15 |0.19| 832 |0.22

0.11- ] 1.28- |0.22—-12.48 - 0.05—- [0.06 | 6.89— [0.13-| 2.78 75
Alloy F 0.22 148 | 042 | 2,68 | 0.15 |0.16 | 7.09 | 0.23

In this table, we could also observe variations in other alloying elements such as Cu and Si

between the alloys. Additionally, this set of compositions also had a higher level of Cr

compared to alloy A and B. The table also shows the average days to failure of samples

that were stressed to 80% Y in a four-point bend configuration and exposed to 70 ° C at

85% RH. Unlike 7075, these samples exhibited failures during the exposure period;

however, there was a noticeable difference in days to failure as a function of the bulk

Zn/Mg ratio. Alloys E and F whose Zn/Mg ratio was closer to the 7075 level had higher

days (70) to failure. Similarly, alloy C and D Zn/Mg ratios were closer to alloys A and B

and subsequently had shorter cycles (15) to failure. Figure 6-17 shows cross-sectional

images of the failed samples in the 70°C at 85% RH environment. All samples clearly

exhibited signs of cracking and the crack path appeared to have been propagated along the

grain boundaries.
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Figure 6-17: Cross section of the failed samples (a) alloy C (b) alloy D (c) alloy E (d) alloy F after
exposure in 70°C at 85% RH.

Interestingly, in any of these alloys, no obvious signs of localized corrosion attack were
observed. Similarly, the fracture surface (Figure 6-18) of the samples under SEM clearly

showed evidence of a brittle fracture with cracks propagating along the grain boundary.
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Figure 6-18: SEM images of the fractured samples (a) alloy C (b) alloy D (c) alloy E (d) alloy F after
exposure in 70°C at 85% RH.

The grain boundary features (Figure 6-19) were comparable with alloy A and B in terms

of discontinuity in grain boundary precipitates.
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Figure 6-19: STEM - bright field image of grain boundary microstructure features of (a) alloy C (b)
alloy D (c) alloy E (d) alloy F.

Table 6-5 shows the EDS composition of the grain boundary precipitate and the adjoining
PFZ. As expected, the level of solute concentration in the precipitates was higher compared
to that of the PFZ. Similarly, these values were lower than those of the equilibrium
composition of the JMatpro and Thermo-Calc data. The Figure 6-20 shows the correlation
between the Zn/Mg ratio of the grain boundary precipitates and the PFZ of days to failure.

In both cases, a higher Zn/Mg ratio resulted in the lower cycles to failure.
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Table 6-5: Composition of grain boundary precipitates (GBP) and adjoining precipitate free zone
(PFZ) from STEM-EDS measurements.

EDS composition PFZ (wt%o)

EDS composition GBP (wt%o)

Sample Zn Mg Cu Zn/Mg Zn Mg Cu Zn/Mg
7075 1.85+2.12 | 1.37£0.65 | 3.32+1.63 1.34 20.6£10.1 | 7.72+2.57 | 5.59+2.26 2.66
Alloy A | 1.83+1.14 | 2.55+0.95 | 1.46+0.25 0.71 29.25+6.17 | 6.95+£1.28 | 1.96+0.83 4.20
AlloyB | 1.78+0.86 | 1.51+0.99 | 3.65+3.01 1.17 26.49+6.65 | 6.62+1.49 | 2.81+0.91 4
AlloyC | 3.14+15 | 1.13+0.46 | 1.48+0.82 2.77 226+85 6.03+£3.2 451+2.3 3.75
Alloy D | 3.58+1.31 | 1.31+0.22 | 1.41+0.23 2.73 24.75+6.60 | 6.69+2.16 | 3.50+1.61 3.69
Alloy E | 2.67+0.97 | 1.26+0.25 | 4.35+1.3 212 18.21+4.04 | 4.87+0.98 | 2.80+0.36 3.73
Alloy F | 0.96+0.46 0.8+0.14 | 3.86+0.70 1.2 24.09+5.39 | 6.86+1.88 | 4.13+0.84 3.5
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Figure 6-20: Effect of grain boundary features composition (top) precipitate (bottom) adjoining
precipitate free zone on the days to failure in 70°C at 85% RH.
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To validate the causation between the correlation, a density functional theory (DFT)
simulation was used to assess the embrittlement energy of the grain boundary in the

presence of adsorbed hydrogen.

6.3.5 DFT calculation

The DFT first-principles calculations are based on the electronic density, a fundamental
property of the system that can be calculated directly from the using the Kohn-Sham
equations. These calculations aim to predict the properties of materials and molecules from
the fundamental laws of physics, without any experimental input. The Rice-Wang
thermodynamic model was used to assess the embrittlement potency. The model suggests
that embrittlement potency can be described as the impurity's ability to decrease the
"Griffith work™ of brittle boundary separation. This ability is directly proportional to the
difference in binding energies of the impurity at the grain boundary (GB) and the free
surface (FS). If the impurity is more energetically favorable at the GB than at the FS, it can
enhance the GB's resistance to brittle intergranular fracture. Conversely, if the impurity is
less energetically favorable at the GB than at the FS, it can weaken the GB's resistance to
brittle intergranular fracture [137]. Figure 6-21 shows the schematic of the aluminum
supercell used for the DFT calculation of segregation energy and embrittlement potency of
solute elements for a 5 symmetric high angle grain boundary of {210} [001]. The
segregation energy from the DFT calculation of H, Mg and Zn is shown in Table 6-6. All
the elements had negative value for the grain boundary segregation energy. Mg had the
lowest value of -0.38 eV/atom while Zn had -0.13 eVV/atom in presence of Mg. Interestingly

H had lower segregation energy than Mg with a value of — 0.24 eV/ atom.
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surface energy.
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Table 6-6: Segregation energy of key solute elements in } 5 grain boundary from the DFT calculations.

Element Segregation energies per atom (eV)
H -0.24
Mg -0.37
Zn in presence of Mg -0.13

Figure 6-22 shows the effect of solute elements on the embrittlement energy aluminum
supercell with a Y5 grain boundary. Al supercell that was devoid of any impurity presence
at the grain boundary had embrittlement energy of -471.46 mJ/m?. Adding solute elements
such as Mg to the grain boundary decreased the energy to -493.40 mJ/m? and a similar

effect was observed (-490 mJ/m?) in the concurrent presence of Mg and Zn.
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Figure 6-22: Effect of solute element presence on the embrittlement energy of the Y5 grain boundary
precipitate free zone (PFZ).

On the contrary, the presence of Zn atoms alone at the grain boundary increased the

embrittlement energy to -434 mJ/m?2. When the H atom was added to the configuration, the
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overall embrittlement energy of the supercell was shifted to a more positive value
compared to the base configuration without hydrogen. For example, the embrittlement
potency of Mg-Zn-H and Zn-H was -404 mJ/m? and -353 mJ/m? respectively compared to
the supercell without hydrogen presence. Extending the DFT calculations to different
Zn/Mg ratio, the following relationship is obtained as shown in Figure 6-23. The trend is

similar to the data obtained in the Figure 6-20.
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Figure 6-23: Effect of Zn/Mg ratio on the embrittlement energy of the grain boundary in presence of
one hydrogen.

6.4 Discussion

The Zn/Mg ratio appears to have a significant impact on the SCC resistance of the 7xxx

alloys in humid environments. The alloys that performed very well in the SCC tests in an
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oxidizing environment (NaCl + H.O>) showed poor resistance to cracking when exposed
to relative humidity at 85% RH in the absence of NaCl. High-solute alloys exhibited rapid
failure in this environment even when the temperature was maintained at 35 ° C. The cross-
sectional analysis of the failed samples clearly showed the presence of intergranular cracks
near the fractured region. Similarly, the samples showed a clear sign of brittle fracture
under the SEM. For a given composition, the applied stress had a significant impact on the
days of failure but did not affect the failure morphology. Microstructure and composition
analysis indicated the correlation between the Zn/Mg ratio grain boundary features and
days to failure. The DFT calculations clearly showed that an increase in the Zn content in
the precipitate-free zone increased the embrittlement potency in the presence of adsorbed
hydrogen, thereby increasing the tendency to environmental fracture in a humid

environment.

6.4.1 Cracking in the humid environment

The problem of 7xxx alloys cracking in a moist environment is gaining traction due to the
release of the EASA SIB 2018-04R2 report. The report particularly highlighted the brittle
fracture of the 7xxx alloy plates that had high levels of solute elements such as Zn (> 6
wt%) at 70°C at 85% relative humidity. The most significant part was the complete absence
of NaCl in this test environment, and the samples cracked under the influence of moisture
alone. Interestingly, under these environmental conditions, legacy low solute 7xxx alloys
such as 7075 did not fail. Aluminum typically undergoes oxidation in humid environment
conditions, leading to the formation of Al2Os, however, the corresponding cathodic
reaction in this environment is hydrogen evolution as shown in the following equation

[138, 139].
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2A1 (S) + (3 + x)H,0 (g) — Al,05 * X(H,0)(s) + 3H, (g)

The humid environment is particularly aggressive because of the formation of the
chemisorbed hydrogen Hags(C), which proceeds with a single-electron reduction as shown

in the following equation.

H,0+ e~ - H,qs(C) + OH™

Since bare aluminum has high hydrogen fugacity (i.e. effective pressure) and the
concentration of dissolved atomic hydrogen near the surface can reach levels of
approximately 20,000 parts per million by weight [140]. As a result, material failures are
attributed to the hydrogen-induced cracking phenomenon [39, 141, 142]. A signature
feature of hydrogen-induced failure in aluminum alloys is loss of ductility in the absence
of widespread pitting or intergranular attack [143]. The fracture surface of aluminum alloys
shows a unique pattern of hydrogen-assisted cracking, which is characterized by
intergranular and quasi-cleavage-like fractures. This is attributed to hydrogen segregation
at the grain boundaries, resulting in a brittle fracture along the grain boundary [144, 145].
For SCC to occur, three conditions must be met simultaneously, they are environmental,
applied stress, and susceptible material [146]. The following subsections discuss the
implication of these aspects for the high solute 7xxx alloy fracture in the moist

environment.

6.4.2 Effect of environment

Table 6-1 clearly shows that alloys A and B performed poorly in the humid environment

(85% RH) at 35°C and 70°C. However, the conventional 7075 alloy did not fail under these
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conditions. The analysis of the fracture surface (Figure 6-2, Figure 6-3, Figure 6-4,
Figure 6-5) and cross-section images (Figure 6-1) clearly showed the dominant presence
of brittle intergranular and quasi-cleavage-like morphology in the humid environment.
This was a drastic difference in the results compared to the trend observed in the oxidizing
environment ASTMD1384 containing 1% H20: as reported in the previous chapter. Cracks
in the oxidizing environment originated from pitting corrosion sites; however, no such
features were observed in the failed samples in humid environment. Furthermore, in an
oxidizing environment the ductile fracture was found to be the primary mode of failure for
high-solute alloys. On the other hand, in a humid environment, the dominant brittle fracture
features suggest that the grain boundaries are the weakest point. These differences in
performance highlight the significance of environment on the SCC behavior of high- and

low-solute 7xxx alloys.

Even in the case of unstressed samples, the environmental effect can be observed. The loss
in elongation for alloy A was small in ASTM G44, while conventional 7075 showed a
higher percentage of loss in elongation (Figure 6-9). Due to the low Cu content, the number
of Al;CuzFe particles was lower, leading to better pitting resistance, while conventional
7075 had higher pitting sensitivity due to the higher number of Al;CuzFe particles. This
could have affected the final elongation values. However, when exposed to 70°C at 85%
RH, alloy A exhibited more drop in elongation than 7075, despite no signs of extensive
pitting. A greater proportion of intergranular fracture characteristics were observed in
samples of alloys A and B that were exposed to humid environments, compared to samples
from the preexposure set and the ASTM G44. Previous studies have also documented that

the corrosion of 7xxx alloys in NaCl-containing environments is caused by the selective
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dissolution of MgZn; precipitates or dissolution of matrix around Al-Cu.Fe particles [43,
113, 147]. The corrosion morphology observed in the humid environment is consistent
with a previous study by Knight et al. [132], which demonstrated that only hydrated oxide
was present on the surface and that there was no significant pitting or localized corrosion

attack.

The change in SCC performance may be mainly attributed to differences in the cathodic
reactions required to support the corresponding anodic activity. In oxidizing environments,
the main cathodic reaction is the oxygen reduction reaction, and hydrogen evolution occurs
only at very high potentials [148-150]. As mentioned above, the cathodic reaction in a
moist environment is hydrogen evolution because of water reduction. This suggests that
the mechanism of SCC varies depending on the environment. When the environment
contains CI" and is oxidizing, the SCC failure is governed by anodic dissolution of grain
boundary precipitates or pitting corrosion around intermetallic particles. However, in a
humid environment, the failure mode may be dictated by chemisorbed hydrogen resulting
from the cathodic reduction of water. The differences in performance between 7075 and
high-solute alloys can be attributed to microstructural features that facilitate hydrogen

trapping along grain boundaries.

6.4.3 Effect of stress

The application of external stress certainly accelerated the failure of high-solute alloys in
the humid environment. The fracture surface (Figure 6-7) was dominated by the presence
of brittle fracture features such as quasi-cleavage and intergranular fracture. The

morphology was comparable to that of the unstressed samples (Figure 6-13), but the key
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difference was in the amount of brittle fracture features. The most interesting results were
the failure of the high solute alloys at 35°C at 85% RH and no evidence of signature crack
arresting marks was observed in SEM (Figure 6-2, Figure 6-3). This suggests that the
crack velocity was very high under test conditions. The results are in line with the
observations reported by Holroyd et al. [151]. In their work, they reported cracking of 7xxx
alloys in the temperature range from 10°C to 80°C at different relative humidity. They

attributed the cracking to the formation of AlH3 at grain boundaries.

What is noteworthy is that the unstrained specimens, when exposed to this humid
environment, only experienced a 10% reduction in elongation after being exposed for a
period of seven weeks. These results from Figure 6-9 imply that the applied stress played
an important role in accelerating the failure of the samples. This acceleration of failure
could be due to the accumulation of hydrogen in the high-stress region. It has been
postulated that during mode | loading, the hydrogen tend to accumulate in a region of
triaxial stress located before the tip of the crack, making the material in this region very

brittle [152, 153].

Even at elevated temperature (70°C), the high-solute alloys A and B lost 40% of elongation
after 100 days of exposure in the absence of stress. However, in the presence of stress, the
samples failed after a few days of exposure. The days to failure at 70°C were shorter than
the days to failure at exposure to 35°C. The observations are in line with the finding of
Scully et al. [154]. They reported that hydrogen-assisted cracking should follow Arrhenius
Kinetics, and as a result, the crack velocity would increase exponentially with an increase
in temperature. These results clearly highlight the importance of stress and temperature to

fractures in a humid environment.
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The findings also imply that there exists an applied stress threshold, equivalent to 20% of
the yield strength, below which a fracture does not occur, and no micro cracks were
observed on the surface. This could imply that the rate-controlling stage could be the
initiation of the crack. Considering the gauge thickness of only 2mm, the crack propagation
rate would be quite rapid for this type of cross-sectional geometry. The findings and
analyses were consistent with the study by Fransciso et al. [155] that showed that the time
to failure of 7449 increased significantly as the applied stress decreased from 80% to 50%
of the yield stress. In particular, the samples did not show any indication of cracking at

28% of the yield stress.

Holroyd et al. [151] formulated their hypothesis based on the research of Ciaraldi et al.
[156] who reported the presence of AlHsz on the fracture surface of Al-5.6Zn-2.6 Mg after
conducting slow strain rate tests. However, if AlHs was indeed forming on the grain
boundaries, then all 7xxx alloys would have failed under these exposure conditions.
Nevertheless, the conventional 7075 alloy managed to pass the testing. In the same manner,
the high- and low-solute alloys were subjected to identical loading conditions, indicating
that the diffusion of hydrogen under tensile stress between interstitial spaces should not
alter, unless there exist microstructural trapping sites that are more energetically favorable.
Furthermore, the characteristics of the intergranular fracture suggest that the microstructure

of the material plays a crucial role under the influence of stress.

6.4.4 Effect of microstructure of material
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In the previous chapter, the microstructures of alloys A and B were reported to differ from
that of conventional 7075. Due to varying levels of recrystallized grains, a higher amount
of low angle grain boundaries were observed in high-solute alloys compared to the 7075.
The low-angle grain boundaries not only affects precipitation discontinuity but they also
reported to provide higher resistance to crack propagation [157, 158]. The presence of grain
boundary and grain boundary precipitates causes dislocations to pile up at high angle grain
boundaries, creating difficulty in gliding across these boundaries, ultimately resulting in
the nucleation of intergranular cracks at these high angle grain boundaries [159, 160]. As
observed in the preceding section, the primary controlling factor in a humid environment
seems to be the rate of crack initiation. Furthermore, the high crack velocity suggests that
the misorientation angle of grain boundaries has minimal impact on the fracture resistance
of high solute alloys in such conditions. These results are in line with observations of
Schwarzenbdck et al. [161] where they observed more planar cracks in new generation of
high solute 7xxx alloys in a humid environment that had higher level of unrecrytallized
grain boundaries. This suggests that enhancing the low angle grain boundary content of
high-solute alloys might not necessarily enhance their SCC resistance in a humid

environment.

Another key difference observed between the high-solute alloy and the conventional 7075
alloy was the discontinuity of the precipitate at the grain boundaries (Figure 6-15 and
Figure 6-19). In an oxidizing Cl™ containing environment, the precipitates are selectively
attacked, affecting the intergranular corrosion resistance. In the case of the 7075 alloy, the
continuous presence of precipitates along the grain boundary made the alloy highly

susceptible to intergranular corrosion and subsequently to intergranular SCC in the
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presence of stress. However, in a humid environment, the primary reaction is the surface
oxidation of aluminum to Al2O3, and due to lack of CI” ions the grain boundary precipitates
were intact, as the cross-sectional images did not show any significant attack at the grain
boundary. On the other hand, the high-solute alloys that showed superior resistance to grain
boundary corrosion in a Cl- environment experienced brittle intergranular fracture in a CI°
free humid environment. The cross-sectional images of the high-solute alloys did not show
any sign of localized grain boundary attack in a humid environment. This implies that the
continuity of grain boundary precipitates does not play a role in SCC mechanisms in a

humid environment.

The other category of microstructural features that could affect the SCC performance in
humid environments are the energetically favorable traps of hydrogen. In aluminum alloys,
the common traps are dispersoids, strengthening precipitates, and grain boundaries. The
high solute alloys A and B contain Zr, and as a result AlsZr is the main dispersoid, while
in conventional 7075 contains Cr and as a results AlsCr is the principle dispersoids.
Recently, Safyari et al. [162] work using the silver microprinting method showed that AlzZr
dispersoids traps hydrogen. The elastic interaction between the coherency strain and
hydrogen was suggested as the reason for the accumulation of hydrogen in the AlsZr
dispersoids. It was noted that Cr-containing dispersoids did not trap hydrogen as effectively
as AlsZr dispersoids. Similar observations were confirmed by first-principles calculations
on the trapping of H by L12-AlsZr particles by Liu et al. [163]. DFT calculations showed
that the hydrogen spontaneously adsorbs onto the surface of L12-AlsZr (111), with the
most stable adsorption site determined as the FCC hollow site. These results suggest that

the AlsZr would act as a good hydrogen trapping site and thereby improving the SCC
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resistance in a moist environment. However, the present findings indicate that the high-
solute alloys A and B containing AlsZr had a brittle intergranular fracture, while the
conventional 7075 alloy passed the test. This suggests that the grain boundary
characteristics in high-solute alloys could still determine the failure mode despite the
presence of AlzZr in the matrix. Recently AlzCuzFe has been reported to trap hydrogen and
thereby reducing the effect of hydrogen partitioning from MgZn; resulting in higher SCC
resistance [164]. This effect was not observed in this work, since alloy B had a higher
percentage of Al-CuzFe than alloy A due to the difference in the Cu level, but both failed
in the humid environment. The discrepancy could be due to insufficient hydrogen diffusion
inside the AlzCuzFe particles and at the interface between the aluminum matrix and the

particles.

SCC resistance could be impacted by two main grain boundary features, namely, the
composition of the grain boundary precipitates and the adjoining PFZ. Tsuru et al. [165]
used first-principles calculations and found that most of the interstitial sites within the
MgZn; crystal were not suitable as trap sites. However, the trap sites located at the interface
between MgZn, and Al were more stable than other potential trap sites. Furthermore, the
study highlighted that hydrogen atoms tend to be trapped around Mg rather than Zn.
However, the EDS analysis from the present work (Table 6-5) revealed that the Zn level
of the grain boundary precipitate increases with an increase in the bulk Zn content. This
could result in weaker trapping, making the causation of the observed correlation unlikely.
The STEM images also showed that the precipitates at the grain boundaries were coarser
and largely discontinuous. In the case of alloy A, because of the higher fraction of the low

angle grain boundaries, they were fairly clean. These observations further strengthen the
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argument that the grain boundary precipitates may not play a direct role in humid

environment SCC.

As seen in the Figure 6-20, the composition of the precipitate-free zone had a strong impact
on the SCC resistance in humid environment. With an increase in the Zn/Mg ratio, the time
to failure decreased significantly. Gruhl et al. [166] work was the first to show the effect
of Zn content on the SCC resistance of 7xxx series alloys. They reported that the higher Zn
concentration in the solid solution decreases the time of failure for a given value of applied
stress. It was hypothesized that a reciprocal electronic effect occurs between foreign atoms
and hydrogen ions, whereby elements with a valence lower than the matrix attract hydrogen
atoms while elements with higher valence repel them. Schwarzenbdck et al. [161] also
observed such a correlation between the bulk Zn content and the SCC resistance in humid
environment. They suggested that a higher Zn content in the near-surface matrix or M
phase may potentially lead to a reduction in passivation and an increase in the permeability
of the oxide layer, leading to a higher rate of hydrogen ingress at the surface. This may
have an impact on the crack initiation stage and also contribute to the provision of hydrogen
necessary for crack growth. However, the influence of hydrogen ingress on the initiation
or propagation was not explored in this study. In the current work, using DFT calculations,
the connection between the adsorbed hydrogen and the susceptibility of high-solute alloys

to grain boundary cracking are clearly established.

6.4.5 Hydrogen enhanced de-cohesion
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Hydrogen-Enhanced decohesion (HEDE) mechanism entails a decrease in the electron
charge density between the metal atoms located in the vicinity of the crack tip, where
hydrogen builds up through stress-assisted diffusion. This leads to a weakening of the
bonds between adjacent metal atoms and eventually results in their tensile separation [167].
The presence of adsorbed hydrogen at specific sites such as grain boundaries could result
in decohesion, and, additionally, bond weakening may also occur due to segregation of
metalloid impurities or solute alloying elements, together with hydrogen [168, 169]. A
featureless fracture surface (crack arresting marks) is a signature of the decohesion

mechanism [170].

To determine the effect of decohesion, the concept of embrittlement potency from the Rice
and Wang model was used in the DFT calculations [171]. The model explains the
intergranular embrittlement mechanism as a competition between plastic crack blunting
and brittle boundary separation. The term "embrittlement potency" refers to the alteration
in adhesion energy at grain boundaries caused by segregant species [172]. As per the Rice-
Wang model, its magnitude is determined by this alteration given by the following

equation.

Crack _ GB FS
ESeg - ESeg+X - ESeg
GB — GB Bulk
ESeg+X — Lal+x — EAl+X

Where E&;$°* is the embrittlement potency, E¢yy , x is segregation energy of solute species

X, Eg,, is the free surface energy, ES, x is the total energy of the system with a GB and X
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atom in a site along the GB, EZX is the total energy of the system with a GB and X atom

in a bulk site. When the E. SGQZ is negative, then the species will segregate at grain boundary.
The DFT calculation showed that the segregation energy per atom of Zn species in presence
of Mg at the grain boundary was -0.13 eV. This indicates that Zn will preferentially
segregate at the grain boundary. The grain boundary concentration of the segregated
species is related to the bulk concentration by the McLean equation [173].

CGB =C ex _Eglli—Zn

where Cgg and Cgui are the Zn concentrations in the GB and bulk, respectively, ESE . is
the total energy of the system with a GB and Zn atom in a site along the GB, T is the
absolute temperature, and R is the universal gas constant. This equation indicates that the
Zn concentration of grain boundary will increase with increasing bulk concentration. This
relationship in the equation is mirrored by the data (Table 6-5 and Table 6-3) obtained

from both the STEM EDS and ThermoCalc predictions.

The DFT calculations showed (Figure 6-22) that even in absence of adsorbed hydrogen,
Mg appears to have strengthened the grain boundaries while Zn weakens the grain
boundaries of Al. The strengthening of the grain boundary is reported as a result of the
charge transfer mechanism arising from the electronegativity difference between Mg (1.31)
and Al (1.61). The segregation of Mg towards the Al grain boundary results in a transfer
of charge from the Mg atom to the Al atoms, resulting in an increase in charge density
between the Mg and Al atoms and subsequent bond formation that is a mixture of ionic

and metallic character [172]. This, in turn, enhances the bonding between Al atoms along

156



the grain boundary and consequently increases its strength. The reason for the embrittling
impact of Zn is due to a decrease in the bonding charge density along the Zn-Al bonds,
which causes these bonds to weaken compared to the Al-Al bonds as reported by Zhang et

al. [137].

The embrittlement potency is increased further with the presence of adsorbed H atoms, as
shown in the Figure 6-22 especially Mg-H. This could be due to the higher
electronegativity of adsorbed H that stabilizes the Al-H bond and resulting in weakening
of the Al-Al bond in the grain boundary. Alternatively, Wilson et al. [174] proposed that
the introduction of H significantly hinders the development of ligament structures that act
as links across the vacuum structures, and the crystals remain in their face-centered cubic
structure throughout the experiment. Zhao et al. [175] in Al-Mg-Zn alloys, reported that
when Mg is present, the powerful driving force for hydrogen to segregate towards a free
surface rather than a potential interstitial site at grain boundaries favors intergranular
decohesion and drives the system towards crack initiation. However, the Figure 6-22
shows that Zn-H had higher embrittlement potency than Mg-H and Zn-Mg-H, which
suggests that with the increase in the Zn/Mg ratio in PFZ (Figure 6-23), the embrittlement
potency of the grain boundary will increase further resulting in HEDE in humid

environment.

6.5 Conclusions
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The testing environment affected the SCC resistance of the high solute 7xxx alloys. At
85% relative humidity, the high-solute alloys that were stressed to 80% yield stress failed
after a few days of exposure while conventional 7075 survived the test. Fracture surface
examination confirmed the brittle fracture features such as cleavage-like morphology and
the crack propagated along the grain boundary. Under humid conditions, surface oxidation
was the anodic reaction, and no sign of localized pitting or IGC was observed in high-
solute alloys. An increase in the temperature of the testing environment and the level of
applied stress accelerated the time to failure of the high solute alloys. There was a
correlation between the Zn/Mg ratio of the precipitate free zone and the time to failure.
DFT calculations were used to identify the causation behind the correlation and validate
the experimental observations. The results implied that the hydrogen-enhanced decohesion

(HEDE) was the operating mechanism under these tested conditions.

CHAPTER 7: EFFECT OF JOINING METHODS ON THE IGC AND

SCC RESISTANCE OF 7075 TO 5182 DISSIMILAR JOINT.
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7.1 Background

This work aims to characterize and understand the link between the microstructure and the
corrosion performance of commonly used joining methods such as resistance spot welding

and self-pierce riveting in the automotive industry.

7.2 Approach

2.8 mm thick 7075-T6 and 1.5 mm thick 5182-O were subjected to resistance spot welding
(RSW) using the proprietary Novelis joining sequence, while self-piercing rivet (SPR)
joints were made at Bollhoff. After joining, the samples were subjected to heat treatment
at 180° C for 20 min to simulate the paint bake cycle in automotive production. The joint
samples were characterized using EBSD, SEM, EDS, and microhardness testing. The
samples were subjected to a wide range of electrochemical tests, including polarization,
zero resistance ammetery, and scanning vibrating electrode technique. To assess the impact
of localized electrochemical reactions on the longevity of the joints, the samples were
exposed to short (ASTM G110), medium (ASTM G85-A2), and long-term (cyclic

corrosion and stress humidity test) accelerated corrosion tests.

7.3 Results

7.3.1 Microstructure Characterization
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The typical composition of the alloy used in this work is shown in Table 7-1. There was a
distinct difference in the compositions between the alloys specifically for elements such as
of Zn, Mg, Cu, and Si. The primary alloying element in 5182 was Mg (4 wt%), while 7075
contained a lower amount of Mg (2.35%) but it had significantly higher amounts of Cu,

Zn, and Si.

Table 7-1: Typical composition of the alloys used in this work.

Alloy Composition in wt%
Cr Cu Fe Mg Mn Si Zn
7075 0.19- 1.59 - 0.17 - 2.54 - 0.03- 0.04 - 5.79-
0.29 1.79 0.27 2.74 0.13 0.14 5.99
5182 0.1-0.3 0.05 - 0.23- 45-47 0.33- 0.06 - 0.25—
0.25 0.33 0.43 0.16 0.45

Figure 7-1 shows the plane and cross-section view of the RSW and SPR joints. The plane
view images showed no signs of defects in the joints. There was no sign of hot cracking or
material transfer in the RSW, while both the button section and region adjoining the rivet
were largely free of cracks as well. However, the cross-sectional images clearly showed
the presence of defects such as small cracks and pores I n the fusion area of the RSW joint.
These defects were restricted to the center of the weld and did not extend into the faying
surfaces. The cross-section images of the SPR did not reveal any imperfections, and the

joining materials conformed to the rivet and button section geometry.
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]

Figure 7-1: Optical plane and cross-section view images of (a) RSW and (b) SPR joints.

Figure 7-2 and Figure 7-3 show the data from the EBSD analysis of the joint sections to
reveal the grain structure. From the Euler maps, we could observe that 7075 and 5182 base

metal had fully recrystallized grains with elongated and equiaxed shapes respectively.
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The center of the RSW section (fusion region) was also fully recrystallized but the size of
the grains was smaller than the base material. We could also observe the presence of cracks
in the fusion zone. The region between the base metal and the fusion zone contained
columnar regions with elongated grain shapes. The heat-affected zone did not show any
change in grain size for both alloys. The welding process also affected the misorientation
angle and we could observe that the columnar region predominantly contained the low-
angle grain boundaries (misorientation < 15°). The fusion zone also contained a high level
of low-angle grain boundaries, however, the heat-affected zone of 7075 and 5182 did not
show a dramatic difference in the misorientation angle distribution. The local strain
variations were represented by the local average misorientation map. This is a pixel-based
measurement that calculates the average misorientation between a point on the 3x3
measurement grid and its neighbors. We could see that the heat-affected zone
predominantly contained high levels of the local strains. This was the case in both 7075
and 5182; however, the strain distribution was observed in deeper areas only in the case of
7075. A high density of residual strain was also recorded in the columnar and base metal
interface region. In addition, the fusion zone also contained residual strain, but it was

restricted to the center region.

Unlike RSW joints, the SPR method did not result in any gradient grain size (Figure 7-3).
5182 flowed nicely into the rivet area, and the shape of the grains just under the rivet did
not change significantly. However, the shape of the grains adjacent to the rivet was
elongated along the direction of penetration in both 7075 and 5182. The overall indexing

rate was poor in this region and at the interface of the 5182 - 7075 section under the rivet.
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In the button section of the joints, 7075 grains elongated along the direction of the

deformation.

A higher density of the low-angle grain boundaries was observed in 5182 in the regions
below and adjacent to the steel rivet. Although low angle boundaries were observed in
7075, the extent and distribution were not concentrated at the specific location, such as the
button section. The local distribution of the strain was much higher in SPR compared to
that in RSW. A higher degree of localized strains was observed in the sections under and
adjacent to the rivet in the case of the 5182, while 7075 exhibited severe strain localization

in the button section.

The EBSD data only show the grain orientation, however, to get information on the

precipitate morphology, SEM images were taken in back scattered (BSE) mode.

Figure 7-4 clearly shows that a fusion welding process such as RSW had a clear effect on
the precipitation Kinetics of the faying surfaces. Under current magnification, the grain
boundary precipitation was not observed in the base materials. As we move toward the
center of the weld section, we could observe distinct grain boundary precipitates. The heat-
affected zone of 7075 and 5182 looked very different. The grain boundary precipitates were
continuous in 7075; adjoining the grain boundary region we could observe a distinct region
that was devoid of any precipitates. The grain interior had a higher density of coarse

precipitates compared to the base material.
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Figure 7-4: SEM - backscattered images of RSW cross section at (A) base metal (B) heat affected zone
(c) columnar region (D) fusion region.
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Figure 7-4 continued: SEM - backscattered images of RSW cross section at (A) base metal (B) heat

affected zone (c) columnar region (D) fusion region.

In Figure 7-5 we can see that the precipitates in the grain boundaries had higher levels of
Zn and Mg compared to the adjoining precipitate-free region. The 5182 heat-affected zone
was not as dramatic as 7075 but we could still observe the continuous grain boundary

precipitation.

Although there was an increase (Figure 7-6) in the Mg level of the precipitates at the grain
boundary, they weren’t as significant as in the 7075 section. Similarly, the 7075 had a

distinct columnar region microstructure compared to the fusion zone.

Figure 7-4 shows that the continuous coverage of the precipitates along the grain boundary
and the grain interior is free of any particles. We could also observe that the grain boundary
precipitates were smaller in size compared to the fusion zone. The columnar regions also
had pores-like regions that were devoid of any precipitates. However, the fusion zone
contained more of these defects. SPR samples did not show any signs of precipitate

coarsening and defects.
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Figure 7-5: Heat affected zone of 7075 in RSW joint SEM-BSE image (Top) EDS spectrum of
precipitate free zone (middle) and precipitate in grain boundary (bottom).
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Figure 7-6: Heat affected zone of 5182 in RSW joint SEM-BSE image (Top) EDS spectrum of
precipitate free zone (middle) and precipitate in grain boundary (bottom).
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Figure 7-7: SEM - backscattered images of SPR cross section at (A) base metal (B) rivet region (c) button
section.
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Figure 7-7 continued: SEM - backscattered images of SPR cross section at (A) base metal (B) rivet

region (c) button section.

Figure 7-7 shows the SEM BSE images of the SPR joint taken at different spots. With the
channeling contrast, we could observe recrystallized grains of different geometry in 7075
(elongated) and 5182 (equiaxed) sections. In the region near the rivet, we could observe
the grains stretched along the deformation direction. Similarly, in the button section, we

could observe the elongated grains as well.

The mechanical properties of the joints were assessed using the micro-hardness and tensile
test. Figure 7-8 and Figure 7-9 show the distinct difference between the micro-hardness
between the RSW and SPR joints. The base metal hardness values of 7075-T6 and 5182-
O temper were 190 HV, and 77 HV respectively. To highlight the hardness variation across
different regions, the profile was extracted from the hardness map. In the case of the RSW,
the line profile AB corresponds to the hardness variation of the 7075 heat affected zone

and compared to the base metal the hardness of heat affected zone decreased by 10%.
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Figure 7-8: Microhardness of RSW joint (top) line profile at specific region (bottom).
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Figure 7-9: Microhardness of SPR joint (top) line profile at specific region (bottom).

173



However, no such change in hardness was observed in case of the heat affected zone of
5182, as shown in the line profile GH. The columnar and fusion region hardness profile for
7075 was represented by line CD, and we could observe up to 25% drop (140 HV) and
47% drop (100 HV) in hardness value for columnar and fusion region compared to the base
metal. Interestingly, the profile (EF) across 5182 columnar region shows an increase in

hardness value of 120 HV (55% increase) compared to the base metal.

In case of SPR (Figure 7-9), the profile A’B’ corresponds to the button section of 7075
and we could observe a slight increase in the hardness value compared to the base metal.
Hardness across the joint section interface was depicted by profile C’D’, the section
containing a high hardness (180 HV) value corresponded to 7075 while the valley section
corresponded to 5182 with a hardness value of 100 HV. This value was higher than the

5182 base metal and line profile E’F’ highlights this variation.

The strength of the joints was evaluated by the uniaxial tensile test (Table 7-2) and we
could observe that the strength of the RSW joints was higher than the SPR joints by 30%.
We could also notice that the RSW joints had a higher level of scatter compared to SPR
joints. The locus of the failure (Figure 7-10) for the RSW was along the joint interface. In
the case of the SPR joint, the 5182-material adjoining the rivet underwent significant

deformation leading to joint failure.

Table 7-2: Maximum strength of the joints from tensile testing.

Sample Joint strength (N)
RSW 5781 £ 289
SPR 4428 + 53
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Figure 7-10: Macro images of the joint fracture surface after tensile testing.

7.3.2 Corrosion Testing of joints

Polarization experiments were carried out to assess the impact of the joining method on the
corrosion behavior. The experiments were carried out in flat cell at three distinct region.
The base metal section pertains to the surface of the sheet that has not undergone any
joining method, while the RSW section pertains to the heat-affected zone of the joint. On

the other hand, the SPR section corresponds to the button and the steel rivet region of 7075
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and 5182, respectively. The 7075 base metal had Ecorr 0f -550 mVsce, while the RSW and
SPR sections of 7075 had slightly active Ecorr 0f -588 mVsce. During the anodic sweep
(Figure 7-11), of the 7075-base metal section, the current initially increased and reached a
limiting value at -470 mVsce. A further increase in potential reached an inflection point
beyond which the current increased dramatically. However, both RSW and SPR sections
did not exhibit this type of behavior; instead, any increase in potential beyond Ecor the
current increased logarithmically. The cathodic polarization profile (Figure 7-12) profile
of the 7075 joint sections looked similar. They exhibited limiting current values over the
potential range -700mVsce to -1200mVsce, further increase in the potential resulted in
sharp increase in current. The 5182 base metal had Ecor 0f -780mVsce which was more
active than the 7075 base metal and their respective joint variants. The anodic polarization
behavior (Figure 7-11) was similar to that of the 7075 base metal in terms of shape and
features. The RSW section of the 5182 had a more positive Ecorr than the base metal and
did not exhibit the passivation breakdown behavior. The current increased logarithmically
as the potential was swept in the positive direction. The SPR section of the 5182 joint
exhibited similar polarization behavior, but the Ecorr value was most negative, -1.02 mVsce.
The most striking observation here was the three orders of magnitude increase in
dissolution current. Cathodic polarization (Figure 7-12) of 5182 sample showed a
measurable change in the current value in the region -900mVsce to -1200mVsce. The base
metal had the lowest current density in this region, followed by the RSW and SPR. In all
cases, the shape remained consistent and at high overpotentials, the current values were in

a similar order of magnitude.
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Figure 7-11: Anodic polarization plots of different region of 7075 (Top) and 5182 (bottom) joint section
in ASTM D1384 solution.

177



—=— 7075_ Base metal
—— 7075_RSW
——7075_SPR

P
N
—

Potential (V vs. SCE)
e
[}
—

e
®
—

22 E

101t 1010 10° 108 107 10 10° 10* 10
Current density (A/cm?)

-04 L DL B LAY ALY B LAY LR LAY B AL LY B LY B LY
-0.6 |

-0.8

10 |
| |——5182_Base metal
——5182_RSW
5182_SPR

1.2

a4l

-1.6

Potential (V vs. SCE)

18
-20

2.2

L | IR
10?10t 10  10° 10® 107 10 10 10* 10°®

Current density (A/lcm?)
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The electrochemical coupling of dissimilar joints was evaluated by zero resistance
ammetery (ZRA). Figure 7-13 shows the galvanic current transients for the different joint
couple as a function of time in 3.5% NaCl containing 10% H2O. The current transients of
the base metal couple started at -2 pA/cm? followed by a peak at +10 pA/cm? and finally
reached a steady state value of -100 nA/cm?. The transients for the RSW joints started with
a positive value of +100 pA/cm? and steadily decreased before stabilizing at +40 nA/cm?.
Interestingly, there were also major differences in the current profile of the SPR joints. The
transients started with a very negative value of -300 pA/cm? and progressively increased

and settled at +100 pA/cm?,
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Figure 7-13: Galvanic current transients of joint 7075 and 5182 couple under different configurations.
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The SVET measurements provided an overview of the corrosion activity at the local level.

In the case of the RSW joints (Figure 7-14), the maximum anodic current was measured

in the center of the fusion zone during the initial period of immersion.
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Figure 7-14: SVET current density maps of RSW joint after 0, 6, 12 and 24h of immersion in 0.5 wt%

NacCl.

What stands out in this figure was the absence of the cathodic regions in the scanned area,

as the recorded current was only positive in value. After six hours of exposure, the activity

remained in the fusion zone, but we could observe the emergence of a clearly defined

cathodic activity region. The activity in the fusion zone was caused by two distinct

corrosion events. Even after 24 h of exposure, the peak current density did not change
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significantly. Surprisingly, both the heat affected zone and columnar region did not exhibit

any distinct characteristics during the testing period.

The SPR section showed (Figure 7-15) strong cathodic activity at the center of the joint

during the initial immersion period.
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Figure 7-15: SVET current density maps of SPR joint after 0, 6, 12 and 24h of immersion in 0.5 wt%

NacCl.
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The measured peak anodic current value was almost 10 times higher than the RSW joint
for the same exposure period. This peak anodic activity was observed in the 5182 section
right next to the steel rivet, but nonetheless, anodic activity was still observed across the
7075 section as well. With the increase in exposure time, cathodic activity was still
observed near the steel rivet, but the anodic activity was fluctuating between the adjoining
5182 and 7075 sections. The peak anodic current decreased dramatically after six hours of
exposure, and it remained in a similar range for the rest of the exposure period. To

quantitatively describe the corrosion activity of the joint cross-section, further analysis was

conducted as described below.

First SVET data was separated into two maps, the anodic map, wherein all positive current
densities were summed and all current densities in cathodic region are taken as zero. Similarly,
in a cathodic map, anodic regions are taken as zero and cathodic regions are marked by negative
current densities [176]. Figure 7-16 shows the total anodic and cathodic current density
measured in the SPR and RSW joints in 0.5wt% NaCl solution over the course of 24 h.
The anodic current density in RSW was higher compared to that in the SPR section during
the initial period of immersion. Interestingly, during the course exposure period, the total
current decreased and reached the plateau value 4 A/m?. Although the current density of
the SPR sample started off with a lower value than that of RSW, during the 24h exposure
period it continued to increase and ended with an almost two times higher than RSW
samples. The cathodic current density profile of the RSW was similar to that of the anodic
current density counterpart at a longer exposure time. The trend in cathodic current was
particularly surprising in the case of SPR considering that the anodic current transients

continued to increase while the cathodic counterpart have started to stabilize.
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Figure 7-16: Total anodic (top) and cathodic (bottom) densities from the SVET map in 0.5 wt% NacCl.

To determine the morphology of the corrosion attack, ASTM G110 testing was carried out.
From the low magnification images (Figure 7-17), we could observe that the 7075 section
of the RSW joint contained a higher number of corrosion sites compared to the 5182

section. A significant difference in the severity of the corrosion attack was found between
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heat affected zone and the base metal of 7075. The former region underwent extensive

attack, while the latter remained relatively intact.
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Figure 7-17: Cross of the RSW joint after 24h exposure in ASTM G110.

In the high magnification images, the corroded area had a mixture of pitting corrosion and
selective attack of the grain boundaries in the 7075 section. The maximum attack depth
was 200 pum. In case of 5182, only a few spots of corrosion attack can be observed in

general. Here again, the attack region was mainly restricted to the heat-affected zone
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compared to base metal. The attack depth was less than 10 um, almost 20 times lower than

that for the 7075 heat affected zone.

Figure 7-18 shows the SEM images of the 7075 section of the RSW joint to highlight the
morphology of the corrosion attack in the heat affected zone. At low magnification, we
could observe the corrosion attack propagated in the intergranular mode. Similarly, the
high magnification images clearly showed the presence of the continuous precipitates along
the grain boundaries. The single most striking observation to emerge from the analysis was

the absence of precipitates in the corrosion product.

Unlike RSW, the SPR samples (Figure 7-19) did not undergo this degree of corrosion
attack. The attack morphology was mostly pitting except in the button section, where 7075
resembled the exfoliation attack morphology. The section near the steel rivet and the 5182

interface did not have any significant corrosion attack.

To assess the effect of residual stress from the joining process on corrosion performance,
the samples were exposed to the ASTM G85-A2 cyclic corrosion test over a period of 28
days. Figure 7-20 shows the residual strength data for the joint samples before and after
exposure. After 28 days of exposure, both the SPR and RSW joints showed a decrease in
strength values. In the case of RSW joints, the drop was about 8% to 5329 N, while in the
case of SPR the drop was 10% to 3996 N. No significant differences were found between
the performance of the RSW and SPR joints. From the cross-section images, we could see
that 7075 sections underwent significant corrosion attack compared to the 5182 sections
irrespective of the joining methods. However, there was a clear difference in attack depth

and mode of the 7075 between the joints.

185



om0
500pm

Electron Image 4

TS S
10pm

Figure 7-18: SEM-BSE images of the 7075 sections of the RSW joint after 24h immersion in ASTM
G110.
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Figure 7-19: Cross section of SPR joint after 24h immersion in ASTM G110.

To illustrate, the SEM images (Figure 7-21) of the 7075 sections were taken after
exposure. In the RSW joint, the attack occurred in the heat affected zone and the corrosion
front propagated along the grain boundaries. On the other hand, in the SPR joints, the 7075
attack was restricted to the button section of the joint. The SEM images showed that the

corrosion attack was microstructural pitting happening around the coarse particles.
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Figure 7-20: Results from 28 day exposure in ASTM G85-A2 testing without applied stress. Residual
joint strength (top), cross section of RSW (middle) and SPR (bottom) joints.
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Figure 7-21: SEM-BSE images of the 7075 sample in RSW heat affected zone (top) and SPR button
section (bottom) after 28-days exposure in ASTM G85-A2.
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Figure 7-22 shows the fracture morphology of the joints before and after exposure to
ASTM G85-A2. The RSW preexposure sample failure locus (Figure 7-10) was along the
weld region between the faying surfaces. The failure mode did not change after 28 days of

exposure as it was still occurring along the weld region.

A LR § BT

7075 -SPR 5182 - SPR

Figure 7-22: Macro images of the joint fracture surface after 28 days ASTM G85-A2 test followed by
tensile test.
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SPR samples exhibited similar fracture behavior as the pre-exposure samples since the
5182 around the rivet region deformed significantly. The breakup of the metal after
exposure was due to the excessive mechanical force that was applied to remove 5182. The
most striking result that emerged from this work was that the applied stress, 50% of joints
peak strength, did not affect the joint corrosion performance. Figure 7-23 shows the
residual strength of the joints before and after corrosion exposure. The cross-section images
indicated early signs of the IGC attack in the heat-affected zone of 7075. However, no such
corrosion attack was observed in the 5182 section. Similarly, there was no sign of any
primary or secondary cracks in the cross-section images. The fracture locus (Figure 7-24)
after tensile testing was comparable with preexposure as both exhibited interfacial failure
in RSW and deformation of the 5182 section around the rivet in SPR. Even with the applied
stress, the residual strength of the joint did not decrease after 100 days of exposure. The
RSW joints exhibited only a 7% decrease in strength, while the SPR samples did not show
any measurable drop in strength. Similarly, macro-images also showed that there was no
significant accumulation of the corrosion product after the exposure period. Figure 7-25
shows the residual strength of the joints after 100 days of exposure in a humid environment

and applied stress did not affect the final strength of the joints.

7.4 Discussion

The mode of joining clearly affected the final microstructure of the 7075 to 5182 couple.
The fusion welding process resulted in a gradient microstructure with microscale defects.
However, the mechanical interlocking methods resulted in a deformed microstructure
closer to the rivet areas. Differences in microstructure had an impact on corrosion

properties.
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Figure 7-23: Results from 100 day exposure in cyclic corrosion test cycle with applied stress. Residual
joint strength (top), cross section of RSW (middle) and SPR (bottom) joints.
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Figure 7-24: Macro images of the joint fracture surface after 100 days in cyclic corrosion test with
applied stress followed by tensile test.
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Figure 7-25: Residual strength of the joints before and after 100 days exposure in humid environment
with applied stress.

The galvanic couple between the base metal 7075 and 5182 had a different trend in the
ZRA data compared to RSW and SPR joint couple. The SVET data highlighted that the
fusion zone of the RSW was more active than the heat affected and the base metal.
Similarly, the region adjacent to the steel rivet was most active in the SPR joints. Short-
term accelerated testing showed that the 7075 alloy underwent IGC in heat affected zone
of RSW while the button section of the SPR joint underwent microstructural pitting. The
long-term accelerated corrosion and SCC testing did not have any negative impact due to

the joining methods.

7.4.1 Microstructural Changes

One of the artifacts of the fusion welding process, such as RSW, is a formation of the
gradient microstructure due to the temperature gradient associated with the welding process
[177]. The extent of the gradient microstructure depends on the welding parameters and

alloy composition [178, 179]. In addition to microstructure variation, fusion welding
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processes are known to generate defects. In Figure 7-1 the plane view images of the joints
did not show any visible defects or material transfer from the welding electrode. However,
in the cross-section images, we could observe two types of defects, namely pores and

cracks in the fusion region.

Pores in the fusion weld are due to the various phenomenon such as shrinkage strain,
expulsion and degassing of gaseous hydrogen during weld pool solidification, [180]. In the
case of RSW of 7075, the pores are more likely due to expulsion or hydrogen rejection.
The ejection of molten metal at the interface of the faying surface due to excessive heat
input is called expulsion. This is attributed to the narrow plastic and the large freezing
range due to the high solute content. Even the application of forging force/electrode
pressure, may not be enough to seal the expanding molten nugget/fusion zone being ejected
from the weld region. The macro-images (Figure 7-10) of the samples after the tensile tests
showed signs of expulsion in 7075 but 5182 did not show such features. Similar results
were obtained in the weld schedule development by Dobosy et al [181] for the 1mm thick

7075-T6.

Hydrogen degassing is another potential reason for the formation of pore in the weld pool
of the RSW joints. During the heating cycle hydrogen from the moisture trapped in the
oxide layer gets dissolved in the interface of the faying surfaces as the nugget is forming.
However, as the molten weld pool begins to solidify, hydrogen comes out of the solution
in the form of gas bubbles that get trapped resulting in porosity. Several authors [182, 183]
[81] have reported pore formation solely to hydrogen not only in RSW but also in other
fabrication methods, such as the selective laser melting process, as they did not observe

any evidence of expulsion. Based on the experimental evidence (Figure 7-10) and
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literature data, we attribute the pores to the combination of hydrogen and expulsion

mechanisms.

The second type of defect observed in the fusion regions is the cracks. These cracks are
associated with rapid solidification of the weld nugget. They are generally perpendicular
to the faying surfaces and are caused due to the non-uniform stress and strain fields during
welding sequence. During the heating stage, under the combined action of the applied
electrode force and heat input, the center of the welding area is under compressive stress.
Due to rapid cooling of the weld region, the stress state changes to tensile, the contraction
rate that translates to stress magnitude is highest along the direction parallel to the faying
surfaces. The high solute level of 7075 could have exacerbated the cracking. These results
are in line with those of Li et al. [184] who reported hot cracking in the nuggets of 6061 to
7075 consistently across all the welding parameters. However, the degree of cracking in
the present work is not as extensive reported in the literature. This may be the result of
differences in welding schedule, as the one used in this work allows control cooling to
minimize thermal stress, and the addition of forging force facilitate the closing of some of
these defects. These results imply that weld defects cannot be completely eliminated, and
this could explain the higher scatter in the joint strength of RSW (Table 7-2). These

findings might not be representative of all types of 7075 welding combinations.

The SPR joints (Figure 7-1) were free of microscopic defects such as cracks and pores.
This could be due to a couple of factors. The first is the absence of any heat input or
generation during the process of joining, and the second could be due to the stack
configuration. The softer 5182 on the top provides an easy access of the rivet into the

material during the piercing stage and enabling flow of the 7075 in the button section.
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These findings confirm those of an earlier study by Kim et al. [185] on SPR of 7075 and
5052. These results need to be interpreted with caution, because the design and geometry
of the rivet and die play a vital role in achieving defect-free SPR joints of 7075 in T6

temper.

Figure 7-2 shows the gradient grain structure of the RSW joints. The base metal is the
reference region that is not affected by the thermo mechanical process during the welding
sequence. The solution heat treatment and annealing process have resulted in fully
recrystallized grains in 7075 and 5182 respectively. The fusion zone of the weld contains
grain with smallest size, this is due to the rapid cooling of the molten metal at the end of
the welding sequence. The adjacent columnar region had an elongated grain structure, and
this indicates that the region has experienced significant grain growth compared to the base
metal. Theoretical work in the literature [186] had predicted the temperature to 450° C,
which is higher than the typical recrystallization temperature of aluminum. Since the grains
in these regions are already recrystallized, this high temperature facilitates the grain
growth. The ratio of the temperature gradient (G) and growth rate (R) have been reported
to determine the area ratio of the fusion zone to the columnar region. The present results
indicate that the welding conditions occurred at mid G/R value, due to lower area ratio
fusion zone to columnar region [187]. The heat affected zone closer to the weld electrode
has not shown any changes in the grain size, and this could be due to the low heat input
and contact with the water-cooled electrode tip. The results are in line with the data in the
literature [188], where the RSW microstructure had a gradient grain structure regardless of

the faying alloy chemistry.
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The RSW process appears to have affected the grain boundary misorientation angle of the
columnar and fusion zone. As shown in Figure 7-2, the density of the low angle grain
boundaries was higher in the columnar zone; this could be due to the dynamic recovery
mechanism. The high stacking fault energy of aluminum and its alloys typically favors
dynamic recovery during hot deformation [189]. The plastic deformation of the applied
forging force and high temperature during welding could have facilitated the motion of the
dislocation leading to formation of a large number of subgrains with low-angle
intergranular boundaries. In the fusion zone, the phenomenon of continuous
recrystallization could have led to the formation of equiaxed and high angle grain
boundaries as a result of rapid solidification of the melt pool. Similar results of the
misorientation angle were obtained in the fusion and columnar zones in other joining
methods such as ultrasonic spot welding [190], friction stir spot welding [48], friction stir

processing [191] of 7xxx series aluminum alloys.

The welding process has also resulted in the formation of residual strain in joint sections.
LAM maps could qualitatively indicate the deformation-induced local orientation gradients
within grains, they have a unique linear correlation with the true plastic strain and can be
an appropriate parameter for evaluating local plastic deformation [192]. The high strain
areas in heat affected zone of the 7075 and 5182 could be attributed to the applied forging
force during the welding sequence. Similarly, the reason for the high strain at the interface
of the columnar region and the base metal adjoining the faying surfaces could be due to the
warpage from thermal stress due to thickness difference between the 7075 and 5182. These
results are in line with data from the literature in which higher residual stresses are observed

after spot welding of aluminum [193-195]. Similarly, the work on 6061-T6 spot welded
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joints showed that residual stresses, measured by the neutron diffraction method, are
highest in the center of the fusion zone and decrease as we move away from this region
[196]. Although the results need to be interpreted with care because the residual strain
measured here is qualitative, however the data from present work clearly highlight the
localized strain variation. The data from these literatures also indicate that the residual
stress could be as the high as yield stress of material in the localized region and so they

might be sufficient to initiate corrosion cracking.

The presence of low-angle grain boundaries is generally considered beneficial for higher
IGC resistance. However, the high temperature and the subsequent nonequilibrium cooling
process have huge impact on the precipitation of the solute elements along the grain
boundaries, negating the influence of the misorientation angle. Similarly, these unique
microstructural features are observed in the weld interior, but the corrosion attack generally
begins from the heat affected zone that already has an unfavorable precipitate

microstructure on the grain boundaries.

Figure 7-4 shows that in addition to the changes in grain size there is clear difference in
the presence of second phase particles in the weld region. Although fully recrystallized, the
fusion zone resembles as cast microstructure [197, 198]. The grain boundaries of this area
are decorated with a high level of solute elements. The composition of these phases is
closer to Mg(Zn,Cu,Al)2 and AIMgCuZn types [199]. The grain interior appears to be free
of any precipitation despite the addition of the paint bake temperature simulation. This
could be due to either the fine precipitates not visible under the SEM or lack of the solute
elements in the matrix to initiate precipitation, since there is heavy solute elements

segregation on the grain boundaries. The fusion zone experiences the highest temperature
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(up to 600 ° C) during the welding sequence [186]. Under these conditions, both 7075 and
5182 undergoes melting and once welding current is stopped, the rapid cooling in these
regions freezes the microstructure in the as-cast state. The columnar region contains a
similar type of feature, including the solute segregation in the grain boundaries. This
indicates that in addition to the grain growth, the higher temperature was able to redissolve
the precipitates in the matrix and leading to solute segregation during the slower quench.
Interestingly, the results reveal that the heat affected zone, which did not show any changes
in the EBSD analysis, had a distinct microstructure compared to the base metal region. The
temperature in this region could reach up to 300° C, accelerated the coarsening of the
matrix precipitates (Figure 7-5 and Figure 7-6) in the grain interior and while the grain
boundaries have the continuous presence of the precipitates. The composition of the grain

boundary precipitates is equivalent to Mg(CuZnAl), phase [199].

The SPR joints did not show any of these microstructural characteristics. The channeling
contrast SEM images Figure 7-7 agree well with the EBSD data (Figure 7-3) confirming
that the deformations near the rivet and button region resulted in a change in grain shape
but not in precipitate size, continuity etc. The strain localization for 5182 is concentrated
mainly under the rivet head and along the side walls of the rivet. The 5182 sheet was joined
in the fully annealed O-temper state and the strain localization could be due to strain
hardening. In case of 7075, the strain localization was observed in the button region
specifically at die interface. These localization phenomena could affect the hardness of the

material locally.

In both joint types, the hardness of the base metal (Figure 7-8 and Figure 7-9) are

comparable and this indicates that the region did not undergo major changes in the
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microstructure. 7075 is a heat treatable class of aluminum alloys, and the strengthening
comes from the precipitation hardening mechanism. Any changes in microhardness could
be directly correlated with changes in strengthening precipitate size and distribution of the
strengthening precipitate. The hardness of the heat affected zone is lower than that of the
base metal. From the SEM (Figure 7-4) images we could observe that the microstructure
had coarsened the precipitates and these changes could have impacted the hardness value
in this region. The columnar region had a lower hardness than the heat-affected zone but
higher than the fusion zone. SEM images for the columnar region showed the presence of
solute segregation along the grain boundary, but the interior is relatively free of
precipitates. With the data from the hardness measurements, we could attribute the
presence of coarsened precipitates in the grain interior, and due to the magnification
limitation, we are not able to observe the remaining particles. The fusion zone was the
softest region of the weld due to several compounding effects. The typical cast
microstructure of the nugget, with interconnected eutectics formed during post-weld

solidification, might not support as much load as the base metal [200].

On the other hand, 5182 is a non-heat treatable aluminum alloy and its strength mainly
from the solid solution strengthening or strain hardening, depending on the application
temper [201]. As mentioned previously, 5182 used in this work were in fully annealed O-
temper. The heat-affected zone did not show any dramatic change despite the presence of
residual strain, as indicated by the EBSD LAM maps (Figure 7-3). SEM images confirmed
the presence of grain boundary precipitates but the lack of change in hardness indicates
that the Mg content in the solid solution did not change dramatically in the heat-affected

zone. The columnar section in the 5182 not only had a microstructure similar to that of the
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7075 but also the same mechanical properties. This confirms the formation of a
metallurgical bond at the interface of the joint section. Similar observations have been
reported in the RSW of 5052-O to 6014-T4, where the columnar and fusion zone had

similar mechanical properties in the 5052 and 6014 sections [202].

In case of the variation in the hardness of the SPR joint (Figure 7-9), the softest region
corresponds to the 5182 section and the hardness drops from 180 HV to 107 HV as we
profile across the joint. Since there were no major microstructural changes, the difference
in variation is mainly due to the base material. Interestingly, there are a couple of sections,
where the accumulated plastic strain from the joining process affects the hardness value.
In the profile A’B’ we can observe the effect of strain hardening on the bottom button
section of the 7075, the region corresponding to the high strain accumulation in LAM maps
(Figure 7-3) has higher hardness relative to the base material. Similar variation could be
observed in 5182 section in the profile E’F’. These results confirm that the mechanical
joining process still leads to minor variations in the microstructure leading to strain
accumulation and a corresponding change in the mechanical properties. These results are
in line with those obtained by Moraes et al. [203] work on the SPR joining of aluminum
alloy 6082-T4 to as cast magnesium alloy AM 60B, where they observed a significant
accumulation of plastic deformation that led to an increase in aluminum sheet hardness
near the button section. The location of the fracture (Figure 7-10) during the uniaxial test
is consistent with the hardness map. The RSW joint failed along the interface (fusion zone)
and the SPR joints failed around the 5182 hole, since both had lowest hardness in the joint

section.

7.4.2 Impact on Corrosion Performance
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The microstructure changes observed in the previous section not only affect the mechanical
properties but also impact corrosion performance as well. Gradient microstructure changes
and the residual stress are prime sources not only initiating corrosion but also for enabling
stress corrosion cracking (SCC) failure under certain conditions. The polarization plot in
Figure 7-11 clearly demonstrates the impact of the joining process on the electrochemical
properties. The 7075 base metal samples exhibit distinct passivation breakdown behavior;
however, both heat affected zone of the RSW section and button section of the SPR exhibits
active dissolution. The reason for this behavior could be associated with the localized
change in microstructure and strain accumulation, respectively. In case of RSW, the heat
affected zone contains coarsened precipitates (Figure 7-5), and this indicates that the level
of the solute such as Mg, Cu in the matrix had decreased in this region. This in turn
decreased the breakdown potential, leading to active dissolution [204]. However, the
button section of the SPR did not show any sign of particle coarsening but the EBSD LAM
map (Figure 7-3) clearly showed the presence of residual stress. The accumulation of
residual stress has been shown to decrease the pitting potential due to changes in
passivation behavior [205, 206]. Interestingly, these results are not in line with those of the
authors who found that residual stresses improved corrosion behavior in 7075 and other
aluminum alloys [207-209]. In these studies, the stress measured in the samples was
compressive in nature. However, the microstructure in the button section clearly shows
features related to deformation due to tensile stress. The cathodic polarization (Figure
7-12) did not show any changes, indicating that the anodic reactions are responsible for the
observed changes. These results imply that both the mechanical joining and the fusion

welding sequence could clearly affect the localized corrosion resistance of the 7075.
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5182 also exhibited a similar type of shift in the anodic polarization behavior (Figure
7-11). The heat-affected section of RSW exhibited active dissolution while the base metal
exhibited passivation behavior because of the shifting of free corrosion potential in the
noble direction. Even in cathodic polarization (Figure 7-12), there is a marked increase in
the oxygen reduction limiting current compared to the base metal. This behavior could be
attributed to the presence of Cu particles that were transferred from the welding electrode
[210, 211]. The other potential reason could be sensitization of the heat affects zone. The
SEM images of this section (Figure 7-6) showed precipitation of AIMg particles along the
grain boundary, indicating signs of sensitization and it has been documented in the
literature that sensitized 5xxx alloys results in reduced pitting potential [212] [213]. The
rivet section of the 5182 SPR joint exhibited active dissolution and a significant increase
in the oxygen reduction current density. The changes are mainly related to the presence of
the steel rivet rather than 5182 as the latter covers 50% of the exposed area. The
electrochemical behavior of the individual section has highlighted the impact of the joining
process. During in service conditions, this localized behavior could impact the overall

galvanic corrosion resistance of the joints.

Figure 7-13 shows the signature galvanic corrosion transients for the different couple. In
the base metal configuration, the current flow was negative for the 7075-T6. This implies
that the 5182 is more active and acts as an anode in this couple. The initial increase in the
current transients in positive direction indicates that the 7075 surface is more active than
5182. This could be due to the presence of deformed layers near the surface (NSM) layers.
The current later decreases to reach a plateau negative current. This indicates that when the

active layers in 7075 had been consumed and the high Mg content of 5182 could make it
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more active. The RSW couple galvanic current is opposite to the base metal and this
indicates that the welding schedule has modified the electrochemical activity. The large
positive current value could be an indication of the shift in composition of the NSM layers
and particularly making the 7075-T6 surface is more active than 5182. Over the period of
immersion, the current decreases and reaches steady state positive value of 100 nA/cm?,
indicating that the changes are significant only on the surface. The SPR transients are by
far the most interesting trend. The initial deep negative value indicates a stronger galvanic
couple between the steel rivet and 7075. The subsequent increase in the current value could
be due to the dissolution of the Zn-Sn-Al protection layer of the steel rivets [214]. The
transition from negative to positive current indicates the shift in electrochemical activity.
This could be due to the coupling of the steel. The present results imply that even though
the RSW has a significant change in microstructure, the resulting macro galvanic coupling

is much weaker than the SPR joints.

SVET data provide an overview of the localized corrosion activity of the joint cross section
arising from the galvanic effect. The joint corrosion activity of RSW (Figure 7-14) was
mainly restricted to the center of the fusion zone, this could be due to the presence of coarse
solute rich phases. As seen in the SEM images (Figure 7-4), this region resembles an as-
cast microstructure with severe segregation solute phases such as Mg, Zn etc. The phases
are anodic to the matrix and, as a result, undergo dissolution when exposed to saline
solution [215, 216]. The adjoining columnar region also contains similar phases, but the
phases in the fusion zone are coarser, resulting in higher measurable activity during SVET
scans. Similarly, the data do not show significant activity in the heat-affected zones of 5182

and 7075. This could be due to the particle size effect as mentioned above. The SEM
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images (Figure 7-5 and Figure 7-6) of the heat affected zones showed signs of particle
coarsening but the size was still smaller compared to the fusion zone; therefore restricting

the scan size to the heat affected zone could shed more light on corrosion activity.

The trend in the SVET data from the SPR joint (Figure 7-15) is quite similar to the RSW
joint. Key electrochemical activity was restricted to the center of the joint section.
However, the driving force behind the activity is the galvanic coupling with the steel rivet.
The SEM images (Figure 7-7) did not show any significant changes in microstructure in
terms of precipitate size or distribution. The microstructure of the base metal alloy is
retained in the joint, but the addition of the cathodic steel rivet increase the drive for
galvanic coupling. The macro galvanic corrosion transients in Figure 7-13 shows that the
7075 was cathodic during the initial period of immersion, however, the SVET data show
that the steel rivet was cathodic in nature. This discrepancy could be due to the removal of

the sacrificial Zn coating during cross-sectional sample preparation.

Figure 7-16 shows the total anodic and cathodic current measured over the exposure
period. In the case of RSW the anodic current stabilizes and reaches a steady value, while
the SPR anodic current continues to increase during the exposure period. Most of this
anodic activity was occurring at several millimeters away from the joint (Figure 7-15).
This behavior could be related to the throwing power of the steel rivet. Due to the large
cathodic active area, it can support the anodic activity that is far away from the rivet region.
This implies that galvanic coupling due to the RSW is short-range, while SPR can sustain
corrosion at larger distances. These results need to be interpreted with caution, because the
current values measured in SVET are highly localized and do not directly equate to high

overall mass loss of the joints [94].
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The morphology of the corrosion attack is influenced by the local microstructure as shown
in Figure 7-17. The heat affected zone of 7075 and 5182 exhibited an intergranular
corrosion attack, while the base metal exhibited only pitting type of corrosion. This could
be directly related to the continuous presence of precipitates along the grain boundaries as
seen in the SEM images (Figure 7-18). The strengthening precipitates are too fine to be
observed in conventional SEM, so techniques such as TEM or STEM is used. However, in
the heat affected zone, the precipitates are not only coarsened in the matrix but also in the
boundaries because of the temperature gradient during welding. The composition of these
precipitates measured by EDS confirmed that they are anodic to the matrix. Although the
columnar and fusion zone contained coarser particles of similar composition type, due to
the cross-section of view of the samples, it was not immediately clear on the extent of
corrosion attack in the fusion zone. However, the gap adjacent to the interface of the joint
did not show any accumulation of the corrosion product; this could mean that the lap joint
configuration did not provide easy access for the NaCl solution to reach the center of the
joint during exposure. The corrosion morphology of the heat-affected zone is consistent
with prior literature data [217]. Recent data reported by Navaser et al. [218] showed pitting
corrosion in the heat affected zone, but these differences in results may be due to the usage
friction stir processing, where the thermal gradient in the heat affected zone could be

smaller.

The corrosion morphology of SPR joints is similar to their respective base metals. The
mechanical joining methods did not result in any change in precipitate size or continuity.
Similarly, the gap adjacent to the joint did not indicate any accumulation of the corrosion

product, implying that the crevice corrosion may not have happened in the current stack
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configuration. These results from current work suggest that the under the lap joint
configuration, the corrosion attack was limited to the outer surfaces and there was no

significant corrosion activity occurred at the interface of the faying surfaces.

Interesting results were observed during accelerated corrosion testing of joints using
ASTM standard and automotive original equipment manufacturer (OEM) test methods. In
ASTM GB85-A2, both the SPR and RSW joints did not show a significant decrease in
residual joint strength (Figure 7-20), although the corrosion morphology of the joints
(Figure 7-21) was comparable to the 24h exposure in the ASTM G110 test solution.
Furthermore, as shown in Figure 7-22, the fracture mode of the joints did not change after
exposure. A similar trend was observed in the samples where 50% joint strength was
applied as external load. Even after 100 days of exposure to the OEM cyclic corrosion test
cycle, stress corrosion cracking was not observed (Figure 7-23). When the testing
environment was switched to hot (70° C) and humid (85% relative humidity) conditions,
no sign of premature failure was observed. For the failure of SCC to occur three key
conditions such as susceptible microstructure, suitable environment, and sufficient
residual/applied stress level are needed simultaneously [129, 219, 220]. SEM images of the
corroded samples clearly shown that microstructure in the heat-affected zone is clearly
susceptible to IGC. Such a morphology is observed in the accelerated test environments
such as ASTM G85-A2, despite this SCC was not observed. These results suggest that both
residual and applied stress conditions are not strong enough to trigger SCC. For in-service
conditions, 50% applied load is highly unlikely and most of the times the structures are
designed to ensure absence of any applied load in the joint sections. The test results in a

humid environment also indicate that the hydrogen effect of surface oxidation does not
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have an impact on the performance of the joints. These findings might not be representative
of all the testing environments; however, the results of this study underline that despite a

susceptible microstructure, the SCC failure is not observed in tested environments.

7.5 Conclusions

The results from the present work confirm that automotive joining methods such as RSW
and SPR have an impact on the localized microstructure. The RSW results in the formation
of a gradient microstructure in the weld area. The fusion and columnar zone exhibit severe
solute segregation on the grain boundaries, in addition to changes in the grain sizes. The
residual stresses were also observed in the weld section, particularly in the interface of base
metal and columnar region. SPR, on the other hand, did not exhibit such stark
microstructure changes, however, widespread residual stress was observed near rivet and
button section. These changes in the microstructure had an impact on localized corrosion
performance such as pitting and galvanic transients. However, this did not impact during
the long term accelerated corrosion testing of the joints. This implies that the 7075 to 5182
joints could be used in the medium corrosion severity environment in automotive

applications.
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CHAPTER 8: CONCLUSIONS AND FUTURE WORK

8.1 Overview

The objective of this work was to understand the effect of alloy composition, processing
sequence, and joining methods on the grain boundary microstructure and its subsequent
effect on structural forms of corrosion (IGC, SCC) in the 7xxx class of sheet gauge alloys.
Due to the complex grain boundary microstructure and corrosion property relationship, an

efficient research scheme was needed to minimize or isolate the secondary effects.

The research scheme was designed in such a manner that when one of the variables of
interest was changed, the rest of the processing parameters were kept constant. For
example, in Chapter 4, the upstream processing conditions such as composition,
homogenization, and hot rolling were kept constant; only the cold rolling schedule was
changed to obtain samples of the different grain size. The solutionizing and ageing steps
were also kept constant. The same methodology was applied to Chapters 5 and 6, apart
from changes to the alloy composition the rest of downstream processing conditions were
kept constant. The other unique aspect of this work was the predominant use of materials
from an actual industrial plant production process to ensure consistency in the quality and

the test material being representative of the real application.

The study revealed that the three factors (processing, composition, joining) uniquely
influenced the size, continuity, and composition of the grain boundary precipitates and
adjoining precipitate-free zone, which in turn affected the IGC and SCC performance of

the materials. The results from this work showed that the grain boundary features that
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control the corrosion mechanism vary uniquely, depending on the environment. The key

findings and implications for designing corrosion-resistant alloys are summarized below.

8.2 Effect of grain size on the IGC and SCC resistance of 7075 alloy

8.2.1 Summary

1. The decrease in the percentage of cold rolling reduction and increase in recovery
anneal temperature led to an increase in grain size of the materials.

2. The grain size increase affected the grain boundary precipitates size and continuity.
Large grains had coarser and discontinuous grain boundary precipitates, while
smaller grains had finer and continuous grain boundary precipitates. This in turn
affected IGC and SCC performance.

3. When exposed the NaCl containing oxidizing environment, the discontinuous
precipitation in the coarse grain material resulted in pitting corrosion, while the
continuous precipitation in small grain materials resulted in IGC.

4. Under the influence of the external stress, the crack initiated and propagated along
the corroded grain boundary leading to intergranular stress corrosion cracking in
small grain materials.

5. The correlation between the grain boundary precipitate size and the maximum crack
depth was also established.

6. SCC mechanism in oxidizing NaCl containing environment was found to be due to

the anodic dissolution mechanism.
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8.2.2 Implications

By engineering the grain size, the IGC resistance of the 7075 alloy can be improved. The
methods used in this work can be applied on an industrial scale. The coarser grain size also

provides larger window for the hot forming process.

8.3 Effect of copper on the SCC resistance of high solute zirconium containing 7xxx

alloys

8.3.1 Summary

1. The addition of Cu to high-solute Zr-containing alloys impacted the formation of
Al;CuzFe particles and AlsZr dispersoids.

2. Higher Cu led to the formation of more Al-CuzFe particles during alloy casting.
This decreased the resistance to pitting in the oxidizing environment due to a
stronger galvanic coupling with the matrix.

3. Higher Cu led to the formation of more eutectic AIMgCuZn phases and, in turn,
decreased the number density of AlsZr. This had resulted in lower recrystallization
resistance and formation of high-angle grain boundaries.

4. Despite these changes, high-solute alloys exhibited only pitting corrosion
morphology, while the conventional 7075 exhibited IGC in oxidizing environment
due to discontinuity of precipitates along the grain boundary.

5. In presence of applied stress, the cracks nucleated from the pitting corrosion sites
of high solute alloys resulting in higher strain ratio values than for the 7075 alloy.

The SCC mechanism was attributed to the anodic dissolution mechanism.
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8.3.2 Implications

By controlling the levels of key alloying elements, such as Cu and Zr, we can achieve a

microstructure that is resistant to IGC and SCC under oxidizing conditions.

8.4 Effect of Zn/Mg ratio on the SCC resistance of high solute 7xxx alloys in humid

environment

8.4.1 Summary

1. High-solute alloys that showed superior resistance to IGC and SCC in oxidizing CI’
containing environments performed poorly in humid environments. However, the
7075 was resistant to SCC under these conditions.

2. The applied stress played a major role in accelerating the failure of the high-solute
alloys in humid environment. When the applied stress was about 20% yield stress,
the samples survived the test duration.

3. STEM-EDS measurements showed that the Zn / Mg ratio of the PFZ played vital
role in determining the SCC resistance of the 7xxx alloys in humid environment.

4. The DFT calculations validated the correlation. The concurrent presence of Zn-H
resulted in greater embrittlement of the grain boundary.

5. The results indicate that hydrogen-enhanced decohesion to be the operating

mechanism in humid environment.
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8.4.2 Implications

Engineering 7xxx alloys with a low Zn/Mg ratio can improve stress corrosion cracking
(SCC) resistance in specific humid environmental applications. Alternatively, a reduction

in the operating stress levels could improve the durability of the alloys.

8.5 Effect of joining methods on the IGC and SCC resistance of 7075 to 5182

dissimilar joint.

8.5.1 Summary

1. The RSW and SPR methods resulted in gradient microstructure in the joint area.
Furthermore, the joining methods resulted in residual stress that led to plastic strain
generation.

2. The heat-affected zone in the RSW joint increased the susceptibility to the 1GC.
SVET data showed that the solute segregation in the fusion zone made the region
very active to corrosion transients.

3. SPR joints did not show any IGC; however, the SVET data showed that the steel
rivet could sustain corrosion current for features at larger distances.

4. Galvanic corrosion experiments showed that the SPR couple had higher current
flow compared to RSW joint couple.

5. Despite these susceptible microstructures, the dissimilar joints did not fail during

the long-term accelerated corrosion tests.
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8.5.2 Implications

The 7075-5182 dissimilar joints can be used in areas of medium corrosion severity of

automotive applications.

8.6 Future work

The present work provided an understanding of the impact of the key alloy design factors

on the IGC and SCC resistance of 7xxx alloys. Further studies are needed to gain deeper

insights of the grain boundary microstructure on the corrosion performance.

1.

Identify the grain boundary precipitate size threshold at which the corrosion
morphology changes from intergranular corrosion (IGC) to pitting. This will help
metallurgists design appropriate processes to achieve the required grain size and
subsequent IGC resistance.

Explore the effect of composition on accelerated aging conditions. Current research
was carried out in the peak age (T6) temper, which typically requires 24 hours of
heat treatment. However, due to cost and logistical constraints, Original Equipment
Manufacturers (OEMSs) prefer shorter aging cycles. Therefore, it is necessary to
investigate the impact of composition on these accelerated aging tempers.
Determine an alternative to Zr for the formation of AI3X-type dispersoids to inhibit
recrystallization in high Cu alloys.

Use statistical physics-based random solid solution models to determine Zn atom
positions relative to Mg for calculating the embrittlement energy for different

Zn/Mg ratios.
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5. Evaluate the susceptibility of joints to stress corrosion cracking (SCC) under other
loading modes, such as the bending moment, to simulate joints in parts with

complex geometry.
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CHAPTER 9: APPENDIX A—-POTENTIAL CONTROL SSRT

EXPERIMENTS

9.1 Background

The objective of this work is to evaluate the effect of the applied potential on the slow
strain rate testing performance of 7075 alloys in the T6 and T73 temper. This study was

carried out as a method development for evaluating the dominant corrosion mechanisms.

9.2 Experimental

The samples were solutionized at 480°C for 5 min followed by quenching in water at the
rate of 350°C/s. The samples were subsequently aged to T6 and T73 tempers.
Electrochemical polarization experiments were carried out in 3.5% NaCl solution with
saturated calomel (SCE) as a reference electrode and graphite rod as a counter electrode.
A scan rate of 10 mV/min was used. For SSRT experiments, the samples were machined
to a dog bone geometry and subjected to a strain rate of 2 x 10 s in air and 3.5 wt% NaCl
environment. Anodic and cathodic potentials were applied during SSRT testing in a NaCl
environment based on the polarization data. The fractured samples were subjected to the
metllography cross section and examination of the fracture surface to determined the
cracking mode. To determine the changes in the microstructure of the grain boundary, the

samples were subjected to STEM imaging.
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9.3 Results and Discussions

9.3.1 Electrochemical Polarization

Figure 9-1 shows the anodic and cathodic polarization of the T6 and T73 samples in the
NaCl solution. The free corrosion potential (Ecorr) for both tempers was around -720
mVsce. During anodic polarization, both tempers did not show any sign of passivation.
With an increase in potential from the free corrosion potential, the current increased
rapidly. This behavior is called active dissolution. At high overpotentials, the current
reached a limiting state and this behavior is due to the mass transport limitations. The
current values were the same for both tempers, and this indicates that the general corrosion
behavior is comparable between the tempers. In the cathodic polarization, we could
observe a limiting current region between the -800 mVsce to -1200 mVsce and this is
associated with the oxygen reduction region and at higher overpotentials the current

increased rapidly due to hydrogen evolution.

9.3.2 Slow strain rate test

The SSRT was carried out in air and in 3.5 wt% NaCl as shown in Figure 9-2. The stress
to failure between the air and simple 3.5wt% NaCl environment were comparable in both
T6 and T73 tempers. However, the applied potential has a significant effect on the bending
force to failure. With a small anodic overpotential of +50mV of the free corrosion potential,
the T6 temper exhibits a significant drop in mechanical properties. The samples did not
even reach the yield strength value. The deep cathodic polarization to -1600 mVsce resulted

in a drop in elongation but it was not as significant as the -670mVsce polarization.
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Figure 9-1: Electrochemical anodic (above) and cathodic (below) polarization of T6 and T73 temper
in 3.5% NaCl.
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From the polarization plot, it can be seen that at -670mVscg, the sample experiences only
active dissolution, the recorded current was around +1 mA/cm? From the cathodic
polarization plot, it can be seen that at -1600 mVsck, the hydrogen evolution appears to be
the main reaction and the measured current was around -3mA/cm?. Despite an increase in
the applied current by three times, the drop in elongation was less compared to the anodic

polarization.
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Figure 9-2: Effect of applied potential on SSRT of T6 (above) and T73 (below) in 3.5wt% NaCl.
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Similarly, the magnitude of the anodic overpotential was much smaller compared to the
applied cathodic overpotential. A similar trend was observed in the T73 temper, the key
difference being that the drop in elongation was comparable to T6. Figure 9-3 shows the

effect of applied potential on the strain ratio of the samples in a 3.5% NaCl environment.
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Figure 9-3: Effect of applied potential on the strain ratio in 3.5 wt% NaCl

At the free corrosion potential, the strain ratio was close to 1, which indicates that both
tempers are resistant to SCC. However, when -670mVsce was applied, the strain ratio
decreased to 0.13 and 0.33 in T6 and T73 tempers, respectively. This indicates that both
materials appear to be susceptible to SCC, with T6 being the most significant. At high
cathodic overpotentials, the strain ratio drops to 0.5 and 0.64 in the cases of T6 and T73
tempers, respectively. This indicates that anodic dissolution could be the dominant

mechanism due to the significant drop in the strain ratio for small anodic overpotentials.

9.3.3 Fracture Surface Examining

Figure 9-4 shows the side view of the fracture surface under an optical microscope. We

could observe that the presence of corrosion sites was largely observed in the applied
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potential samples compared to samples fractured under the Ecor. The degree of attack was
consistently higher in the T6 samples compared to T73. The samples fractured under the
anodic overpotential resulted in a higher degree of localized attack compared to the samples
polarized at -1600mVsce. Under the cathodic overpotential, hemispherical pits were
largely observed. This could be due to local alkalinization due to the H2 on the samples
surface. The surface morphology also resembled that of the features etched in NaOH

solution.

Figure 9-5 shows the images of the fracture surface under the SEM. The samples fractured
in Ecor show ductile dominant features such as the presence of microvoids. The
characteristics were consistent with the higher strain ratio values. The T6 samples that
were fractured under anodic polarization showed evidence of brittle intergranular fracture
features; however, the T73 samples under anodic polarization continued to exhibit
dominant ductile features. Under cathodic polarization both T6 and T73 samples continued
to exhibit ductile dominant features. This could be due to the higher strain ratio values,

indicating that the samples have undergone plastic deformation prior to failure.

9.3.4 Unstressed samples

To determine the corrosion morphology of the samples, potentiostatic polarization was
carried out in 3.5% NaCl over a period of 24h in the two overpotentials as shown in Figure
9-6. The current values measured during the cathodic over potentials were higher compared
to those of the anodic polarization. The figure also shows the metallography cross section
of the samples after 24 h of polarization. It could be seen that the depth of attack in T6 after

anodic polarization was higher compared to that of the T73 samples.
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Figure 9-4: Optical microscope images of the fractured T6 (a,b,c) and T73 (d,e,f) after SSRT in 3.5wt%
NaCl. Images a, d corresponds to Ecorr, b, d corresponds to -670mVsce and ¢, f corresponds to
-1600mVsck.
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Figure 9-5: SEM fractured surface of T6 (a,b,c) and T73 (d,e,f) after SSRT in 3.5wt% NaCl. Images a,
d corresponds to Ecorr, b, d corresponds to -670mVsce and c, f corresponds to -1600mVsck.
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Figure 9-6: Metallography cross section of T6 (a, b) and T73 (c, d) after 24h exposure in potentiostatic
polarization. Images a, ¢ corresponds to -670 mVsce and b, d corresponds to -1600 mVsce.

More importantly, the intergranular corrosion attack was dominant in the T6 temper. Under
the cathodic polarization, no sign of localized attack was observed, instead, severe metal

loss was seen. This could be due to local alkalinization due to the evolution of hydrogen.

9.3.5 Scanning transmission electron microscopy

Figure 9-7 shows bright field STEM images of the T6 and T73 temper samples. As
expected, the size of the precipitates were smaller in matrix of the T6 compared to the T73.

However, the difference could be observed along the grain boundaries as well.
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Figure 9-7: STEM bright field images of grain boundaries of T6 (left) and T73 (right).

The precipitates at the grain boundary were small and continuous in T6 samples, while they
were coarse and discontinuous in T73. This could be the reason behind the selective attack
of the grain boundary during the anodic polarization, resulting in a large drop in the strain

ratio.

9.4 Summary

Under open circuit potential, the strain ratio of T6 and T73 was close to 1, indicating the
samples are not susceptible to SCC in 3.5wt% NaCl. However, the application of a +50mV
overpotential significantly decreased the strain ratio values. The drop in strain ratio was
consistently higher in T6 compared to T73. The cross section under the potentiostatic
polarization clearly showed that the selective attack of the grain boundaries was evident in
T6. STEM images also showed that the precipitates were small and continuous in the grain

boundary of T6 compared to T73.
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CHAPTER 10: APPENDIX B METHODS FOR EVALUATING THE

PRESENCE OF TRAPPED HYDROGEN IN 7XXX ALLOYS

10.1 Background

The objective of this work is to evaluate methods for determining trapped hydrogen in

aluminum alloys.

10.2 Fusion extraction method

In this method, aluminum samples are heated in a controlled environment to liberate the
trapped hydrogen. For this work, the LECO RHENG602 was used, and the method is based
on ASTM E2792. The measurements were outsourced to Element Lab in Chicago. To
determine the hydrogen content, 7075 samples were exposed to ASTM D1384 test solution
containing hydrogen peroxide for a period of 5 and 24 hours. The unexposed sample was
used as a blank reference. Figure 10-1 shows the results from the first round of testing,
and, compared to the blank samples, the hydrogen content in the exposed samples was
higher. Similarly, with an increase in exposure time, the amount of trapped hydrogen
increased. Since the results were promising, a second batch of samples was sent to analysis.
In this set, the samples were exposed to 70 ° C at 85% RH for 100 days (Figure 10-2).
Although, compared to the unexposed samples, the hydrogen content after 100 days of
exposure was higher, the difference net hydrogen difference between 7075 and high solute
alloy A was very small. As we have seen in Chapter 6, these high solute alloys exhibited

nearly 40% drop in elongation for this exposure period compared to the unexposed surface.
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Figure 10-1: Measured hydrogen concentration as function of exposure time in ASTM D1384
containing 1% H20:2
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Figure 10-2: Effect of exposure duration on hydrogen content in 70°C at 85% RH environment.
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10.3 Hydrogen Permeation Method

In this method, a Devanathan cell is used where one side of the sample is generated during
a cathodic reaction on the surface, and after the hydrogen is diffusing through the metal, it
is oxidized on the other side of the cell chamber. The surface of the samples exposed to the
oxidizing chamber is coated with a thin layer of Pd. Current transients are measured on the
oxidizing side, and when hydrogen reaches the surface, the measured current increases. By
analyzing the plot, the diffusivity and concentration of the trapping site can be obtained.

The schematic of the set-up and associated calculations are shown in Figure 10-3.

A L
T

Current transient in oxidation chamber

frite
B L: i 55 . J L
D, = J - C==

7 GIim’ “ F Dt’ﬂ’

Cathodic Chamber

Active corrosion chamber Oxidation chamber

D= effective diffusion co-efficient, L = specimen thickness, tlag = 0.63
total time of diffusion, J,, = steady state flux, i;* = steady state current
density, C, = concentration of hydrogen in interstitial and trap sites

Figure 10-3: Schematic of hydrogen permeation set up and associated current transient equations for

calculating diffusivity and concentration of trapping sites.

The conditions used for measuring the hydrogen diffusivity are shown in the Table 10-1.
However, in all these cases, reliable results could not be achieved because of the instability

of the Pd layer in the oxidizing solutions.
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Table 10-1: Experimental conditions obtained from literature [221-223]

Sputtered layer Cathodic cell Anodic cell
Pd 3.5% NacCl, 0.00IMK Cr O,
(40 nm thlckness) applied currenzt is applied potential is
one side (Anodic) -10 mA/em +100mV vs SCE
Pd 0.01M NaOH at E Phosphate buffer
(40 nm thickness) o solution pH 7,
one side (Anodic) at Ecorr
Ni 0.1M NaOH, 0.1M NaOH,
(200 nm thickness) applied current is applied potential is
Two side -3mA/cm2 100 mV vs. HgO/Hg

The Figure 10-4 shows the optical microscope images of the anodic side after the
permeation experiments. The localized attack could be clearly seen under three conditions.
Pd is inert to the oxidizing solutions, but it continues to exhibit attack in both the phosphate
buffer and K>Cr.O7 solution. Simiarly, Ni is very stable in NaOH solution, but selective
grain boundary attack could be observed. It appears that the sputtered deposited thin films
are not uniform and as a result, reliable results could not be deduced from these

experiments.
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Figure 10-4: Optical microscope images of the anodic side of (a) Pd in K2Cr207 (b) Pd in phosphate
buffer solution (c) Ni in NaOH solution after the permeation experiments.

10.4 Summary

In the literature, three conditions were identified to carry out permeation experiments to
determine the diffusivity and trapping site concentrations. However, reliable data could not
be obtained under any of the conditions due to the deposited breakdown of the sputtered

layer.
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