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SUMMARY 

The plastic deformation mechanisms that govern the mechanical properties of 

nanocrystalline (NC) and ultrafine-grained (UFG) metal thin films were investigated 

through in situ transmission electron microscopy (TEM) nanomechanical experiments. 

This technique allows for the simultaneous observation of the active deformation 

mechanisms and quantification of the mechanical properties during monotonic and stress-

relaxation experiments. Experiments were performed on NC Al and UFG Au specimens 

with different microstructure (grain sizes, thickness, texture), including irradiated UFG Au. 

For the NC Al specimens, it was documented that stress-assisted grain boundary migration 

(GBM) leads to grain growth. Grain growth was enhanced in regions of increased stress 

such as within the necked region or ahead of a growing crack. For the UFG Au specimens, 

a mixture of dislocation-based and GB-based mechanisms were identified, including 

dislocation nucleation and absorption at GBs and GBM. The radiation damage in the 

irradiated UFG Au served as effective pinning points for transgranular dislocation glide 

which resulted in a measurable increase in strength. Stress-assisted GBM was observed to 

effectively remove radiation damage as the defects were absorbed by the GB during 

migration. This resulted in defect-free (‘cleaned’) regions that can support unrestricted 

dislocation glide, suggesting that stress-assisted GBM is a healing mechanisms for 

radiation damage in UFG metals.  

True  activation volume calculations were performed for all of the UFG Au and NC 

Al specimen variations to further quantify the plastic deformation mechanisms. For Au, it 

was found that 𝑉∗ increases from 25 ± 14𝑏3, to 35𝑏3, and finally to 96 ± 5𝑏3 as the 
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average grain size increases from 142, 287, and 768 nm respectively. Average 𝑉∗ for the 

NC Al specimens was 22 ± 11𝑏3 and 6 ± 2𝑏3 as the average grain size decreased from 95 

to 55 nm. These results indicate that there is a grain size effect on activation volume. An 

existing model was used to interpret the activation volume values and propose that there is 

likely a competition between active displacive- and diffusive-type deformation 

mechanisms. For all of the specimens, there was a strong stress-dependence of decreasing 

𝑉∗ with increasing stress. 

 In situ TEM straining experiments were conducted combined with orientation 

mapping for a detailed analysis of stress-assisted GBM/grain growth in the UFG Au 

specimens (as-deposited and annealed). In the as-deposited films, GBM was shown to be 

largely dominated by the removal of the small grains (𝑑 < 50 nm). Stress-assisted GBM 

in the annealed films was analyzed in terms of  microstructural features that might impact 

the propensity for migration, such as GB character, grain orientation, Schmid factor, and 

GB trace angle with respect to the loading direction. However, there were no trends 

observed for any of the investigated microstructural features, suggesting a complicated 

interplay between driving forces and microstructures. It is postulated that the consistent 

small grain removal is due to an increase in GBM driving force related to a reduction in 

strain energy density. Grain size-dependent yielding leads to yielded large grains and 

elastically-deformed small grains and as a result, the large grains (low strain energy 

density) will grow at the expense of the small grains (with high strain energy density).  

The technique was also used to quantify the effect of the TEM electron beam during 

an in situ experiment. It was determined that the observed increase in plastic strain rate and 

decrease in activation volume during electron beam exposure was due to increased atomic 
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fluctuations. The additional atomic activation accelerates the stress-driven, thermally-

activated deformation mechanisms by reducing the barrier to plastic deformation which 

resulted in the observed increase in plasticity. These results indicate that there is non-

negligible e-beam effect that must be considered for accurate interpretation of in situ 

experiment results. 
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CHAPTER 1.  

BACKGROUND AND MOTIVATION 

1.1 Introduction 

The demand for smaller, smarter and faster devices has motivated continued 

research into understanding the mechanical behavior of small-scale materials used to create 

micron-sized features for devices such as flexible or stretchable electronics or micro 

electromechanical systems (MEMS). MEMS utilize both electrical and mechanical 

components for ultra-sensitive monitoring and control, with MEMS-based devices 

expanding to include sensors [1], actuators [2], biomedical devices [3], and micropower 

generators [4]. Typical MEMS devices are fabricated with silicon as the primary structural 

material, however due to its inherent brittle behavior, next-generation MEMS devices 

require more robust materials capable of withstanding extreme temperatures and surface 

wear conditions.  

The intrinsic strength and toughness of metals make metallic thin films a viable 

solution for structural components or electrical contacts [5,6]. Operational demands on the 

thin films can lead to mechanical and/or thermal stresses that may result in plasticity, 

friction or wear, creep, fatigue, fracture, etc [7]. As such, understanding the mechanical 

properties of metal thin films is needed in order to overcome the critical issue of reliability.  

This chapter aims to introduce the unique mechanical properties of metal thin films 

in terms of characterizing the active deformation mechanisms followed by a detailed 
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description of stress-induced GBM. The chapter finishes with a description of radiation-

induced defects and their influence on the mechanical properties of metal thin films.  

1.2 Mechanical Properties of NC and UFG Metal Thin Films 

Thin films used in the microelectronic industry typically have thickness dimensions 

ranging from several microns (μm) down to one nanometer (nm). The small dimensions of 

metal thin films lead to differences in mechanical properties compared to their bulk 

counterparts. Size-effect material property changes in metals are generally attributed to 

dislocations and their interactions with defects (GBs, precipitates or second phase particles) 

along different internal or external characteristic length scales such as grain size or film 

thickness/geometry, respectively [8]. One important distinction between thin film testing 

and bulk testing is the influence of the free-surface. The free-surface can serve as a stress 

concentrator for dislocation nucleation or crack initiation as well as a means for dislocation 

escape. The limited dimensions also lead to a high sensitivity to fabrication processing, as 

different processing steps can impart significant stresses in the thin films and alter the 

properties. Most notably, however, the thin film fabrication typically produces films with 

grain size dimensions controlled by the thickness of the film due to the “specimen thickness 

effect” [9].This leads to films with smaller grain sizes compared to their bulk counterparts, 

which has a significant impact on the mechanical properties.  

Nanocrystalline (NC) metals have grain sizes ranging from a few nm’s up to ~100 

nm and metals with slightly larger grain sizes of 100 nm – 1 μm are classified as ultrafine-

grained (UFG). Decades of research has shown that altering the grain size of a metal has a 

large impact on the mechanical properties, including the yield strength, ductility, fracture 
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toughness, fatigue life, etc. Metal thin films may not be load baring in application, but 

understanding their mechanical properties is important in order to ensure the reliability of 

microelectronics. Furthermore, thin films are required to observe the deformation 

mechanisms directly.  

1.2.1 Yield Strength 

The stress which marks the transition between elastic and plastic deformation is 

defined as yield strength and is used as a metric to compare mechanical performance across 

different materials. It has been repeatedly shown that decreasing the grain size into the NC 

and UFG regimes results in a notable increase in yield strength [10–13]. This behavior is 

explained using the well-known Hall-Petch relationship [14–16]:  

 𝜎𝑦 = 𝜎0 + 𝑘 √𝑑⁄  (1) 

which states that yield strength (𝜎𝑦) scales inversely with grain size (𝑑), where 𝜎0 is the 

friction stress below which dislocations are immobile and 𝑘 is a constant. The most 

common mechanistic interpretation of this relationship involves the dislocation pile-up 

model [17–19]. Under an applied load, dislocations glide through the crystalline lattice 

until reaching a barrier, such as a GB. The schematic below shows that successive 

dislocation glide will lead to a pile-up of length 𝐿𝑝 at that GB, where 𝐿𝑝 is half of the grain 

diameter 𝑑𝑔 [8].  
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Figure 1 – Schematic of dislocation pile-up at a GB [8]. 

The number of dislocations 𝑛 in the pile-up is related to the applied stress 𝜏𝑠 and 𝐿𝑝 

following:  

 
𝑛 =  

𝜏𝑠𝐿𝑝

𝛼𝐺𝑏
 (2) 

where 𝛼 is a constant, 𝐺 is the shear modulus, and 𝑏 is the Burgers vector [8]. This process 

continues until the stress concentration caused by the dislocation pile-up 𝜏𝑝 (where 𝜏𝑝 =

𝑛𝜏𝑠) reaches a critical stress 𝜏𝑐𝑟. At this point, the dislocations in the pile-up either pass 

the GB or the stress concentration leads to dislocation nucleation in the adjoining grain. 

Since the number of dislocations in a pile-up is related to both the applied stress and the 

grain size (𝐿𝑝 = 𝑑𝑔 2⁄ ), this implies that a decrease in grain size results in fewer 

dislocations in a pile-up at a given stress level and thus a smaller pile-up stress. Thus, 

higher stress levels are necessary to reach the critical stress required to continue 

deformation in the adjoining grain and explains the observed increase in strength at 

diminishing grain sizes. 
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The increase in strength with decreasing grain size has sparked interest and 

significant research has been done to characterize this phenomenon using a variety of 

different mechanical testing platforms, including uniaxial tension/compression and micro- 

or nano-indentation [12,13,20,21]. It is important to note that the reported mechanical 

properties can be highly sensitive to specimen geometry and fabrication techniques. Under 

uniaxial tension of microsamples, Gianola et al. reported an increase in yield strength of 

Al from 91 to 116 MPa as the grain size decreased from 90 to 40 nm [20], which is ~15-

20 times larger than the yield strength for bulk coarse-grained Al [22]. NC Cu (d ~22 nm) 

is reported to have a yield strength of 360 MPa which is 10 times larger than the strength 

reported for Cu counterpart with d ~ 20 μm [12]. NC Pd shows a similar increase in strength 

(40 to 660 MPa) as the grain size is decreased from 20 μm to 47 nm [12]. Compressive 

testing is useful in cases where the specimen suffers from brittle fracture under tension. 

Very large compression strengths for  NC Cu (d ~ 19 – 54 nm) have been reported to be 

on the order of 1 GPa (coarse-grained value ~50 MPa) [21].  

Decreasing the grain size further has been found to lead to softening known as the 

“inverse” Hall-Petch effect [23,24]. The threshold grain size for this is not well-defined but 

it has been postulated that the transition occurs when the grain size is too small to support 

lattice dislocations and thus the dislocation pile-up model breaks down. In situ TEM 

straining experiments have shown dislocation activity in NC Au and Ag specimens with 

100 nm grains whereas no dislocation activity was observed in specimens with 10 nm-

sized grains and instead grain rotation and GB sliding occurred to accommodate 

deformation [25]. Molecular dynamic (MD) simulations have also predicted that the 

deformation is dominated by GB processes, such as GB sliding [26–28]. 
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1.2.2 Ductility 

As discussed in the previous section, the increase in strength of NC and UFG metals 

owes itself to the fact that GBs serve as effective blockages to extended dislocation glide. 

Unfortunately, this also leads to a decrease in ductility which limits the direct usability of 

such metal thin films. Sanders et al. reported a decrease in elongation-to-failure from >8% 

to 1-4% when the grain size in Cu decreased from 110 to 50 nm [12]s. Figure 2 shows 

compiled data of normalized yield strength (strength/strength of conventional coarse-

grained) versus percentage elongation in tension for a variety of metals with grain sizes in 

the NC (Figure 2(a)) and UFG (Figure 2(b)) regime [10,29]. Despite the fact that the 

specimens were fabricated following different processes, the data clearly shows a severe 

decrease in % elongation accompanying the increase in strength for specimens within the 

NC regime. The data shown for the UFG specimens (Figure 2(b)) indicates that most 

specimens show an increase in strength without a drastic loss in ductility, indicating that 

UFG metals appear to be less susceptible to the severe decrease in ductility.  

 

Figure 2 – Compiled yield stress vs. % elongation of different (a) NC metals and (b) 

ufg metals [10,29].  
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It has been shown that ductility (strain at failure) is heavily dependent on the active 

deformation mechanisms. For example, Gianola et al. found that NC Al specimens (40 nm 

grain size) show increased ductility if stress-assisted GBM is activated compared to 

counterparts that experience no grain growth [20]. The exact reason behind this is unclear, 

however, one hypothesis is that the early stress-assisted grain growth leads to grains that 

are then large enough to support dislocations. Following along the same lines, biomodal 

grain size distributions (i.e. a mixture of micron-sized grains within a NC/UFG matrix) has 

been proposed to optimize the tensile ductility and yield strength [30]. Additionally, it has 

been proposed that non-equilibrium GBs can contribute to increased ductility due to excess 

dislocation nucleation at such boundaries or facilitate grain sliding and GB rotation [31].  

1.2.3 Strain Rate Sensitivity 

Strain rate sensitivity is the dependence of flow stress on the applied strain rate and 

can be expressed as:  

 
𝑚 =

𝜕 ln𝜎

𝜕 ln 𝜀̇
=  

1

𝜎𝑦

𝜕 𝜎

𝜕 ln 𝜀̇
 (3) 

where 𝜀̇ is the strain rate [10,32]. This value is typically on the order of 0.01 or smaller for 

polycrystalline FCC metals [33]. However, there are numerous reports of increased strain 

rate sensitivity as the grain size decreases to the NC/UFG regime for a variety of FCC 

metals regardless of fabrication process, including Cu [34–37], Ni [38–40], and Al [33,41]. 

Values typically range from 0.015-0.103 [35,37,39,40,42,43] with larger values reported 

for experiments conducted at elevated temperatures. For example, May et al. reported m ~ 

0.25 for UFG Al under compression testing conducted at 523K [33] and Duhamel et al. 



 8 

reported values as large as m ~ 0.17 for NC Cu tested at 𝜀̇ = 10−5 𝑠−1 and T = 393 K [44]. 

The increased strain rate sensitivity is usually attributed to a change in rate-controlling 

deformation mechanism and the competition between diffusion- and dislocation-based 

mechanisms. GB mechanisms such as GB sliding or diffusional creep are expected to have 

m ~ 0.5 and m ~ 1, respectively [40]. This indicates that diffusion-controlled processes may 

be more important at smaller grain sizes and slower strain rates. The strain rate sensitivity 

can also be expressed in terms of the activation volume 𝑉∗:  

 
𝑚 = 

√3𝑘𝑇

𝜎𝑉∗
 (4) 

where k is the Boltzmann constant, T is the absolute temperature and 𝜎 is the flow stress 

[40]. This relationship implies an increase in strain rate sensitivity is related to a 

corresponding decrease in activation volume and further points to a change in deformation 

mechanisms as grain size decreases leading to the increase in m.   

Strain rate sensitivity can be related to ductility through the Hart stability criteria 

(𝛾 ≥ 1 −𝑚, where 𝛾 = (1/𝜎)(𝜕𝜎/𝜕𝜀) and describes the strain hardening) [45–47]. This 

has been further simplified to give an estimate of the strain in which the microstructure 

becomes unstable (𝜀𝑢), which is given by:  

 𝜀𝑢 =
𝑛

1 +𝑚
 (5) 

where 𝑛 = 𝛾𝜀. This equation implies that as strain rate sensitivity increases, 𝜀𝑢 decreases 

which indicates a decrease in ductility. Since 𝑉∗ is related to 𝑚, investigating true 

activation volume 𝑉∗ can aid in the effort to increase  𝑚 and thus improve ductility.  
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1.2.4 Strain Hardening 

Strain-hardening describes the ability of a material to continue to ‘harden’ or 

strengthen with additional strain. In conventional coarse-grained metals, this occurs due to 

dislocation generation and storage which leads to dislocation entanglement and thus 

restriction in dislocation glide [48]. It has been shown that NC and UFG metals exhibit low 

strain hardening for a variety of metals and processing techniques, including 

electrodeposition [49,50], equal channel angular pressing [30,51,52], and severe plastic 

deformation [51,53]. This is due to the saturation of dislocation density which is a result of 

both dislocation annihilation at GBs and dynamic recovery. The small grain sizes make it 

difficult for the grains to store dislocations, with some predictions indicating that no 

dislocation pile-up occurs for grain sizes below 20 nm [54]. 

The lack of strain hardening (𝑑𝜎 𝑑𝜀⁄ = 0) leads to localized deformation [10] 

which contributes to the loss of ductility and limited uniform elongation of NC/UFG metals 

[55,56]. The combination of high flow stress and low work hardening in NC metals 

promotes neck formation, resulting in ‘unusable’ elongation and reduced tensile ductility.  

1.2.5 Strategies for Obtaining Optimal Mechanical Properties  

As discussed in the previous sections, decreasing the grain size can lead to certain 

favourable mechanical properties (increased yield strength), however, this is unfortunately 

accompanied by a wealth of unfavourable properties (decreased ductility and strain 

hardening) which limits the direct application of NC/UFG metals. There are several 

approaches to optimize both the increase in yield strength while minimizing the deleterious 

effects of decreasing the grain size.  
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1.2.5.1 Controlling Grain Size Distribution  

One of the postulated ways to retain the auspicious result of decreasing the grain 

sizes without suffering from limited ductility or strain hardening is to control the grain size 

distribution. Specifically, groups have investigated the effect of a bi-modal or multi-modal 

grain size distributions [30,57–59]. The general idea is that the small grains (𝑑 < 300 nm) 

can contribute to an increase in strength due to dislocation pile-up and/or inability to 

support dislocations while the larger grains (𝑑 > 1 μm) can contribute to increased 

ductility/strain hardening by supporting dislocation pile-up and dislocation interactions and 

storage. For example, Wang et al. reported that a bi-model grain size distribution in ECAP-

Cu can lead to a significant increase in ductility (increase in failure strain from 15% to 

65%) while still maintaining a 5-6 time increase in strength compared to coarse-grained 

Cu [30].  

1.2.5.2 Controlling Deformation Mechanisms 

Researchers have postulated that activating additional deformation mechanisms, 

namely GB mechanisms, could lead to increased ductility and strain hardening in NC and 

UFG metals. Studies have shown that superplasticity (high elongation without necking) in 

NC/UFG metals can be achieved through GB sliding [60–62]. In this model, GB 

dislocations and disconnections move along GBs to facilitate GB sliding and pile-up at TJs. 

This then leads to stress-concentration that can promote dislocation nucleation and slip in 

the neighbouring grain [60].  

An additional GB mechanism that has been proposed to help increase ductility is 

stress-assisted GBM [20,63]. The reasoning is that GBM can facilitate grain growth and 
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allow grains to reach sizes that can then support dislocations. Both of the aforementioned 

GB deformation mechanisms will be discussed in detail in the next section.  

1.3 Deformation Mechanisms  

In conventional coarse-grained metals (𝑑 > 1 μm), plastic deformation is primarily 

dictated by the glide of unit dislocations through grain interiors. Inhibiting this dislocation 

glide can effectively halt plastic deformation, which explains the observed increase in 

strength as grain size decreases. The underlying theory is that as the grain size decreases, 

GBs serve as obstacles to dislocation glide and thus prevent extended plasticity. Because 

of the increased volume fraction of GBs, it is expected that the propensity for dislocation-

GB interactions will play a profound role in the plastic deformation of metals with small 

grain sizes. As grain size continues to decrease, GBs contribute directly to plastic 

deformation. As such, GB dislocation emission and absorption, which may be 

accompanied by GB sliding [26],  grain rotation [64–67],  atomic shuffling [27]  and stress-

assisted GBM [20,63,68] have all been proposed as deformation mechanisms. Figure 3 

shows the deformation mechansims map across all grain sizes for FCC metals [69].  
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Figure 3 – Deformation mechanism map for FCC metals across different grain sizes 

from [69]. Strength curve is based on copper.  

1.3.1 Dislocation-Based Mechanisms 

In coarse-grained metals, deformation is controlled by dislocation-based 

mechanisms involving the slip and storage of dislocations in grain interiors.  As grain size 

decreases into the NC and UFG regime, intragranular dislocation glide still occurs, but due 

to limited space within the small grains, conventional intragranular Frank-Read dislocation 

sources are not operable which leave GBs as the primary source for dislocation nucleation 

[26,69]. Previous investigations have shown that dislocations are emitted from GBs in both 

UFG [16] and NC metals [70–72]. However, as the grain size decreases below a critical 

value (typically 𝑑 < 20 nm), the propensity for partial dislocation nucleation outweighs 

that of full dislocation nucleation [71]. Dislocation nucleation usually occurs at regions of 

stress concentration, such as GB ledges or TJs, as these features lower the stress required 

for dislocation nucleation [16,73]. Experimental evidence provided by Mompiou et al. 

suggests that GB dislocation nucleation can lead to intergranular dislocation glide early in 
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deformation (2% plastic strain) which is transferred to transgranular glide at larger strains 

for UFG Al [16]. This particular study suggested that intergranular dislocation glide occurs 

irrespective of GB character and that the activation of GB dislocation sources controls the 

onset of plastic deformation.  

1.3.2 Grain Boundary Sliding 

GB sliding is an active deformation mechanism in UFG and NC metals documented 

both by MD simulations [27] and experiments [16,74,75] and is the principle mechanism 

in superplasticity. GB sliding is defined as the relative shear of one grain with respect to a 

neighboring grain in response to an applied stress. A schematic of different accommodation 

mechanisms for GB sliding is shown in Figure 4. When this occurs without any grain 

shape change (as opposed to occurring by stress-directed diffusion of vacancies [62]), it 

requires accommodation via GB dislocation and/or disconnection glide [16]. In some cases, 

this can lead to local GB and/or TJ migration [27] (Figure 4(b)-(e)) as TJs serve as 

restrictions to GB sliding. GB dislocation and disconnection glide can also lead to pile-ups 

at TJs and subsequent lattice dislocation emission and pile-up in adjacent grain (Figure 

4(f)-(g)). Other accommodation mechanisms involve local diffusion processes (Figure 

4(h)-(i)). In fact, MD simulations have predicted that on the atomic scale, GB sliding occurs 

via atomic shuffling or stress-assisted free-volume migration [27].  

There is evidence to suggest that the transition from GB dislocation emission to GB 

sliding at a certain diminishing grain size is based on stacking fault energy and strain rate 

[76]. Other studies have shown that dislocation nucleation from non-equilibrium GBs 

allow grains to slide or rotate to accommodate deformation [31]. Low-energy GBs are less 
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susceptible to GB sliding [27] and as a result, GB sliding is more commonly observed in 

high-angle GBs (HAGB) or non-coincident site lattice (CSL) Σ boundaries [16,60]. 

 

Figure 4 – Grain boundary sliding and its basic accommodation mechanisms in 

nanograined materials (from [77]). (a) NC UFG specimen under tensile load. 

Magnified insets (b-i) illustrating local accommodation mechanisms. (b-e) 

Accommodation through transformation of defects (GB dislocations and 

disconnections) at TJs and local migration of GB. (f-g) Accommodation through GB 

dislocation/disconnection pile up at TJ leading to emission of lattice dislocation in 

adjacent grain. (i-h) Accommodation through diffusion-controlled rotational 

deformation.  

1.3.3 Grain Rotation 

Another deformation mode in NC/UFG metals is plastic flow accompanied by grain 

rotation. This rotational deformation is facilitated by GB disclination flow along GBs that 
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causes local rotations of the crystal lattice and is typically driven by a reduction in GB 

energy. GB disclinations are line defects that are characterized by rotation of the crystal 

lattice around its line [77]. Due to geometric restrictions, the motion of GB disclinations 

either absorb pre-existing dislocations or cause emission of new lattice dislocations, 

indicating that grain rotation is accommodated by dislocation emission and slip in adjacent 

grains [77]. GB dislocations can also mediate grain rotations due to a transition from GB 

dislocation glide to disconnection climb that can occur at TJs [77,78].  

By combining in situ TEM straining with nanobeam electron diffraction (NBED), 

Wang et al. observed crystal lattice rotations initiated by GB sliding in NC Ni and suggests 

that grain rotation can lead to grain coalescence (grain growth) [67]. More detailed analysis 

of grain rotation has been done by combining in situ TEM straining with automated crystal 

orientation mapping (ACOM) to investigate the time-dependent grain orientation changes 

in UFG Al with random texture. This study found that the number of grains and magnitude 

of orientation change both increased with increasing strain [64]. They postulated that the 

large stress difference and plastic strain mismatch between neighbouring ‘hard’ and ‘soft’ 

grains leads to the rotating of grains to maintain strain compatibility. 

1.3.4 Stress-Assisted Grain Boundary Migration 

A growing number of studies have reported stress-assisted GBM as a contributor 

to both plastic flow and grain growth in UFG/NC metals. In particular, studies have 

suggested that grain growth mediated by GBM occurs prior to transgranular dislocation 

activity. For example, in situ TEM straining of NC Al has shown fast GB-migration near 

a crack tip prior to dislocation activity [63] while other studies have shown that grain 
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coarsening occurs in the immediate vicinity of an indenter tip during in situ TEM 

nanoindentation, with the coarsening halting once grains are large enough to accommodate 

dislocation mechanisms [79]. Stress-assisted GBM is thought to be mediated by the 

nucleation and glide of GB disconnections [16], but the nucleation and subsequent glide 

itself likely depends on GB structure. Stress-assisted GBM will be discussed in detail in 

Section 1.5. 

1.4 Activation Volume  

1.4.1 Theory  

The basic theory behind thermally activated deformation is based on the barriers to 

dislocation glide [80,81]. The flow stress (τ) of a crystal can be broken into two separate 

contributions: 

 𝜏 =  𝜏𝑖 + 𝜏
∗ (6) 

where the former (𝜏𝑖) is due to long-range elastic interactions and the latter (effective stress 

𝜏∗) is due to short-range barriers and is responsible for the flow stress dependence on 

temperature and strain-rate. The stress required to overcome the short-range barriers (𝜏∗) 

is much smaller than that required to overcome long-range barriers and thus can be 

provided from thermal fluctuations (hence the term ‘thermally’ activated). This explains 

why the yield strength of a material decreases with increasing temperature. The plastic 

strain rate (𝛾̇𝑝) is given by the Orowan equation below:  

 𝛾̇𝑝 = 𝛼𝜌𝑚𝑏𝑣  (7) 



 17 

where α is a geometric coefficient, 𝜌𝑚 is the mobile dislocation density, and 𝑏 is the 

dislocation Burgers vector. The dislocation velocity 𝑣 can be expressed as 

 𝑣 = 𝑑𝜈 exp(−∆𝐺∗/𝑘𝑇) (8) 

where 𝑑 is the distance the dislocation moves and the remaining term (𝜈 exp(−∆𝐺∗/𝑘𝑇)) is 

the probability that thermal vibrations occurring at frequency ν lead to a dislocation 

successfully overcoming the required energy barrier (∆𝐺∗). Using this, the plastic strain 

rate can be expressed as: 

 𝛾̇𝑝 = 𝛾̇𝑜 exp(−∆𝐺
∗/𝑘𝑇)  (9) 

with 𝛾̇𝑜 =  𝛼𝜌𝑚𝑏𝑑𝑣 . This equation captures the dependence of deformation on the ability 

of a dislocation to overcome the local energy barrier (∆𝐺∗). However, separate dislocation 

slip mechanisms may have similar ∆𝐺∗ values and therefor it is useful to further study how 

∆𝐺∗  varies with the stress needed to overcome the barrier (𝜏∗), as this will be unique for 

distinct mechanisms. This relationship is referred to as the true activation volume 𝑉∗ and 

is shown below. 

 
𝑉∗ = − (

𝛿∆𝐺∗

𝛿𝜏∗
)
𝑇
   (10) 

𝑉∗ is unique for a specific deformation mechanism, as it captures the relationship between 

the energy barrier and stress required to overcome a specific obstacle. Physically, 𝑉∗ is 

related to the area swept by a dislocation as it overcomes the local barrier and is 

proportional to the number of atoms involved in the process [80,82]. Ultimately, 𝑉∗ is 
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considered a characteristic value for specific dislocation mechanisms and can thus be used 

to differentiate between different mechanisms. By combining Eqn. (9) and Eqn. (10) and 

assuming constant dislocation density, 𝑉∗ can be written as: 

 
𝑉∗ = 𝑘𝑇

𝛿 ln 𝛾̇𝑝 
𝛿𝜏∗

 (11) 

Experimentally, 𝑉∗ can be measured via stress-relaxation tests [83–85] and determined 

using the following equation, 

 
𝑉∗ = 𝑘𝑇

ln (𝛾̇𝑝2 𝛾̇𝑝1 )⁄

∆𝜏∗
  (12) 

where 𝛾̇𝑝1  and 𝛾̇𝑝2  are the initial and final plastic shear strain rate during a relaxation 

segment, respectively and ∆𝜏∗ is the decrease in effective stress during the relaxation. 

However, the assumption of constant dislocation density during reloading may not 

necessarily always be valid. To avoid this assumption, the apparent activation volume (𝑉𝑎) 

can be determined by fitting the stress relaxation segment with a logarithmic fit as follows: 

 

𝑉𝑎 = − 
√3𝑘𝑇 ln (1 +

𝑡
𝑐𝑟
)

∆𝜎
   

(13) 

where 𝑉𝑎 and 𝑐𝑟 are fitting constants, 𝑡 is time, and ∆𝜎 is the decrease in applied stress 

during relaxation segment. The apparent activation volume represents the variation of free 

energy ∆𝐺 with the total stress (rather than 𝜏∗ only, 𝑉𝑎 =
𝛿∆𝐺

𝛿𝜏
) 

1.4.2 Activation Volume Values for NC and UFG Metals  
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Dislocation mechanisms that involve a large area (and thus many atoms) typically 

have high activation volume values. These mechanisms, such as a dislocation cutting 

through forest dislocations, have activation volumes of the order of hundreds to several 

thousand 𝑏3 [40,86]. As a result, conventional FCC metals typically have  𝑉∗~102 −

103 𝑏3 [10]. Other traditional dislocation mechanisms, such as cross-slip, have been 

reported to have 𝑉∗ = 10 − 100 𝑏3 [40]. As the deformation becomes more localized and 

involve fewer atoms, the activation volume decreases accordingly. For example, 

diffusional processes are estimated to have an activation volume 𝑉∗~1 𝑏3 [87], with GB 

diffusion processes having 𝑉∗~ 1 − 10 𝑏3 [10].  

Experimentally determined activation volume for NC and UFG metals is limited 

and inconclusive. Karanjgaokar et al. has reported activation volume values of 6.4  𝑏3 

within the strain rate range of 10−5 − 10−2 s−1, which increases to 19.7  𝑏3 when the strain 

rate is increased to 10−3 − 10  s−1 for Au films with an average grain size of 64 nm [88]. 

They attributed the low activation volume during the slow strain rate tests to diffusion-

based mechanisms, whereas dislocation depinning was identified as the rate-controlling 

mechanisms at higher strain rates. Wang et al. has reported activation volume of 20  𝑏3 for 

NC Ni (𝑑 ~ 30 nm) under a strain rate of 10−4 s−1 [40]. They attributed the rate-controlling 

mechanisms to dislocation interaction with GBs while specifically discrediting diffusion-

based mechanisms since the activation volume is not ~ 1  𝑏3.  

Other researchers have reported activation volume values of 4.5 and 12.5  b3 for 

Au films (0.85 mm thick, 𝑑 ~ 40 nm) at strain rates lower and higher than 10−4 s−1, 

respectively [89]. They also reported that the activation volume values increased to 8.1 and 
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14.6  𝑏3 for similar films as the thickness increased to 1.76 mm. The reduced activation 

volume at higher strain rates was attributed to GB processes, although the researchers were 

not able to conclude which specific processes. Lu et al. has showed that activation volume 

for nanotwinned (nt) Cu varies depending on thickness between adjacent TBs 𝜆 from 16 to 

30  𝑏3 as 𝜆 increases from 15 to 35 nm, whereas UFG Cu had 𝑉 ~ 309  𝑏3 [90]. They 

attribute the large decrease in 𝑉 due to a switch in deformation mechanism from traditional 

dislocation forest cutting to dislocation cross-slip/accumulation at TB.  

Determining activation volume is further complicated by the fact that the atomic 

processes involving dislocation-GB interaction differs based on GB structure, and thus it 

is likely that activation volume values are further affected by  the specifics of a GB [90,91]. 

Overall, there is not a clear consensus in determining the dominant deformation 

mechanisms and corresponding activation volume. Reported activation volumes range 

across specimens of different material, grain size, thickness, texture, etc. Table 1 

summarizes activation volume measurements reported in literature. Most of the 

abovementioned studies were conducted ex situ, and careful assumptions are required in 

order to link measured activation volume values with the corresponding rate-controlling 

mechanism [40,84].  Thus, in situ activation volume measurements are ideal for correlating 

rate-controlling deformation processes with measured activation volumes. 
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Table 1 – Comparison of activation volume V* measurements reported in literature 

across different metals with varying grain size (d), thicknesses (t), microstructure, and 

strain rates. 

Strain 

Rate (s-1) 
Material d (t) V (b3) 

Proposed Rate-controlling 

Mechanisms 
Ref. 

< 10-4 

NC Au 40 nm (0.86 m) 4.5 GB processes [89] 

NC Au 40 nm (1.76 m) 8.1 GB processes [89] 

NC Au 64 nm (850 nm) 6.4 GB-diffusion processes [88] 

10-4 

NC Ni 30 nm (120 m) 20 Dislocation interaction with GBs [40] 

UFG Au 150 nm (100 nm) 8-14 GB-dislocation interactions [92,93] 

nt-15 Cu 400 nm (20 m) 16 
Dislocation cross-slip at twin 

interface 
[90] 

nt-35 Cu 400 nm (20 m) 30 
Intra-twin and inter-twin 

processes 
[90] 

UFG Cu 400 nm (20 m) 309 
Intersection of forest dislocations 

in bulk 
[90] 

NC Al 62 nm (150 nm) 35 Stress-assisted grain growth [94] 

UFG Al 104 nm (300 nm) 10 - 55 Stress-assisted grain growth [94] 

> 10-4 

NC Au 40 nm (0.86 m) 12.5 
Dislocation 

nucleation/pinning/depinning 
[89] 

NC Au 40 nm (1.76 m) 14.6 
Dislocation 

nucleation/pinning/depinning 
[89] 

NC Au 64 nm (850 nm) 19.7 Dislocation depinning from GB [88] 

1.4.3 Conrad’s Model  

As discussed in the previous section, relating the experimentally measured 

activation volume to a rate-controlling deformation mechanism is a difficult task. Some 

researchers have attempted to use models to explain the experimentally measured (sample-

level) 𝑉∗. The Conrad model relates the experimentally measured sample-level activation 

volume (𝑉∗) to grain size (𝑑), and the individual activation volume from intragranular 

mechanisms (𝑉𝑖
∗) and processes at GBs (𝑉𝑐

∗) [26,86,95]. 
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 1

𝑉∗
=
1

𝑉𝑖
∗ +

𝑀2𝜇𝑏

𝐾𝐻−𝑃√𝑑

1

𝑉𝑐
∗ (14) 

In the above equation, 𝑀 is the Taylor factor, 𝜇 is the shear modulus, 𝐾𝐻−𝑃 is the Hall-

Petch coefficient and 𝛼 is a dimensionless parameter in the dislocation pileup model.  This 

model is based on the amplified local stress at the GB due to dislocation pile-up (similar to 

the Hall-Petch relationship discussed in Section 1.2.1). Since the pile-up length (i.e. 

number of dislocations) is proportional to grain size 𝑑, the Conrad relationship implies a 

similar Hall-Petch type relationship for 𝑉∗.  

At large grain sizes (𝑑 > 1𝜇𝑚), the 𝑉𝑐
∗ term is negligible and the sample-level 𝑉∗ 

is dominated by 𝑉𝑖
∗ only (𝑉∗~𝑉𝑖

∗) [26,95]. Mechanisms contributing to 𝑉𝑖
∗ are dislocation-

based, such as cutting of forest dislocations by glide dislocations. 𝑉𝑖
∗ usually scales with 

~𝑙𝑏2 and does not have a direct grain size dependence. For a typical dislocation density of 

1014 nm−2, this results in 𝑉𝑖
∗~500𝑏3. As grain size decreases, the 𝑉𝑐

∗ term increases (due 

to the increasing 
𝑀2𝜇𝑏

2𝜋𝛼𝐾𝐻−𝑃√𝑑
 coefficient) and thus, the contribution to 𝑉∗ from 𝑉𝑐

∗ increases. 

Examples of 𝑉𝑐
∗ mechanisms include dislocation nucleation @ GBs or disconnection glide. 

At the smallest of grain sizes (𝑑 < 10 nm), intragranular dislocation activity is absent and 

the second term is considerably larger than the first and 𝑉∗~
2𝜋𝛼𝐾𝐻−𝑃√𝑑

𝑀2𝜇𝑏
𝑉𝑐
∗. In intermediate 

grain sizes (10 nm < 𝑑 < 1000 nm), there is likely a unique interplay (weighting) of both 

𝑉𝑖
∗ and 𝑉𝐶

∗ . Experimentally measuring 𝑉∗ with specimens with different grain sizes can be 

helpful in validating this Conrad model. Decreasing 𝑉∗ with decreasing grain size is 

consisted with previous experimental data and models summarized in Figure 5 [96] .   
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Figure 5 – Grain size dependence of reciprocal activation volume 𝑽∗ calculations for 

Ni and Cu [96].  

1.5 Grain Boundary Kinetics 

It is clear that GBs serve an important role in NC and UFG metals and 

characterizing the specific behavior of the GB network is crucial for understanding the 

plastic deformation mechanisms and mechanical properties. GB kinetics dictate the 

evolution of a GB network and structure and is paramount in understanding how a material 

evolves during deformation. The fundamental kinetic equation used to describe GBM is: 

 𝑣⊥ = 𝑀𝑧𝐹 (15) 

where 𝑣⊥ is GBM velocity defined normal to GB plane, 𝐹 is the applied driving force and 

𝑀𝑧 is the intrinsic GB mobility that relates 𝑣⊥ to 𝐹 [97]. This equation implies that GBM 

velocity is linearly related to the driving force, however, MD simulations have suggested 

that this may not be true, particularly at lower temperatures [98]. The intrinsic mobility is 
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an equilibrium GB property that only depends on material parameters, temperature, and/or 

bi-crystallography and in addition to driving force, controls the evolution of grain 

morphology and crystallography. 

1.5.1 Grain Boundary Migration Driving Force 

In general, the driving force for GBM is an overall decrease in the total free energy 

of the system. The specifics of the driving forces are divided into two categories: energy-

jump and stress-driven [97]. Energy-jump driven GBM occurs when the free energy 

density of two grains differs and as a result, the boundary migrates towards the grain with 

higher free energy (in attempt to lower the overall energy). Energy differences between 

grains can arise from elastic anisotropy, variation in surface energy between different 

crystallographic grain orientations, excess defect density, magnetic free energy density and 

capillary forces acting to reduce GB free energy due to GB curvature [97,99]. Stress-driven 

GBM occurs when a boundary migrates in response to an applied stress and has been 

observed both through MD simulations and experimentally on bicrystals and polycrystals.  

In reality, multiple driving forces are active simultaneously which makes fully 

understanding GBM complicated. For example, stress can promote defect (dislocation) 

generation which can in turn influence the defect density and lead to an additional driving 

force related to defect energy, although this is typically not expected to be a significant 

factor until high levels of deformation are met. In addition, elastic anisotropy arises when 

a stress is applied to the system and grains are elastically deformed. Grains of different 

orientations will have different strain energy densities which can promote GBM towards 

the grain with the higher strain energy [97]. This has been reported to be a significant 
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driving force particularly under cyclic loading, as the different studies have shown that a 

favourable texture (with lower strain energy density) develops during cycling [100,101]. 

Grain size also influences stored strain energy, and in particular, a variation in grain size 

leads to a variation in stored strain energy and thus an energy-jump driven driving force 

for GBM. This phenomenon is explained well by the figure below (from [102]). Under the 

no-stress state, grains G1, G2, and G3 all have the same free energy density (Figure 6(a)), 

however, after a load is applied the free energy density increases by the amount of elastic 

strain energy density which is different across grains, Figure 6(b). Grain-to-grain variation 

in strain energy density arises from grain size dependent yielding (Hall-Petch effect, 

summarized in Figure 6(c)). Under an applied stress, each grain deforms elastically until 

eventually, the larger grains will yield through dislocation generation and slip. This 

yielding occurs at a lower stress level than the yielding stress required in the smaller grains 

and as a result, the elastic strain energy density within the larger grains is smaller than that 

of the smaller grains. This results in a difference in strain energy density across a GB and 

can promote GBM towards the small grain and eventually lead to the complete removal of 

small grains. 

 

Figure 6 – Schematic of strain energy density driving force that leads to grain 

coarsening [102]. Diagrams in (a) and (b) show the unstrained and strained free 
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energy state for grains G1, G2 and G3 (all grains have different grain sizes). When a 

load is applied, the energy density increases by the increase in strain energy density, 

which varies across the different grain sizes due to size-dependent yielding (c).  

1.5.2 Grain Boundary Mobility 

The atomic nature of the GB mobility is believed to be independent of the type of 

driving force and instead, relies heavily on the structure of the GB. Understanding GB 

mobility, however, is a difficult task because it depends on the GB structure, which itself 

is defined by five degrees of freedom (DOF) [99]. Specifically, there are three macroscopic 

DOF that describe crystallographic orientation (one DOF for rotation angle and two DOF 

for axis of rotation) and two DOF that describe the GB plane. This leads to a large number 

of different types of GBs. Based on the change in crystal orientation ∆𝜃 about a common 

rotation axis (i.e. misorientation angle), boundaries are either classified as low-angle GB 

(LAGB) when ∆𝜃 < 15° or high-angle GB (HAGB) when ∆𝜃 > 15°. Boundaries are 

further classified as pure tilt, twist, or a mixed type depending on the relationship between 

rotation axis and GB normal. A schematic for a pure tilt and twist boundary is shown in 

Figure 7(a) and (b), respectively [103]. Pure tilt and twist GBs are frequently engineered 

in bicrystals, but boundaries are more commonly of mixed tilt/twixt type in polycrystalline 

materials. When the boundary plane is also a plane of symmetry, the GB is called 

symmetrical (only possible in pure tilt boundaries) and if this is not the case, the boundary 

is otherwise referred to as asymmetrical. GBs can be further classified by the coherency of 

the interface between two grains. A coherent boundary (shown in Figure 7(c)) occurs when 

the atoms along the GB plane match perfectly with the neighbouring grains. An incoherent 

boundary is when this perfect alignment does not occur (Figure 7(d)) [104]. Coherency 
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terminology is most commonly used to describe twin boundaries, with most twin 

boundaries being coherent. 

 

Figure 7 – Schematic diagram of (a) pure tilt grain boundary where the axis of 

rotation is parallel to the grain boundary plane, (b) pure twist grain boundary (axis 

of rotation is perpendicular to grain boundary plane), (c) coherent boundary and (d) 

incoherent boundary (a-b) taken from [103] and (c-d) taken from [104]. 

Another common convention for classifying GBs is the coincident site lattice (CSL) 

model [105]. According to this model, boundaries are assigned a number (Σ) that relates to 

the reciprocal number density of lattice sites that coincide between lattices of both grains. 

For example, a Σ5 boundary indicates that 1 in every 5 atoms in the lattice is common 

(coincident) in both grains. Boundaries with low Σ values indicate a relatively high level 

of atomic fit between the joining crystal orientations and as a result are expected to have 

lower energy than random GBs. Based on the fact that the GB plane undoubtedly influences 

the extent of atomic overlap, only pure tilt or twist boundaries are typically expected to 
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have a high density of CSL. However, this model does not specifically specify the GB 

plane, so it only captures three of the five DOFs. 

The study of GB mobility has primarily been centered on the study of bicrystals 

due to the inherent simplicity but have provided valuable insight into GB mobility 

nonetheless [106–108]. Figure 8(a) shows the mobility of 388 distinct GBs with varying 

misorientation and type (tilt, twist, mixed) predicted by MD simulations on Ni bicrystals 

under energy-jump driving force at 1400K [99]. The results indicate that there is a slight 

increase in mobility with decreasing misorientation angle. This is contrary to the generally 

accepted view that mobility increases for HAGB compare to LAGB [77,109], but the 

researchers claim this discrepancy could be a result of limitations in mobility resolution at 

small misorientations and as a result, the data set does not include LAGB below 10° 

misorientation. The results do effectively illustrate that different boundaries have different 

mobilities, with <111> twist boundaries showing the lowest mobility. It was also found 

that shear-coupled motion is strongly related to boundary mobility, with the boundaries 

showing highest mobility also moving by a coupled shear mechanism, although this was 

not found to remain true for the highly mobile Σ3 twin boundaries. Olmsted et al. also 

determined that GB mobility is not closely correlated with Σ value (Figure 8(b)) with the 

single exception of Σ3 boundaries [99]. Other MD simulations on a flat GB in an Al 

bicrystal have determined that the mobility of mixed-type boundaries is markedly higher 

than that of a pure twist or tilt boundary which is expected due to the increased disorder of 

mixed-type boundaries [109]. The simulations also showed that two GBs with the same 

misorientation angle-axis pair but different boundary planes can have very different 

mobilities. This indicates that the boundary plane could be a major factor that influences 
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mobility and in general it was found that mobility increased as the GB plane deviated from 

(111), with high-coincidence and LAGB as exceptions. Other GB processes have also been 

found to be dependent on GB structure. For example, MD simulations on nickel bicrystals 

have shown that dislocation transmission through a boundary is heavily dependent on GB 

misorientation angle, with high-angle tilt boundaries showing unlikely transmission when 

compared to low-angle tilt boundaries [110].  

 

Figure 8 – Mobility as a function of (a) disorientation angle and (b) 𝚺 value for Ni at 

1400K for all 388 boundaries simulated [99]. 

1.5.3 Disconnections 

Understanding the different structures of GBs is important because the 

bicrystallography heavily influences the overall kinetics of the GB. One of the widely 

accepted models of GB kinetics, first proposed in the 1970s, involves the dynamics of GB 

disconnections [111–113]. Disconnections are line defects that contain both a step ℎ and 

dislocation character 𝐛. An example of a GB with a disconnection is shown in Figure 9(a), 

with both 𝐛 and ℎ indicated. In this model, the glide of disconnections facilitates both GBM 

(through the step height ℎ) and GB sliding (through the Burger’s vector 𝐛). Because 

disconnections are defects that lie within a boundary, it is not surprising that the specifics 

(b) (a) 
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of a disconnection ({𝐛𝑛, ℎ𝑛𝑗}) are directly influenced by the bicrystallography of the GB. 

In fact, the bicrystallography of a boundary defines the set of permissible disconnection 

modes {𝐛𝑛, ℎ𝑛𝑗} [97].  

 

Figure 9 – (a) A bicrystal GB containing a disconnection dipole, (b) Schematic of a 

nucleated disconnection dipole, (c) quantized disconnection formation energy for 

   grain boundaries [97]. 

In this model, GBM occurs by the nucleation and glide of permissible 

disconnections which is inherently controlled by GB bicrystallography. The energy 

required to form a pair of disconnections (a disconnection dipole) depends directly on both 

𝐛 and ℎ based on the following relationship and the schematic shown in Figure 9(b) [97]: 

 𝐸 = 2𝐸𝑠𝑡𝑒𝑝 + 2𝐸𝑐𝑜𝑟𝑒 + 𝐸𝑖𝑛𝑡 = 2[Γ𝑠|ℎ|] + 2[𝜁𝐾𝐛
2] + 2𝐾𝐛2ln (𝛿 𝑟0⁄ ) (16) 

In this equation, Γ𝑠 is the excess surface energy due to the creation of a step, 𝜁 is a core 

energy scale factor, 𝐾 ≡ 𝜇 4𝜋(1 − 𝜈⁄ ) (𝜇 is shear modulus, 𝜈 is the Poisson’s ratio), 𝛿 is the 

(a) 

(b) 

(c) 
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disconnection separation and 𝑟0 is the disconnection core size. The above equation is 

considering only 2D disconnection modes, however, a generalized energy barrier can take 

the form: 

 𝐸𝑛𝑗
∗ = 𝐴|ℎ𝑛𝑗̃| + 𝐵𝐛𝑛

2̃  (17) 

where 𝐴 is the excess energy density due to the step and 𝐵 includes dislocation core energy 

and elastic interaction between the two components of the disconnection pair [97]. For tilt 

GBs, 𝐵 ∝ Σ−1 which inherently implies that the character of b is most important. This 

means that for low- Σ tilt GBs, disconnection modes with small b are most favorable. 

Conversely, GB step dominates disconnection mode/energy for high- Σ tilt GBs and thus 

small ℎ is most favorable [97].  

The above equations show that disconnection nucleation is not energetically 

favorable and that disconnection dipoles will collapse immediately following nucleation 

[97]. However, stable disconnection dipoles can be nucleated in the presence of a driving 

force based on the following equation for the energy of formation:  

 𝐸 = 2𝐸𝑠𝑡𝑒𝑝 + 2𝐸𝑐𝑜𝑟𝑒 + 𝐸𝑖𝑛𝑡 −  𝜏𝐛𝛿 − 𝜓ℎ𝛿 (18) 

where 𝜏 is the applied stress, and 𝜓 is the energy jump across the boundary. This equation 

implies that there is a critical dipole size 𝛿∗ in which the energy decreases with further 

separation and that the critical separation decreases with increasing driving force (stress 

and chemical potential difference) [97].  
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The probability of disconnection nucleation of mode {𝐛𝑛, ℎ𝑛𝑗} is proportional to 

the Boltzmann factor exp (−𝐿𝑥𝐸𝑛𝑗
∗ 𝑘𝐵𝑇⁄ ), where 𝐿𝑥 is the periodic of the simulation 

supercell along the x-axis [97]. Since there are a finite set of {𝐛𝑛, ℎ𝑛𝑗} allowed for a specific 

boundary based on the bicrystallography, the formation energy spectrum is quantized and 

unique for every possible boundary. Three example energy spectra for Σ5, 13, and 37 

boundaries for Cu are shown in Figure 9(c). The disconnection mode with the lowest 

formation energy corresponds to the dominant/ most favorable disconnection mode, 

although in reality deformation occurs by an average of multiple disconnection modes 

[114]. The boundary with the lowest CSL Σ value has a much higher number of permissible 

disconnection modes than the others and the spacing between energy levels is smaller. For 

low CSL Σ boundaries with closer spaced energy lines, it is more likely to have multiple 

disconnection modes activated for a given energy allowance. Each disconnection mode 

will have a different mobility and temperature dependency. This is because the activation 

energy of a disconnection mode depends on local bonding, GB structure, point defects, 

solute segregation, etc [114]. This energy spectrum also determines the disconnection 

nucleation dependence on temperature. At high temperatures, more energy is available to 

nucleate high-energy disconnection modes characterized with large 𝐛 but small ℎ [97]. 

This means that at high temperature, GB sliding dominates over GBM.   

In addition to the disconnection nucleation energy barrier, there is also a barrier to 

disconnection glide analogous to the Peierls barrier for lattice dislocation glide. However, 

once again under stress-assisted GBM, the driving force associated with disconnection 

glide is the Peach-Koehler force along the glide direction 𝐛 which provides the means to 

overcome the glide barrier. The driving force associated with the step height ℎ is linked to 
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the jump in chemical potential (energy density) across the GB [114]. Stress-assisted GBM 

is characterized by the shear-coupling factor, which defines the relative ratio between GBM 

to sliding and is given by: 𝛽 =  𝑣∥ 𝑣𝑛 = 𝐛/ℎ⁄  where 𝑣∥ and 𝑣𝑛 are the average velocities 

of GB sliding and migration, respectively [97]. If 𝐛 is not parallel to the GB (as it is for 

symmetric and twist GBs), motion of disconnection involves climb (diffusion). As a result, 

GB inclination does not affect the set of possible {𝐛𝑛, ℎ𝑛𝑗} for a given boundary, but it does 

however affect the manner in which disconnection glide occurs by (conservatively or non-

conservatively). GBM facilitated by disconnection glide has been observed both 

experimentally [115] and through atomic simulations [114]. 

1.5.4 Influence of Triple Junctions  

GBM in polycrystals is inherently complicated due to the added restrictions 

imposed by TJs and the interaction of a complex GB network. TJs are 1-dimensional 

defects where three GBs meet (see Figure 10). It was initially assumed that TJs did not 

influence the motion of connected GBs but instead facilitated control of thermodynamic 

equilibrium dihedral angles (𝜃) at the junction during migration. It has since been shown 

both through experiments and simulations that TJs play an increasingly important role in 

deformation, particularly as the grain size decreases. 
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Figure 10 – (a) 1D representation of TJ structure where 𝛄 is the line tension for each 

GB and 𝛉 is the angle between GBs [104], (b) 3D geometry of a TJ where the three 

GBs (GB(1), GB(2), and GB(3) meet along line direction 𝛏. J(1)-(3) are disconnection fluxes 

from the three GBs to TJ [98].  

The proposed mechanism of TJ migration is similar to that of GBs: the nucleation, 

glide, and accumulation of GB disconnections at the TJ [26,116]. Experiments have shown 

the amount of GB sliding decreases along the GB near immobile TJs [117,118], suggesting 

that TJs inhibit continued disconnection glide [97]. This occurs when the disconnections 

gliding in the GB cannot annihilate at the TJ and the b of the disconnections accumulate. 

This accumulation creates back stress on the GB disconnections that either leads to TJ 

stagnation (by repelling subsequent disconnections) or some form of plasticity to dissolve 

the back stress, such as lattice dislocation emission, which has been observed both 

experimentally [116] and in simulation [117]. Within the disconnection model, TJs can 

serve as both sources and sinks for disconnections gliding along the GB. Since the ease of 

disconnection nucleation varies with GB structure, it is expected that TJs will show 

anisotropic mobility dependent on GB/TJ structure [117]. 

A discussion on GB kinetics in NC material would be incomplete without a similar 

discussion on TJ kinetics. The structure of TJs is even more complex than that of GBs with 

(b) (a) 
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11 DOFs (five to define first boundary, five to define a second boundary, and one to define 

orientation of third boundary) [118] . A simplified 1D and 3D construction of a TJ is shown 

in Figure 10(a) and (b), respectively. TJs are typically classified as one of the following: 

(1) R0 type with no random boundaries, (2) R1 type with two low-Σ CSL boundaries and 

one random boundary, (3) R2 type with one low- Σ CSL boundary and two random 

boundaries, and (4) R3 type with three random boundaries [119]. The addition of TJs 

increases the overall excess free energy of the system by imposing additional energy in the 

form of line tension (𝛾). It has been proposed that this excess energy is the driving force 

for TJ migration: TJs migrate in order to balance line tension imposed by constituent GBs. 

It is further predicted that below a certain grain size, the driving force for TJ migration 

outweighs that of GBM [120] and that grain growth is controlled by TJ drag [117,121]. 

MD simulations on TJ motion driven by capillarity has shown that TJs composed of certain 

CSL boundaries (particularly Σ7 and Σ13) exert substantial drag on GBM [122]. In any 

case, additional detailed investigations on NC/UFG metals is required in order to better 

clarify how TJ/GB structure affects TJ and GBM as well as how initial grain size plays a 

role in TJ/GBM. As the grain size decreases, the number of TJs increase and as such the 

behavior of TJs become increasingly more important.  

The abovementioned disconnection-mediated GB and TJ migration model is best 

suited to describe behavior of CSL-type Σ boundaries, as disconnections are particularly 

well defined for these boundaries. It is possible to approximate non-CSL boundaries as a 

CSL-type GB with non-periodical distributed secondary GB dislocations [123], but there 

is evidence to suggest random HAGB migrate via atomic shuffling mechanisms instead 

[109]. Random HAGB have a more open core structure which allows for the room required 
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for atomic-scale rearrangement necessary to start the shuffling process. Experimental 

results have shown that GB motion of HAGB occurs in a ‘jerky’ step-wise fashion, with 

the stagnation periods occurring before required initiation of rapid atomic shuffles [109]. 

1.6 Radiation-Induced Changes  

Material degradation resulting from irradiation is a challenge that plagues a variety 

of industries, including the nuclear energy sector [124,125] and the aerospace industry 

[126]. Notable material failure modes for structural materials include irradiation creep 

[127], swelling [128], and hardening and embrittlement [124,129]. These property changes 

originate from displacement cascades caused by energetic particles such as neutrons, 

protons, and ions that lead to nanometer-sized defect clusters in the form of vacancy and 

interstitial loops, stacking-fault tetrahedra (SFT), or voids. Figure 11 illustrates the typical 
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changes in mechanical properties (increase in strength accompanied by a decrease in 

ductility) due to radiation damage [124,130].  

 

Figure 11 – Effect of neutron irradiation (3 dpa) on the engineering stress-strain curve 

for annealed 316LN austenitic steel [124,130].  

To understand the change in mechanical properties after irradiation, numerous 

experimental [131–134] and computational techniques [135] have been employed. In situ 

TEM straining experiments [132,133] on irradiated material have been particularly useful 

in identifying interactions between dislocations and radiation defects. These studies show 

that radiation defects can impede dislocation glide (leading to an increase in strength) but 

that these defects can be eventually removed by a single dislocation or the passage of many 

dislocations thus leading to defect-free channels. This leads to deformation localization 

that has been well document during bulk-scale mechanical testing of coarse-grained 

materials [131,133,136] and can lead to premature failure (decreased ductility). 

1.6.1 Radiation Tolerance in NC and UFG Metals 
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NC and UFG metals have emerged as promising radiation-tolerant materials [137–

140] due to the high volume-fraction of GBs that serve as defect sinks and can lead to a 

drastic decrease in defect density [139,141–144]. MD simulations suggest that GBs 

annihilate nearby vacancies by re-emitting interstitials [145] or that regions of misfit within 

the boundary can be sites for interstitial and SFT absorption [144], both of which lead to 

the experimentally observed defect denuded zones on either side of a boundary [146]. 

Numerous reports have shown that irradiation also causes GBM/grain coarsening 

[147,148], with MD simulations proposing that migration is a response to the defect 

absorption [149,150]. Additional reports have shown that radiation-induced GBM can 

remove SFT [151], indicating that a migrating GB serves as an effective sink for defects.   

In many radiation environments, materials are also subject to extreme temperatures 

which can lead to large thermal stresses [152]. It is well documented that stress can promote 

a variety of GB behaviors in non-irradiated materials, such as GBM. Therefore, it is 

possible that stress-assisted GB migration could facilitate additional defect removal in 

irradiated materials. In fact, MD simulations on bicrystals have highlighted that shear-

coupled GB motion can remove intragrain SFT [153] and partially dissolve voids [154], 

leading to an interstitial-loaded GB that can remove defects in its path [152,155]. Stress-

assisted GBM is a common deformation mechanism in non-irradiated NC and UFG metals 

[20,63,68,94] which suggests that these materials might have an additional ‘self-healing’ 

mechanism that could facilitate a further increase in radiation-tolerance when subject to 

mechanical stresses.  

1.7 Motivation and Thesis Objectives 
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It is evident that NC and UFG metals are an important class of materials due to their 

unique mechanical properties that arise from the high volume fraction of GBs. It has been 

shown that NC/UFG metals exhibit an increase in strain-rate sensitivity and decrease in 

measured activation volume compared to their coarse-grained equivalents, both of which 

imply different atomistic mechanisms control the deformation. Years of research has 

provided evidence that alternative deformation mechanisms involving GBs are activated at 

decreasing grain sizes, such as dislocation nucleation/absorption at GBs, GBM, GB sliding, 

etc. However, there remains a lack of quantitative characterization for these deformation 

mechanisms and not fully understanding the plastic kinetics in NC and UFG metals is 

hindering material design towards exceptional mechanical properties. MD simulations 

provide useful information regarding the plastic kinetics of individual mechanisms; 

however, they suffer from time- and small-scale limitations that make comparing with 

experimental result nontrivial. In situ TEM straining techniques are required for 

characterizing the active deformation mechanism but most are limited in the ability to 

estimate the far-field applied stress and thus cannot accurately quantify the mechanical 

properties during straining. Therefore, new studies and techniques are required to 

characterize the microstructure evolution during straining of NC/UFG metals in detail 

while concurrently quantifying the mechanical properties.  

This thesis aims to use an in situ quantitative MEMS-based nanomechanical testing 

technique to investigate how microstructure controls the deformation mechanisms and 

relate it to the measured mechanical properties. This includes both the qualitative 

identification and characterization of the active deformation mechanisms from TEM 
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images/videos, and also quantification of the mechanical properties through the 

measurement of activation volume, strain-rate sensitivity, yield strength, etc.  

The specific objectives of this thesis are as follows:  

• Determine the grain size effect on deformation mechanisms and measured 

activation volume by characterizing the plastic deformation in UFG and NC Al 

specimens with varying grain sizes.  

• Determine the effect radiation damage has on the active deformation 

mechanism of UFG Au films.  

• Interpret all experimentally measured (sample-level) activation volume values 

and relate to individual mechanisms through existing models and MD 

simulations. 

• Investigate how local microstructure (grain size, GB character, Schmid factor, 

etc) influences stress-assisted GBM/grain growth in UFG Au films.  
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CHAPTER 2.  

EXPERIMENTAL METHODS 

2.1 Overview 

 The following chapter outlines the experimental methods used in this study. Section 

2.2 describes the geometry and basics of operation of MEMS-device used to conduct the 

in situ TEM experiments, including details regarding a recently redesigned MEMS to 

improve experimental yield. Section 2.4 outlines the steps required to fabrication the tensile 

specimens. Section 2.5 discusses the irradiation parameters and Section 2.6 will briefly 

describe the characterization tools used to study the material microstructure.  

2.2 In Situ MEMS-Based Technique 

2.2.1 MEMS Geometry and Capacitive Sensing 

The in situ TEM tensile testing is executed via a MEMS-based nanomechanical 

technique that has been previously used in Refs. [92,93,156–158]. The MEMS device 

consists of a thermal actuator (TA), two capacitive sensors (𝐶𝑆1 and 𝐶𝑆2), load sensor (LS) 

beams and a specimen gap (SG) (see Figure 12(a) and (c)). The MEMS are fabricated by 

MEMSCAP using the SOIMUMPS process.  
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Figure 12 – MEMS device tensile testing operation. (a) SEM image of the MEMS 

device with the thermal actuator (TA), capacitive sensor one (𝑪𝑺𝟏), capacitive sensor 

two (𝑪𝑺𝟐), and the load sensor (LS) beams labeled. The specimen gap (SG) is outlined 

in magenta and shown at a higher magnification in (b). (b) SEM image of a specimen 

on MEMS device clamped with glue. (c) Schematic of the MEMS device showing the 

key components.  

The thermal actuator is composed of ten inclined pairs of beams and provides the 

displacement. When a voltage is applied across the thermal actuator, resistive heating of 

the beams drives the displacement of the device’s central shuttle. A large heat sink is 

provided between the thermal actuator and the nearest capacitive sensor to limit the 

temperature increase at the specimen gap to 0.07 C/10 nm actuator displacement [159]. 

The load and displacement of the specimen are electronically measured using capacitive 

sensors. The capacitive sensors are composed of a set of fixed beams (attached to device) 

and a set of mobile beams (attached to the central shuttle). When a voltage is applied, the 

displacement of the actuator (𝑋𝑎) causes a shift in the mobile beams which leads to a 

change in capacitance. The displacement of each capacitance sensor (X) can be related to 

the capacitance following:  
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𝐶 = 𝛼𝜅𝜀0𝑛𝐴(

1

𝑑1 − 𝑋
+

1

𝑑2 + 𝑋
) (19) 

where 𝛼 is the calibration constant, 𝜅 is the relative permittivity of air, 𝜀0 =

8.854 × 10−12 Fm−1 is the permittivity of free space, n is the number of comb structures 

(n = 42), A is the overlapping area of the comb structure, and 𝑑1 and 𝑑2 are the nominal 

gaps in the comb structure. These are measured prior to starting an experiment using TEM 

images. Both capacitive sensors are calibrated individually for each test. The measured 

change in capacitance ΔC between the initial (𝑋 = 0, 𝑉𝑖𝑛 = 0) and current state (X, 𝑉𝑖𝑛) is 

given by:  

 
Δ𝐶 = 𝛼𝜅𝜀0𝑛𝐴 [(

1

𝑑1 − 𝑋
+

1

𝑑2 + 𝑋
) − (

1

𝑑1
+
1

𝑑2
] (20) 

The capacitance measurements are measured using a commercially available capacitive 

readout sensor MS3110 (Microsensors Inc.) For more details regarding the capacitance 

measurements and calculations, see Refs. [156,159].  

2.2.2 Stress and Strain Calculation 

The first capacitive sensor (𝐶𝑆1) is rigidly connected to the thermal actuator and 

thus measures the displacement of the thermal actuator 𝑋𝐴. The second capacitive sensor 

(𝐶𝑆2) is directly connected to the load sensor beams and measures the displacement of the 

load sensor (𝑋𝐿𝑆) which has a known load sensor stiffness (𝐾𝐿𝑆) of either 480 or 100 Nm-

1. Since the specimen gap lies in-between the two capacitance sensors, the displacement of 

the specimen can be determined:  
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 𝑋𝑆 = 𝑋𝐴 − 𝑋𝐿𝑆 (21) 

The displacement of the load sensor 𝑋𝐿𝑆 is used to calculate the force on the specimen 

using the known stiffness of the load sensor beams.  

 𝐹 = 𝐾𝐿𝑆𝑋𝐿𝑆 (22) 

Stress and strain are then calculated by considering the specimen geometry. The gauge 

length (l) is estimated by measuring the free-standing portion from SEM images taken 

before or after the experiment and the gauge width (w) is estimated prior to the experiment 

from TEM images. The thickness (t) is pre-defined per the fabrication recipe. The 

(engineering) stress (𝜎) and strain (𝜀) are calculated following:  

 
𝜎 =

𝐹

𝑡𝑤
 (23) 

 
𝜀 =

𝑋𝑆
𝑙

 (24) 

As the freestanding gauge length varies depending on sample manipulation, the gauge 

length is measured in the SEM for each specimen. This definition of strain is based on the 

cross-head displacement which leads to inaccurate elastic strain measurements due to finite 

deformation of the specimen within the fillet region in contact with the glue [157]. As a 

result, the slope of the linear region of the stress-strain data is not an accurate measurement 

of the Young’s modulus. Despite this, previous work has shown that the plastic strains (𝜀𝑝) 

are measured accurately with this technique and are determined using the following 

equation,  
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 𝜀𝑝 =  𝜀 − 𝜎 𝐸⁄  (25) 

here ε and σ are the total strain and stress measured by the MEMS device and E is the 

measured apparent Young’s modulus.  

2.2.2.1 Pre-Stress Measurement 

The specimens are secured across the specimen gap using UV curable glue and 

upon curing, the glue shrinks which can lead to ‘pre-stress’ imparted on the specimen prior 

to the test beginning. This indicates that at the beginning of a test, the stress does not begin 

at 0 MPa, but rather at the pre-stress value. Pre-stress is measured by determining the 

displacement of the 𝐶𝑆2 beams due to the pre-stress (i.e. 𝑋𝐿𝑆
𝑃𝑟𝑒). This is done by comparing 

the distance between the comb structure in 𝐶𝑆2 before the test begins and after the specimen 

fails (and 𝐶𝑆2 returns to its original location before a specimen is placed and pre-stress 

causes a shift in the load sensor). The change in this distance is equal to 𝑋𝐿𝑆
𝑃𝑟𝑒. Pre-stress 

value typically ranges from 10 – 300 MPa.  

2.2.3 Experimentally Measuring Activation Volume  

When the total strain is held constant, a material undergoes stress-relaxation due to 

time-dependent deformation. Repeated stress-relaxation tests are done to differentiate the 

effect of mobile dislocation density and dislocation velocity on the strain rate. These 

experiments are conducted by performing successive short relaxation segments with a short 

reloading segment in between. The reloading segments must be quick (and elastic) to 

ensure frozen microstructure, and thus constant dislocation density. If this is the case, the 
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difference in strain rates for different relaxation segments can be attributed to a change in 

dislocation velocity only.  

With this technique, a stress-relaxation segment is performed by keeping the 

actuator displacement 𝑋𝐴 constant (i.e. holding a constant 𝑉𝑖𝑛). This implies that during a 

relaxation, the following condition is true:  

 𝑋𝐴 = 𝑋𝑆 + 𝑋𝐿𝑆 = 𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡 (26) 

As plastic deformation occurs during a relaxation segment, the plastic strain increases (𝑋𝑆 

increases) which results in a decrease in 𝑋𝐿𝑆 and thus a measured decrease in stress. During 

a relaxation segment, the plastic strain rate can be determined following: 

  𝜀𝑝̇ = − 𝜎̇ 𝑀⁄  (27) 

where 𝜎̇ is stress rate obtained by fitting the stress relaxation data with logarithmic fit and 

𝑀 is the machine-specimen stiffness [72,92,156,157]. The load sensor is assumed to 

undergo elastic deformation only and 𝑀 is given by:  

 
𝑀 = (

𝐾𝐿𝑆𝐾𝑆
𝐾𝐿𝑆 + 𝐾𝑆

)(
𝑙

𝑤𝑡
) (28) 

The true activation volume 𝑉∗ can then be calculated using the following equation. 

 
𝑉∗ = √3𝑘𝑇 

ln (𝜀𝑖̇2 𝜀𝑓̇1 )⁄

∆𝜎12
 (29) 
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In the above equation, 𝜀𝑓̇1  and 𝜀𝑖̇2  are the final and initial strain rates for the first and second 

relaxation segment, respectively and ∆𝜎12 is the stress increase during reloading. The √3 

term arises from converting the shear stress/strains to normal stress/strains following 𝜎 =

√3𝜏. Since dislocation density 𝜌𝑚 is constant, the change in plastic strain rate is a direct 

result of a change in dislocation velocity, which is a thermally activated process (according 

to Eqn. (8)) and thus ∆𝜎12 represents a change in effective stress 𝜏∗.  

By combining Eqn. (29) and Eqn. (27), the true activation volume 𝑉∗ can be 

calculated from: 

 
𝑉∗ = √3𝑘𝑇 

ln (𝜎̇𝑖2 𝜎̇𝑓1)⁄

∆𝜎12
 (30) 

Using Eqn. (30) eliminates the dependency of 𝑉∗ on the strain rate and instead implies that 

the accuracy of 𝑉∗ depends on the stress rate, which is independent of gauge length and is 

more accurately determined using this technique. The accuracy of the determined stress 

rate depends on the signal-to-noise ratio (SNR) of the measurement. Previous work has 

shown that a SNR > 5 requires logarithmic fits with 𝑅2 > 0.9, which is used as a criterion 

for accurate 𝑉∗ measurements [92]. This technique is also capable of measuring apparent 

activation volume by fitting the relaxation with a logarithmic fit and using Eqn. (13).  

2.2.4 MEMS-Device Limitations  

The abovementioned MEMS device is a useful tool for performing in situ TEM 

straining experiments while simultaneously quantifying the mechanical properties, 

however, it does suffer from some limitations that decrease experiment yield. The most 
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significant and hardest to account for is parasitic capacitance and drift in the capacitive 

signals. This can take a variety of forms and can ultimately lead to data that is unrealistic 

(i.e. capacitance signals that indicate negative stresses even when specimen is under 

tension). It can also invalidate the assumption that the calibration constant 𝛼 is constant 

through the full duration of an experiment.  

Another limitation is the overall stability of the device during relaxation segments 

(𝑉𝑖𝑛 held constant). During a relaxation segment, it is assumed that 𝑋𝐴 is held constant 

which indicates that any decrease in 𝑋𝐿𝑆 is due to an increase in 𝑋𝑆 only (i.e. specimen 

elongation due to plastic deformation). However, by measuring 𝑋𝐴 manually using TEM 

videoing, it has been shown that 𝑋𝐴 actually increases slightly at a constant 𝑉𝑖𝑛 (Figure 

13). The individual paused segments are shown in more detail in Figure 13(b) and (c) for 

𝑉𝑖𝑛 = 3𝑉 and 𝑉𝑖𝑛 = 6𝑉, respectively. Over the course of the 60-second pause, 𝑋𝐴 increased 

by 60 nm when 𝑉𝑖𝑛 = 3𝑉 and by 115 nm when 𝑉𝑖𝑛 = 6𝑉. This suggests that the drift in 𝑋𝐴 

worsens as 𝑉𝑖𝑛 increases. At higher 𝑉𝑖𝑛, the temperature of the TA is increased which could 

decrease the stability as the TA reaches thermal equilibrium. Overall, the drift in 𝑋𝐴 means 

that the total amount of stress-relaxation (decrease in 𝑋𝐿𝑆) might be underestimated since 

𝑋𝐴 continues to increase slightly during the relaxation segment, although this is expected 

to have minor effect on measurements made. In order to minimize the effect of this 

instability, MEMS with stiffer load sensors (higher 𝐾𝐿𝑆) should be used because lower 𝑉𝑖𝑛 

will be required to achieve sufficient stress levels.  
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Figure 13 – Physical drift in 𝑿𝑨 during a paused segment (constant 𝑽𝒊𝒏). (a) Full 𝑿𝑨 

data for the 𝑽𝒊𝒏 loading scheme. The loading was paused at (b) 𝑽𝒊𝒏 = 𝟑𝑽 and (c) 𝑽𝒊𝒏 =
𝟔𝑽. In both cases, 𝑿𝑨 increases during the paused segment by the amount represented 

with the red double-arrow.  

Because the technique was developed to measured stress (used to measure 𝑉∗), the 

technique does suffer from uncertainty in the strain measurement. This is due to the (1) 

deformation of the specimen/epoxy glue used to clamp the specimens and (2) uncertainty 

in the initial gauge length. 3D finite element modeling (FEM) of the specimen and epoxy 

clamps indicate that the compliance of the glue leads to finite deformation of the thin film 
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specimen along both the fillet region and the gauge section that is in contact with the glue 

[157]. These sections of the specimen are not included in the free-standing gauge length 

used to calculate strain and therefor contributes to errors in the strain measurements. This 

results in an underestimate of Young’s modulus using this technique and stems from the 

approximate calculation of strain based on crosshead displacement values. While the 

measured value of Young’s modulus is highly sensitive to the accuracy of small strain 

measurement, this issue does not affect the ability of the technique to measure relatively 

large plastic strains, as has been previously demonstrated [92,93,157]. Additional 

characterization has shown that the epoxy clamps do not deform plastically, so it is 

reasonable to assume most of the plastic deformation of the specimen only occurs within 

the free-standing gauge section and thus plastic strain measurements are reliable.  

2.3 Updated MEMS-design: Imaged-Based Sensing 

Given the occasional unreliable nature of the electrical-based sensing, the MEMS-

device has recently been redesigned without capacitance sensors and instead utilizes a new 

‘image-based’ technique. Instead of relying on capacitance measurements to determine the 

displacement of the thermal actuator 𝑋𝐴 and load sensor beams 𝑋𝐿𝑆, it uses the imaging 

capability of the TEM to manually measure each displacement separately and 

simultaneously. This also eliminates any uncertainty that was previously present due to 

errors in calibration constant or electrical drift. SEM images of the updated MEMS are 

shown in Figure 14.  
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Figure 14 – SEM images of image-based MEMS device. (a) Full device with the 

thermal actuator (𝑻𝑨), SiO2 bridge (𝑺𝒊𝑶𝟐 𝑩), stationary beam (𝑺𝑩), and load sensor 

(𝑳𝑺) labeled. The specimen gap is outlined and shown in more detail in (b). The 

displacement of the actuator 𝑿𝑨 and load sensor 𝑿𝑳𝑺 are indicated. (c) schematic of 

the MEMS operation.  

The basics of operation is similar to the previous MEMS design in that a voltage is 

applied across the thermal actuator to cause a displacement of the central shuttle. Now, 

there are no capacitive sensors and instead, there is a thin (2 μm) stationary beam (𝑆𝐵) that 
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lies in the middle of the specimen gap (the specimen gap is shown in more detail in Figure 

14(b)). This beam serves as a reference point for the displacements (𝑋𝐴 and 𝑋𝐿𝑆) to be 

measured. The schematic shown in Figure 14(c) illustrates how the measurements are 

determined. At the 𝑉𝑖𝑛 = 0 state, there is no applied voltage and the initial distance between 

the 𝑆𝐵 and the top and bottom specimen pads are indicated by the brown arrows. After a 

voltage is applied (𝑉𝑖𝑛 = 𝑉), the central shuttle is shifted by 𝑋𝐴 which shifts the specimen 

by 𝑋𝑆 and the load sensor by 𝑋𝐿𝑆. The top pad of the specimen gap is rigidly connected to 

the thermal actuator, so the movement of this pad is exactly the displacement of the actuator 

(𝑋𝐴) whereas the bottom pad is rigidly connected to the load sensor so the movement of 

this is the displacement of the load sensor (𝑋𝐿𝑆). Measuring these simultaneously requires 

a fixed object to be able to separate the total increase in the specimen gap into the two 

components (𝑋𝐴 and 𝑋𝐿𝑆). To do this, the gap sizes indicated by the dashed brown arrows 

are compared to the original gap sizes (solid brown arrows) to determine 𝑋𝐴 and 𝑋𝐿𝑆.  

An example of how this is done during an in situ TEM experiment is shown in 

Figure 15 which provides a series of images during a monotonic test. In all of the frames, 

the stationary beam is visible to serve as the reference point. As a voltage is applied, the 

top Si pad is displaced by 𝑋𝐴 and by being connected via the specimen, the bottom Si pad 

is displaced by 𝑋𝐿𝑆. The progression of these displacements is easily visualized by noting 

the distance between the position of either pad and the red and green dotted line. The 

displacements are shown in Figure 15(d). The example shown also illustrates how local 

strain can be estimated and compared to the nominal strain. This was done by measuring 

the distance between the two points indicated by the arrowheads. Note that pre-stress is 

measured in a similar manner described in Section 2.2.2.1. Now, the difference in the 
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distance between the stationary beam and the lower specimen pad (the gap used to measure 

𝑋𝐴) before the specimen is placed and after specimen failure is 𝑋𝐿𝑆
𝑃𝑟𝑒. 

 

Figure 15 – In situ operation of image-based MEMS during monotonic tensile test. 

The stationary beam is labeled and remains in the same position. (b)-(d) images 

captured throughout the experiments. The time stamp, far-field stress levels, nominal 

and local strain are provided. The local strain is estimated by measuring the distance 

between the two indicated edge features. (d) 𝑿𝑨 and 𝑿𝑳𝑺 are indicated. 

The glued pads connecting the different components of the MEMS device have 

been replaced by an oxide bridge to eliminate any effect of the glue on the measurements. 

The oxide bridge (𝑆𝑖𝑂2 𝐵) serves as both a physical connector but also provides electrical 

isolation between the thermal actuator and the specimen. The table below provides the 

nominal specifications of the MEMS devices compared to values that have been measured.  
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Table 2 – Measurements of MEMS features compared to the nominal dimensions.  

MEMS Feature Nominal Dimension Measured 

Structural Si thickness 25 μm 23.9 μm 

Load sensor width: 𝐾𝐿𝑆 = 125 N/m 12.5 μm 12.8 μm 

Load sensor width: 𝐾𝐿𝑆 = 600 N/m 21 μm 20.7 μm 

   

2.3.1 Comparing Data from Electrical- and Imaged-based Sensing Techniques 

Section 2.2.4 suggests that the electrical capacitive sensing was occasionally 

unreliable due to unknown reasons (presumably due to parasitic capacitance). It is 

important to stress, however, that when the electrical sensing worked it yielded reliable 

results comparable to image-based sensing results. This is shown in Figure 16. This 

monotonic experiment was conducted using the capacitive sensing MEMS (Section 2.2.1) 

while simultaneously using the TEM to video 𝐶𝑆2 throughout the experiment. This allows 

for the comparison of 𝑋𝐿𝑆 determined from capacitive sensing (using Eqn. (20)) with the 

𝑋𝐿𝑆 determined manually from the 𝐶𝑆2 video. The results indicate almost a perfect match 

between the ‘Image-based’ and ‘Sensing-based’ data indicating that with correct 

calibration and minimal parasitic capacitance, the electrical sensing is reliable. There 

appears to be minor variation after specimen yielding occurs and during specimen failure, 

however, these variations do not significantly impact the overall curves. The image-based 

data is ‘cleaner’ than the electrical sensing-based (fewer outliers) which implies the 

advantage of implementing an image-based only MEMS.  
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Figure 16 – Comparing electrical- and image-based sensing results under monotonic 

loading conditions for an UFG Au specimen.  

The comparison of image- and sensing-based results during a stress-relaxation 

experiment is shown in Figure 17. Figure 17(a) is the full stress vs. time curve for the 

experiment. At the beginning of the experiment, the image-based (orange) and sensing-

based (black) data match up well. However, after 400-seconds the data begins to deviate 

with the image-based results reaching slightly higher stress levels. This deviation between 

image-based and sensing-based results could indicate that the calibration constant 𝛼 needs 

to be updated throughout the test to ensure 𝑋𝐿𝑆 from the capacitive sensing matches that of 

the image-based data. The relaxation behavior for three of the relaxations are shown in 

Figure 17(b)-(d). For all of these relaxation segments, the image-based data achieves 

slightly larger relaxation levels (∆𝜎). The image-based data is ‘cleaner’ with higher 𝑅2 

values for all relaxation segments, indicating that the noise in the data is decreased by 

utilizing the image-based technique.  
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Figure 17 – Comparing electrical- and image-based sensing results during stress-

relaxation experiment. (a) Stress vs. time data for full experiment until specimen 

failure, (b)-(d) individual relaxation segments. The solid lines are logarithmic fits of 

the corresponding datasets. 

It is important to note that these examples are not a direct comparison of the 

electrical- and image-based sensing techniques since the image-based MEMS does not 

have the capacity for electrical capacitive sensing. These comparisons are done by 

comparing the electrical sensing results with a hybrid image-based sensing technique by 

videoing 𝐶𝑆2 during the experiment to measure 𝑋𝐿𝑆 directly and compare to the 𝑋𝐿𝑆 

determined from electrical-sensing (using method described in Section 2.2.1). The method 

for measuring 𝑋𝐿𝑆 using the image-based MEMS is the same and as such these results are 

sufficient for comparing the two techniques. Comparing the techniques indicates that the 
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image-based method is more accurate and precise. The capacitive sensing has a typical 

noise level of 0.1-0.2 fF in capacitance which translates to a precision of 1-2 MPa in stress. 

The image-based sensing has improved noise levels of ~ 0.1 nm (< 0.1 MPa). 

2.4 Specimen Fabrication and Manipulation 

The specimens used in this study are fabricated in the Micro/Nano Fabrication 

Facility at the Georgia Institute of Technology. The specimens are fabricated independent 

of the MEMS device which allows each MEMS device to be used to test multiple 

specimens. The specimen fabrication process involves optical lithography to define the 

desired pattern followed by electron-beam evaporation of the metal thin film, a lift-off 

technique, and XeF2 etching of Si substrate to ‘release’ the specimens. Detailed description 

of each of the processes steps is provided in Table 3. After the release, a portion of 

specimens were annealed to different temperatures and held for different time durations. 

This step is Step 10* and indicated by an asterisk because this step is not followed for every 

specimen.  

Table 3 – Detailed description of the fabrication steps and specifications for the thin 

film fabrication.  

Step 

# 
Process Equipment Specifications 

1 Spin coat Si wafer SC8 G3P8 Spin Coater 
Photoresist: NR9-1500PY (3000rpm, 40-

seconds) 

2 Soft-bake Hot plate 150℃, 60-seconds 

3 Optical lithograph Heidelberg MLA 150 Dose: 860 mJ cm2⁄ ; Defocus: -2 

4 Hard-bake Hot plate 100℃, 60-seconds 

5 Develop Glassware Developer: RD6; 12-seconds 

6 
Remove residual 

resist 
Vision RIE Recipe: Descum, 90-seconds 

7 Metal deposition Denton Explorer Rate: 0.5 Å 𝑠⁄  

8 Lift-off Sonicate Acetone solution, <5-seconds 
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9 Substrate etch Xactix  40 cycles, 10-seconds each, 3T XeF2, 9T N2 

10* Anneal SSI RTP 
A350 specimens: 350℃, 30-minutes  

A700 specimens: 700℃, 5-minutes 

The fabrication process results in free-standing cantilevers with the nominal 

dimensions shown in Figure 18(a) (specimen pattern was drawn using AutoCAD). Figure 

18(b) is an SEM image of the final specimens after they have been released. They can be 

manipulated onto the MEMS device using an approach that does not utilize a Focused Ion 

Beam (FIB). This ensures that minimal damage to the specimen is caused during 

manipulation. FIBs are notoriously known to cause ion implantation which can have a 

significant impact on the mechanical properties of specimens.   

 

Figure 18 – Specimen geometry. (a) Schematic of the specimen with nominal 

dimensions labeled, (b) SEM image of the released specimens.  

2.5 Specimen Irradiation  
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A subset of Au specimens were irradiated at the Ion Beam Laboratory (IBL) at 

Sandia National Labs. A 2.8 MeV Au4+ ion beam was used with a fluence of 5.5 × 1013 

ions cm-2. Based on the Stopping and Range of Ions in Matter (SRIM 2013) [160] (Kinchin-

Pease Estimates) using a 40 eV displacement energy [161], Figure 19, shows the average 

dpa in the Au film is ~.65 dpa (displacement per atom), and there is minimal Au 

implantation in the film, with the peak implantation concentration of 30 appm.  

 

Figure 19 - SRIM-estimated damage profile (black) and Au implantation profile (red) 

for 100 nm-thick Au film irradiated with 2.8 MeV Au ions. Shaded area in the plot 

indicates the thickness of the Au film, offering a visual guide. Average dpa in the film 

is ~0.65 dpa and peak implantation level is 30 appm. 

2.6 Characterization  

2.6.1 Transmission Electron Microscopy  

The in situ experiments were performed in a FEI Tecnai F30 TEM operating at 300 

kV using a 7-lead Hummingbird Scientific electrical biasing TEM holder. Images and 

videos were collected using a Gatan OneView camera at various collection rates and pixel 
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resolutions. Both bright-field and dark-field imaging modes were utilized. Selected area 

diffraction (SAD) patterns were also collected.  

2.6.1.1 Procession Electron Diffraction 

Procession electron diffraction (PED) was performed on a FEI Technai F-20 TEM 

operating at 200 kV at the University of Alabama. The step sizes were 5-10 nm with 2-3 

processions, depending on grain size. The orientation map was analyzed using the OIM 

software. The data was cleaned using confidence index (CI) standardization (minimum 

grain size of 5 and 7° tolerance angle) followed by grain dilation restricted to points with 

CI less than 0.1.  

2.6.2 Scanning Electron Microscopy  

SEM was performed on a Hitachi SU8010 SEM operating at 5kV to image the 

specimen before or after the test. The sample stage was tilted to at least 30° to facilitate 

easier imaging of the free-standing portion of the gauge.  
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CHAPTER 3.  

INVESTIGATING ELECTRON BEAM EFFECTS ON IN SITU 

TEM EXPERIMENTS  

3.1 Overview  

This chapter aims to quantify the effect the TEM electron beam (e-beam) has on 

the deformation behavior of NC Al and UFG Au thin films. This is a crucial understanding 

as the nanomechanical testing platform relies on TEM imaging to document the 

deformation mechanisms during straining and it is important to understand how the e-beam 

may interact and change the observations or measurements. Section 3.2 outlines common 

material e-beam effects. Section 3.3 reports the influence the e-beam has on the mechanical 

properties and measured activation volume for both NC and UFG Au specimens. Section 

3.4 offers a discussion as to the proposed mechanism of e-beam effect on deformation 

mechanism.  

3.2 Common Electron Beam Effects 

TEM imaging relies on high energy electrons for atomic scale resolution, however, 

the resolving power of the e-beam comes at a price, with the electrons themselves 

interacting with and possibly altering the material being imaged. The result of these 

interactions varies with material type, but common effects of electrons include radiolysis, 

e-beam induced specimen heating, or defect generation due to the displacement of either 

bulk atoms or sputtering of surface atoms [162,163].  
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Radiolysis and specimen heating are typically considered to have minimal impact 

on metal specimens due to the nature of the delocalized electrons in the atomic bonding 

and, at least for most metals, their high thermal conductivity [162]. This leaves knock-on 

damage and sputtering as the most likely primary sources of e-beam induced damage in 

metals. The severity of this type of damage is dependent on both the maximum transferable 

energy of the incident electrons and the threshold displacement energy of the specimen, 

both of which are related to the atomic bonding [162]. Additionally, the local bonding is 

disrupted at defects and GBs which leads to lower atomic bonding energies. As such, it is 

likely that atoms near dislocations and GBs are more easily displaced, although the exact 

displacement energies for these environments are not well-defined [163]. Similar sub-

threshold displacement events have been reported for hydrogen impurities in copper and 

vanadium, with electron irradiation damage increasing with hydrogen content [164].  

When incident electrons displace atoms in a material, this leads to the formation of 

defects (interstitials and vacancies) which can assist diffusional processes [163,165]. There 

have been a variety of e-beam-induced effects on defect behavior during in situ TEM 

testing reported in the literature. For example, Wang et al. reported that e-beam exposure 

led to the thickening of the native oxide layer on iron nanoparticles due to enhanced mass 

transport facilitated by e-beam induced defects [166]. Similarly, Muntifering et al. 

demonstrated void formation in regions of e-beam exposure during in situ annealing of 

self-ion irradiated NC Ni [167]. They hypothesized that e-beam exposure stimulated oxide 

growth in localized regions which limited the ability of vacancies to escape through the 

free surface thus resulting in void formation. The e-beam has also been found to selectively 

suppress crack growth in NC copper (Cu) thin films on a polyimide (PI) substrate by 
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increasing the adhesion between the Cu and PI as a result of enhanced migration of Cu into 

the PI substrate [168]. This led to increased interfacial area between the Cu and PI as well 

as oxide formation of the migrated Cu atoms with oxygen atoms present in the PI substrate, 

both of which strengthened the adhesion and resulted in tensile strains surpassing 30%, 

whereas e-beam free regions formed cracks before strains of 10%.  

3.3 Electron Beam Influence on Deformation of Metal Thin Films 

The in situ tensile tests were conducted in an FEI Tecnai F30 TEM operating at an 

accelerating voltage of either 300 kV (current ~ 11 nA) or 80 kV (current ~ 4 nA) using a 

Hummingbird electrical biasing holder. During each experiment, the beam condition was 

controlled and defined as either ‘beam-on’ or ‘beam-off’. Under the beam-on condition, 

the e-beam was used to illuminate a portion of the specimen, while under the beam-off 

condition, the specimen was moved so the e-beam was exposed to vacuum only. For both 

the Al and Au specimens, monotonic tensile tests were conducted in which the beam 

condition was switched from beam-on to -off every 30 seconds for both 80 and 300 kV 

TEM accelerating voltages. Additional monotonic tensile tests were performed on the Al 

specimens with the beam condition constant throughout (either beam-on or beam-off). A 

stress-relaxation experiment was also completed on an Al specimen while changing beam-

on/off condition for the loading and paused segments in order to measure the corresponding 

true activation volume. 

3.3.1 Electron Beam Effects in NC Al 

In order to study the potential impact of the e-beam on the deformation of NC Al 

thin films, monotonic tensile tests were first conducted in either a complete beam-on or 
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beam-off condition at different strain-rates. Figure 20(a) shows the influence of the e-beam 

on the mechanical properties of the Al thin films tested under varying beam condition and 

strain rates (strain rates for each test are given in Figure 20 caption). For samples tested at 

similar strain rates of 1.2 − 2.6 × 10−4 s-1 (specimen #1, #3, and #5), the e-beam 

drastically increases the ductility of the samples, with the specimen #5 (beam-on condition) 

failing at 19% strain, while specimens #1 and #3 (beam-off condition) failed at strains of 

3.7% and 6%, respectively. The specimens also showed variations in apparent yield stress, 

though this may have been due to early crack initiation during deformation leading to a 

stress decrease. For all the curves, the offset from the zero-point origin is to account for 

pre-stress caused by the shrinkage of the glue upon curing (see Section 2.2.2.1 and Ref. 

[92] for more details). Specimen #2 was tested under beam-on condition at a slightly faster 

strain rate of 6 × 10−4 s-1. The specimen deformed uniformly until failure quickly 

occurred, similar to that of specimen #1 and #3. Specimen #4 was deformed under beam-

off condition with a strain rate ~10 times slower of 2 × 10−5 s-1. Under this condition, 

significant ductility was achieved with failure occurring at 12% strain.  
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Figure 20 – Behavior of NC Al under monotonic testing for 5 different specimens 

tested under different beam condition and strain rates. (a) The strain rates for each 

specimen are: (#1) 𝟏. 𝟐 × 𝟏𝟎−𝟒 s-1, (#2) 𝟔 × 𝟏𝟎−𝟒 s-1, (#3) 𝟏. 𝟖 × 𝟏𝟎−𝟒 s-1, (#4) 

𝟏. 𝟓 × 𝟏𝟎−𝟓 s-1, (#5) 𝟐. 𝟕 × 𝟏𝟎−𝟒 s-1. (b-g) Bright-field TEM micrographs of the 

fracture surfaces with the white numbers assigning the micrograph to the 

corresponding curve on (a). (e) Bright-field and (f) dark-field TEM micrographs of a 

fracture surface for a specimen tested in beam-off condition with a strain rate of 

𝟏. 𝟓 × 𝟏𝟎−𝟓 s-1 which exhibit large grains within the necked region, closely 

resembling that of (g). (b-g) are all taken at the same magnification. 
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Post mortem analysis of the fracture surfaces revealed different types of 

microstructures at failure depending on e-beam exposure and strain rate (Figure 20(b)-

(g)). In agreement with the mechanical testing data, the fracture surfaces of specimens #1 

and #3 (beam-off, 𝜀 ̇ ~ 1.2 − 1.8 × 10−4 s-1) showed features characteristic of brittle failure 

(Figure 20(b) and (d)). Specifically, there is no evidence of a necked region or grain growth 

in the surrounding area. In contrast, the fracture surfaces for specimen #5 (beam-on, 𝜀 ̇ =

 2.7× 10−4 s-1) shows that a necked region developed alongside substantial grain growth 

within that region during the beam-on condition (Figure 20(g)). Grains in the necked 

region were measured to be upwards of 250 nm in size, almost three times larger than the 

initial average grain size. This grain size was determined by manually tracing the grains 

and calculating the diameter of a circle with area equivalent to that of the largest grains.  

This grain growth is consistent with other studies that reveal stress-assisted grain growth 

in NC metals [20,63,68,94,169]. Specimen #2, tested under beam-on condition with a 

slightly faster strain rate 𝜀 ̇ = 6 × 10−4 s-1, shows only a slight neck with minimal grain 

growth near the fractured surface. Interestingly, the mechanical behavior and 

microstructure evolution for specimen #4 (beam-off, 𝜀̇ = 2 × 10−5 s-1) closely resembled 

that of the sample deformed under the beam-on condition at 𝜀̇ = 2.7 × 10−4 s-1 and 

exhibited extended plasticity with a failure strain of 12%. Figure 20(e) is a bright-field 

TEM micrograph of a fractured surface from such an experiment with Figure 20(f) 

highlighting certain large grains in dark-field mode. In agreement with the measured 

ductility, the TEM micrographs show necking behavior accompanied by significant grain 

growth. These results indicate that the e-beam may be promoting slow strain rate 

conditions, without changing the deformation mechanisms. 
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To understand the instantaneous e-beam effect on the mechanical behavior, 

monotonic tensile tests were conducted at similar strain rates (𝜀̇ = 1 − 2.7 × 10−4 s-1) on 

NC Al specimens while alternating between beam-on to beam-off conditions every 30 

seconds for both TEM accelerating voltages (300 and 80 kV), as shown in Figure 21. The 

first beam-on (grey data) then -off (green data) segments correspond to the elastic loading 

of the specimen. The second beam-on segment deviates from the linearity of the previous 

two segments, indicating that yielding of the material has occurred under the beam-on 

condition. The apparent yield point for the 300 kV experiment smaller than that previously 

reported in Figure 20(a) (127 MPa versus 380 MPa), however this could be an artifact of 

the small-scale of the specimens, which tends to amplify minor variations in the material 

starting geometry, alignment, or clamping that may lead to different local stress states. 

Based off analysis by Kang et al., given the specimen geometry and assuming a maximum 

misalignment of 𝜃=5°, the majority of the specimen is expected to be under uniaxial tension 

[170]. During the next beam-off segment, the stress increases in the same linear manner as 

the first beam-off segment, likely indicating that the stress level is not sufficient to activate 

deformation mechanisms in this beam-off condition or that plastic deformation occurs at a 

slower rate. The next 30-seconds with the beam-on is marked by a decrease in stress during 

e-beam exposure, followed by an increase in stress when the e-beam is removed again. 

This trend is mirrored by the next six beam-on segments which all exhibit substantial stress 

decrease while exposed to the e-beam, resulting in the ‘saw-tooth’ like behavior seen in 

Figure 21(a).  
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Figure 21 – Monotonic deformation of NC Al under alternating beam-off and -on 

conditions for TEM accelerating voltages of 300 and 80 kV. Stress-strain behavior 

during a monotonic test with alternating beam-on (grey) and -off (green) conditions 

every 30 seconds for experiments conducted during (a) 300 kV and (b) 80 kV TEM 

accelerating voltage. Accumulated plastic strain throughout the experiment showing 

an increase in plastic strain rate during beam-on conditions for (c) 300 kV and (d) 80 

kV accelerating voltages. (e,f) Bright-field TEM images showing the (e) initial 

microstructure and (f) final microstructure of the specimen. The black box in (e) 

outlines the region of the specimen exposed to the e-beam during beam-on conditions. 
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It is important to note that this stress decrease is during monotonic loading (applied 

displacement from the MEMS thermal actuator, 𝑋𝐴, increases) and not during a stress-

relaxation experiment (in which 𝑋𝐴 is kept constant). A decrease in stress during monotonic 

loading indicates that thermally activated plasticity leads to specimen elongation at a faster 

rate than the applied displacement. This means that when the specimen is exposed to the 

e-beam, specimen elongation initially occurs at a faster rate than the applied displacement, 

leading to a decrease in stress even during monotonic loading.  

Figure 21(c) displays the accumulation of plastic strain throughout the duration of 

the experiment, with the different beam-on/off segments colored accordingly. This figure 

reveals that the plastic strain rate is roughly 3 times higher during beam-on segments than 

when the beam is off. This experiment was completed at a TEM accelerating voltage of 

300 kV, however, the same ‘saw-tooth’ trend was observed even when the voltage was 

lowered to 80 kV, as shown in Figure 21(c) and (d). This indicates that even at the much 

lower accelerating voltage of 80 kV, the e-beam effect is still observed through an increase 

in plastic strain rate (increased by a factor of 1.95).  Figure 21(e) and (f) show the initial 

and final microstructure (after unloading) of the specimen, respectively. Since Figure 21(f) 

is taken after unloading has occurred, there is a certain amount of specimen buckling due 

to plastic elongation which causes some distortion in the specimen. Despite this, it is still 

clear that there is localized reduction in width (necking) near the center of the gauge, 

directly corresponding to the region exposed to the e-beam during the beam-on segments.  

In addition to monitoring the e-beam effect on monotonic behavior, a multiple 

stress-relaxation experiment was completed to measure the change in activation volume 

𝑉∗ between beam-on and beam-off conditions. The results of this can be seen in Figure 
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22, which includes both the stress-strain response as well as specific relaxation segments 

highlighted to show more detail. The grey data points were collected when the specimen 

was exposed to the e-beam, while the green data corresponds to the beam-off condition. 

The specimen was deformed at a strain rate of 2 × 10−4 s-1. Elastic loading of the specimen 

occurred during the beam-on condition (Figure 22(a)) followed by two 60 second 

relaxations (with a short reloading in-between) shortly after yielding at 240 MPa. The 

loading scheme can be better understood in Figure 22(b) where the circle data points 

represent active loading and the diamond data points correspond to when the loading is 

paused. During the relaxation, the strain increases due to time-dependent plastic 

deformation of the specimen which results in stress-relaxation.  

The first relaxation occurred at a starting stress of 242 MPa and decreased to 210 

MPa in a manner shown in Figure 22(d), which shows the stress-relaxation (stress decrease 

vs. time) data for the first four relaxation segments. This was followed by a quick reloading 

to 242 MPa and a second 60 relaxation resulting in similar relaxation behavior as the first 

relaxation. In Figure 22(d), the black line represents the relaxation data fitted with the 

logarithmic fit, which is used to determine the stress rates. The true activation volume 𝑉∗ 

was calculated as 24b3 for the second relaxation following Eqn. (30).  
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Figure 22 – Behavior of NC Al during a multiple stress-relaxation experiment with 

alternating beam on- and -off condition. (a) Stress-strain curve with 20 total segments 

of paused loading (for stress-relaxation) of length 30-60 seconds alternating between 

beam-on (grey) and beam-off (green) conditions until specimen failure. (b,c) Stress-

strain data scaled to show (b) the first four and (c) the last five segments of paused 

loading in detail. Grey diamonds correspond to the beam-on relaxation data while 

green diamonds are the beam-off relaxation data. (d) The stress-relaxation data for 

the first four relaxation segments. The first two occur during beam-on condition with 

substantial stress-relaxation. The second two (green) segments occur during beam-off 

condition with negligible stress-relaxation. (e) Stress-relaxation data for the last five 
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relaxation segments where the first two occur during the beam-on condition and the 

last three occur during beam-off condition. All segments are fitted with a logarithmic 

fit with R2 values shown. 

The beam was then removed and the specimen was reloaded to 248 MPa in the 

beam-off condition, followed by a 60-second pause in loading. Unlike the previous two 

beam-on relaxations, there is essentially no stress-relaxation during this beam-off pause in 

loading, which can be seen in the first cluster of green data points in Figure 22(d). Because 

there was no stress-relaxation in the first beam-off pause, the reloading segment started at 

a stress of 247 MPa until the second beam-off pause occurred at 268 MPa. There is once 

again no stress-relaxation during this segment, and neither beam-off relaxations could be 

fit with a logarithmic fit. The lack of stress-relaxation indicates that no plastic deformation 

occurred during the beam-off condition, even though it is clear that thermally activated 

plasticity was already active at similar stress and strain values during the previous two 

beam-on stress-relaxation segments. This could indicate that the deformation remains in 

the elastic regime during the beam-off condition in early stage deformation. These results 

are consistent with those previously shown in Figure 21, in which the e-beam induces 

stress-relaxation during monotonic loading.  

These relaxation segments are followed by multiple relaxation segments alternating 

between beam-on and -off conditions. Minimal relaxation is observed for the beam-off 

pauses until the last three relaxations before failure, which are shown in Figure 22(c) and 

(e) along with the two beam-on relaxation segments just prior. The first two beam-on 

relaxation segments begin at plastic strain values of 7.4 and 8.4%. The true activation 

volume for the second beam-on relaxation was measured to be 19 𝑏3. The beam was 

removed and the specimen was reloaded to 310 MPa (𝜀𝑝 = 8.6%) at which loading was 
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paused and a 30 s relaxation was allowed. Unlike the previous beam-off paused segments 

(Figure 22(d)), measurable stress-relaxation occurs resulting in a stress drop of 14 MPa. 

The specimen was reloaded to 343 MPa, which is slightly larger than the initial stress of 

the previous relaxation, however, the plastic strain 𝜀𝑝 = 8.7% is essentially the same. A 

second beam-on relaxation occurs with a larger decrease in stress of 19 MPa followed by 

a reloading segment and the final relaxation starting at 355 MPa (𝜀𝑝 = 8.8%). True 

activation volume 𝑉∗ was measured for the last two beam-off relaxation segments at 28 

and 34 𝑏3. A change in true activation volume from 19 to 28/34 𝑏3 when going from a 

beam-on to -off condition for relaxation segments at similar stress and plastic strain values 

likely indicates that the e-beam causes this change. The results of the experiment are 

summarized in Table 4 which shows 𝑉∗ measurements for three consecutive relaxations 

segments starting at the given plastic strain values. These results show that at similar 

deformation (plastic strain) levels, 𝑉∗ increases from 19 to 28/34 𝑏3 when the condition is 

changed to beam-off. This is the first time a change in 𝑉∗ due to e-beam presence has been 

reported.  

Table 4 – True activation volume measurements V* for three different relaxation 

segments with varying e-beam condition during repeated stress-relaxation 

experiment for NC Al.  

 𝜀𝑝 (%) V* (b3) 

Beam-on 8.4 19 

Beam-off 

8.6 28 

8.8 34 
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Figure 23 shows 𝑉∗ measurements for relaxation segments of different Al 

specimens from beam-on and beam-off conditions. The solid green squares specifically 

correspond to tests done ex situ. Because the experiments were conducted ex situ, there is 

a certain amount of error in the 𝑉∗ measurements because the device cannot be fully 

calibrated. This type of error is not present for in situ experiments as 𝐶𝑆2 can be exactly 

calibrated prior to the test [159]. The beam-on and -off 𝑉∗ measurements from Table 4 are 

indicated by the unfilled data points. The average 𝑉∗ for all beam-on condition is 21.7 𝑏3, 

which is consistent with the measured 𝑉∗ of 19 𝑏3 in Table 4. The average 𝑉∗ for all beam-

off conditions is 28.6 𝑏3 is once again comparable to the values of 28 and 34 𝑏3 measured 

for the last beam-off relaxations in Table 4. Overall, this figure shows that there is a 

consistent and repeatable decrease in measured true activation volume when the specimen 

is exposed to the e-beam.  

 

Figure 23 – True activation volume V* measurements for NC Al specimens tested 

under beam-off (green squares) and beam-on (grey circles) conditions. The open 
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square data points correspond to the activation volume measurements shown in Table 

4 and Figure 22(c) and (e). 

3.3.2 Electron Beam Effects in UFG Au 

Additional experiments were conducted on as-deposited UFG Au thin films to 

investigate how the e-beam effect varies across different materials. Specifically, the 

potential interaction between the e-beam and oxide layer (a possible e-beam effect for the 

NC Al films) can be directly investigated as Au films do not have a native oxide layer. 

Figure 24 shows the response of two UFG Au specimens under monotonic loading with 

alternating beam-on and -off conditions every 30 seconds (similar to that done on Al in 

Figure 21). Figure 24(a) and (c) correspond to a specimen tested under a TEM accelerating 

voltage of 300 kV whereas Figure 24 (b) and (d) are from a specimen tested under a lower 

TEM accelerating voltage of 80 kV. An accelerating voltage of 80 kV was chosen as this 

beam energy is well below that required for knock-on and sputtering damage in Au. The 

strain rates for the experiments are 1.4 × 10−4 (300 kV) and 1.1 × 10−4 s-1 (80 kV). For 

both accelerating voltages, the stress-strain response resembles the ‘saw-tooth’ like 

behavior previously seen in Al (Figure 21), indicating that some stress decrease occurs 

during e-beam exposure for the Au specimens. For 300 kV, the average stress decrease 

during the beam-on segments is 18 MPa, with a maximum of 23 MPa. The average stress 

decrease for the 80 kV experiment was 16 MPa, although there were only two beam-on 

segments inducing stress-relaxation before specimen failure at 𝜀 = 3.7%. When 

considering the accumulation of plastic strain (shown in Figure 24(c) and (d)), the plastic 

strain rate for beam-on is ~1.2 times larger than that of beam-off for 300 kV and ~1.1 times 

larger for 80 kV. This is a sizeable decrease in the effect seen in Al, where the e-beam 
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induced a three times increase in plastic strain rate. Although the effects discussed above 

are minimal and less drastic than those seen in Al, these results suggest that the effect of 

the e-beam cannot be ignored in Au, even at accelerating voltages as low as 80 kV.  

 

Figure 24 – Stress-strain response during monotonic testing of UFG Au specimen with 

alternative beam-on and beam-off conditions with a TEM e-beam accelerating 

voltage of (a) 300 kV and (b) 80 kV. Accumulated plastic strain during the 

experiments conducted at TEM accelerating voltages of (c) 300 kV and (d) 80 kV. The 

strain rates for (a) and (b) are 𝟏. 𝟒 × 𝟏𝟎−𝟒 and 𝟏. 𝟏 × 𝟏𝟎−𝟒 s-1, respectively.   

Figure 25 shows the deformation during the in situ test conducted using the 300 

kV accelerating voltage. Figure 25(a) and (b) are the initial and final microstructures, with 

the black box on both designating the region of the specimen that was repeatedly 

illuminated by the e-beam during the beam-on segments. Although failure of the specimen 
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occurred outside this region, Figure 25(b) does provide evidence that the region exposed 

to the e-beam experiences more necking in comparison to the regions not exposed to the e-

beam (average local width within the box is 1.52 μm compared to 1.65 μm outside this 

region).  

 

Figure 25 – TEM micrographs of the microstructural evolution of a UFG Au 

specimen tested under monotonic loading with alternating beam-on and beam-off 

conditions every 30 seconds. (a) Initial microstructure with black box indicating 

region of specimen that was repeatedly exposed to the e-beam. (b) Final 

microstructure after failure.  

Similar to the Al specimens, 𝑉∗ measurements were obtained for different Au 

specimens and relaxation segments for both beam-on (in situ) and beam-off (ex situ) 

conditions and are shown in Figure 26. Unlike the Al specimens, however, there is a 

minimal change in average activation volume 𝑉∗ from beam-on (10.9 ± 5.5 𝑏3) to beam-

off (10.3 ± 3 𝑏3) conditions. Given the scatter in the data points, these averages can be 

considered essentially the same. This indicates that the e-beam effect on true activation 

volume for Au may be negligible or too small to be measured with the precision of the 
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current technique. This is also in agreement with only a slight increase in plastic strain rate 

during e-beam exposure as shown in Figure 24.  

 

Figure 26 – True activation volume 𝑽∗ measurements from different UFG Au 

specimens and relaxation segments for ex situ/beam-off (red squares) and in 

situ/beam-on (grey circles) conditions.  

3.4 Discussion 

The above experimental results show that the e-beam influences the behavior of 

both NC Al and UFG Au specimens during in situ TEM straining. The e-beam effect is 

more apparent in the NC Al specimens, with the beam accelerating the plastic strain rate 

by a factor of three and reducing the true activation volume 𝑉∗ by 25%. For the UFG Au 

specimens, the e-beam increases the plastic strain rate by a factor of 1.2 and the true 

activation volume essentially remains unchanged. In both materials, necking was observed 

to occur in the region illuminated by the e-beam, indicating localized deformation.  
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Knock-on displacement is typically considered as the most prevalent form of e-

beam damage in metals. However, the experiments completed at a TEM accelerating 

voltage of 80 kV show the same e-beam induced stress-relaxation during monotonic 

loading as the experiments completed at 300 kV in both NC Al and UFG Au. At a beam 

accelerating voltage of 80 kV, the maximum transferable energy to Al is less than 8.93 eV, 

which is lower than the energy required for knock-on damage (16 eV), however, larger 

than the energy required for sputtering (~4-8 eV) [162]. For Au, the maximum transferable 

energy of an 80 kV e-beam is less than 1.22 eV, which is much smaller than the required 

energy for bulk knock-on displacement (36 eV) or sputtering (~9-18 eV) [162]. Since an 

e-beam effect is observed for Au tested under an 80 kV accelerating voltage, the effect 

cannot be explained by either bulk knock-on displacement or sputtering of the surface 

atoms.  

Specimen heating is another common effect of e-beam interactions. The heat 

transfer characteristics have been analyzed for the particular specimen geometry and 

experimental setup. One-dimension steady state heat transfer is given by the Fourier 

equation (𝑞 =  −𝜅𝐴
𝑑𝑇

𝑑𝑥
) where 𝑞 is the energy entering the system, 𝜅 is the thermal 

conductivity, 𝐴 is the area normal to the direction of heat flow, and 𝑑𝑇 𝑑𝑥⁄  is the 

temperature gradient in the x direction [171]. This equation takes the following form in the 

context of a TEM sample,  

 
(𝐼 𝑒⁄ )∆𝐸 =  −𝜅𝐴

𝑑𝑇

𝑑𝑥
 (31) 
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where 𝐼 is the e-beam current, 𝑒 is electron charge, and ∆𝐸 is the total energy loss per 

electron [172]. This equation can be further refined in the context of the specimens in this 

study, where the area of heat transfer is the cross-section area of the gauge length of width 

w and thickness d. At a given distance x from the center of the beam, the temperature profile 

must satisfy the following equations:  

 (𝐼 𝑒⁄ )∆𝐸

𝑤𝑑
=  −𝜅

𝑑𝑇

𝑑𝑥
            (𝑥 ≥ 𝑥0) (32) 

 (𝐼 𝑒⁄ )∆𝐸(𝑥 𝑥0)⁄

𝑤𝑑
= −𝜅

𝑑𝑇

𝑑𝑥
            (𝑥 < 𝑥0) (33) 

where 𝑥0 is the e-beam radius. Two equations are required depending on x since for 𝑥 <

 𝑥0 only a portion of the energy is deposited. Using the boundary condition that at a certain 

distance b, the temperature will reach a fixed value 𝑇0 (heat sink) and continuity 

requirements, Eqns. (32) and (33) can be solved:  

 

𝑇 − 𝑇0 =

{
 

 
𝐼

𝜅𝑤𝑒

Δ𝐸

𝑑
 [𝑏 − 𝑥],                                ( 𝑥 ≥  𝑥0)

𝐼

2𝜅𝑤𝑒

Δ𝐸

𝑑
 [−

𝑥2

𝑥0
+ 2𝑏 − 𝑥0],          (𝑥 <  𝑥0)

 (34) 

Considering that the largest temperature increase will occur at the center of the e-beam 

(𝑥 = 0), the maximum temperature increase due to e-beam heating is given by:  

 
Δ𝑇 = 

𝐼

2𝜅𝑤𝑒

∆𝐸

𝑑
 [2𝑏 − 𝑥0] (35) 

The following values were used to determine the maximum temperature change: thermal 

conductivity 𝜅 = 320 (Au), 237 (Al) W/mK, 𝑤 = 1700 nm, 𝑏 = 10 μm, 𝑥0 = 1200 nm, 
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Δ𝐸 𝑑⁄  = 3.74 (Au), 0.84 (Al) eV/nm at 80 kV and Δ𝐸 𝑑⁄  = 2.33 (Au), 0.50 (Al) eV/nm at 

300 kV. For Al, the maximum expected temperature increase is 0.08 K at 80 kV and 0.13 

K at 300 kV. The temperature increase in the Au specimens is 0.25 K at 80 kV and 0.44 K 

at 300 kV. Considering that there is a thin native oxide layer on Al, the calculations were 

also completed for alumina (𝜅 = 30 W/mK), which resulted in an expected temperature 

increase of 0.24 K at 80kV and 0.39 K at 300 kV. For each material, the estimated 

temperature increase is higher at a higher accelerating voltage, which is counter to what is 

generally expect. In this case, the beam current 𝐼 is different and large enough for the higher 

accelerating voltage (11 nA at 300kV versus 4 nA at 80kV) which leads to a higher 

estimated temperature increase using Eqn. (35). Based on these values, no significant 

heating is expected during e-beam exposure. This is also confirmed by considering that no 

e-beam effect is seen during the elastic portion of deformation (Figure 21 and Figure 24). 

If the specimens were heating during e-beam exposure, the increase in thermal strain would 

be detected before yielding occurs, which is not currently the case. Any temperature rise 

due to the e-beam is considered negligible.  

Another possible explanation for this phenomenon is that the e-beam induces 

additional fluctuations of atomic motion in the two metals which effectively accelerate the 

stress-driven, thermally-activated processes during their plastic deformation. As mentioned 

in Section 1.4.1, the plastic shear rate given by an underlying rate-controlling process is 

expressed as 

 
𝛾̇𝑝 = 𝛾̇0exp (−

∆𝐺

𝑘𝑇
) (9) 
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where 𝛾̇0 is a pre-exponential factor and ∆𝐺 is the activation free energy of the rate-

controlling process. Activation volume is given by the equation: 

 
𝑉∗ = 𝑘𝑇

ln (𝛾̇𝑝2 𝛾̇𝑝1 )⁄

∆𝜏∗
 () 

Substituting Eqn. (6) into Eqn. (), we obtain the activation volume under the beam-off 

condition, 

 
𝑉𝑂𝐹𝐹
∗ = √3

∆𝐺2 − ∆𝐺1
𝜎1 − 𝜎2

= −
𝜕∆𝐺

𝜕𝜏
= 𝑉∗ (36) 

where ∆𝐺2 is activation energy corresponding to the initial plastic strain rate 𝛾̇𝑝2  (at stress 

𝜎2) of the second relaxation, and ∆𝐺1 is activation energy corresponding to the final plastic 

strain rate 𝛾̇𝑝1  (at stress 𝜎1) of the first relaxation segment. Under the beam-on condition, 

the thermal activation process is promoted by an additional effective thermal energy 𝐸𝑏𝑒𝑎𝑚 

due to the beam effect and thus plastic strain rate during e-beam on can be written as: 

 
𝛾̇𝑝 = 𝛾̇0exp (−

∆𝐺

𝑘𝑇 + 𝐸𝑏𝑒𝑎𝑚
) (37) 

Similar to the activation volume under the beam-off condition in Eqn. (36), we combine 

Eqns. () and (37) to obtain the activation volume under the beam-on condition, 

 
𝑉𝑂𝑁
∗ =

1

1 + 𝐸𝑏𝑒𝑎𝑚 𝑘𝑇⁄
𝑉∗ (38) 

Eqn. (38) indicates  that due to the presence of 𝐸𝑏𝑒𝑎𝑚, the true activation volume during e-

beam exposure 𝑉ON
∗  is smaller than the activation volume 𝑉∗ under no beam conditions, 
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which is consistent with the results reported in Figure 23 for NC Al. Using the measured 

activation volume in Figure 23, we estimate the 𝐸𝑏𝑒𝑎𝑚 value for the Al specimens as 

𝐸𝑏𝑒𝑎𝑚 = 8.2 𝑚𝑒𝑉  under a 300kV e-beam. Activation volume measurements were also 

completed under the 80kV e-beam condition, but there was not a measurable change in the 

activation volume values. This is likely because any change in activation volume values 

due to a decrease in TEM accelerative voltage only is below the measurable limit of the 

testing platform. Hence, the accelerated plastic strain rate under the beam-on condition is 

equivalent to an effective temperature increase ∆𝑇 = 96 𝑘 for NC Al. This is not an actual 

increase in temperature, but results in the same increase in plastic strain rate as a 

temperature increase would. Unlike a physical temperature increase of the whole specimen, 

the e-beam effect influences the highly localized regions around defects where the atomic 

bonds are weaker. For the UFG Au specimens, the true activation volume remains 

essentially unchanged depending on the beam condition, likely indicating that 𝐸𝑏𝑒𝑎𝑚 is 

very small, leading to a negligible change in 𝑉ON
∗  versus 𝑉∗. Interpreting the beam effect in 

terms of additional thermal energy differs from previous interpretations of irradiation 

causing a decrease in activation energy for dislocation glide [173]. However, this new 

interpretation is necessary to explain the change in 𝑉∗ measured during e-beam exposure, 

as a decrease in activation energy would leave 𝑉∗ unchanged.  

During e-beam exposure, the additional energy 𝐸𝑏𝑒𝑎𝑚 accelerates plastic 

deformation by introducing additional atomic fluctuations. This leads to the observed 

increase in ductility (Figure 20) and accelerated plastic strain rate (Figure 21). The effect 

is magnified in NC Al because the 𝐸𝑏𝑒𝑎𝑚 term, which is likely related to atomic number, 

is larger than that of  UFG Au, although an exact 𝐸𝑏𝑒𝑎𝑚 term  could not be determined for 
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Au since the effect on activation volume is too small to be measured. The results presented 

here are similar to previous reports of e-beam induced stress relaxation in Al and Au via 

increased dislocation activation and depinning [174]. It is possible that the additional 

atomic fluctuations provided by the beam can lead to dislocation activation and depinning, 

which underlie the apparent increase of plastic strain rate. It is unlikely the depinning 

occurs due to a displacement cascade effect (as previously reported for ion irradiation 

[175]) since electron irradiation does not cause a displacement cascade. Instead, the e-beam 

affects the highly localized regions around defects. It is also unlikely that the observed 

effect is due to the local climb of dislocations aided by absorption of point defects, as 

minimal point defects are expected in the Au specimens (with higher knock-on and 

sputtering energies) but the e-beam influence is still observed. However, it is possible that 

the atoms near dislocations and GBs experience sub-threshold displacements as the 

periodic lattice is disrupted and the energy required to displace these atoms is reduced 

[164]. This could contribute to the observed e-beam effect, as this could induce additional 

fluctuations in atomic motion and aid in dislocation glide and GBM. 

There is no evidence in the present study that the deformation mechanisms 

themselves change due to e-beam exposure; rather the mechanisms are accelerated with e-

beam exposure. The post mortem fracture surface and surrounding microstructure of the 

NC Al specimen tested at a slow strain rate (Figure 20(e) and (f)) beam-off condition 

resembles that of the beam-on condition at a faster strain rate (Figure 20(d)). Both 

specimens exhibit a necked region with prevalent grain growth, which suggests that the 

deformation mechanisms may not have changed due to the influence of the e-beam, 

however, this cannot be proved exactly as the deformation cannot be documented in the 
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beam-off condition. This indicates that the measured change in true activation volume, 

which is a parameter typically associated with a rate-controlling deformation mechanism, 

is not a result of a change in deformation mechanisms, but rather the addition of effective 

thermal energy. Other researchers have reported a similar decrease in apparent activation 

volume (12 to 4𝑏3) under e-beam exposure for Al-4Cu alloys, however, they attributed the 

decrease to a change in deformation mechanisms from internal dislocation nucleation to 

surface dominated dislocation nucleation processes [82]. They claim that the e-beam 

causes local disorder between the native oxide layer and the Al-4Cu alloy which promotes 

dislocation nucleation at the surface. As the e-beam influence on mechanical properties 

was demonstrated in the Au thin films, oxide layer effect alone cannot explain the observed 

behavior. In addition, the slow strain rate experiment on the NC Al specimens suggests that 

the underlying deformation mechanisms do not change in response to the e-beam. Instead, 

the experiments conducted in this study suggest that the change in true activation volume 

is due to the increase in atomic fluctuations by an additional effective thermal energy. This 

accelerates the thermally-activated deformation mechanism present in these materials, such 

as grain boundary migration, dislocation glide, and dislocation nucleation/emission from 

grain boundaries.  

3.5 Conclusion 

This chapter investigates the effect of the e-beam on the deformation behavior of 

NC Al and UFG Au thin films using an in situ TEM nanomechanical testing technique that 

allows for stress-strain and true activation volume measurements. The effect of the e-beam 

was quantified as an increase in plastic strain rate in both materials, and a decrease in true 

activation volume from 28 to 21 𝑏3in Al and a negligible change of true activation volume 
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in Au. The e-beam effects were seen at TEM beam accelerating voltages of 80 and 300 kV, 

discounting knock-on damage as the source of e-beam influence. Instead, the experiments 

suggest that the e-beam causes additional thermal activation that accelerates the stress-

driven, thermally-activation plastic deformation. The additional thermal activation eases 

the barrier to plastic deformation and leads to the change in the mechanical properties 

across the beam-on and -off conditions, but does not change the active deformation 

mechanisms themselves. These results show that there is non-negligible e-beam effect in 

different materials that must be considered for accurate interpretation of in situ experiment 

results. The reported e-beam effects should be broadly applicable to other NC/UFG face-

centered cubic metals and warrant further in-depth study in the future.  

  



 87 

CHAPTER 4.  

PLASTIC DEFORMATION MECHANISMS IN ALUMINUM  

4.1 Overview 

The following chapter provides an overview of the active deformation mechanism 

in NC Al as well as quantification through the measurement of activation volume and 

mechanical properties. Section 4.2 provides microstructural characterization of the NC Al 

specimens and Section 4.3 summarizes the mechanical response in terms of monotonic 

tensile curves. This is followed by in situ TEM observations of the active deformation 

mechanisms and measurement of true and apparent activation volume.  

4.2 Initial Microstructure  

The initial microstructure of the NC Al specimens is shown below in Figure 27. 

There are specimens of two different thicknesses: 200 nm-thick (Al-200) and 100 nm-thick 

(Al-100). Figure 27(a) and Figure 27(b) are BF TEM images of the Al-200 and Al-100, 

respectively. PED was performed on an Al-200 specimen, resulting in the orientation map 

shown in Figure 27(c) [176]. This map indicates that the Al films exhibit random out-of-

plane texturing and as a result, the majority of the GBs are random HAGBs. The grain size 

distribution for both is shown in Figure 27(d) (grain sizes were measured manually by 

tracing grains). Due to the reduction in film thickness, the Al-100 specimens have smaller 

grain sizes. The (weighted) average grain size for the Al-100 is 55 ± 14 nm which 

increases to 93 ± 29 nm for the Al-200 specimens.  
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Figure 27 – Initial microstructure of the NC Al specimens. BF TEM images of (a) 200 

and (b) 100-nm thick specimens. (c) PED map of a 200 nm-thick specimen indicating 

a random out-of-plane texture. (d) grain size distribution of the 200 nm-thick (gray) 

and 100 nm-thick (green) specimens with the weighted average indicated by dashed 

line.  

4.3 Monotonic Response 

The monotonic tensile response for the Al-100 and Al-200 specimens is shown in 

Figure 28 with the tensile properties summarized in Table 5. The offset of the initial 

stresses on both curves from a zero value results from residual tensile stress developing 

when the glue shrinks after curing (more details provided in Section 2.2.2.1 and Ref. [92]). 

After the linear elastic region, the Al-100 specimen yielded at 𝜎𝑦~405 MPa, reached a 
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UTS of 426 MPa. After the UTS, the stress quickly declines until eventual failure at 

𝜀𝑓~12.6% (𝜀𝑓
𝑝~8.7%). The Al-200 specimen yielded at a slightly lower stress 

(𝜎𝑦~380 MPa) but reached a higher UTS (𝜎𝑈𝑇𝑆~443 MPa). After this, a crack formed 

which leads to the discontinuities in the stress-strain curve (the loading was paused to 

image/video the crack growth).  

 

Figure 28 – In situ monotonic tensile curves for Al-100 (green) and Al-200 (gray) 

specimens tested at 𝜺̇~𝟏 − 𝟑 × 𝟏𝟎−𝟒𝐬−𝟏. 

Table 5 – Summary of tensile properties determined by in situ monotonic experiments 

for Al-100 and Al-200. 

Specimen 𝝈𝒚 (𝐌𝐏𝐚) 𝝈𝑼𝑻𝑺 (𝐌𝐏𝐚) 𝜺𝒇(𝜺𝒇
𝒑
)  (%) 𝜺 ̇ (𝐬−𝟏) 

100-Al 405 426 12.6 (8.7) 1.6 × 10−4 

200-Al 380 443 18.7 (13.6) 3 × 10−4 

The largest difference between the two specimens is the extent of strain hardening 

and ductility. In the Al-100 specimen, the yield and UTS stress is essentially the same, 
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indicating no work hardening. In contrast, the Al-200 specimen yields at 380 MPa and the 

stress gradually increases until the UTS at 443 MPa. These differences are as expected 

since smaller grain sizes typically promote decreased ductility and work hardening ability.  

4.4 In Situ TEM Observation of Deformation Mechanisms  

4.4.1 200 nm-thick NC Al  

An example of the typical deformation behavior of an Al-200 specimen is shown 

in Figure 29. This shows initial uniform deformation (Figure 29(a)-(c)) followed by 

localized necking (Figure 29(d)-(e)), with significant grain growth in the necked region 

before final fracture of the specimen. This sample was strained at the strain rate 𝜀̇ ~ 1 −

2 × 10−4 s−1 until failure with roughly one third of the specimen gauge in the view frame. 

Once localized width reduction occurs (Figure 29((d)-(e)), increased grain growth is 

observed within that region, with grain sizes ranging up to 130 nm. This grain growth 

behavior accompanying neck formation was found to be general among all of the tested 

samples. That is, in cases where a neck developed, enhanced grain growth occurred within 

the necked region. 
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Figure 29 – Bright-field TEM images showing the microstructure evolution of a 200-

nm-thick Al microspecimen under uniaxial load (direction of applied load indicated 

by red arrows). The frames taken at (a) 0%, (b) 4.7%, (c) 8.5%, (d) 12.1% and (e) 

14.4% strain [176].   

Additional in situ TEM straining experiments were performed to quantify the GBM 

behavior by documenting the migration throughout the entire duration of an experiment 

and measuring GBM velocities. One example is shown below in Figure 30. Data from this 

experiment is also shown in Figure 31 to Figure 33. The specimen was strained at 

𝜀̇ ~ 3 × 10−4 s−1 until failure with roughly 45% of the specimen gauge in the view frame. 

Figure 30(a)-(f) are TEM micrographs that track the deformation and formation of a neck. 

The view frame is moved towards the end to capture the neck, with the arrowhead marking 

the same location in each figure (Figure 30(d)-(f)). The far-field engineering stress and 

strain values for each figure is marked in the accompanying stress-strain curve shown in 

Figure 30(g). From the data, the yield point and apparent Young’s modulus were 

determined to be 380 MPa and 8.9 GPa, respectively. The loading was paused twice in 

order to capture the neck formation in more detail, which resulted in the stress 

relaxation/drop seen prior to Figure 30(d) (purple square in Figure 30(g) and after Figure 

30(e) (orange square in Figure 30(g)). From the pre-test Figure 30(a) to (b), only minor 

contrast changes can be seen accompanied by a uniform reduction in width, with some 
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contrast variations attributed to eliminating any film bending that might be present due to 

specimen manipulation. Continued width reduction is seen in the progression from Figure 

30(b) to (c), however slight localized width reduction can be seen near the top of the 

micrograph. As deformation unfolds to Figure 30(d), localized reduction continues and 

leads to the development of a necked region. The neck further develops in Figure 30(e) 

and (f) where failure eventually occurs. Within this region, pronounced visible grain 

growth is observed with grain sizes exceeding 250 nm. 

 

Figure 30 – Low magnification TEM images showing microstructure evolution at 

different strain values [120]. The frames are taken at (a) 1.9%, (b) 4.9%, (c) 10%, (d) 

14.5%, (d) 16.5% and (f) 18.7% total strain. Arrowhead in each designating the same 

feature. (g) Engineering stress-strain curve with the total strain of (a-f) indicated by 

the colored squares [176]. 

In order to provide a further detailed view of the GBM process, TEM video 

captured during the in situ deformation was analyzed to monitor when the onset of grain 

coarsening occurred and details of the grain growth process. Figure 31 shows snapshots 

taken from a continuous video during the highlighted portion (dark blue segment) on the 
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stress-strain curve (Figure 31(d)), beginning at a far field plastic strain of 1.5% and stress 

of 415 MPa. Figure 31(a) is a low magnification snapshot illustrating that the specimen 

has undergone uniform elongation without the development of a necked region, with the 

white circle indicating the location of the grain of interest shown in Figure 31(b)-(c). At 

this point, the specimen is past yield but prior to reaching the UTS of 450 MPa and 

subsequent neck formation. The grain marked in Figure 31(b), with an equivalent diameter 

of 63 nm, undergoes grain growth over the course of 34 seconds, resulting in the grain 

shape shown in Figure 31(c) and a final equivalent diameter of 75 nm. The two GBs 

indicated by arrowheads in Figure 31(c) migrated 17 nm at an average speed of 0.5 nm s-

1 and a maximum ‘jump’ migration speed of 0.7 nm s-1 in direction normal to the respective 

GB. Contrast changes within the highlighted grain as well as in nearby grains could suggest 

that grain rotation accompanies the grain growth process. Interestingly, the highlighted 

region is where the neck eventually forms and appears to have increased amount of grain 

rotation compared to the remaining portion of the specimen, possibly indicating strain 

localization within this region occurs early in the deformation process and may be a 

required precursor to neck formation. 
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Figure 31 – GBM during uniform deformation. (a) Low magnification TEM image 

showing no neck developed. Circle indicates location of grain marked by arrow in (b-

c). (b) and (c) are digitally magnified snapshots taken 34 seconds apart during the 

highlighted portion in the stress-strain curve (d). 

As deformation progresses and a neck develops, fast GB motion was observed 

within the necked region, with an example shown in Figure 32. Figure 32(a) shows that a 

neck has developed, and the corresponding stress has dropped below the ultimate tensile 

strength in Figure 32(e). Resetting the TEM time 𝑡 = 0, the vertical dimension of the grain 

marked by an arrowhead in Figure 32(b) is measured at 115 nm. After 78 seconds, only a 

slight decrease to 112 nm occurs. However, from Figure 32(c) to (d), the bottom boundary 

migrates 12 nm in 5 seconds, resulting in a migration rate of 2.4 nm s-1. This indicates that 

within the necked region where the stresses are higher, boundary migration occurs at an 

increased speed resulting in the rapid collapsing of grains and by geometrical necessity, 

the rapid growth of neighboring grains. Within this region, the local gauge width is 

decreased from 1700 nm to 1190 nm. For a simple lower-bound estimate, this indicates 
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that the local stress is increased by a factor of 1.4, resulting in a local stress of at least 630 

MPa. This value is not accounting for any decrease in local film thickness that would also 

contribute to a further increase in stress. To better visualize the different migration rates, 

the grains tracked in Figure 31 and Figure 32(b)-(d) have been isolated and shown in 

Figure 32(f)-(g) and (h)-(i), respectively. It is clear that the grain within the necked region 

experiences a larger change in grain size over the course of the 5 seconds separating Figure 

32(h) and (i) due to the faster GBM speed of 2.4 nm s-1. This is another example of ‘jerky’ 

type boundary motion, with limited motion for over a minute and then rapid boundary 

motion. 

 

Figure 32 – Fast GBM after neck develops. (a) Low magnification TEM image 

showing developed neck near top of snapshot. White circle indicates location of 

highlighted grain in (b-d). (e) Stress-strain curve with highlighted region 

corresponding to when snapshots (a-d) were recorded. Change in grain size as a 

function of time for (f,g) a grain in uniform region  and (h,i) necked region (from b-

d).  

In order to quantitatively track grain growth further, grain sizes were measured 

using frames taken from TEM videos during the in situ deformation. The results of this 
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analysis are shown in Figure 33 by comparing measured grain size distributions within 

both the necked and uniform regions as the deformation progresses. Once a visible neck 

was formed, grain size was measured both within and outside the neck region and used to 

produce separate distributions. Figure 33(b) shows an example of how the necked vs. 

uniform regions were defined: the grains within the two white lines were considered within 

the 'necked’ region and grains outside that region were marked as within the ‘uniform’ 

region. The cumulative area fraction plots illustrate that grains within the necked region, 

represented by triangle markers and dashed lines, experience enhanced grain growth when 

compared to the uniform region (circle markers and solid lines) for the same strain value. 

For each strain value, there is a measurable increase in grain size within the necked region 

when compared to the uniform region. For 𝜀 = 14.1% (green data), half of the measured 

grains are below 94 nm within the uniform region, however, this value increases to 115 nm 

within the necked region. Measurable grain size increase within the necked region suggest 

that grain coarsening is caused by the increased stress, which is consistent with previous 

reports of stress-driven grain growth [20,68]. Additionally, there is little variation in grain 

size as the strain progresses within the ‘uniform’ region of the specimen. Within this 

region, the local stress is less than that within the necked region and thus likely not high 

enough to promote extensive grain coarsening. These results also suggest that the formation 

of a necked region further promotes grain coarsening. For example, the maximum grain 

size within the necked region for 𝜀 = 12.6% is 192 nm while for 𝜀 = 16.8%, the maximum 

is 280 nm. As deformation progresses and strain increases, the disparity between uniform 

versus necked region grain size increases as well. Each of the ‘necked’ data sets share a 

similar grain size minimum of ~50 nm while the maximum grain size increase with strain. 
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This is evidence of inhomogeneous grain growth as small grains remain, albeit with 

diminishing area fraction, while other grains grow resulting in increased maximum grain 

size.  

 

Figure 33 – (a) Cumulative area fraction grain size plots for different strain values 

post neck formation compared to the initial microstructure (red data). Data with 

circle markers and solid lines are taken from grains within the uniform region while 

data with triangle markers and dashed lines are from grains within the necked region. 

(b) Low magnification TEM micrograph designating regions defined as ‘Necked’ (in 

between white lines) and the remaining ‘Uniform’ region. 

Evidence presented thus far has pointed to GBM promoted by increasing stress, and 

based on this, it would be expected that other sources of stress raisers would lead to a 

similar observation. Figure 34 shows such an example, where rapid GBM is seen ahead of 

an extending crack tip during in situ TEM deformation. In Figure 34(a), a relatively large 

grain with a vertical dimension of 268 nm in front of a crack tip is marked by an arrow. 

This dimension increases to 273.7 nm in Figure 34(b). Contrast changes in the above 

neighboring grain (marked with a grey arrowhead) indicate grain rotation. This could be 

associated with dislocation emission and absorption at GBs as well as rapid dislocation 
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glide through the grain, although dislocations are not visible in the electron diffracting 

condition of the experiment. From Figure 34(b) to (c), the top boundary, marked by a black 

arrowhead, migrates upward 3.6 nm in 0.6 s, corresponding to a migration speed of 6 nm 

s-1. The final grain microstructure, prior to complete failure, has a drastically increased 

vertical dimension of 336 nm, which is 1.25 times larger than the initial size as 268 nm. 

This is another example of the jerky, stop-and-go behavior of boundary migration, but with 

a GBM rate 3-30 times larger than those measured in grains away from a crack tip. 

 

Figure 34 – Rapid GB motion ahead of crack tip. (a) the beginning of recorded 

segment. (b) t = 63.2s, slight grain growth. (c) t = 63.8 s. Top boundary migrated 3.6 

nm in the 0.6s separating (b) and (c) resulting in migration speed of 6 nm s-1. (d) t = 

95 s, final grain structure prior to failure [176]. 

During each of the above in situ TEM experiments, no dislocation activity is 

observed. However, post-mortem TEM analysis shows dislocation structures present in the 

large grains near the fracture surfaces. One such example is seen in Figure 35. From 

Figure 35(a), it is clear that the fracture surface is intergranular and composed primarily 

of large grains, which is consistent with the previous analysis of pronounced grain growth 

within necked region. GB sliding is also seen to accompany the intergranular fracture. The 

fracture surface resembles a Wilsdorf-like tooth structure similar to previous reports 

[177,178]. An enlargement of the four highlighted grains (B, C, D and E) shows dark field 
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images with evidence of intragranular dislocations, suggesting that either dislocation 

activity accompanies the grain growth process or dislocation activity initiates once the 

grains reach a critical size. These results are similar to those reported by Hattar et al. which 

show that the density of both dislocations and deformation twins is much greater near the 

fractured surface than that of the gauge section in UFG Al thin films [179]. Similarly, they 

reported intergranular crack propagation.  

 

Figure 35 – Post-mortem TEM analysis of fracture surface (a) multiple large grains 

near fracture surface, (b-e) enlarged dark-field TEM images of highlighted grains 

with evidence of dislocation structures indicated by arrowheads [176]. 

4.4.2 100 nm-thick NC Al 

The behavior of an Al-100 specimen during tensile loading is shown in Figure 36. 

Prior to any load being applied, the gauge width is roughly uniform, as seen in Figure 

36(a). However, during deformation a slight necked region formed in the bottom portion 

of the gauge length (arrowed in Figure 36(b)). This frame was recorded after a 56-minute 

repeated stress-relaxation experiment with a maximum stress of 𝜎~457 MPa (the data 
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from this experiment is shown in Figure 38 and discussed later). The local width in this 

region is 2240 nm compared to the original 2735 nm (this is also the width near the top 

of the gauge far from the necked region). This decrease in the local gauge width will lead 

to an increase in local stress by a factor of 1.22 within the ‘necked’ region. The fact that 

failure eventually occurred in this region (Figure 36(c)) is likely attributed to this increase 

in local stress.  

 

Figure 36 – In situ TEM observations of deformation of Al-100 during tensile loading. 

BF TEM images of the gauge length (a) prior to an applied load, (b) while straining, 

and (c) after failure. Microstructure after failure in the region of (d) ‘uniform’ (far 

from necked region) and (e) near the necked/fracture surface. (f) grain size 

distribution in terms of cumulative area fraction for the pre-strain state (gray), region 

far from neck (blue), and necked/fractured (green).  
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During this experiment (and others performed), it was difficult to identify 

individual examples of GBM/grain growth. This could be related to difficulties with 

imaging and analyzing small grains. Tracking grains in detail requires that the same grain 

remain in contrast long enough to observe the behavior of the GBs. Additionally, the 

contrast for these specimens is less than that of the Al-200 due to the reduced thickness. In 

any case, GBM/grain growth was characterized by comparing the grain size distribution of 

the pre-strained state versus grains within the ‘uniform’ (far from neck/fracture surface, 

Figure 36(d)) and grains within the necked/fractured region (Figure 36(e)). This data is 

presented in terms of a cumulative area fraction grain size distribution shown in Figure 

36(f). The grain size of the pre-strained state is shown in gray and has an average 

(weighted) grain size of 55 ± 14 nm. The post-strained grain size dataset is divided by 

proximity to the necked/fractured surface. Both of the post-strained datasets illustrate a 

shift towards larger grain sizes, indicating that stress-assisted GBM/grain growth does 

occur in these specimens, albeit by a small amount.  

There is a negligible difference between the average grain sizes in the region far 

from the neck area (64 ± 13 nm) versus the grains within the necked region and close to 

the fracture surface (63 ± 20 nm). This is likely explained by the unstable crack growth 

that led to premature specimen failure (i.e. the specimen fails before there is chance for an 

extensive necked region to develop with enhanced stresses to promote grain growth). This 

is contrast to the behavior seen in for the Al-200 specimen in which a necked region 

gradually forms in addition to a relatively slow crack growth in a ductile manner. The fact 

that the fracture surface in Figure 36(c,e) is 90° with respect to the vertical loading axis is 
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indicative a brittle failure, which is different from the ‘saw-tooth’, ductile-type fracture 

surface of the Al-200 specimen (Figure 35). 

4.5 In Situ TEM Activation Volume Measurements 

4.5.1 200 nm-thick NC Al 

In situ repeated stress-relaxation experiments have been conducted to characterize 

the deformation in terms of the measured activation volume. Figure 37 shows the results 

from one of these experiments performed on a Al-200 specimen. The data was collected 

using electrical-based sensing. The test was conducted at 𝜀̇~1.5 × 10−4 s−1.  Figure 37(a) 

is the full stress-strain curve until the specimen was unloaded. The gaps in the data 

correspond to the stress transients which are shown in Figure 37(b). This experiment 

consisted of 5 stress-relaxation segments with each having an initial 𝜎~325 MPa. Each 

relaxation was roughly 30 seconds in length with the exception of the final relaxation. Even 

though the initial stress level does not change significantly, the amount of stress relaxation 

|∆𝜎| increases with successive relaxations. The 5th and final relaxation had a stress decrease 

of 58 MPa after the first 15 seconds which is larger than the 15-second decrease in the 2nd 

relaxation (38 MPa). As shown in Figure 37(c) and (d), the true activation volume 𝑉∗ 

varied from 7-16𝑏3 and the apparent activation volume ranged from 3 to 15𝑏3. The amount 

of stress-relaxation |∆𝜎| influences the amount of stress increase required during the quick 

reloading between successive relaxation segments to reach the same initial stress value. 

For example, a reloading of 55 MPa was required after Relax #1 for the initial stress level 

for Relax #2 to reach that of initial level of #1. Since the amount of stress relaxation 



 103 

increased with increasing relaxations, a reloading of 85 MPa was required after Relax #4 

to ensure Relax #5 begins at a similar stress level.  

 

Figure 37 - In situ measurement of activation volume in Al-200 NC Al. (a) The full 

stress-strain curve until the specimen was unloaded. Gaps in the data correspond to 

stress-relaxation segments which are shown in (b). The measured (c) true and (d) 

apparent activation volumes values. 

Since the amount of stress increase during reloading (∆𝜎12) is a component of 

calculating 𝑉∗ (Eqn. 29), it is likely that this will have an effect on the measured true 
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activation volume. Another component in Eqn. 29 is the ratio of strain rates (𝜀𝑖̇2 𝜀𝑓̇1 )⁄ . 

Since all of these relaxations occur at similar stress levels, this experiment is useful in 

evaluating the different factors that contribute to the measured values. These are 

summarized for three of the relaxations (Relax #2, #4, and  #5) in Table 6. Relax #2 and 

#4 have similar reloading stress ∆𝜎12 but different 𝜀𝑖̇2 𝜀𝑓̇1 ⁄ and the 𝑉∗ values only differ 

slightly (12 vs. 15𝑏3). Relax #2 and #5 have very different ∆𝜎12 and essentially the same 

𝜀𝑖̇2 𝜀𝑓̇1 ⁄  and their 𝑉∗ values differ by almost a factor of two (12 vs. 7𝑏3). This indicates 

that the amount of stress-relaxation |∆𝜎| and stress reloading ∆𝜎12 have a larger impact on 

the calculated 𝑉∗ values than 𝜀𝑖̇2 𝜀𝑓̇1 ⁄ .  

Table 6 – Summary of activation volume values and contributing components (strain 

rate ratio and reloading stress) for 3 of the relaxations in Figure 37. 

Relax # 𝑽∗ (𝒃𝟑) 𝜺𝒑 (%) 𝜺̇𝒊𝟐 𝜺̇𝒇𝟏 ⁄  ∆𝝈𝟏𝟐  (𝐌𝐏𝐚) 

2 12 1.1 8.9 55 

4 15 4.0 12.9 50 

5 7 6.1 8.1 85 

 

4.5.2 100 nm-thick NC Al 

Results from a repeated stress-relaxation experiment on an Al-100 specimen are 

shown below in Figure 38. The data was collected using electrical-based sensing and the 

test was conducted at 𝜀̇~6.2 × 10−5 s−1 with 14 total relaxation segments before the 

specimen was unloaded (specimen did not fail). Figure 38(a) is the full stress-strain curve 

and Figure 38(b) is all of the relaxation data. There were 11 relaxations that achieved 𝑅2 >

0.9 and of those 6 of them met the assumptions required for 𝑉∗ measurement (quick 

reloading to similar stress level as previous relaxation segment). These 𝑉∗ values are shown 
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in Figure 38(c) and vary from 2-9𝑏3 for the stress range 368 < 𝜎 < 454 MPa. The 

apparent activation volume 𝑉𝑎 measurements varied from 1-9𝑏3.  

 

Figure 38 – In situ repeated stress-relaxation experiment and activation volume 

measurements for Al-100 specimen. Full (a) stress-strain and (b) stress-time 

(relaxation) data for the experiment, (c) true and (d) apparent activation volume 

values determined from the relaxations in (b) with 𝑹𝟐 > 𝟎. 𝟗.  

4.6 Discussion 
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Based on the Hall-Petch law (Eqn. 1), a reduction in grain size from ~90 nm to ~55 

nm would be expected to cause an increase in the yield strength by a factor of 1.27. For the 

two monotonic curves shown in Figure 28, the yield strength increases from 380 MPa (Al-

200) to 405 MPa (Al-100), which is a factor of 1.06. Qualitatively, the increase in yield 

strength is consistent to what is expected. Additionally, the curves indicate differences in 

the strain hardening ability. The Al-100 specimen exhibits almost no strain hardening as 

the strength does not increase after yielding (yield and UTS stress are essentially the same). 

This is likely attributed to the smaller grain sizes limiting dislocation generation, storage 

and entanglement which will lead to strain hardening. In the Al-200 specimen, there is 

evidence of strain hardening (an increase in strength with increasing strain post yielding) 

and there is evidence of dislocation storage (Figure 35). It is important to note that these 

curves are from two specimens only and additional monotonic curves should be collected 

to establish statistical differences between the two specimen types.  

By utilizing in situ TEM straining techniques, the deformation mechanisms active 

in NC Al has been investigated. Direct evidence of GBM and grain growth is provided for 

the Al-200 specimens (Figure 29-Figure 35). Grain growth is also shown to occur in the 

Al-100 specimens (Figure 36), however, these specimens exhibit decreased ductility and 

premature failure prior to extensive grain growth. Deformation-induced grain growth has 

been observed in a multitude of studies, including tensile straining of NC Al [20,63,68], 

NC Ni [67], and NC Au [66] and under nanoindentation of NC Al [79,169] and NC Cu 

[180]. Some studies, however, report grain growth is preceded by grain rotation, suggesting 

that grain growth occurs by the coalescence of neighboring grains [66,67]. Direct evidence 

of GBM in this chapter eliminates this as the dominant mechanism for grain growth. There 
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is some evidence to suggest grain rotation may occur prior to and after neck formation. 

However, it could not be determined if the observed contrast changes were a direct result 

of crystallographic rotation due to dislocations passing through the grain or solely 

transgranular dislocation glide. In either case, the contrast changes are indicative of 

increased plastic deformation occurring within that region as it is not expected that global 

rotation of the specimen would result in bend contours within the local region. 

The in situ observations in this chapter offer additional insight into the effect local 

stress has on GBM. In the in situ experiments on the Al-200 specimens, extensive grain 

growth was observed to occur preferentially within the necked region of the specimens. 

This is strong evidence to suggest that the GBM is driven by the local increase in stress 

within the necked region. In the Al-200 specimens, evidence that GBM occurs outside of 

the necked region suggests that neck formation is not a direct result of grain growth but 

that instead, the increased stress within the necked region is necessary for increased GB 

migration. This is consistent with the growing number of studies that report stress-assisted 

GBM leading to preferential grain growth in highly stressed regions 

[16,20,63,68,169,181,182]. Extensive grain growth is not seen in the Al-100 specimens. 

This is attributed to the fact that a significant neck does not form and unstable crack growth 

leads to specimen failure prior to grain growth. 

For the Al-200 specimens, GBM speeds varied from 0.2 – 0.7 nm s-1 for grains 

either outside or prior to neck formation (Figure 31) when the applied tensile stresses were 

close to the ultimate tensile strength of 450 MPa. The GBM speeds increased to 2.4 nm s-

1 for grains within the necked region (Figure 32) where the local tensile stresses were 

elevated to around 630 MPa, and even advanced to 6 nm s-1 for a growing grain ahead of a 
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crack-tip (Figure 34). Other researchers have observed boundary migration speeds ranging 

of 5 - 10 nm s-1 for grains near a crack tip in pure NC Al down to 0.7 - 1 nm s-1 for 

boundaries doped with oxygen (impurities lead to a drag effect) [181]. Legros et al. has 

also reported speeds of 0.1 - 0.2 nm s-1 up to 50 and 200 nm s-1 for GB ‘jumps’ and 

suggested that these drastic speeds were a result of different mechanisms of migration [63]. 

The migration velocities reported in this study of 0.2 – 6 nm s-1 seem to be comparable 

with those reported in other studies as well as the ‘jerky’ migration behavior. The order of 

magnitude difference between the migration speed of grains prior to or outside neck 

formation and the grains within highly stressed regions likely reflect the inhomogeneity of 

driving force (stress) that can be measured by the present MEMS-based platform. Stress-

driven GBM is activated by stress and as such, areas of increased stress – such as within 

necked region or ahead of a growing crack – experience increased migration velocity. 

Other studies have suggested a similar trend by observing that grain size decreases with 

increasing distance from a crack tip and by geometrical necessity, GBM velocity follows 

the same trend [63].   

4.7 Conclusion  

This chapter presents characterization of the deformation mechanisms active in the 

Al-200 and Al-100 specimens by combining in situ TEM observations with measurement 

of activation volume. Extensive grain growth was observed in the Al-200 specimens with 

the results indicating that GBM is primarily stress-induced and that the local increase in 

stress (either due to necking or a crack tip) drives faster GBM. Measured GBM speeds 

ranged from 0.2 – 0.7 nm s-1 when the applied tensile stresses were close to the ultimate 

tensile strength of 450 MPa, increased up to 2.5 nm s-1 for grains within the necked region 
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where the local tensile stresses were elevated to around 630 MPa, and even rose to 6 nm s-

1 for GBM that occurred ahead of crack tip. There was no direct TEM evidence of grain 

growth in the Al-100 specimens, however, measuring the grain size distribution before and 

after straining indicated an increase in average grain size from 55 to 64 nm. True and 

apparent activation volume was measured by performing repeated stress-relaxation 

experiments. True activation volume 𝑉∗ values ranged from 7-16𝑏3 for the Al-200 

specimens and 2-9𝑏3 for the Al-100 specimens.  

 

 

 

 

 

 

 

  



 110 

CHAPTER 5.  

PLASTIC DEFORMATION MECHANISMS IN GOLD  

5.1 Overview  

Experiments involving the UFG Au microspecimens have been completed to 

identify different deformation mechanisms (both dislocation- and GB-based) through 

repeated stress-relaxation tensile tests. Section 5.2 provides a detailed description of the 

initial microstructure of the as-deposited and annealed Au films, followed by the 

characterization of the mechanical properties in Section 5.3. Sections 5.4 and 5.5 provide 

in situ observation of the active deformation mechanisms and measurement of activation 

volume, respectively.  

5.2 Initial Microstructure  

Gold specimens with three different average grain sizes have been tested. The initial 

microstructure is shown below for each. Figure 39(a)-(c) are BF TEM images for the as-

deposited, 350°C annealed (A350), and 700°C annealed (A700) specimens, respectively 

(see Table 3 in Section 2.3.1 for annealing details). For the as-deposited and A350 

specimens, orientation mapping has been performed and respectively shown in Figure 

39(d) and (e). The grain size distribution for each is shown in Figure 39(f) and illustrates 

the change in grain size that occurs during annealing. The as-deposited specimens have an 

average (weighted) grain size of 142 ± 68 nm whereas the A350 specimens have an average 

(weighted) grain size of 287 ± 150 nm. In constant, the A700 specimens have the largest 

average grain size of 768 ± 252 nm. These reported averages were done by manually 
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tracing grains for a section of each specimen type. Both the minimum grain size and 

maximum grain size increases with increasing annealing temperature and time. The 

minimum grain size increases from 22 to 57 and finally to 140 nm for the A700 specimens. 

Similarly, the maximum grain sizes are 265, 580, and 1353 nm. Specifically, 20% of the 

area of the as-deposited specimens is composed of grains sizes less than 50 nm or less, 

whereas only 2.5% of the area of the A350 specimen contains grains less than 50 nm in 

size and 0% of the area of A700 is composed of grains of this size.  
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Figure 39 – Initial microstructure of UFG Au specimens. Bright-field TEM images of 

(a) as-deposited and specimens that have been annealed at (b) 350°C (30 minutes) and 

(c) 700°C (5 minutes) with corresponding orientation maps for (a) and (b) in (d) and 

(e), respectively. The legend for the orientation and GB orientation is provided to the 

right. (f) Grain size distribution for each shown in terms of cumulative area fraction 

and (g) GB misorientation distribution from (d) and (e). 

Many of the grains within the as-deposited films contain pre-existing dislocations, 

whereas most of the A350 and A700 grains do not contain pre-existing dislocations as the 
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annealing process removes these. The orientation maps in Figure 39(d-e) show the films 

exhibit a dominant <111> out-of-plane texture. The GB misorientation angle distribution 

taken from the orientation maps is shown in Figure 39(g). Both as-deposited and A350 

specimens show similar GB misorientation distribution. The number fraction of GBs with 

9.5° < θ < 27.5° increased after annealing and those with θ > 30° decreased, with the 

exception of twin boundaries (θ = 60°). In both films, a large fraction of the boundaries are 

Σ3 twin boundaries with the number fraction increasing slightly during annealing (0.24 to 

0.27). An orientation map for the A700 specimen is not available, but based off the TEM 

imaging it appears to contain primarily HAGB (large contrast change across GBs) with a 

smaller number of LAGBs that resemble dislocation arrays.  

5.3 Monotonic Response 

Each specimen type has been monotonically tensile tested, resulting in the stress-

strain curves shown below in Figure 40 with the tensile properties summarized in Table 

7. The different specimens have slightly different tensile properties, albeit not by a large 

margin. The tests were all conducted in a similar strain rate regime of ~9 × 10−5 −

1.5 × 10−4 𝑠−1. The A350 specimen has the largest 0.2% yield stress 𝜎𝑦 of 550 MPa 

followed closed by A700 (544 MPa) while the as-deposited specimen yielded at 489 MPa. 

This trend is counterintuitive given that the as-deposited has the smallest grain sizes and 

would be expected to have the highest yield strength (Hall-Petch effect). This could be due 

to the fact that each of these curves are from one specimen only. Repeating for multiple 

specimens in each category would be required to make definitive comparisons as there can 

be significant sample to sample variation. The UTS 𝜎𝑈𝑇𝑆 was 520, 545, and 584 for the as-
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deposited, A700, and A350, respectively. The most striking difference between the curves 

is the extent of ductility, which decreases with increasing grain size (failure strain 𝜀𝑓
𝑝
 

decreases from 5.1 (as-deposited) to 3.7 (A350) to 1.6 (A700)). This is once again opposite 

from anticipated as larger grained materials are expected to be able to support more 

intragrain plasticity and thus achieve higher ductility. This could indicate that alternative 

mechanisms are active in the as-deposited specimens that accommodate the plastic 

deformation or that additional experiments are needed to investigate if the differences 

shown here are repeatable (more discussion on this will be provided in Section 5.6). 

 

Figure 40 – In situ monotonic tensile curves for as-deposited (red), A350 (blue), and 

A700 (green) tested under similar strain rates.  

Table 7 – In situ monotonic tensile properties for as-deposited, A350, and A700 UFG 

Au specimens.  

Specimen 𝝈𝒚 (𝐌𝐏𝐚) 𝝈𝑼𝑻𝑺 (𝐌𝐏𝐚) 𝜺𝒇(𝜺𝒇
𝒑
)  (%) 𝜺 ̇ (𝐬−𝟏) 

As-deposited 489 520 6.7 (5.1) 1.5 × 10−4 

A350 550 584 5.1 (3.7) 1.2 × 10−4 



 115 

A700 544 545 3.4 (1.6) 9 × 10−5 

5.4 In Situ TEM Observation of Deformation Mechanisms  

5.4.1 As-deposited UFG Au 

Both GB- and dislocation-based deformation mechanism are active during 

deformation in the as-deposited UFG Au specimens. Early in deformation (i.e. shortly after 

yielding), isolated dislocation nucleation and slip is observed, including the nucleation of 

both perfect and partial dislocations emitted from GBs, with an example of this shown in 

Figure 41. During this segment, a leading partial is emitted from the top GB and glides 

across the majority of the grain, leaving behind a stacking fault region in its wake (marked 

by arrowhead in Figure 41(a)). The trailing partial is emitted four seconds later (Figure 

41(b)) to form a perfect dislocation that joins a dislocation pile-up at the bottom GB. 

Multiple perfect dislocations are also emitted and glide in the direction indicated by the 

arrow in Figure 41(c) where the dislocations pile-up against the GB. The snapshots were 

taken at 𝜎 ~ 170 MPa and ε ~ 3.2%.  

 

Figure 41 – Emission of leading and trailing partial dislocation from a GB during a 

stress relaxation segment. Arrowhead in (a) indicates the stacking fault region 

between leading and trailing partial dislocation. (b) Trailing partial is emitted and 
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perfect dislocation transverses the grain. (c) Arrow indicates direction of dislocation 

glide leading to pileup at the nearby GB [92]. 

Another observed mechanism is dislocation cross-slip resulting in a transition 

between intra- to intergranular glide. Shown in Figure 42, a single dislocation (marked by 

arrowhead) is emitted from a GB and glides in the interior of the grain (transgranular glide). 

Between Figure 42(c) and (d), the dislocation cross-slips onto a GB (marked by ‘GB’ in 

Figure 42(d)) and subsequently glides the boundary plane (intergranular glide). The 

boundary plane is presumably a coherent twin boundary, although this could not be directly 

confirmed. 

 

Figure 42 – Dislocation cross-slip resulting in a transition from transgranular to 

intergranular dislocation glide. Arrowhead in each frame tracks a single dislocation. 

(a) Dislocation is emitted from GB and glides transgranular in direction indicated by 

arrow. (b)-(c) transgranular dislocation glide. (d) dislocation cross-slips onto GB and 

subsequently glides on GB in direction indicated by arrow. Experimental time is given 

in each frame [92]. 

In the late stages of deformation, multiple slip systems are activated. An example 

showing this is presented in Figure 43, where many dislocations are seen within a single 
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grain. These snapshots occurred one minute into a relaxation segment, with 𝜎 ~ 216 MPa 

and ε ~ 7.1%.  

 

Figure 43 – TEM micrograph of dislocations on multiple slip systems during late stage 

deformation [92]. 

In the abovementioned dislocation interactions, there was no obvious evidence that 

GBM directly played a role in the observed deformation. However, stress-induced GBM 

is a very common deformation mechanism observed in the as-deposited specimen. GBM 

migration typically occurs throughout the specimen gauge, however, not all GBs migrate. 

A few examples are shown below, with a detailed analysis of GBM is provided later in 

CHAPTER 6.  

 Two examples in which GB and TJ migration occurred are shown in Figure 44. 

Both events (Figure 44(a)-(e)) and (f)-(j)) occurred nearly simultaneously during a 

relaxation segment with grain one (G1) being common to both sets. In Figure 44(a)-(d), 

grain growth was observed for G1 to occur by the migration of the top-left boundary 

outwards 26 nm to eventually contact grain five (G5) in Figure 44(d). The traces of G1 for 

each snapshots are shown in Figure 44(e), making it clear the progression of the boundary 

migration. The average migration speed for this process is 2.7 nm s-1. The second example 
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(Figure 44(f)-(j)) shows the migration of the boundaries of grain two (G2), particularly the 

boundaries between grain 3 (G3) and grain four (G4) and the corresponding TJs. The 

boundary between G2 and G3 migrated 15 nm over the course of 30 seconds, resulting in 

an average migration speed of 0.5 nm s-1. Through this process, G2 grows while the already 

small G3 shrinks. The curvature of the boundary between G2 and G4 actually increases 

due to the migration of the TJ through this process, suggesting that boundary curvature is 

not the driving force for this migration. This also might imply that this TJ is more mobile 

than the boundary between G2 and G4 (GB2-4), as the TJ migration leads to larger 

curvature but the GB does not migrate in response to decrease this curvature.  
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Figure 44 – Sequence of snapshots taken from a TEM video recording documenting 

separate instances of nearby GBM. (a) – (d) Grain G1 expands and makes contact 

with G5, (e) the progression of boundary migration in direction of the arrow from (a) 

to (d). (f) – (i) Grain G2 expands via progression shown in (j) while G3 shrinks. Time 

stamps are given on each snapshot. 

5.4.2 Annealed UFG Au  

The deformation mechanisms active in the annealed specimens are similar to the 

mechanisms previously discussed regarding the as-deposited specimens in that both 

dislocation and GB-based mechanisms are active. However, as the grain size increases, the 

GBs are less involved in the deformation via GBM but still serve as sites for dislocation 
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nucleation and absorption. At even larger grain sizes (A700), intragranular plasticity 

increases which is evident both by increased dislocation activity within the grains and 

longer dislocation pile-up at GBs. The following discussion is on both the A350 and A700 

specimens as the TEM observation across these specimen types do not vary drastically.  

Figure 45 provides an example of dislocation emission from a GB, transgranular 

glide, dislocation pile-up and absorption at a GB in an A350 specimen. These frames were 

captured during a repeated stress-relaxation experiment with 10 relaxation segments 

reaching a maximum 𝜎 ~ 482 MPa. In the first frame of this series (Figure 45(a)), a 

dislocation (black arrowhead) has been emitted from GB1 in the direction of the white 

arrow. This dislocation is indicated by the black arrowhead in Figure 45(a)-(d) until it is 

absorbed by GB2. In Figure 45(b-d), the 2nd, 3rd, and 4th dislocations are emitted from GB1 

(each of these dislocations is indicated by a white arrowhead). The dislocations glide 

towards GB2 but are not directly absorbed, leading to a dislocation pile-up. Eventually, the 

first dislocation (black arrowhead) is absorbed into GB2 (Figure 45(e)). Additional 

dislocations are emitted from GB1 and absorbed at GB2. In total, 5 dislocations are emitted 

and 2 dislocations are absorbed with a maximum of 5 dislocations in the pile-up at one 

time and a pile-up length of 271 nm (distance between GB1 and GB2). The small grain 

marked by the white star in Figure 45(a) is completely removed, however, it occurs 

seemingly unrelated to the dislocation emission/absorption process.  
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Figure 45 – Dislocation emission, pile-up, and absorption in A350 UFG Au specimen. 

Dislocations are emitted from GB1 and glide in the direction of white arrow. Black 

arrowhead tracks the same dislocation until it is absorbed by GB2. Progression of the 

dislocation emission/absorption after (b) 17s, (c) 33s, (d) 40s, and (e) 82s. Given time 

is in terms of elapsed time since first frame of the video (a).The grain marked by the 

star in (a) is removed during this process.  

In both A350 and A700 specimens, the extent of stress-induced GBM is decreased 

compared to the as-deposited specimens. GBM in the A350 specimens is discussed in detail 

in CHAPTER 6. In the A700 specimens, there is still evidence of stress-induced GBM, 

however, it appears to be primarily limited to LAGBs. An example of this can be seen in 

Figure 46. Figure 46(a) is a TEM image taken of a region of the specimen 7 minutes after 

the initial load is applied. There is very little evidence of plastic deformation with only a 

few lattice dislocations within the large center grain. The GB of focus is identified using 

the white arrowhead. For the remaining frames, the white arrow remains in the same 
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location to indicate the initial location of this GB. This GB has a unique ‘stitch-like’ 

appearance, which is indicative of an array of dislocations resulting in a LAGB. The GB 

does not move for the first 17s, however there is a dislocation that has been further extended 

into the grain (black arrowhead in Figure 46(b)). Five seconds later (after the load has been 

increased slightly), the GB migrates 34 nm at a rate of 5.4 nm/s resulting in the position 

seen in Figure 46(c). Between Figure 46(c) and (d), the GB continues to migrate 38 nm 

(6.8 nm/s)) and an additional dislocation is emitted as indicated by the black arrowhead. 

At this point, the migration slows to 1 nm/s to migrate a distance of 14 nm (Figure 46(e)) 

and then an additional 2 nm to result in the final location seen in Figure 46(f). This is the 

only GB to experience GBM in this region.  

 

Figure 46 – GBM and dislocation glide active during in situ TEM straining of A700 

Au specimens. The GB marked by the white arrowhead in (a) undergoes stress-

induced GBM through the progression of images. The white arrow marks the initial 
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location of the GB in each frame. Dislocations glide is denoted by black arrowheads 

in (b) and (d). Time is provided in terms of seconds since first frame of the sequence.  

5.5 In Situ TEM Activation Volume Measurements 

5.5.1 As-deposited UFG Au 

In addition to capturing the active deformation mechanism during in situ straining, 

this technique allows for the measurement of activation volume 𝑉∗, which is done by 

performing repeated stress-relaxation experiments (see Section 2.2.3 for experimental 

methods). Typically, 2-3 short (30 second) relaxation segments are done to measure 𝑉∗, 

followed by a longer relaxation (>10 minutes) to allow for TEM observations.  

Results for an as-deposited UFG Au specimen are shown below in Figure 47. 

Electrical sensing was used to determine both stress and strain values for the full test 

duration. Figure 47(a) is the stress-strain curve collected under a strain rate of 

𝜀̇~1.5 × 10−4 s−1. Unlike the monotonic curves shown in Figure 40, this curve is 

discontinuous due to the stress-relaxation segments performed, which are shown in Figure 

47(b). Ten relaxation segments were performed spanning stress levels 298-352 MPa. 

Fitting the stress-relaxation data for the first 5 relaxations (𝜎~300 MPa) lead to 𝑅2 < 0.9 

and are omitted from this discussion. This could be a result of the resolution limit of the 

electrical sensing technique for small relaxations that occur at lower stress levels (|∆𝜎| <

2 MPa). The next 5 relaxations (𝜎~350 MPa) all achieve an 𝑅2 > 0.9 as the amount of 

stress-relaxation has increased to |∆𝜎|~10 MPa. The first 4 relaxations for this segment 

are individually shown in Figure 47(c)-(f). The x-axis is the time duration of that particular 

relaxation segment and the y-axis is the amount of stress decrease during the pause. Figure 
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47(c) relaxation occurs after reloading to 340 MPa (a higher value than the previous 

relaxation occurring at 310 MPa) and only apparent activation volume 𝑉𝑎 is measured. 

After this 40 second relaxation (∆𝑋𝐿𝑆 = −14.8 nm, ∆𝜎 = −6 MPa), the stress was quickly 

reloaded back to 340 MPa and paused again. The stress relaxes by ∆𝜎 = −6.6 MPa in the 

behavior shown in Figure 47(d) and the apparent and true activation volumes were 

determined to be 8 and 10 𝑏3, respectively. A similar process was followed for the next 

two relaxation segments shown in Figure 47(e)-(f) resulting in apparent activation volume 

values of 8 and 6 𝑏3 and true activation volume 𝑉∗ of 6 and 21 𝑏3, respectively.  
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Figure 47 - In situ measurement of activation volume in as-deposited UFG Au. (a) 

stress-strain curve with both loading (red) and unloading (grey) data. Gaps in the 

data correspond to stress-relaxation segments which are shown in (b). The dashed 

box identifies the region in which the relaxations shown in (c)-(f) occur. The apparent 

and true activation volume values are printed on each relaxation segment.  

The previous experiment relied on electrical sensing only for stress and strain 

measurement. The sensitivity in the measurments can be improved by implementing the 
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updated ‘image-based sensing’ technique (description of MEMS geometry and operation 

can be found in Section 2.3 with details on the sensitivity improvement in Section 2.3.1). 

The following experiment was conducted in a hybrid fashion combining both electrical-

based and image-based sensing. 𝐶𝑆1 was connected as normal to collect the electrical signal 

required to measure 𝑋𝐴, however, no capacticance measurement were collected from 𝐶𝑆2. 

Instead, the TEM was used to manually measure the gap in 𝐶𝑆2 beams during the 

experiment. The vidoes were then analyzed to determine 𝑋𝐿𝑆 directly following the process 

described in Section 2.3. The stress-strain and stress-time data for this experiment is shown 

below in Figure 48. Because the data was collected using a hybrid techniqe, only a portion 

of the stress-strain curve in Figure 48(a) has been constructed by linking the electrical- 

and image-based sensing. Namly, Figure 48(a) displays the first loading segment and one 

point at the beginning of every stress-relaxation segment. The 24 relaxation segments are 

shown in Figure 48(b).  
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Figure 48 – In situ measurement of activation volume in as-deposited UFG Au using 

image-based technique for stress measurements. (a) stress-strain curve constructed 

from points throughout the experiment and (b) stress-time data for all the relaxations.  

The relaxations were performed in clusters at various stress levels in order to 

measure activation volume as the stress evolves. The stress range for each relaxation cluster 

are as follows: Relax # 1 – 4 (196 – 203 MPa), 5 – 8 (209 – 222 MPa), 9 – 12 (234 – 247 

MPa), 13 – 16 (280 – 286 MPa), 17 – 20 (279 – 295 MPa), and 21 – 24 (304-324 MPa). 

Six of the 24 total relaxation segments are shown in Figure 49. Figure 49(a) and (b) are 

from Relax #1 and #2, respectively, and illustrate the increased sensitivity that is achieve 

from the image-based sening technqiue. These relaxations occurred at relatively low stress 

levels (𝜎~196 − 199 MPa) but the image-based technique is sensitive enough to measure 

the amount of stress-relaxation that occurred (|∆𝜎| < 1 MPa). This is contrast to the 

relaxations at lower stress levels using the electrical-based sensing technique that cannot 

accurately capture these small stress changes. Thus, the image-based technique is required 

to measure activation volume values for small stress-relaxations that occur at small stress 

or plastic deformation levels.  
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Figure 49 – In situ activation volume measurements for as-deposited UFG Au 

measured using image-based sensing technique. Results are displayed for relaxation 

number (a) 1, (b), 2, (c) 10, (d) 11, (e) 17, and (f) 18. The displayed apparent and true 

activation volume values have units of 𝒃𝟑. 
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The next set of displayed relaxations (Figure 49(c), (d)) are Relax #10 and #11 and 

occur at an initial stress level of 239 and 241 MPa, respectively. The higher stress and 

plastic strain level promotes more plastic deformation during the relaxation segment and 

the amount of stress decrease over the 30 seconds has increased to |∆𝜎|~3 MPa. Fitting 

the stress-time relaxation curves results in remarkably high R2 values. As shown, the true 

activation volume 𝑉∗ for these relaxations are 34𝑏3 and 44𝑏3 with apparent activation 

volume values 𝑉𝑎 of 115𝑏3 and 95𝑏3. The next set of relaxations shown in Figure 49(e) 

and (f) are Relax #17 and #18 which occur at 𝜎~279 MPa. The amount of stress-relaxation 

has once again increased, now reaching |∆𝜎|~6 MPa. The apparent activation volume 𝑉𝑎 

range 61-73𝑏3 with Relax #18 having a true activation volume 𝑉∗ of 35𝑏3. Relax #17 is 

the first relaxation in this cluster of relaxations after the stress was reloaded slowly and to 

a higher level. This voids the assumption of a frozen microstructure which is required for 

𝑉∗ measurment.  

A summary of the measured apparent and true activation volume values for the 

previous two experiments (Figure 47 – Figure 49) is shown in Figure 50. Activation 

volume values are graphed against the initial stress level for the corresponding stress-

relaxation segment. Both image- and electrical-based measurements result in similar values 

that obey the general trend of decreasing 𝑉∗, 𝑉𝑎 with increasing stress. The interpretation 

of these values as well as additional trends will be discussed in detail in CHAPTER 8. 
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Figure 50 – A summary of in situ values of (a) true and (b) apparent activation volume 

vs. stress for as-deposited UFG Au  

5.5.2 Annealed UFG Au 

Results from an in situ repeated stress-relaxation experiments on an A350 specimen 

is shown below in Figure 51. This experiment was performed in a similar hybrid fashion 

as that in Figure 49 (𝑋𝐴 data is generated from the electrical signal of 𝐶𝑆1 and 𝑋𝐿𝑆 is 

manually measured by measuring the displacement of the 𝐶𝑆2 beams). Figure 51(a) is the 

stress-strain curve (constructed using same method described for Figure 49(a)) and the 25 

relaxations are shown in Figure 51(b). Four of these relaxations indicated by the dashed 

outline are shown in more detail in Figure 51(c-f). Relax #15 (Figure 51(c)) occurs at an 

initial 𝜎~290 MPa and undergoes |∆𝜎|~1.8 MPa. A short and quick reloading segment 

occurred and the next relaxation (Figure 51(d)) begins at 𝜎~295 MPa (|∆𝜎|~1.5 MPa). 

For these, the apparent activation volume 𝑉𝑎 varies from 200 to 900𝑏3 with a true activation 

volume 𝑉∗ measurement of 35𝑏3. The next set of shown relaxation segments occur after 

the stress has been reloaded to a significantly higher value (𝜎~370 MPa). Due the increase 
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in stress, these segments undergo a larger stress decrease over the 30 second relaxations 

(|∆𝜎|~9 MPa). The measured activation volume values for these relaxations are 15 and 

16𝑏3(apparent) and 15 and 19𝑏3 (true).  

 

Figure 51 – In situ repeated stress-relaxation experiment on A350 Au specimen. (a) 

stress-strain curve, (b) stress-time data displaying all the relaxation segments. 

Relaxation number (c) 15, (d) 16, (e) 18, and (f) 19. Apparent 𝑽𝒂 and true 𝑽∗ activation 

volume values are shown for each relaxation along with the 𝑹𝟐 values corresponding 

to the fit (solid black line).  
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True and apparent activation volume measurement for all of the relaxations in 

Figure 51(b) with 𝑅2 > 0.9 are shown in blue ‘image-based’ data in Figure 52.This figure 

also includes data (grey) from a separate A350 specimen tested under electrical-sensing 

conditions. Across the full stress strange of 295 <  𝜎 <  506 MPa, 𝑉∗varies from 4 to 

35𝑏3. There is a larger spread in the apparent activation volume values (2 – 238𝑏3).  

 

Figure 52 – In situ (a) true and (b)apparent activation volume measurements for A350 

specimens. The blue data is all the values from the experiment shown in Figure 51 

and the gray data is from a purely electrical-based sensing experiment on a separate 

specimen (stress-strain data not shown).  

Finally, an in situ repeated stress-relaxation experiment has been completed on a 

A700 specimen with the results shown in Figure 53. The stress-strain and relaxation data 

are shown in Figure 53(a) and (b), respectively. This experiment consisted of 8 relaxation 

segments prior to specimen failure. Four relaxations (Relax #4, #5, #7, and #8) are shown 

in more detail in Figure 53(c-f). The successive relaxations shown in Figure 53(c-d) 

occurred at an initial stress 𝜎~330 MPa and have slightly different extent of stress decrease 

during the 25 second relaxation (|∆𝜎|~6 MPa versus |∆𝜎|~3 MPa). This could be due to 
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the fact that Relax #4 (Figure 53(c)) is the first relaxation performed after a significant 

stress increase from the first set of relaxations that occurred at 𝜎~175 MPa. The apparent 

activation volume 𝑉𝑎 increases from 166 to 193𝑏3 and the true activation volume 𝑉∗ for 

Relax #5 was measured as 91𝑏3. The next set of displayed relaxations (Figure 53(e-f)) 

occurred at a similar starting stress level (𝜎~337 MPa), however, a larger amount of stress-

relaxation occurs with |∆𝜎| reaching 15 MPa. The specimen started fracturing during the 

final relaxation, which is why Figure 53(f) only displays the first 15 seconds prior a crack 

forming. The apparent activation volume 𝑉𝑎 increases from 27 to 41𝑏3 and the final 

measured true activation volume 𝑉∗ was 104𝑏3. All of the true and apparent activation 

volume values for this experiment are shown in Figure 54 (note that only one experiment 

has been performed on these specimen). The measurements were made over the small 

stress range of 330 < 𝜎 < 337 MPa, with true activation volume 𝑉∗ values ranging from 

91 to 104𝑏3 and the apparent 𝑉𝑎 ranging from 27 to 194𝑏3. 
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Figure 53 – In situ repeated stress-relaxation experiment on an A700 specimen. (a) 

full stress-strain curve, (b) stress-time data for the relaxation segments. Relax # (c) 4, 

(d) 5, (d) 7, and (f) 8 shown in more detail with the measured apparent and true 

activation volume values displayed.  
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Figure 54 – In situ (a) true and (b) apparent activation volume values for A700 Au.  

5.6 Discussion 

Gold specimens of three different average grain sizes have been studied using the 

in situ TEM technique. According to the Hall-Petch law (Eqn. (1)), yield strength is 

expected to decrease with increasing grain size. However, the yield points determined from 

monotonic tests (Figure 40, Table 7) do not qualitatively fit the expected size-dependent 

yielding. The yield point increases from 489 MPa to 544 MPa as the grain size increases 

from 142 to 768 nm. One possible explanation for the reduced strength measured in the as-

deposited Au specimens (with the smallest average grain size) could be related to the quick 

removal of the smallest grains upon applying a load. The smallest grains are unstable and 

are quickly removed (this will be discussed in further detail in CHAPTER 6) which results 

in a grain size distribution not all that dissimilar from the A350 specimens (larger grains 

only). The ductility also decreases with increasing grain size. It is likely that the annealing 

causes significant GB grooving that lead to local stress concentrations on the surface which 

promote premature failure [9]. This leads to the observed decrease in ductility in the A700 
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specimens. These observations could also be related to uncertainty with the measurements, 

including the measurements of the pre-stress which can have a large effect on the reported 

stress levels. Additional monotonic tests need to be completed to investigate this further.  

Both dislocation- and GB-based mechanisms are active in all the Au specimens 

tested. This is consistent with previous reports that a unique mixture of conventional 

dislocation-based mechanisms are active in addition to GB-based within the UFG grain 

size regime [16,33,65,69]. Although not specifically characterized, GBM occurs for a wide 

range of GBs in the as-deposited specimens whereas it appears that in the A700 specimens, 

only the LAGB (described as array of dislocations) are susceptible to stress-assisted GBM. 

This is likely related to the general ease of the collective motion of the individual 

dislocation in the boundary compared to the high stresses required to activate mechanisms 

required for HAGB migration, such as disconnection glide or climb [183,184].  

In situ TEM nanomechanical experiments are required to identify the active 

deformation mechanisms while concurrently quantifying the plastic flow characteristics 

through 𝑉∗ and strain rate sensitivity 𝑚.  For 𝜎 < 350 MPa, 𝑉∗ was found to vary from 

25𝑏3 to 96𝑏3 as the grain size increased from 142 to 798 nm. For higher stresses (𝜎 >

350 MPa), 𝑉∗ varies from 9𝑏3 (𝑑 = 142 nm) to 13𝑏3 (𝑑 = 287 nm). Interpretation of the 

measured 𝑉∗ will be provided in CHAPTER 8, however, the measured values are consistent 

with the low 𝑉∗ values shown in Table 1 for a wide range of NC and UFG metals. The 

experiments conducted here are unique in the sense that 𝑉∗ is measured throughout a single 

experiment as the plastic deformation and stress levels evolve. This is unlike most 

experiments in which one or two 𝑉∗ measurements are made at a single stress level. Since 
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the results shown here indicate a strong stress-dependence (Figure 50), it makes it difficult 

to compare with literature results.  

5.7 Conclusion 

An in situ TEM nanomechanical testing technique has been used to characterize the 

active deformation mechanisms and mechanical properties of as-deposited and annealed 

UFG Au specimens. Identified deformation mechanisms include dislocation 

nucleation/absorption at GBs, transgranular dislocation glide, dislocation pile-up, and 

GBM. Although not specifically characterized, it is suggested that the propensity for GBM 

decreases as the grain size increases. True and apparent activation volume calculations 

were performed on each specimen type. It was observed that for the as-deposited 

specimens, 𝑉∗ ranged from 6–64 𝑏3 (208 < 𝜎 < 355 MPa), 4–35 𝑏3 (222 < 𝜎 <

506 MPa) for the A350 specimens, and 91–103 𝑏3 (330 < 𝜎 < 337 MPa) for the A700 

specimens.  
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CHAPTER 6.  

STRESS-INDUCED GRAIN BOUNDARY MIGRATION 

6.1 Introduction 

The following chapter provides a comprehensive review of stress-assisted GBM 

occurring in UFG Au. The first section briefly describes how GBM is tracked during an 

experiment, followed by a review of the initial microstructure of the as-deposited and A350 

specimens in Section 6.2. Sections 6.4 and 6.5 discuss GBM that occurs in the as-deposited 

and A350 films, respectively. Section 6.5.1 discusses stress-assisted GBM in terms of the 

possible influencing microstructural features (grain size, Schmid factor, etc).  

6.2 Documenting Grain Boundary Migration  

GBM has been observed to occur in all specimen types tested in this thesis, including 

NC Al (CHAPTER 4) and UFG Au (CHAPTER 5). The following results will be focused 

on as-deposited and A350 Au only. For each experiment, low magnification TEM images 

have been taken while the specimen is under tension at different time intervals. The chosen 

magnification is typically such that only one third of the specimen is in view at one time. 

The micrographs for each of the specimen sections are put in series and combined to form 

a video (using ImageJ) and stabilized (using MATLAB). The videos are analyzed to 

determine which GBs are mobile or immobile throughout the test. Once the behavior of 

the GBs have been identified, information regarding the GB character is recorded by 

comparing to the PED orientation map that was obtained prior to testing.  

6.3 Comparing Initial Microstructure  
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Since the results in this chapter involve the as-deposited and A350 specimens only, 

a comparison of their initial microstructures is shown in detail in Figure 55(a) and (b), 

respectively. The accompanying orientation map of each region is shown in Figure 55(c) 

and (d).  Upon annealing, the average grain size increased from 142 ± 36 nm to 360 ± 83 

nm as a large portion of the small grains were removed (grain sizes determined from TEM 

PED dataset). The average grain sizes for both are indicated by the vertical dashed lines in 

the grain size distribution shown in Figure 55(e). Specifically, 20% of the area of the as-

deposited specimens is composed of grains sizes less than 50 nm or less, whereas only 

2.5% of the area of the annealed specimen contains grains less than 50 nm is size. 

Comparing the PED maps indicates that both the films maintain the <111> dominant out-

of-plane texture. Figure 55(f) compares the GB misorientation angle θ distribution before 

and after annealing and shows that number fraction of GBs with 9.5° < θ < 27.5° 

misorientation angle increased after annealing and those with θ > 30° decreased, with the 

exception of twin boundaries (θ = 60°). In both films, a large fraction of the boundaries are 

Σ3 twin boundaries with the number fraction increasing slightly during annealing (0.24 to 

0.27).  
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Figure 55 – TEM images of initial microstructure of (a) as-deposited and (b) annealed 

Au thin films with corresponding orientation map for each region in (c) and (d), 

respectively. (e) Area fraction grain size and (f) GB misorientation distribution for 

the as-deposited (grey) and annealed (orange) films. The average grain size is 

indicated by the vertical dashed lines and highlights the change in grain size after 

annealing. 

6.4 Grain Boundary Migration in As-deposited Gold 

An example of typical GBM/grain growth behavior in an as-deposited film is 

shown in Figure 56. This experiment consisted of four stress-relaxation segments at 240, 
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382, 481, and 420 MPa for a total of 63 minutes under tension. Figure 56(a) and (d) show 

BF TEM images of two different regions prior to straining and in both cases, the grain 

outlined by the bolded white line undergoes stress-assisted grain growth in the direction of 

the red arrows. This resulted in the outlined grains shown in Figure 56(b) and (e) which 

were taken at the end of the 3rd relaxation segment after the stress reached a maximum of 

481 MPa. The initial (bolded) and final (dashed) grain outlines are overlaid on the initial 

orientation maps in Figure 56(c) and (f), which facilitates easy view of the region of the 

microstructure that is removed during straining. In both cases, the grains expanded to 

absorb/remove the highly disordered regions composed of small grains in the vicinity. 

 

Figure 56 – Stress-induced grain growth and the removal of small grains. BF TEM 

images of (a) initial microstructure with grain traces outlined. The outlined grain 

undergoes extensive grain growth in the direction of the red arrows (stress is applied 

in the vertical direction as indicated). (b) microstructure after 31 minutes under a 

tensile load. The outline represents the final grain size/shape.  (c) corresponding 

orientation map of the region with the initial and final grain outline overlaid. (d)-(f) 

similar analysis of a second region. 



 142 

A detailed analysis of the evolution of a cluster of grains throughout the experiment 

is shown in Figure 57. This is shown to illustrate how grains are rearranged due to the 

disappearance and growth of certain grains. Figure 57(a) is a BF TEM image of the initial 

GB network outlined with 6 grains identified by lettering (roughly 1 μm 𝑥 1μm area). 

Figure 57(b) is the same region 16 minutes after an applied load at the beginning of the 3rd 

relaxation segment (𝜎 ~ 448 MPa). The traced GB networks have been overlaid in Figure 

57(e) to illustrate how the microstructure has changed as a response to the applied load. 

The solid lines are the ‘updated’ microstructure from Figure 57(b) whereas the dashed 

lines are the original arrangement shown in Figure 57(a). This makes it clear that during 

this time, GBM has occurred and resulted in grain growth of certain grains due to the 

removal of nearby small grains. The red highlighted grains are the grains that have been 

removed/absorbed by neighboring grains which leads to the growth of grain ‘C’ and ‘D’. 

Although difficult to quantify and illustrate, GB sliding likely occurs simultaneously and 

aids in the rearrangement of the grains. Limited GBM was observed up until this point 

(relaxation 3), indicating that the stress may not have been high enough to promote 

extensive GBM/sliding.  
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Figure 57 – Analysis of the grain growth and shrinkage of a cluster of grains. (a) initial 

microstructure with GB cluster outlined with certain grains that are constant 

throughout the transformation identified by letters. Same region with the GB 

network outlined (b) 16, (c) 31, and (d) 63 minutes after an applied load. The grains 

are labeled to help identify how the grains have been rearranged. (e) Overlays of the 

GB network between (a) (dashed) and (b) (solid) with the grains that are removed 

during the transition highlighted in red. (f) overlay of (b) (dashed) and (c) (solid). (g) 
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overlay of (c) (dashed) and (d) (solid) showing minimal changes for the last 32 minutes 

of the experiment. 

The microstructure evolution during relaxation 3 is shown in Figure 57(b)-(c). 

Over the course of the next 15 mintues of the relaxation segment, the microstructure 

evolves by the additional removal of small grians (highlighted in red in Figure 57(f)). The 

best example of small grain removal is indicated by the red arrow. These three smaller 

grains are removed as the larger grain ‘B’ to the left expands. This GB migrates ~ 62 nm 

until those grains are completely removed at an average velocity of 0.07 nm/s. During this 

time period, the far field stress level decreases from 448 MPa to 338 MPa (110 MPa 

decrease) and at this point, the majority of small grains have been removed within this 

region. GBM not directly linked to the collaping of small grains is also documented and 

indicated by the green arrow in Figure 57(g). After relaxation 3, the stress is reloaded to 

420 MPa for the final relaxation segment. Documentation of the microstructure during this 

relaxation segment is shown in Figure 57(c)–(d). During this time, there is minimal 

microstructural rearangment compared to the previous examples and there is no evidence 

of complete grain removal during this segment. However, there is still evidence of 

GBM/sliding as the GB network traces do not match 100%.  

In order to obtain statistical information regarding the GBM/grain growth, 1/3rd of 

the specimen gauge was analyzed in detail to identify common characteristics of the grains 

that grow, shrink, or completely disappear throughout the 63-minute stress-relaxation 

experiment. In total, 189 grains were identified and of those, 93 grains disappeared, 39 

grew, 9 shrunk, and 48 grains experienced minimal changes. The initial GB network 

outline is shown in Figure 58(a), where the grains are color-coded based on if the grain 
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disappears (red), shrinks (blue), grows (green) or experiences minimal changes (grey). The 

white grains could not be confidently identified throughout the experiment and are omitted 

from the analysis. Based off this visual representation, it is clear that it is common for larger 

grains to grow at the expense of disappearing smaller grains as there are plenty of instances 

of larger green grains surrounded by smaller red grains. To further quantify this, the initial 

grain size for each tracked grain was recorded and used to develop a grain size distribution 

for the grains that disappeared versus shrunk (Figure 58(b)). This grain size distribution 

unambiguously demonstrates that there is a strong grain size dependence on the 

growth/removal behavior. The number average grain size for the grains that disappeared 

was 60 ± 25 nm compared to 162 ± 52 nm for the grains that grew. The local strain 

within this portion of the gauge length was estimated by measuring the distance between 

the same edge features on the gauge which resulted in a local strain estimation of 11.7%.  

The orientation of each grain was also recorded to explore any potential orientation 

dependence on the grain growth/shrinkage behavior. This is shown in Figure 58(c)-(e) 

where the orientation for the grains that disappeared, grew, or experienced minimal 

changes are plotted on the inverse pole figures (IPF), respectively. A variety of grain 

orientations were documented for the grains that disappeared (Figure 58(c)), including 

grains with orientations differing from the <111> film texture. There is less orientation 

variation for the grains that grew (Figure 58(d)) with the majority of grains exhibiting 

close to the <111> orientation. Finally, the orientation for the grains that experienced 

minimal changes is shown in Figure 58(e) and shows slight variation from the preferred 

<111> orientation. The variation in the in-plane orientation along the loading direction was 

also investigated and shown in Figure 58(f)-(h) for the grains that (f) grew, (g) shrunk and 
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(h) experienced minimal changes. These results indicate that there is not a strong 

dependency on in-plane orientation with respect to the loading axis. It is important to note 

that in general, there is a larger variation in orientation within the smaller grains (𝑑 <

50 nm) compared to grains with 𝑑 > 50 nm that tend to exhibit the dominant <111> 

orientation (Figure 59). 

 

Figure 58 – Detailed analysis of grain growth and shrinkage due to mechanical 

loading. (a) Outlined GB network with grains color coded based on if the grain 
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disappears (red), shrinks (blue), grows (green), or undergoes minimal change (grey) 

throughout the 63-minute experiment. Grains colored white could not be tracked with 

confidence so are omitted from the analysis. (b) Distribution of grain sizes that grew 

(green) vs. disappeared (red-thatched), showing a strong grain size dependence. Out-

of-plane orientation for the grains that (c) disappeared, (d) grew, and (e) experienced 

minimal change are plotted on IPFs, in addition to the in-plane orientation along the 

vertical loading direction for the grains that (f) disappeard, (g) grew, and (h) 

experienced minimal changes. The crystal direction for each color is shown in (c).  

 

Figure 59 – IPF orientation of all grains in the specimen with grain sizes (a) less than 

50 nm and (b) greater than 50 nm.  

The crystallographic orientations were used to investigate the influence of Schmid 

Factor m on grain growth behavior. However, there was no significant difference in the 

average Schmid Factor m for the grains that disappeared (𝑚𝑎𝑣𝑔 = 0.458 ± 0.03) 

compared to the grains that grew (𝑚𝑎𝑣𝑔 = 0.459 ± 0.04), indicating that the grain 

orientation with respect to favorable slip does not have a large effect on the grain growth 

behavior.   

6.5 Grain Boundary Migration in Annealed Gold  

The A350 Au films are ideally suited to study migration behavior of the GB 

network in terms of characteristics of the GB, since there are in general fewer GBs to track 
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and the smallest grains (𝑑 < 50 nm) are absent. Unlike the as-deposited films previously 

analyzed, the GBM is not dominated by the removal of the smaller grains since many of 

these grains are removed during the prior heat treatment process. An experiment was 

completed in which two consecutive stress-relaxation segments were done on an A350 Au 

specimen as TEM images were captured every minute. The first test consisted of 5 

relaxation segments for a total time under tension of 35 mins and the second test had one 

relaxation for 12 minutes total until the specimen failed with the stress ranging from 260 −

350 MPa.  

Two examples of characteristic migration behavior in the annealed film is shown 

below in Figure 60. The initial microstructure, shown in Figure 60(a), undergoes minimal 

changes throughout the 47-minute under tension resulting in the microstructure shown in 

Figure 60(b). The orientation map of the region (Figure 60(c)) indicates that the large 

grain in Figure 60(a) contains Σ3 twin boundaries (red) that are not directly obvious based 

only on the TEM images. During this process, three small grains are removed and two GBs 

migrate as identified by the black and red arrows in Figure 60(c), respectively. This is 

further shown in Figure 60(d) which displays the initial outline (dashed) and the final 

outline (solid) with the removed grains highlighted red. The GB labeled ‘1’ migrated a total 

distance of 28 nm and GB ‘2’ migrated a distance varying from 8 to 28 nm with the 

migration distance of the boundary increasing near the regions where the small grains were 

removed. 
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Figure 60 – GBM in A350 Au film. (a) BF TEM image of the initial microstructure 

with the GB network outlined, (b) same region after 47 minutes under load and 

specimen failure. The current GB network is outlined. (c) orientation map of the same 

region. Red arrows indicate direction of GBM and black arrow point to small grains 

that disappear. (d) overlaid outline from (a) (dashed) and (b) (solid) to show the 

instances of GBM (red arrows) and grain removal (red highlighted grains). 

The above analysis was completed for 1/3rd of the specimen gauge length of the 

same specimen to identify the migration distance for every GB possible. The results of this 

can be seen in Figure 61 where the initial GB network for this section has been outlined 

and color-coded based off of the migration distance for each boundary. For example, the 

dark blue boundaries undergo minimal migration of less than 10 nm. The light blue, green, 

and yellow boundaries experience migration distances within the ranges of 10-19, 20-29, 

and 30-39 nms, respectively. The red boundaries migrate the most with distances greater 
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than 40 nm, or the complete removal of a grain in cases where a full grain is outlined in 

red. The white boundaries undergo minimal or unmeasurable migration whereas the black 

boundaries cannot be confidentially identified throughout the experiment and are omitted 

from the analysis. The dashed GBs are Σ3 twin boundaries as identified by the orientation 

map of this section. One of the obvious trends from this analysis is that there tends to be 

clusters of larger migrations (i.e. clusters of red, yellow, and green colored boundaries). 

Two examples are identified by arrows on Figure 61. This indicates that there is likely a 

GB connectivity effect, possibly due to the successive glide of disconnections through the 

GB network. Only three grains were completely removed in this gauge section during this 

experiment, all of which have an initial grain size 𝑑 < 75 nm. Similarly, there is not a 

significant amount of grain growth as the average grain size remains unchanged. The local 

strain within this section of the gauge length during the experiment was estimated to be 

3.8% (black arrowheads represent edge features used for strain estimation).  



 151 

 

Figure 61 – GBM distances in an annealed specimen during stress-relaxation. The 

initial GB network is outlined and color coded based off of the migration distance. 

Color legend is provided on the figure. The white boundaries did not experience 

measurable migration and the black boundaries could not be confidently identified 

so are omitted from the analysis. The dashed boundaries are identified as 𝚺𝟑 twin 

boundaries using the orientation map. Examples of clusters of large migration 

distances are indicated by arrows. 

6.5.1 Microstructural Features  

For each of the above colored GBs (Figure 61), additional information regarding 

the GB structure and the local microstructure has been recorded. Specifically, for every GB 

the following has been identified and recorded: GB misorientation angle, GB trace angle, 

neighboring grain sizes and Schmid factor. This was done to investigate the common 

features for mobile or immobile GBs and the corresponding migration distances. In total, 

132 boundaries have been tracked (66 mobile and 66 immobile). 
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6.5.1.1 Grain Boundary Character  

The results for the GB misorientation angle are shown below for the mobile and 

immobile boundaries (Figure 62(a) and (b), respectively). Results are presented in terms 

of the number of mobile (or immobile) GBs for a given misorientation angle divided by 

the total number of GBs that were manually tracked (i.e. 132). The GB misorientation 

distribution for all the GBs in the specimen is shown (dashed bars) to provide context on 

the relative number of GBs present in the specimen for each misorientation angle (the same 

distribution is shown in the orange data in Figure 55(f)). The manually tracked twin 

boundaries are omitted from Figure 62(a) and (b) and shown in Figure 62(c) for both 

mobile (gray) and immobile (orange) twin boundaries. These results indicate that there is 

a wide range of GB misorientation angles for both mobile and immobile GBs and that there 

is no strong correlation between misorientation angle and GBM. For the immobile GBs 

(orange), the misorientation range 32° < 𝜃 < 35° has the largest frequency and there are 

three local maximums for the mobile GBs (grey) occurring at misorientation rages of 8° <

𝜃 < 11°, 26° < 𝜃 < 29°, and 44° < 𝜃 < 47°. For the GBs that were identified to have a 

Σ3 twin structure, there is no strong difference in the migration behavior (Figure 62(c)). 

There is also no correlation between misorientation angle and the migration distance (data 

not shown). It is important to note that GB misorientation angle alone does not describe 

the full GB structure but only defines three of the five macroscopic DOFs associated GB 

structure [97]. The remaining 2 DOFs describing the GB plane cannot be extracted from 

the PED orientation maps. This factor could contribute to the fact that no trends are 

observed in relation to GB misorientation angle.  
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Figure 62 – GB misorientation angle distribution for (a) mobile and (b) immobile GBs 

during the stress-relaxation experiment. Number fraction is given in terms of the 

fraction of GBs for a given misorientation angle that are mobile or immobile 

compared to the total number of GBs that were manually tracked during the 

experiment. The GB distribution for the full specimen is shown on each with the 

dashed bars (same distribution is shown in Fig. 1(f)). (c) Distribution of the tracked 

twin boundaries for both mobile (gray) and immobile (orange) twin boundaries. 

6.5.1.2 Grain Boundary Trace Angle  

The GB trace angle (defined with respect to the vertical loading axis) was 

documented for each GB. These results are shown in the stacked distribution (Figure 63). 
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The largest variation between mobile and immobile GBs occurs for trace angles less than 

10° of which 3.9% are mobile and 7.8% are immobile. 

 

Figure 63 – GB migration distribution in terms of the GB trace angle for mobile (gray) 

and immobile (orange) tracked boundaries. The schematic to the right indicates how 

the GB trace angle is defined with respect to the vertical loading axis for a model 

grain.    

6.5.1.3 Schmid Factor 

The Schmid factor for each grain was documented to investigate how a favorable (or 

unfavorable) orientation for slip may influence GBM or grain growth. Previous groups 

have suggested that grains with a favorable orientation for slip (high Schmid factor) tend 

to grow at the expense of ‘hard’ grains that are less favorably oriented for dislocation 

activity [185]. Since these films are highly textured there is not a large variation in Schmid 

factors and no trend was observed when analyzing the extent of grain coarsening or 

shrinkage (Δ𝑑 𝑑0⁄ ) versus Schmid factor (Δ𝑑 is the change in grain size and 𝑑0 is the initial 

grain size) (Figure 64).  
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Figure 64 – Grain coarsening ability with respect to the initial grain Schmid factor 

for the grains that grew (green) and shrunk (red). The coarsening ability is defined 

as the absolute value of the total change in grain size (∆𝒅) divided by the initial grain 

size (𝒅𝟎). 

6.5.1.4 Grain Size 

The effect of grain size has been investigated in terms of the difference in grain size 

across a given boundary and displayed as a grain size ratio distribution for both mobile and 

immobile boundaries (Figure 65). The grain size ratio is defined as the ratio of grain sizes 

(max/min) on either side of each tracked GB. For example, a large ratio indicates that there 

is a large grain size difference across a particular boundary. Although there are more 

instances of mobile GBs with larger grain size ratios (24% of the mobile GBs have grain 

size ratios >2 versus 16% of immobile GBs), the results are not significant enough to claim 

a strong correlation.  
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Figure 65 – GBM behavior in terms of grain size ratio across a given boundary. Grain 

size ratio defined as the maximum grain size divided by the minimum grain size on 

either side of a given boundary.   

6.6 Discussion 

This chapter provides a comprehensive investigation into different microstructural 

features that may influence the behavior and extent of stress-assisted GBM. This has been 

done by obtaining orientation maps followed by detailed analysis of in situ TEM 

observations during straining for both as-deposited and A350 UFG Au thin films.  

In the as-deposited films, GBM appears to be largely dominated by the removal of 

the small grains (𝑑 < 50 nm). This is clearly seen through the TEM documentation of the 

microstructural changes while a stress is applied (Figure 56 and Figure 57). Quantitative 

support for this is shown in the grain size distribution in Figure 58(b) and unambiguously 

highlights the propensity for small grain removal. These observations are consistent with 
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other experimental [102,186] and computational studies [187] that report similar 

preferential removal of small grains under mechanical loading. Small grain removal is still 

present in the annealed films (Figure 60). However, there are only a few occurrences due 

to the fact that the small grains are removed during the heat treatment prior to straining.  

The fact that small grains are consistently removed upon straining indicates that 

there is a driving force acting on the small grains simultaneous to the driving force provided 

by the applied stress. GB energy, or capillary forces, are known to be high for small grains 

since the GB area and curvature increase as the grain size decreases. The removal of small 

grains could indicate that a reduction in GB energy is a significant driving force. However, 

this driving force is typically only active at elevated temperatures [188]. Because of this 

and the fact that grain growth is not observed without an applied stress, it is not likely that 

capillary-driven GBM is the dominant driving-force for these observations while under an 

applied stress.  

An alternative driving force is related to elastic anisotropy that evolves under an 

applied stress. Stored elastic strain energy density, given by Eqn. (39), varies across 

different grains at the same applied load [98,189], 

 
𝑊 =

1

2
𝜎𝑖𝑗𝜀𝑖𝑗 (39) 

where 𝜎𝑖𝑗 and 𝜀𝑖𝑗 are stress and strain within a grain, respectively. Under this driving force, 

GBM will occur towards the grain with the larger strain energy density in attempt to 

decrease the overall energy of the system. This driving force has two contributing factors: 

grain orientation and grain size. Since elastic modulus is dependent on the grain orientation, 
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grains will have different stored elastic energy density based solely on their orientation. If 

this was a primary factor in controlling GBM/grain growth in these films, one would expect 

to see grains of certain preferred orientations grow or shrink. For example, a recent study 

has reported that a [100] texture develops in fatigue-tested UFG Ni due to the preferential 

growth of [100] grains during high cycle loading. Despite the low driving forces for grain 

growth at the low strain amplitude level (<0.3%), the high number of load cycles led to a 

cumulative effect of grain growth. The authors attributed the texture development due to 

the [100] orientation having the smallest effective elastic constants and thus the smallest 

strain energy density [100]. This is also consistent with other studies that report texture 

development from mechanical loading [101,185]. Analyzing the orientation of the 

individual grains that grew/shrunk (Figure 58(c)-(e)) illustrates that this is not the case in 

this study. Although there is a larger variation in the orientations for the grains that were 

removed in Figure 58(c), there does not appear to be a strong preferred orientation for 

grains that disappear versus grains that grow. In addition, there was not relationhip between 

the in-plane grain orientation along the loading axis which further suggest that elastic 

anisotropy is not a contributing factor to the observed grain growth/shrinkage. However, 

collecting an orientation map after straining would be necessary to confirm this 

definitively.  

Another grain-to-grain variation in strain energy density arises from grain size 

dependent yielding (Hall-Petch effect) [14]. Under an applied stress, each grain deforms 

elastically until the larger grains will yield through dislocation generation and slip. This 

yielding occurs at a lower stress level than the yield stress required in the smaller grains 

and as a result, the elastic strain energy density within the larger grains is smaller than that 
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of the smaller grains. This results in a difference in strain energy density across a GB and 

can promote GBM towards the small grain and eventually lead to the complete removal of 

small grains. This can explain the rapid and extensive small grain removal observed in the 

as-deposited films after a stress is applied. This has been previously proposed as a dominant 

driving force for small grain removal under cyclic loading [102], but these results indicate 

that this is likely a strong driving force under monotonic and stress-relaxation loading 

conditions as well.  

The A350 Au specimens in this study are perfectly primed to study the behavior of 

stress-assisted GBM that is not associated with small grain removal (since most of these 

grains were removed upon annealing). Local microstructure factors such as GB 

misorientation angle, GB trace angle, grain size, and Schmid factor were investigated with 

no single component appearing to have a clear correlation with stress-induced GBM. For 

example, GBs of a wide variety of GB misorientation angles are mobile or immobile 

(Figure 62), which is consistent with previous reports that there is no general correlation 

between mobility and GB misorientation angle in polycrystals [186,190]. There is also not 

a clear trend related to the angle of the GB trace angle with respect to the loading axis 

(Figure 63), indicating that the direction of maximum shear does not have a large influence 

on GBM. This analysis does assume that the boundaries are perfectly edge-on and, 

although this is true for most of the boundaries, it may be an over simplification that can 

influence the apparent results. Unlike the as-deposited films, there is minimal impact of 

grain size on the GBM (Figure 65). As mentioned previously, this is likely due to the fact 

that the grains are on average larger and have a more uniform strain energy density due to 

limited grain-size yielding. Finally, there appears to be no effect of Schmid factor on stress-
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induced GBM in this study as there is no clear correlation between coarsening ability 

(Δ𝑑 𝑑0⁄ ) and the Schmid factor for a given grain (Figure 64). This could indicate that 

intragranular plastic deformation does not have an impact on intergranular mechanisms or 

that dislocation slip has less of an effect at the low levels of plastic deformation achieved 

in these experiments. Other studies have reported the growth of ‘soft’ grains (high Schmid 

factor) at the expense of ‘hard’ grains at large levels of deformation, however, this study 

was for randomly-textured Cu with smaller grains (𝑑 ~ 60 nm) [185]. The Au films in this 

chapter are highly textured and have minimal variation in Schmid factor across grains. 

Another distinction is that the grain growth in this study occurs while the specimen deforms 

plastically at a very low strain rate (i.e. during the relaxation experiment).  

The results presented here indicate that there are no observed trends in relationship 

to the local microstructural features. This could be due to the fact that these observations 

are made under low driving forces (slow plastic strain rate during stress relaxation) whereas 

the other studies that report trends achieve larger driving forces (faster strain rate and/or 

stress levels). At lower driving forces, it is likely that restrictions imposed by TJs can have 

a large impact on GB mobility since GBM is intimately connected to the behavior of the 

TJ network. The motion of TJs can be viewed to be a result of the reaction between the 

disconnection glide within the three GBs that join to form the TJ [97]. If TJs inhibit 

disconnection glide though the network (leading to accumulation), this can result in back 

stress on GB disconnections and lead to GBM stagnation. If the GB disconnections are 

compatible with one or more of the connecting GBs, disconnections can flow through and 

lead to the connectivity effects observed in Figure 66. Figure 66(a) shows the initial 

microstructure of the grains/GB network with the GB labels provided in in Figure 66(e). 
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Disconnections are emitted from the TJ (marked by arrowhead) and glide in the direction 

of the red arrow along the boundary planes GB1-3. There is also evidence that dislocations 

glide along GB1-4 following the red arrow direction. This continues and dislocation glide 

is visible in the location indicated by the arrowhead in Figure 66(b). PED orientation 

mapping of this region indicates that these dislocations are gliding along a twin boundary 

(GB1-4). Through this process the TJ migrates upward 20 nm at a rate of ~ 1 Å/s to result 

in the microstructure shown in Figure 66(d). The schematic in Figure 66(e) shows the GB 

network geometry before (in black) and after (in red) over the course of the 311 seconds 

separating Figure 66(a) and (d), making it clear that the location of the TJ and GB1-2 has 

migrated. This is a case where the GBs effectively serve as superhighways for 

disconnection and dislocation glide leading to the migration of both GB1-2 and a TJ.  
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Figure 66 – An example of GB network effects where intergranular dislocation glide 

leads to triple junction migration during stress-relaxation. (a) intergranular 

dislocation glide on two GBs (direction of both indicated by red arrows). The white 

arrowhead marks the triple point that undergoes migration throughout the series of 

TEM images. (b)-(d) continued intergranular dislocation glide resulting in migration 

of TJ. White arrowhead in (b) marks visible dislocations. (e) schematic of the initial 

(black) and final (red dashed) trace of the GBs with arrow indicating TJ migration. 

The difference in GBM behavior between the as-deposited and A350 specimens 

indicates that there are likely two competing driving forces for the observed stress-induced 

GBM/grain growth: 1) the strain energy difference that eliminates small grains and 2) GBM 

via disconnection motion. The former can be predicted based off of differences in grain 

size but appears to only be active when there are small grains (𝑑 < 50nm). The latter 

driving force leads to network TJ and GBM effects and does not have a direct correlation 

to local microstructure condition at the low applied driving forces in this study.  

The mechanism facilitating the stress-induced GBM is the nucleation and 

successive motion of disconnections along the GBs. It is possible that the small grain 
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removal is facilitated by similar mechanisms, such as a rapid burst of disconnections, or it 

also possible that the disappearance of small grains involves alternative mechanisms. Such 

mechanisms could include grain rotation followed by absorption, which has been recently 

proposed using MD simulations [187]. Future work should include studying immobile and 

mobile TJs to investigate the influence of TJs on the evolving GB network. 

6.7 Conclusion 

Freestanding UFG Au specimens were characterized using orientation mapping and 

in situ TEM straining and features such as grain size, GB character, Schmid factor, and GB 

trace angle were analyzed in context of GBM and grain growth behavior. For the as-

deposited specimens, grain size has a clear effect on GBM/grain growth with smaller grains 

tending to disappear at the expense of larger grains. This was discussed in terms of a driving 

force associated with small grain removal related to grain size-dependent yielding and 

stored strain energy density. There are no clear trends regarding GBM behavior and GB 

character, Schmid factor, or GB trace angle (with respect to the loading axis) which further 

suggests that a complicated interplay between GBM driving forces that are active during 

mechanical loading.  
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CHAPTER 7.  

STRESS-ASSISTED SELF-HEALING OF RADIATION DAMAGE 

IN ULTRAFINE-GRAINED METAL THIN FILMS 

7.1 Overview 

NC and UFG metals are considered as an important class of radiation tolerant 

materials. The large volume fraction of GBs effectively serves as sinks for radiation 

damage, and understanding the mechanisms by which these 2D interfaces remove 

radiation-induced point and line defects is key to developing more effective radiation 

tolerant nanomaterials. This chapter characterizes the effect that radiation damage has on 

the active deformation mechanisms and mechanical property of UFG Au thin films. Section 

7.2 and Section  7.3 respectively provide characterization of the microstructure after 

irradiation and the effect it has on the monotonic properties. This is followed by a detailed 

description of the active deformation mechanism in Section 7.4, including the first 

experimental observation of a radiation damage healing mechanism though stress-assisted 

GBM. Measured activation volume values are shown in Section 7.5 and a discussion is 

provided in terms of the effect radiation damage has on stress-assisted GBM and the 

potential impact of this new healing mechanism.  

7.2 Initial Microstructure  

A portion of the as-deposited Au specimens were irradiated with 2.8 MeV Au4+ at 

room temperature using a 6 MV Tandem accelerator at Sandia National Laboratories to ~ 

0.7 displacement per atom (dpa) [161] (see Section 2.5 for irradiation details). The initial 
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microstructure of the non-irradiated specimens (Figure 67(a)) is provided again for easy 

comparison and shows that the majority of grains are defect free, with a few of the largest 

grains containing lattice dislocations and/or twin boundaries. The initial microstructure of 

the irradiated specimens is shown in Figure 67(b), where there is ‘black-spot’ radiation 

damage within all the grains. The damage can be seen in more detail at higher 

magnification in Figure 67(c). Although not specifically characterized, the radiation 

damage is likely to be small dislocation loops or small SFT [191]. Grain size (𝑑) 

distributions show that radiation-induced grain growth results in a 33% increase in the 

average grain size from 142 nm to 189 nm, due to the near-total removal of grains smaller 

than 50 nm after irradiation (Figure 67(d)). This is consistent with in situ TEM irradiation 

studies that show that larger grains grow at the expense of smaller grains under irradiation 

alone [148]. An indexed diffraction pattern for the irradiated Au is provided in Figure 

67(e) to show that the films maintain the FCC structure. 
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Figure 67 - Initial microstructure of irradiated UFG Au specimens. TEM 

micrographs of (a) non-irradiated Au film and (b) irradiated Au film. Most grain 

interiors contain ‘black-spot’ radiation damage. Scale bar is the same as in (a). (c) BF 

TEM micrograph of a grain interior of irradiated film to exhibit radiation damage. 

(d) Cumulative grain size distribution of non-irradiated (black circles) and irradiated 

(magenta diamonds) films prior to straining. (e) Indexed diffraction pattern of 

irradiated Au film exhibiting characteristic ring structure for NC and UFG FCC 

metals.  

7.2.1 Defect Spacing Measurement  

The defect spacing between radiation defects was estimated using the following 

approach. Weak-beam dark field (WBDF) TEM images were taken of the initial irradiated 

microstructure. From the WBDF image, defects were individually identified and counted. 

For the grain shown in Figure 67(c), the parameters in calculating the defect spacing are 
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shown in Table 8. An invisibility criterion of 1.9 was used to estimate the defects that are 

invisible at any the particular diffraction condition [191].   

Table 8 – Parameters used in estimating defect spacing.  

# of counted 

defects 
Total # of defects Grain area (𝐧𝐦𝟐) 

Defect density 

(𝐧𝐦−𝟑) 

614 1166 42732 2.73 × 10−4 

The final defect spacing 𝑙 was estimated as ~15 nm from the defect density 𝜌 using the 

following equation: 

 
𝑙 =  

1

√𝜌
3

 (40) 

The above equation assumes evenly spaced defects and does not consider the small portion 

(~5nm) of the thickness that is denuded of defects near either free-surface. However, if we 

assume the radiation defects are SFT, then there are minimal diffraction conditions in 

which the defects are completely invisible. If this assumption is correct, no invisibility 

criterion is used and the defect spacing only increases to ~19 nm.  

7.3 Mechanical Properties  

Figure 68(a) shows the monotonic tensile stress-strain curves for a non-irradiated 

and irradiated specimen at a strain rate of ~10−4 s−1. The monotonic response of the 

irradiated specimen shows evidence of brittle behavior with a linear elastic stress increase 

followed by failure after reaching the UTS of 663 MPa. In contrast, the non-irradiated 

counterpart yields at ~480 MPa (0.2% offset), reaches an UTS of 520 MPa, which is 

followed by a gradual decrease in stress and eventual failure at plastic strain 𝜀𝑝 = 4.9%. 
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The post mortem fracture surface of the non-irradiated specimen, Figure 68(b), indicates 

that the stress decrease after UTS is likely due to slight necking and stable crack growth 

promoted by the maximum shear stress along the 45° direction with respect to the vertical 

loading axis. Similarly, Figure 68(c) confirms the brittle-type unstable crack growth that 

occurred in the irradiated film, with the fracture surface at 90° from the vertical loading 

axis. 

 

Figure 68 – Monotonic tensile curve for irradiated UFG Au specimen. (a) Stress-

strain curves from in situ TEM tensile tests of non-irradiated and irradiated 

specimens. Both were conducted at a strain rate of ~𝟏𝟎−𝟒 𝐬−𝟏. TEM micrographs of 

a (a) non-irradiated and (c) irradiated specimen tested under tension to show the 

differences in fracture surface. 

7.4 Deformation Mechanisms  

7.4.1 Dislocation-Based 
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The observed strengthening effect of the irradiated specimens is consistent with the 

in situ TEM observations of dislocation / radiation defect interactions, with the radiation 

defects serving as obstacles to dislocation glide [134]. A detailed description and TEM 

based characterization of dislocation pinning is provided in Figure 69. Figure 69(a) was 

captured 55 seconds into a stress-relaxation segment and shows a grain containing multiple 

‘black-spot’ radiation defects in the grain interior with one indicated by the white 

arrowhead. After three seconds, multiple dislocations are emitted from the right GB 

(indicated in Figure 69(a)) and partially transverse the grain until pinned by defects. The 

dislocation indicated by the black arrowhead is pinned by the white arrowed defect and the 

neighboring GB to the left. The dislocation remains partially pinned at the defect in Figure 

69(c) while a portion of it glides freely in the direction of the black arrowhead. After a 

short reloading segment, the dislocation continues to glide and becomes pinned on a second 

defect (second white arrowhead in Figure 69(d)). 

 

Figure 69 – Radiation defects serving as obstacles to dislocation glide. (a) Grain 

containing multiple radiation-induced defects with one specific defect indicated by 

white arrowhead. (b) After 3 seconds, dislocations are emitted from the indicated GB 

and partially transverse the grain until being pinned by defects. One pinned 

dislocation (indicated by black arrowhead) is pinned by the defect that is indicated 

by white arrowhead in both (a) and (b) and the leftmost GB. (c) After two additional 

seconds, the left end of the dislocation (black arrowhead) glides while a portion 

remains pinned by a defect (white arrowhead). (d) a portion of the dislocation 

continues to glide until being pinned by an additional defect indicated by the second 

white arrowhead.  
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In all of the irradiated specimens tested, there is no indication that defect-free 

channels form from repeated intragranular dislocation glide, which is a variation from what 

is typically observed in irradiated coarse-grained metals [133,192]. This likely indicates 

that there is an insufficient number of passing dislocations to facilitate complete removal 

of radiation defects within localized regions. 

7.4.2 Grain Boundary-Based  

In addition to restricted dislocation glide, stress-assisted GBM is another active 

deformation mechanism in the irradiated specimens. Clear evidence of radiation damage 

removal via GBM is illustrated by the TEM images in Figure 70 where the outlined grain 

undergoes substantial grain growth while under a stress relaxation test with a series of 

relaxation segments. As the GB migrated, it absorbed the radiation defects in the 

neighboring grains, creating defect-free regions. This is clearly seen in Figure 70(b) where 

there is a region with radiation defects (where the original grain was) in addition to a region 

without any radiation damage as the GBs have migrated outwards in the direction indicated 

by arrows. This image was taken after a 28-minute-long series of stress-relaxation 

segments in which a maximum stress of 530 MPa was achieved. Additional in situ TEM 

observations of this growing grain were made throughout the duration of another series of 

stress-relaxation segments, during which the GBs continued to migrate (Figure 70(c-f)). 

The outlined GB migrates at an average velocity of 0.03 nm/s (for 𝜎 < 530 MPa), not 

including the one instance of a rapid jump in GB migration occurring at a maximum 

velocity of 34 nm/s during the transition from Figure 70(b) to (c). This maximum velocity 

did not occur simultaneous to an applied stress increase, indicating that a different factor 

contributed to the accelerated migration. In Figure 70(c), a dislocation pinned on a 
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radiation defect is indicated by the arrowhead and 30 seconds later is de-pinned and glides 

unrestricted through the defect-free region (Figure 70(d)).  

For the transition in Figure 70(c-e), migration velocities for each GB were 

determined by measuring the change in GB location in 30 second intervals (data shown in 

Figure 70(g)). At an applied stress level of 550 MPa, the average GBM velocities range 

from 0.03 to 0.07 nm/s. Upon increase of the applied stress to 650 MPa (nearing the UTS 

of irradiated specimens), some average GBM velocities increase by more than one order 

of magnitude (to values ranging from 0.32 to 0.95 nm/s), suggesting that the local stresses 

may be significantly larger (similar to what has been observed in NC Al films [176]). After 

51-minutes of total time under tension, extensive GBM has led to a large defect free region 

that can support unrestricted dislocation glide and dislocation-dislocation interactions. This 

is clearly seen in Figure 70(f) where there are multiple dislocations interacting with a 

partial dislocation within the defect-free region of the grain. The majority of the radiation 

defects remain within the original grain outline. This type of behavior is similar to grains 

distributed throughout the specimen gauge length; and in total, 14% of the specimen area 

was cleared of defects after this particular experiment.  
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Figure 70 – Stress-assisted GB migration leading to radiation damage healing and 

defect-free regions capable of supporting extensive dislocation glide. (a) 

Microstructure prior to an applied load with a single grain outlined. (b) GBM has led 

to grain growth of the outlined grain resulting in defect-free regions where GB 

migration occurred. The radiation defects remain where the original grain was (no 

migrating GB passed through this region). Arrows indicate direction of continued GB 

migration. (c) GB migration continues and leads to a further increase in grain size 

and defect-free region. Arrow indicates a dislocation pinned on radiation defects. (d) 

The indicated dislocation becomes de-pinned and glides unrestricted in the radiation-

free region until being absorbed by a nearby GB. (e) Continued GB migration leading 

to an increasing defect-free area. (f) The defect-free region can now support 
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dislocation-dislocation interactions, indicated by both arrowheads. Time stamp in 

each indicate the total time (in minutes) under a tensile stress (both during loading 

and stress-relaxation). (g) GB migration distance data for all the involved boundaries 

during the transition from (c) to (f). The far-field stress values are provided on the 

secondary axis to demonstrate how migration behavior varies with stress. 

The effect of irradiation on GBM was further studied by tracking the same 

collection of grains. Figure 71 is an example of such in situ TEM experiment consisting 

of successive stress-relaxation segments for an irradiated film where the outlined grain was 

tracked until specimen failure. The GBs marked 1 and 2 gradually migrate (red arrows 

indicate migration direction) while absorbing the radiation defects within the grain. This is 

clearly seen in Figure 71(e) where the original grain outline is overlaid on the final 

microstructure to show the change in grain shape due to GBM. The majority of GB 1 

migrates at a steady velocity of 0.04-0.06 nm/s to a total migration distance of 83 nm (the 

right-most portion of this GB migrates an additional 31 nm at a maximum rate of 0.25 nm/s 

to result in the curved boundary seen in Figure 71(e). The progression of GBs 1 and 2 

migration, along with 4 other boundaries recorded simultaneously, can be seen in Figure 

71(f) (curves for GB 1 and 2 are the grey and green curves, respectively). The average 

migration velocity (nm/s) for each tracked boundary is documented to the right of each 

curve. The instantaneous stress levels were measured and are displayed on the secondary 

axis. The stress ranged from 309 to 570 MPa with 22 instances of stress increase due to 

reloading in between relaxation segments (full stress-strain curve shown later in Figure 

74(a)). For the majority of the boundaries, migration occurs at a relatively steady pace with 

average velocities ranging from 0.007 to 0.06 nm/s, which is consistent with the measured 

velocities for in Figure 70(g) at an applied stress of around 550 MPa. There is only one 

instance in which a GB jumped 16 nm at a maximum ‘jump’ velocity of 8.1 nm/s. This is 
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visualized by the large jump in migration distance in the brown data around 500 seconds 

and was associated with the collapsing of a smaller grain (d ~ 47 nm). 

 

Figure 71 – “Steady” grain boundary migration documented in irradiated film during 

repeated stress-relaxation experiment. (a) Microstructure prior to an applied load. 

The outlined grain is one of the grains tracked throughout the experiment with two 

migrating boundaries labeled 1 and 2. The red arrows indicate direction of GBM. (b)-

(d) the same grain shown in 10-minute increments, (e) final microstructure with the 

original grain outline from (a) overlaid to show the change in grain size and shape 

due to GB migration. The scale bar in (a) is the same for all frames. (f) GBM distance 

data throughout the experiment from six boundaries recorded simultaneously. The 

instantaneous far-field stress levels are shown with the stress scale on the right y axis. 

Average velocity (nm/s) is recorded to the right of each curve. Time is given in terms 

of time since initial recording of the grains, which began 3 minutes after initial load 

was applied. 

7.4.2.1 Comparing Migration Behavior with As-Deposited  
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A similar experiment was conducted on a non-irradiated specimen to identify the 

main differences in GBM for irradiated versus non-irradiated films. In general, the GBM 

occurs at a faster rate in the non-irradiated films which facilitates the GBs reaching a stable 

position within the time frame of an experiment. This is shown in Figure 72, where the 

outlined grain undergoes significant stress-induced GBM in the direction of the red arrows 

to result in the larger grain seen in Figure 72(b),(c) with the final microstructure shown in 

Figure 72(d). Migration data on these particular GBs as well as four additional migrating 

GBs is shown in Figure 72(e). The total migration distances for the GBs associated with 

the growing grain in Figure 72(a-d) varied from 153 nm to a maximum migration of 270 

nm over 25 minutes, with a maximum jump velocity of 85 nm/s corresponding to the first 

large jump in migration distance in the red line around 170 seconds. The four additional 

migrating GBs that were tracked simultaneously migrate quickly within the first few 

minutes and then stagnate, with migration velocities ranging from 0.03-0.12 nm/s (before 

stagnation). The instantaneous stress levels were not documented in this experiment, but 

the stress levels at different times were determined by measuring the displacement of the 

load sensor beams manually using TEM imaging and are indicated by the data points on 

the secondary stress axis in Figure 72(e). The initial migration occurs at a far-field stress 

level of 340 MPa, with the stress recorded to vary between 197 to 367 MPa. The vertical 

grey dashed lines represent instances in which the stress is increased during a reloading 

segment. Half of the recorded GBs are sensitive to the loading and show an increase in 

migration speed directly after a reloading segment (vertical dashed line) which is followed 

by stagnation until the stress is increased again. The velocity of one of the GBs (red data) 

after the final three reloading segments until stagnation is 0.60, 0.22, 0.43 nm/s.  
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Figure 72 – “Rapid” stress-induced grain boundary migration in non-irradiated films 

during a stress-relaxation experiment. (a) Initial microstructure of a collection of 

grains. The outlined grain undergoes significant grain growth due to GBM in the 

direction indicated by red arrows. (b)-(c) the same grain in 10-minute increments. (d) 

Final grain microstructure with original grain outline from (a) overlaid to show the 

significant stress-induced grain growth. (e) GBM distance for different boundaries 

tracked simultaneously. The manually measured stress levels are plotted on the 

secondary axis. Vertical grey lines represent reload instances in which the stress was 

increased. Time is given in terms of seconds since first recording of given set of grains 

which occurred 2.5 minutes after load was first applied. The velocity of the GB 

represented by the red data points is shown for the final three reloading segments (i.e. 

velocity of the GB as it migrates after promoted by an increase in stress until 

stagnation again).  

Comparing the migration data (Figure 71(f) and Figure 72(e)) indicates that the 

majority of boundaries in the non-irradiated film migrate at faster velocities than the 

boundaries in the irradiated film. Analyzing the first 5 minutes only (Figure 73(a)) clearly 

shows that all of the tracked boundaries in the non-irradiated film experience faster 

migration leading to larger migration distances compared to the boundaries in the irradiated 

films. For example, the maximum migration velocity within the first 5 minutes in the 

irradiated film was 0.03 nm/s (grey data) whereas the migration velocities in the non-
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irradiated film varied from 0.04-0.30 nm/s despite the initial stress levels being comparable 

for both specimens. Figure 73(b) displays the “instantaneous” velocity for three GBs 

throughout the experiments shown in Figure 71 and Figure 72. Representative GBs were 

chosen to show the characteristic migration behavior for each specimen type (i.e. non-

irradiated GBs, with one that stagnates after some time and one that does not completely 

stagnate, and one irradiated GB that not does stagnate). Comparing the velocity throughout 

the experiment clearly illustrates that the non-irradiated GBs (dashed) experience higher 

velocities before reaching stable equilibrium positions (i.e. velocity is zero). In contrast, 

the irradiated boundary (solid) continues to migrate at a relatively consistent velocity. The 

instances of large velocity increase in the non-irradiated film occurring around 600, 970, 

and 1300 seconds corresponds to moments when the applied stress was reloaded to a higher 

value. The schematics shown in Figure 73(c) and (d) provide a visual comparison of the 

difference in GBM behavior in the grains analyzed in Figure 72 and Figure 71, 

respectively. The schematics show the original GB trace (solid) and subsequent GB trace 

outlines (dashed) in 10-minute increments at the same length scale. The far-field applied 

stress ranges for the 20-minute intervals are displayed below the schematics and indicates 

that the non-irradiated grains undergo stress-assisted GBM at larger velocities despite the 

fact that the applied stresses are on average lower than that in the irradiated films.  
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Figure 73 - Comparison of stress-assisted grain boundary migration distances and 

velocity in irradiated and non-irradiated Au films. (a) GB migration distance data 

from the irradiated film in Figure 71(diamonds) and non-irradiated specimen in 

Figure 72(circles) scaled to show first 5 minutes only. The stress levels for both are 

shown with the stress scale on the right y axis to show that the initial stress levels are 

similar followed by an increase in stress in the irradiated film and decrease in stress 

in non-irradiated. The average velocity is provided for each non-irradiated GB 

showing a range of 0.04 – 0.30 nm/s. (b) “Instantaneous” velocity for one GB in 

irradiated specimen and two GBs in non-irradiated specimen. “Instantaneous” 

velocity is defined as the velocity for a 30-60 second interval. The schematic of the 

grain shape change outline of (c) non-irradiated grain in Figure 72 and (d) irradiated 

Figure 71 to compare migration behavior at the same length scale (scale bar the same 

for both). The solid outline represents the initial grain size with the two dashed 

outlines representing the grain shape after 10 and 20 minutes. The red arrow 

indicates direction of migration. The black ‘x’ represents radiation damage. The 

stress ranges during migration are provided underneath the schematics. 

7.5 In Situ TEM Measurements of Activation Volume 
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In situ repeated stress-relaxation experiments have been completed to measure true 

𝑉∗ and apparent 𝑉𝑎 activation volume values for the irradiated Au specimens. An example 

of one experiment is shown in Figure 74. This experiment was conducted using electrical-

sensing only. In total, 22 relaxation segments were conducted with a stress range of 309 to 

570 MPa (this is the same experiment shown previously in Figure 71). Four of the 

relaxations are shown in more detail in Figure 74(c)-(f) and occur at an applied stress of 

437, 443, 514, and 518 MPa, respectively. The true activation volume 𝑉∗ values for all the 

relaxation segments varied minimally (𝑉∗~26 − 29𝑏3) with more variation with the 

apparent activation volume 𝑉𝑎 values (𝑉𝑎~35 − 101𝑏
3).  These values are consistent with 

the 𝑉∗ and 𝑉𝑎 values measured across all experiments conducted on irradiated specimens 

(Figure 75).  
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Figure 74 – In situ repeated stress-relaxation experiment and activation volume 

measurements for an irradiated Au specimen. (a) full stress-strain curve with stress-

relaxation segments shown in (b). The four relaxations within the dashed boxes 

correspond to (c) Relax 12, (d) 13, (e) 17, and (f) 18.  
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Figure 75 – All in situ true 𝑽∗ and apparent 𝑽𝒂 activation volume measurements on 

irradiated UFG Au specimens.  

It is clear from Figure 75 that both 𝑉∗ and 𝑉𝑎 vary across the stress range. Since 

the microstructure also evolves with applied stress due to GBM leading to defect removal, 

additional experiments were conducted to investigate if the observed trends in activation 

volume are a stress effect or an effect of the evolving microstructure. To do this, a stress-

relaxation experiment was conducted to measure 𝑉∗ and promote stress-assisted GBM to 

‘clean’ the microstructure before unloading to prevent specimen failure. This experiment 

(Test 1) is shown in Figure 76(a) and was done with image-based sensing for CS2 (stress) 

only, so the data is presented in terms of stress-time. The specimen was unloaded and the 

microstructure was analyzed for evidence of GBM by identifying defect-free regions. After 

the 20-minute Test 1, ~1.62% of the specimen gauge volume has been removed of radiation 

damage. The specimen was then loaded again (Test 2, Figure 76(b)) to conduct additional 

relaxation segments until specimen failed after 16-minutes. The post-mortem gauge was 

analyzed and ~5.56% of the volume was cleaned of radiation damage due to stress-assisted 
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GBM. The 𝑉∗ measurements from Test 1 and Test 2 are displayed on Figure 76(c). The 

values for Test 1 range from 71-79𝑏3 for 𝜎~250 MPa, decrease slightly to 42𝑏3 (260 MPa) 

and further decrease to 21-28𝑏3 as the stress increases to 380-410 MPa. If the decrease 

from ~70 to ~20𝑏3 was due to the evolving microstructure, one would expect that the 𝑉∗ 

would be ~20𝑏3 for all the Test 2 measurements since the microstructure does not revert 

to the initial condition during unloading. However, the 𝑉∗ for Test 2 are ~60𝑏3 (148 MPa) 

which decrease to ~30𝑏3 (300 MPa). This experiment confirms that the variation in 𝑉∗ for 

a given specimen is likely a stress effect and not the effect of the evolving microstructure. 

Additional discussion on 𝑉∗ interpretation is provided in CHAPTER 8. 
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Figure 76 – Successive in situ stress-relaxation experiments to investigate how true 

activation volume 𝑽∗ varies with evolving microstructure. Stress-time data for (a) 

Test 1 and (b) Test 2 for the same specimen. The measured 𝑽∗ values for both tests 

are shown in (c).  

7.6 Discussion 

The above results provide experimental evidence that a boundary migrating under 

an applied stress can effectively remove radiation damage, confirming previous models 

that proposed stress-assisted GB migration can lead to SFT absorption [152–154]. It has 

been well documented that GBs absorb radiation defects under static conditions (owing to 

the increased radiation tolerance in NC/UFG metals), but the above results unambiguously 



 184 

highlight that a mechanical stress can activate an additional mechanism for damage 

removal. The percentage of the area that is cleared of defects depends on the time under 

tension and stress levels, with the cleaned area percentage typically ranging between 2-

15%. For example, 2.6% of the gauge area is cleared of black-spot damage during the 

monotonic test shown in Figure 68(a) (total time under tension was 2.5 minutes) compared 

to the 14% that was cleaned after 51 minutes under tension in Figure 70. This indicates 

that pausing the loading prior to failure is necessary to allow for more time to promote and 

observe the stress-assisted GBM and defect clearing. In this study, defect-free regions are 

always observed in the wake of a migrating GB, indicating that a wide range of GB types 

can absorb radiation defects during migration. This newly documented mechanism implies 

that the deleterious effects of irradiation on the mechanical properties of NC and UFG 

metals can be further reduced thanks to an evolving network of migrating GBs when 

subject to mechanical loading. It is therefore crucial to quantify the effects of this healing 

mechanism on the evolving microstructure and resulting mechanical properties. To that 

end, our quantitative in situ TEM technique is ideally suited, as it allows for direct 

quantification of microstructure evolution as a result of stress-assisted GB migration with 

and without irradiation damage.  

Using the GB velocity information shown in Figure 71-Figure 73 to conclude on 

the effect of irradiation on GB mobility would require knowledge of the driving force for 

GBM (since velocity is the product of mobility and driving force), which is challenging to 

quantify accurately [97,193,194]. Qualitatively, we believe that the increased GB velocities 

for the as-deposited, unirradiated Au films are related to an increased driving force 

associated with the smaller grains that are present in the unirradiated as-deposited films. 
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As stress is applied, small grains deform elastically whereas larger grains deform 

plastically and can achieve lower stresses. The size-dependent yield stress has been 

proposed as a size-dependent driving force for grain coarsening and can explain the specific 

observation that large grains (with lower strain energy density) grow while small grains 

(higher strain energy density) shrink and disappear [102,195]. This explanation is 

consistent with our in situ TEM observations of “rapid” grain growth for the unirradiated 

Au films that is associated with the disappearance of the smaller grains. In addition, “rapid” 

grain growth is not observed for unirradiated, annealed Au specimens (350°C for 30 

minutes) that do not have small grains (<50 nm) initially present (see Figure 77(a) and (c) 

and discussed in detail in CHAPTER 6), which is also consistent with the notion that small 

grains are associated with larger driving force for GBM (and therefore increased 

velocities). Given the absence of small (<50 nm) grains in irradiated samples and non-

irradiated annealed samples, comparing the average GBM velocities (see Figure 77(b)) 

suggests that the irradiated GBs have lower mobilities (similar velocities, larger applied 

stresses for the irradiated specimen). Lower GB mobilities could be attributed to increased 

disorder of the GB plane as the GB absorbs the radiation defects that could make 

disconnection motion more “sluggish”, or that the GBs are being temporarily pinned by 

the radiation defects. Additional experiments, particularly on irradiated annealed 

specimens, are required to further investigate the effect of irradiation on GB mobility.  
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Figure 77 – GB migration data for migrating boundaries in a UFG annealed Au 

specimen. (a) TEM image of initial microstructure of UFG annealed Au. Migration 

behavior of annealed Au compared with the migrating boundaries in (b) irradiated 

specimen and (c) non-irradiated as-deposited.  

It is important to note that the observed GBM behavior in the irradiated films 

exhibit similarities with dynamic recrystallization, which is typically observed in terms of 

newly nucleated (defect-free) grains growing and absorbing the neighboring grains that 

have a high number of defects [196]. However, we observe stress-assisted GBM with the 

unirradiated films, indicating that migration occurs without the additional defect-removal 

driving force and therefore it is likely that stress can also trigger GBM in irradiated films, 
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as suggested in [153]. Furthermore, in Figure 71, the grain that grew was not a small 

defect-free embryo, but instead had a high density of defects similar to the surrounding 

grains, which is inconsistent with recrystallization (nucleation of new grains).  

7.7 Conclusion 

This chapter provides striking evidence that stress-assisted GBM serves as an effective 

mechanism of defect removal in irradiated NC and UFG metals. This indicates that 

applying a small amount of stress sufficient enough to promote GBM could be 

implemented to facilitate ‘self-healing’ of irradiated materials. Future studies will involve 

characterizing the stress-assisted GBM in detail with particular interest in understanding 

how the irradiation-induced defects influence the GB structure and the GBM behavior in 

order to optimize the defect clearing capacity of NC and UFG metals. 
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CHAPTER 8.  

INTERPRETATION OF MEASURED ACTIVATION VOLUME  

8.1 Overview  

The following chapter summarizes all the true 𝑉∗ activation volume measurements 

made on the Au and Al specimens in this thesis. Then, Section 8.3.1 discusses 

computational techniques used by collaborators to relate the experimentally determined 𝑉∗ 

values to individual deformation mechanisms. This is followed by a discussion on the 

observed trends in the measured 𝑉∗ values and interpretation in terms of the effect of stress, 

grain size and irradiation. 

8.2 Summary of All Activation Volume Values 

8.2.1 Gold 

Figure 78 provides a complete summary of all the true activation volume 𝑉∗ 

measurements that have been made on the as-deposited, annealed (A350 and A700) and 

irradiated Au specimens. Across all specimen types, the true activation volume decreases 

with increasing stress (Figure 78(a)). This is true both for measurements made on an 

individual specimen and for the measurements across all specimens and stress levels. For 

the most part, the stress dependence appears to be minimized for measurements made for 

stress levels greater than 350 MPa. It is important to note that the measurements made with 

far-field 𝜎 < 350 MPa are prior to the specimen-level yielding (Table 7, Figure 68), 

however, the local stress is likely large enough to promote plastic deformation. At larger 
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stresses, it is likely that most or all of the grains have locally yielded and as such a further 

increase in stress will not have a significant impact on the stress-relaxation, which could 

explain the observed decrease in stress dependence at higher stresses. Additional 

experiments need to be completed on the A700 specimens in order to investigate a stress-

dependence, since the current measurements were made at the same stress levels.  

 

Figure 78 – All in situ true activation volume measurements made on UFG Au 

specimens (as-deposited, A350, A700, and irradiated). True activation volume 𝑽∗ 
versus (a) the initial stress level, (b) plastic strain (%), and (c) plastic strain rate (𝐬−𝟏) 

for each given relaxation segment. (d) strain rate sensitivity 𝒎 calculated using 𝑽∗for 

each relaxation segment.  
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Due to the stress-dependence previously discussed, the averages have been 

separated into measurements made for stress levels either below or greater than 350 MPa. 

For 𝜎 > 350 MPa, the average 𝑉∗ for the unirradiated specimens are as follows: 25 ±

14𝑏3 (as-deposited), 35𝑏3 (A350), and 96 ± 5𝑏3 (A700). For the irradiated, the average 

𝑉∗~57 ± 28𝑏3. The standard deviations for each are large due to the aforementioned stress 

dependence. For 𝜎 > 350 MPa, average 𝑉∗ decreases to 9 ± 3𝑏3 (as-deposited), 13 ± 7𝑏3 

(A350), and 22 ± 8𝑏3 (irradiated) (there are no available 𝑉∗ measurements for A700 for 

this stress range).  

 𝑉∗ values decrease with increasing plastic strain level (Figure 78(b)). The reported 

strain value is defined as the initial plastic strain level at the beginning of each relaxation 

segment. It is likely that the observed stress- and plastic strain-dependence on 𝑉∗ are related 

as in general the plastic strain increases with increasing stress. However, it is useful to look 

at the stress and plastic strain separately as different specimens can be at different plastic 

deformation (plastic strain) levels at the same stress level. For example, the irradiated 

specimens are stronger and will yield at higher stresses, so the plastic strain for the 

irradiated specimens will be lower that than of the as-deposited for the same stress level. 

In fact, all of the irradiated measurements are below 𝜀𝑝 = 3% even though the majority of 

the measurements were done at larger stresses (𝜎 > 350 MPa) compared to the other Au 

specimen microstructures.  

There is a slight decrease in 𝑉∗ with increasing plastic strain rate for the as-

deposited, A350 and irradiated specimens (Figure 78(c)), however, the trend is not as 

significant as with stress and plastic strain. Once again, the reported plastic strain rate 
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values are the initial plastic strain rate for a given relaxation segment. The A700 

measurements do not follow this trend but more data points should be collected to confirm 

this.  

The physical activation volume values can be directly related to the strain rate 

sensitivity m using the equation below:  

 
𝑚 =

√3𝑘𝑇

𝜎𝑉∗
 (41) 

The strain rate sensitivity values are shown in Figure 78(d). The average 𝑚 values across 

all stress levels for each specimen types are summarized in Table 9. Although there is 

scatter in the data leading to large standard deviations, qualitatively the strain rate 

sensitivity increases going from A700 > irradiated > A350 > as-deposited specimens. This 

confirms that strain rate sensitivity increases with decreasing grains size. It also appears 

that 𝑚 increases with increasing plastic strain level.  

Table 9 – Average strain rate sensitivity values determined using V* for all UFG Au 

specimens.  

Specimen-type 𝒎 

As-deposited (Au) 0.067 ± 0.059 

A350 (Au) 0.059 ± 0.029 

A700 (Au) 0.012 ± 0.001 

Irradiated (Au)  0.033 ± 0.018 

In summary, there is minimal difference when comparing 𝑉∗ values of the as-

deposited and A350 specimens. However, 𝑉∗ is consistently larger for the irradiated 

specimens and even larger for the A700 specimens, indicating that both radiation damage 

and grain size have an effect on 𝑉∗.  Strain rate sensitivity 𝑚 is also observed to increase 
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from 0.012 (A700), 0.033 (irradiated), 0.059 (A350) to 0.067 (as-deposited) indicating a 

variation in the strain rate sensitivity of the different microstructures.  

8.2.2 Aluminium  

All of the in situ true activation volume 𝑉∗ measurements for the Al specimens (Al-

100 and Al-200) are shown in Figure 79. Similar to the Au specimens, the measurements 

show a strong stress dependence of decreasing 𝑉∗ with increasing stress (Figure 79(a)). 

This is particularly true for the Al-200 specimens where 𝑉∗ decrease from ~50𝑏3 to ~12𝑏3 

as the stress increases from 190 to 340 MPa. Commenting on the stress-dependence of the 

Al-100 specimens is more difficult as the available measurements are only made at higher 

stress (𝜎 > 350 MPa) which could indicate that the stress-dependence is already 

minimized (similar to as discussed for the Au specimens in Section 8.2.1). Average 𝑉∗ for 

the Al-200 specimens is 22 ± 11𝑏3  for the stress range 193 < 𝜎 < 341 MPa. This 

decreases to an average 𝑉∗~ 6 ± 2𝑏3 for the Al-100 specimens (368 < 𝜎 < 454 MPa).  
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Figure 79 – All in situ 𝑽∗ measurements made on NC Al specimens (Al-100 and Al-

200). True activation volume 𝑽∗ versus (a) the initial stress level, (b) plastic strain 

(%), and (c) plastic strain rate (𝐬−𝟏) for each given relaxation segment. (d) strain rate 

sensitivity m calculated using 𝑽∗for each relaxation segment. 

Figure 79(b) show 𝑉∗ plotted against the initial plastic strain level for each 

relaxation segment. Since there is overlap between Al-100 and Al-200 plastic strain levels, 

comparing the activation volume values indicate that 𝑉∗ tends to be larger for Al-200 for 

the same deformation (plastic strain) level. The 𝑉∗ values versus initial plastic strain rate 

are shown in Figure 79(c). For the Al-200 specimens, the activation volume values 

decrease with increasing plastic strain rate. This could be related to the stress dependence 
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as increasing stress will promote faster plastic deformation. The activation volume values 

for the Al-100 specimens are consistent across all plastic strain rate levels. The strain rate 

sensitivity 𝑚 related to 𝑉∗ (using Eqn. (41)) is shown in Figure 79(d). Values range from 

0.10 -0.48 for Al-100 and 0.05-0.52 for Al-200.  

Table 10 provides a summary of 𝑉∗ values for all UFG Au (as-deposited, A350, 

A700, and irradiated) and NC Al (Al-100 and Al-200) specimen types. This table illustrates 

that the physical activation volume values are found to vary across metal, microstructure 

(grain size or radiation damage) and stress level. 

Table 10 – Summary of all True V* values for the as-deposited, annealed (A350 and 

A700), and irradiated UFG Au and NC Al specimens.  

  Average 𝑽∗(𝒃𝟑) 

Specimen-type 𝒅𝒂𝒗𝒈 (𝐧𝐦) 𝝈 < 𝟑𝟓𝟎 𝐌𝐏𝐚 𝝈 > 𝟑𝟓𝟎 𝐌𝐏𝐚 

As-deposited (Au) 142 25 ± 14 9 ± 3 

A350 (Au) 287 35 13 ± 7 

A700 (Au) 768 96 ± 5 − 

Irradiated (Au)  189 57 ± 28 22 ± 8 

Al-100 (Al) 55 − 6 ± 2 

Al-200 (Al) 93 22 ± 11 − 

 

8.3 Relating Experimentally Measured V* to Deformation Mechanisms  

Activation volume is a signature parameter associated with a deformation 

mechanism and the ultimate goal is to relate the experimentally measured (sample-level) 

𝑉∗ values to the rate-controlling deformation mechanisms. This requires additional 

approaches, such as computational techniques. Atomistic models benefit from the ability 

to analyze an individual mechanism at one time to determine the expected 𝑉∗ for that given 
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mechanisms. These values can be compared to the experimentally measured 𝑉∗ to predict 

the active rate-controlling deformation mechanisms. The following section outlines 

modeling work done by collaborators to help correlate the experimentally measured 𝑉∗ to 

deformation mechanisms (see Ref [95] for more details).   

8.3.1 Atomistic Modeling  

Activation volume is the derivative of activation energy with respect to stress (𝑉∗ =

 𝑑𝑄 𝑑𝜎⁄ ) and characterizes rate-sensitivity. The stress dependence of activation energy can 

be calculated from the nudge elastic band (NEB) method, which is a chain-of-states 

approach to find the minimum energy path (MEP) on the potential energy surface (PES) 

[197,198]. For each mechanism, there are configurations that are a local minimum, local 

maximum, or saddle point on the PES and the MEP is the lowest energy path connecting 

two neighboring local minimum configurations. The activation energy barrier (∆𝐺) is given 

by the maximum on the MEP which occurs at the saddle point. This method works well 

for highly localized activation processes, however it is inefficient for defect nucleation 

processes in which the local minimum is far away from the initial state. A modified free-

end NEB (FENEB) method is used to reduce the MEP length by removing the constraint 

of the final state and  instead allow it to move freely on an energy iso-surface close to the 

initial state [199]. For more details on the computational methods see Refs. [95,198].  

This approach has been performed for candidate rate-controlling dislocation 

process at difference stress levels in order to calculate the activation energy stress 

dependence and 𝑉∗. This has been done for two mechanisms: dislocation nucleation from 

the free-surface and from a GB. These mechanisms were chosen since dislocation 
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nucleation is widely seen experimentally. The simulation setup for GB dislocation 

nucleation is shown in Figure 80. The bicrystal contains a symmetric tilt GB (similar to 

the GBs observed in the UFG Au specimens in CHAPTER 5) with the dimensions of 

16.3 × 32.8 × 0.6 nm and contains 226,260 atoms. A periodic boundary condition is 

imposed along the loading direct of [4̅1̅5] and the two side surfaces of (111) and (23̅1) 

are traction free. Figure 80(b) shows a typical “free-end” configuration in an FENEB 

calculation. The MEPs of GB dislocation nucleation are determined by FENEB 

calculations at different applied tensile stresses.  

 

Figure 80 – Atomistic FENEB simulation setup for GB dislocation nucleation in an 

Au bicrystal. (a) An initial defect-free configuration containing a symmetric tilt GB. 

The tensile load is applied on [𝟒̅𝟏̅𝟓] direction. (b) A typical free-end state with an 

embryonic partial dislocation loop at the intersection between the GB and surface 

(from Ref. [95]). 
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The FENEB results for the GB dislocation nucleation in a bi-crystal Au nanowire 

is shown in Figure 81. The MEPs at different resolved shear stresses are shown in Figure 

81(a) and illustrate how the energy barrier decreases with increasing stress. The atomistic 

configurations for point 1, 2, and 3 on the 827 MPa MEP are shown in Figure 81(b). The 

maximum energy (saddle-point) state corresponds to dislocation nucleation (b3). The 

elongated structure seen in (b4) is due to different glide resistance to the loop intersection 

points at the GB and grain surface. The stress-dependent activation energy is shown in 

Figure 81(c). For laboratory strain rates such as 10−2s−1, the activation energy is about 

0.7 eV (~30𝑘𝐵𝑇). At this activation energy, the stress required for dislocation nucleation 

is 𝜏 = 0.93 GPa. Figure 81(d) shows the derivative of the curve in Figure 81(c), which 

results in the activation volume vs. 𝜏 curve. At 𝜏 = 0.93 GPa (0.7eV), 𝑉∗~50𝑏3for GB 

dislocation nucleation. This simulation was also completed for an Al bi-crystal which 

yielded 𝑉∗~16𝑏3 for GB dislocation nucleation. 
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Figure 81 – FENEB results for GB dislocation nucleation in an Au bi-crystal. (a) 

MEPs at different applied resolved shear stresses, (b1-b4) Atomic configurations 

(marked in (a)), (c) Activation energy as a function of resolved shear stress. (d) 

Activation volume as a function of resolved shear stress.  

In addition to GB dislocation nucleation, the simulations were completed for 

surface dislocation nucleation which resulted in estimated activation values of 𝑉∗~20𝑏3  

for both Au (𝜏 = 0.97 GPa) and Al (𝜏 = 1.7 GPa). Partial dislocation nucleation was also 

studied and resulted in 𝑉∗~31𝑏3 for free-surface nucleation and 𝑉∗~52𝑏3 for nucleation 

from GB in Au [198]. This value decreased to 𝑉∗~16𝑏3 (free-surface nucleation) in Al. 

The high stacking fault energy of Al further increases the stress needed to nucleate a partial 

dislocation which contributes to the smaller 𝑉∗ values compared to Au. In addition to 

displacive-type mechanisms, diffusive-type mechanisms have been investigated. 
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Additional GB processes could include shearing of a patch of GB atoms or atomic diffusion 

[26,88,92]. The FENEB calculations indicate that these mechanisms would have 𝑉∗~20𝑏3 

and ~0.1𝑏3, respectively. Additional simulations have been completed on the non-

conservative motion of GB dislocations/disconnections, such as through a process 

involving climb. This is required if a GB dislocation/disconnection has a Burgers vector 

component perpendicular to the GB. A recent in situ HRTEM study has suggested that 

such mechanisms are active under a high applied stress [184]. These calculations resulted 

in 𝑉∗~1.5𝑏3for the climb of GB dislocations. All of the calculated 𝑉∗ values for the studied 

mechanisms are summarized in Table 11. 

Table 11 – A summary of V* values calculated from the FENEB models for different 

deformation mechanism.  

Deformation Mechanism 𝑽(𝒃𝟑) 
Surface dislocation nucleation  20 

Dislocation nucleation at GB 16-50 

Surface partial dislocation nucleation 16-31 

Partial dislocation nucleation at GB 52 

Shearing of GB atoms 20 

Atomic diffusion 0.1 

Disconnection climb 1.5 

 

8.4 Discussion 

In order to relate the experimental sample-level 𝑉∗ measurements to  𝑉∗ determined 

from the atomistic models, the differences between both approaches must be considered. 

First, the experimental specimens have larger grain sizes (55-768 nm) compared to the cell 

size in the atomistic models (<10 nm). One can evoke the Conrad model to understand the 

grain size effect on 𝑉∗ (Section 1.4.3 and shown below) [26,86].  
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 1

𝑉∗
=
1

𝑉𝑖
∗ +

𝑀2𝜇𝑏

𝐾𝐻−𝑃√𝑑

1

𝑉𝑐
∗ (14) 

This model is useful in comparing the experimentally measured 𝑉∗ with the 𝑉𝑐 determined 

for individual mechanisms using the atomistic models. The key component of this model 

is connecting the applied far-field stress to an amplified local stress at the GB where the 

mechanism is activated.  

In general, the model states that the sample-level 𝑉∗ will increase with increasing 

grain size 𝑑. Since the atomistic models are completed for the lower limit of grain size and 

the applied stress is roughly equal to the local stress (i.e. no dislocation pile-up), the 

activation volume values shown in Table 11 are the lower limit values. If we extrapolate 

these to account for larger grains, these values would be expected to scale to larger values. 

For example, the values in Table 11 for displacive-type mechanisms (𝑉𝑐~16 − 51𝑏
3) are 

the lower limit values for these mechanisms and would be extrapolated to larger values for 

a more accurate comparison to the experimentally measured sample-level 𝑉∗. This 

indicates that the measured sample-level 𝑉∗ values for as-deposited Au, A350, Al-100 and 

Al-200 cannot be attributed to displacive mechanisms since the experimental values (𝑉∗ =

22 − 35𝑏3) are within the range of 𝑉𝑐~16 − 51𝑏
3, keeping in mind the atomistic values 

are the lower limit and will only increase if the grain size is increased to match that of the 

experimental condition. However, it is possible that the larger experimentally measured 𝑉∗ 

for the A700 (95𝑏3) and irradiated Au (57𝑏3) could be attributed to displacive type 

mechanisms at the GB.  
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Since displacive-type mechanisms at the GB cannot account for the low sample-

level 𝑉∗ measured for all the specimens, this indicates that there are alternative mechanisms 

active. This would lead to a modified Conrad’s model to account for additional competing 

rate-controlling processes at the GB: 

 1

𝑉∗
=
1

𝑉𝑖
∗ +

𝑀2𝜇𝑏

𝐾𝐺𝐵−Ι√𝑑

1

𝑉𝐺𝐵−Ι
∗ +

𝑀2𝜇𝑏

𝐾𝐺𝐵−ΙΙ√𝑑

1

𝑉𝐺𝐵−ΙΙ
∗  (42) 

In the above equation, the 𝑉𝑐
∗ term from Eqn.(14) has been divided into two components 

(𝑉𝐺𝐵−Ι
∗ , 𝑉𝐺𝐵−ΙΙ

∗ ) corresponding to different types of intergranular processes. Each of these 

components has their respective Hall-Petch coefficient (𝐾𝐺𝐵−Ι, 𝐾𝐺𝐵−ΙΙ) that depends on the 

critical local stress at the GB that is responsible for triggering the rate-controlling process. 

Competing rate-controlling mechanisms could include diffusive-type mechanisms such 

disconnection climb. These mechanisms would be expected to have lower 𝑉𝐺𝐵−ΙΙ
∗ ~1𝑏3 that 

even when extrapolated to larger grain sizes, could help account for the lower 𝑉∗ 

experimentally measured.  

In summary, it is not likely that displacive-type mechanism at the GB (i.e. 

dislocation nucleation) can be the sole contributor to sample-level experimentally 

determined 𝑉∗ values for all of the specimen types. Instead, other diffusive-type 

mechanisms are also likely active and important in controlling the rate-sensitivity.  

8.4.1 General Trends in Activation Volume 

8.4.1.1 Stress 
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A consistent trend seen throughout all specimens tested is that the measured 

activation volume 𝑉∗ decreases with increasing applied stress. This is true both for 

measurements made on the same specimen and for different specimens tested at different 

stress levels. In all specimens, the stress dependence is minimized once the stress reaches 

higher values (𝜎 > 350 MPa).  

Each deformation mechanism has a unique stress-dependent activation energy 

curve and for a given mechanisms, the slope of these curves (𝑉∗) decreases with increasing 

stress (Figure 82). Increasing the applied stress will increase the thermodynamic driving 

force, reduce the energy barrier, and result in an increased rate of a thermally activated 

process [200]. This can be rationalized in terms of the applied stress providing more 

mechanical work which results in a lower activation energy Δ𝐺  required to overcoming 

the local barrier. It is true that 𝑉∗ generally decreases with increasing stress, however, in 

most cases 𝑉∗ is usually treated as a constant when the rate or stress change is not large. 

The fact that there is a strong 𝑉∗ stress dependence indicates that in NC and UFG metals, 

increasing the stress by 100-300 MPa is significant enough to result in a change in 𝑉∗. 

Another possible explanation for the observed stress effect could be that the higher stresses 

promote alternative deformation mechanisms that have different 𝑉∗ values. In Figure 82, 

there is a ‘cross-over’ point in which the curves for the two mechanisms intersect. To the 

left of the cross-over, mechanism #1 (with 𝑉1
∗) will have a lower energy barrier than 

mechanism #2. However, at higher stresses the energy barrier for mechanisms #2 is less 

than #1. This results in the switching of the rate-controlling mechanism at different stress 

levels.  
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Figure 82 – Schematic of the stress-dependent activation energy for two competing 

thermally activated processes [200]. 

Along similar lines, it could be possible that plastic deformation transforms the 

microstructure to promote alternative deformation mechanisms. For example, stress-

assisted grain growth could lead to grains that are larger enough to promote intragranular 

dislocation glide at a later stage in the deformation. Theoretically, this could cause a switch 

in rate-controlling deformation mechanisms from intergranular-based to transgranular. A 

similar phenomenon could occur in the irradiated Au since the microstructure is cleaned of 

radiation damage from stress-assisted GB migration. However, in both cases it is unlikely 

that a large enough proportion of the specimen gauge is transformed to an extreme enough 

degree to lead to a measurable difference in 𝑉∗. In fact, this is confirmed by the data shown 

in Figure 76 in which successive experiments were completed on an irradiated Au 

specimen to investigate if the evolving microstructure leads to the decrease in 𝑉∗. The 

results show that in both Test 1 and Test 2 𝑉∗ values are higher at lower stresses and 
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proceed to decrease at higher stresses, indicating that the decrease is a stress effect and not 

an effect of the evolving microstructure.  

A final proposed explanation for the observed 𝑉∗ stress-dependence is related to 

the grain size distribution. At lower stress levels, larger grains dominate plastic 

deformation and therefore the stress-relaxation. These intragranular mechanism have large 

𝑉∗due to the Conrad’s model. At larger applied stresses, smaller grains will contribute more 

to the plastic deformation, for which 𝑉∗ is lower since the grain size is smaller. This 

indicates that a weighted average between the 𝑉∗ for large and small grains could explain 

the trend, even if the same mechanism dictates plastic deformation.  

8.4.1.2 Grain size 

Another consistent trend observed in the 𝑉∗ values is that 𝑉∗ decreases with 

decreasing grain size for the same metal. For example, the average 𝑉∗ increases from 25𝑏3 

to 96𝑏3 as the grain size increases from 142 to 768 nm in the Au specimens within the 

same stress range. Similarly, 𝑉∗ decreases from 22𝑏3 to 6𝑏3 as the grain size in Al 

decreases from 93 to 55 nm. There are a few proposed explanations for this trend. The first 

follows the Conrad model, which is shown here again: 

 1

𝑉∗
=
1

𝑉𝑖
∗ +

𝑀2𝜇𝑏

𝐾𝐻−𝑃√𝑑

1

𝑉𝑐
∗ (14) 

First, as grain size decreases the 𝑉𝑖
∗ term is negligible since intragranular mechanisms such 

as dislocation forest interactions do not occur in small grains. Second, as 𝑑 decreases 
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further, 𝑉∗ decreases due to the increasing 
𝑀2𝜇𝑏

𝐾𝐻−𝑃√𝑑
 term. This means that for the same 

mechanism (with 𝑉𝑐
∗), decreasing the grain size will lead to a smaller sample-level 𝑉∗.   

A change in grain size could also signify a change in deformation mechanisms. For 

example, the transition from 𝑉∗~25𝑏3 for a grain size of 142 nm to 𝑉∗~96𝑏3 for the 

average grain size of 768 nm could indicate that a switch from a 𝑉𝑐
∗ to 𝑉𝑖

∗ dominated 

mechanisms. For the A700 specimens, it is possible that the grains are now large enough 

to support conventional transgranular dislocation mechanisms that have 𝑉𝑖
∗~1000𝑏3, 

leading to an overall increase in the sample-level 𝑉∗.   

8.4.1.3 Irradiation 

The sample-level physical activation volume 𝑉∗ has been measured for both non-

irradiated and irradiated specimens in order to investigate the effect of radiation damage 

on the rate-controlling deformation mechanisms. Although GBM clears grains of defects, 

the amount of “cleaned” microstructure (< 15%) is not enough to obtain unchanged 

activation volume after irradiation. In fact, 𝑉∗ is consistently larger for the irradiated films 

compared to the non-irradiated films. For example, for stresses 𝜎 > 400 MPa, the average 

𝑉∗ increases from 9 ± 3 𝑏3 (non-irradiated) to an average of 22 ± 6 𝑏3 in the irradiated 

films. These results provide evidence that the radiation defects have an influence on the 

rate-controlling deformation mechanisms. The atomistic study provided in Section 8.3.1 

and use of an existing model to account for the grain size dependence of activation volume 

have suggested that the measured low activation volume for the non-irradiated Au films is 

mainly attributed to GB mechanisms that involve diffusive processes driven by local high 

stresses, such as disconnection climb within the GBs [95]. As such, an increase in 𝑉∗ could 
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indicate a change in rate-controlling mechanism from GB mechanisms (intergranular) to 

mechanisms within the grain (intragrain), or a change in the relative contributions of these 

two mechanisms. The activation volume within grains can be estimated using the following 

scaling equation,  

 𝑉𝑖
∗ = 𝑙𝑏2 (43) 

where 𝑙 is the spacing between obstacles and 𝑏 is the Burgers vector length [201]. For non-

irradiated Au films, 𝑉𝑖 is expected to be large (~ 500 𝑏3) and to not significantly affect the 

measured sample-level activation volume. This is not the case for irradiated Au films. 

Using the estimated defect-spacing in these films (15 nm) and the Burgers vector of Au, 

𝑉𝑖
∗ is ~ 52 𝑏3. This is larger than the measured sample-level 𝑉∗ of 21 ± 6 𝑏3, which is 

qualitatively consistent with changing the rate-controlling mechanism from GB-based 

(with activation volume < 10 𝑏3) to intragrain mechanism (𝑉𝑖
∗ ~ 52 𝑏3). This implies that 

the rate-controlling mechanism in the irradiated film is likely dislocation pinning/de-

pinning within grains.  

8.4.1.4 Strain rate sensitivity  

The physical activation volume 𝑉∗ can be related to the strain rate sensitivity and 

both help provide a link between experimentally measurable parameters describing plastic 

flow characteristics and the underlying deformation mechanisms. For all Au and Al 

specimens, the strain rate sensitivity was found to decrease with increasing grain size. For 

example, 𝑚 increased from 0.012 to 0.067 as the grain size in Au decreased from 768 to 

142 nm. This implies that the strain rate sensitivity increases with decreasing grain size, 
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which is consistent with previous reports [34–37]. The full range of values determined for 

the Au specimens are 0.013-0.067, which are similar to other studies that have been 

conducted with values typically ranging from 0.015-0.103 [35,37,39,40,42,43]. The strain 

rate sensitivity for the Al specimens range from 0.05-0.52 (Al-200) and 0.10-0.48 (Al-100). 

These are larger than those in Au, possibility indicated the NC Al is more strain rate 

sensitive due to the smaller grain sizes.  

8.4.1.5 Metal type  

There is not a drastic difference in measured 𝑉∗ values across Au and Al specimens, 

excluding the results from the irradiated and A700 Au specimens. For the as-deposited Au, 

𝑉∗~25𝑏3 which is similar to the values for the Al-200 specimens (𝑉∗~22𝑏3)  for the same 

stress range (𝜎 < 350 MPa). The averages are similar (9𝑏3 and 6𝑏3) for 𝜎 > 350 MPa. 

Based solely on the grain size argument (decreasing 𝑉∗ for smaller grain size), one would 

expect 𝑉∗ would be smaller for the Al specimens since the grain size is smaller than all of 

the Au specimens. This trend is not observed which indicates that comparing 𝑉∗ values 

across different metal type is not a 1-to-1 comparison. There are additional differences 

between the Au and Al specimens, including the film texture, stacking fault energy, shear 

modulus, etc. The Au specimens are <111> textured which results in a large proportion of 

the GBs being tilt boundaries and Σ3 twin boundaries. The Al specimens are randomly 

textured and as a result the GBs are all random HAGB. The GB structure undoubtably has 

an impact on the behavior of deformation mechanism at the GB, however, comparing Au 

and Al is not an optimal way to investigate the texture/GB structure effect.  

8.5 Conclusion  
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Results from the in situ TEM activation volume 𝑉∗ measurements have been 

summarized and discussed in terms of candidate rate-controlling active deformation 

mechanisms. Atomistic models have been performed to predict the expected 𝑉∗ for 

individual mechanisms. By invoking the Conrad model, it is postulated that the 

experimentally measured 𝑉∗ for both Au and Al is likely a result of a competition between 

displacive- and diffusive-type deformation mechanisms. The strongest trends observed in 

the measured sample-level 𝑉∗ values are a decrease in 𝑉∗ with increasing stress and 

decreasing grain size. Alternative interpretations for the trends were discussed. In situ TEM 

observations with quantification of plastic flow characteristics through 𝑉∗ combined with 

atomistic modeling is necessary to fully understand the active plastic deformation 

mechanisms that control mechanical properties in NC and UFG metal thin films.  
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CHAPTER 9. CONCLUSIONS 

The plastic deformation mechanisms of UFG Au and NC Al thin films were 

investigated using an in situ TEM MEMS-based nanomechanical testing technique. These 

investigations revealed multiple active deformation mechanisms including both 

dislocation- and GB-based. The true activation volume 𝑉∗ was measured for all specimens 

and ranged from 9 − 95𝑏3 (UFG Au) and 6 − 22𝑏3 (NC Al) across all stress levels. A 

specific mechanisms (stress-assisted GBM) was analyzed in detail for the UFG Au, 

including irradiated specimens. Below presents a list of the major conclusions and 

significant contributions.  

1. Improved the existing in situ TEM MEMS-based nanomechanical technique 

by implementing image-based sensing to replace the capacitive electrical-

based sensing. This significantly increases the yield of successful experiments and 

improves the sensitivity of the technique. This allows for more reliable and precise 

stress and strain measurements and with a real-time output, allows for experiments 

to be conducted in intentional manner (i.e. stress-relaxation/𝑉∗ measurements can 

be performed at pre-determined stress levels). The increased sensitivity allows for 

small stress-relaxation levels to be measured which expands the limits of the current 

electrical-based technique.  

2. Determined that the electron beam increases local atomic fluctuation during 

in situ TEM straining and leads to increased plastic deformation and a 

decrease in measured activation volume 𝑽∗. In situ TEM straining experiments 

were conducted in either beam-off and beam-on conditions and it was found that 
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increased plastic deformation occurred under beam-on condition. For NC Al, this 

resulted in increased failure strain, a 3x increase in plastic strain rate, and a decrease 

in true activation volume 𝑉∗ from 28 to 21𝑏3. Similar results (yet to a lesser extent) 

were seen for the experiments conducted on UFG Au, including a 1.2x increase in 

plastic strain rate with e-beam exposure. The e-beam effects were seen at TEM 

beam accelerating voltages of 80 and 300kV which suggests that knock-on damage 

is not the source for the observed e-beam effect (since 80kV is below the knock-on 

threshold for both Al and Au). Instead, the experiments suggest that the e-beam 

causes additional thermal activation that accelerates the stress-driven, thermally-

activation plastic deformation. The additional thermal activation reduces the barrier 

to plastic deformation and leads to the change in the mechanical properties across 

the beam-on and -off conditions, but does not change the active deformation 

mechanisms themselves. These results show that there is non-negligible e-beam 

effect in different materials that must be considered for accurate interpretation of 

in situ experiment results.  

3. Measured activation volume 𝑽∗ across many specimens of different 

microstructures and stress levels and interpreted values in context of atomistic 

simulations and existing models. True activation volume 𝑉∗ calculations were 

performed for all of the UFG Au and NC Al specimen variations. For Au, it was 

found that 𝑉∗ increases from 25 ± 14𝑏3 (as-deposited), to 35𝑏3 (A350), and 

finally to 96 ± 5𝑏3 (A700) as the grain size increases from 142, 287, and 768 nm 

respectively. Average 𝑉∗ for the Al-200 specimens was 22 ± 11𝑏3  which 

decreased to 𝑉∗~ 6 ± 2𝑏3 for the Al-100 specimens. These were compared with 
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MD simulations of displacive-type mechanisms (i.e. dislocation nucleation) which 

indicated that the measured sample-level 𝑉∗ values for as-deposited Au, A350, Al-

100 and Al-200 cannot be attributed to displacive mechanisms only. By invoking 

the Conrad model, it is proposed that the experimentally measured 𝑉∗ for both Au 

and Al is likely a result of a competition between displacive- and diffusive-type 

deformation mechanisms. For all of the specimens, there was a strong stress-

dependence of decreasing 𝑉∗ with increasing stress. Multiple explanations for this 

trend were discussed, including the possibility that the active deformation 

mechanisms change at larger stress levels resulting in a change in 𝑉∗.  

4. Demonstrated that stress-assisted GBM is an active healing mechanism in 

irradiated UFG gold thin films through direct observation of migrating GBs 

absorbing irradiation-induced defects under stress. In many cases, the defect-

free regions can support prolonged dislocation glide and dislocation-dislocation 

interactions. Such mechanisms have only been predicted by MD simulations and as 

such the results in this Thesis are the first ever confirmation of this healing 

mechanism. Results also show a clear difference in GBM behavior with irradiated 

specimens exhibiting slower, but steady GBM whereas non-irradiated specimens 

experience rapid bursts in migration followed by stagnation. The difference in 

observed GBM across irradiated and unirradiated films was attributed to an 

increased driving force for small grain removal due to size-dependent yielding 

leading to variations in strain energy density across different grains (i.e. small 

grains do not yield and thus have larger strain energy and are removed). Comparing 

the GBM behavior of irradiated films with unirradiated, annealed Au (with no small 
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grains remaining after annealing) suggests that irradiated GBs have lower 

mobilities due to the similar measured velocities at larger applied stress. Activation 

volume 𝑉∗ was also measured to increase from 9 ± 3 𝑏3 to an average of 22 ±

6 𝑏3after irradiation (𝜎 > 400 MPa). This provides evidence that the radiation 

defects have an influence on the rate-controlling deformation mechanisms and 

could indicate a change in rate-controlling mechanism from GB mechanisms 

(intergranular) to mechanisms within the grain (intragrain), or a change in the 

relative contributions of these two mechanisms.  

5. Illustrated that local grain size is a dominant factor dictating stress-assisted 

GBM and grain growth in UFG Au specimens. In situ TEM straining 

experiments have been conducted in conjunction with orientation mapping for 

detailed analysis of stress-assisted GBM/grain growth for as-deposited and A350 

Au specimens. In the as-deposited films, GBM appears to be largely dominated by 

the removal of the small grains (𝑑 < 50 nm) and is clearly illustrated using the 

initial orientation map to identify the microstructure that is removed upon straining. 

In the annealed films, most of the small grains are removed during the heat 

treatment and are not present to participate in the deformation. The few remaining 

small grains are removed upon straining but there are also many occurrences of 

stress-assisted GBM not specifically related to small grain removal. This GBM was 

analyzed in context of microstructural features such as GB character, grain 

orientation, Schmid factor, and GB trace angle with respect to the loading direction. 

There are no trends observed for any of the aforementioned features, suggesting a 

complicated interplay between driving forces and microstructures. It is postulated 
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that the consistent small grain removal is due to an increase in GBM driving force 

related to a reduction in strain energy density. Grain size-dependent yielding leads 

to yielded large grains and elastically-deformed small grains and as a result, the 

large grains (low strain energy density) will grow at the expense of the small grains 

(with high strain energy density).  

9.1 Recommendation for Future Work 

Although the technique used in this thesis provided a wealth of meaningful results, 

there are always avenues for improvement and the follow section provides a few examples. 

For the technique itself, additional characterization of the image-based MEMS design is 

required to understand the behavior during a stress-relaxation segment. Preliminary results 

have suggested that the thermal actuator is not perfectly stable during a relaxation and that 

𝑋𝐴 is not constant but actually slightly increases (Figure 13). This compromises the 

assumption made during a relaxation segment that the applied displacement is constant 

(𝑋𝐴 = 𝑋𝑆 + 𝑋𝐿𝑆 = 𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡). This implies that it is likely the stress-relaxation that is 

currently measured is actually underestimating the true amount of plastic deformation in 

the specimen leading to stress-relaxation. To minimize this, stress-relaxation segments 

should be performed at lower input voltage 𝑉𝑖𝑛 levels as the drift may increase with 

increasing voltage. It would be preferred it a feedback loop could be implemented to micro-

adjust the 𝑉𝑖𝑛 as need to ensure 𝑋𝐴 remains constant during a pause segment.  

For some of the results presented in this thesis, an orientation map was collected only 

prior to the experiment. It would significantly improve the stress-assisted GBM analysis 

(both accuracy and time efficiency) if an orientation map was collected post-straining. This 
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would eliminate ambiguity related to contrast in the TEM required to identify GBs and/or 

dislocations (i.e. some GBs are invisible in the TEM at a given stage tilt). It would also 

provide additional information on microstructure evolution such as a potential texture 

development during straining. Along the same lines, more focus should be placed on 

studying the migration behavior of TJs in addition to GBs. It is possible that in NC and 

UFG metals the behavior of the TJs dominate the evolution of the GB network and could 

explain why no trends were seen in Section 6.5.1.  

There are also additional experimental approaches that could be utilized to address 

some of the remaining open questions related to the project. First, it remains unclear how 

stress-assisted GBM contributes to plastic deformation and activation volume 𝑉∗. Does 

GBM contribute to plastic strain and accommodate plastic deformation? Or is it a by-

product of other mechanisms? The activation volume 𝑉∗ results and discussion presented 

in CHAPTER 8 suggest that there is a competition between intragranular and intergranular 

mechanisms. To investigate this competition specifically, it would be helpful to engineer 

the GBs to be more stable under mechanical loading to effectively shut down their 

involvement in the deformation (and 𝑉∗ measurement). This could be done by studying the 

large-grained Au specimens, since as grain size increases it is likely that GBs will have 

decreasing involvement in deformation. Another approach could be to dope the specimens 

with impurities to effectively pin the GBs [181,202]. This would require altering the 

fabrication deposition steps and ideally, this would occur without other significant 

microstructural changes (grain size, texture). However, introducing a different material 

would likely lead to additional factors to consider when measuring 𝑉∗ that would make the 

comparison difficult.  
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Second, many of the 𝑉∗ measurements made on a given specimen were done 

successively throughout the same experiment as plastic strain accumulates and it remains 

unclear how the loading history influences the measured 𝑉∗. To investigate this, it is 

recommended that multiple experiments are conducted such that the initial stress-

relaxation segment for each specimen is performed at a different pre-determined stress 

level. This would ensure that there are 𝑉∗ measurements at different stress levels with 

minimized plastic strain accumulation. These experiments would also help investigate the 

𝑉∗ stress-dependence as well. Along similar lines, additional experiments should be 

conducted on the A700 Au specimens for a wider stress range to determine if there is a 

similar stress-dependence on 𝑉∗ measurements.  
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